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Abstract	

One	 promising	 class	 of	 materials	 for	 a	 circular	 plastic	 economy	 is	 bio-sourced	 and	 biodegradable	

aliphatic	polyesters	that	can	undergo	chemical	recycling	to	monomer	via	ring-closing	depolymerization.	

However,	they	are	often	limited	in	their	application	due	to	inherent	brittleness	and	low	heat	resistance,	

or	 due	 to	 processing	 difficulties,	 such	 as	 slow	 crystallization	 rate	 and	 poor	 melt	 strength.	 The	

supramolecular	modification	of	polymers	with	end	groups	capable	of	hydrogen-bonding	is	a	promising	

approach	to	increase	toughness	and	melt	properties.	However,	this	approach	is	limited	to	polymers	of	

low	molecular	weight	 that	are	 insufficient	 for	robust	entanglement,	 resulting	 in	materials	 that	show	

brittle	failure	at	low	strains.			

In	this	thesis,	we	show	that	the	simultaneous	improvement	of	mechanical	properties,	melt	behavior,	and	

crystallization	rate	of	high	molecular	weight	aliphatic	polyesters	is	achieved	when	one	blends	a	polymer	

end-modified	with	a	ditopic,	self-complementary	self-assembling	units	based	on	three-fold	hydrogen	

bonding	and	a	low	molecular	weight	additive	based	on	the	same	supramolecular	motif.		

In	the	first	chapter,	we	demonstrate	that	blending	of	a	poly(e-caprolactone)	(PCL)	modified	with	acetyl-

L-alanyl-L-alanyl	amide	end	groups	(PCL80(Ala2Ac)2)	with	2-octyldodecyl	acetyl-L-alanyl-L-alanyl	(A)	as	

a	 corresponding	 low	molecular	weight	 additive	 results	 in	 the	 formation	 of	 nanofibrillar	 aggregates.	

Covalent	attachment	of	the	polymer	chains	to	the	nanofibrillar	network	results	in	rubber-like	behavior	

at	temperatures	above	the	PCL	melting	temperature	and	strain-hardening	behavior	at	high	strains.	We	

utilize	the	newly	obtained	melt	behavior	for	film	melt	stretching,	which	facilitates	polymer	orientation	

and	 leads	 to	 a	 shift	 from	 classical	 spherulitic	morphology	 to	 shish-kebab	 structures,	 which	 in	 turn	

enables	tailoring	of	the	mechanical	properties	at	room	temperature.	

In	 the	 second	 chapter,	we	make	use	of	 the	previously	observed	melt	 behavior	of	PCL80(Ala2Ac)2/A	

blends	to	prepare	oriented	filaments	by	melt	stretching.	The	obtained	filaments	exhibit	a	shish-kebab	

morphology	and	significantly	increased	Young’s	modulus,	yield	strength,	and	ultimate	strength.	

In	the	third	chapter,	we	demonstrate	that	blending	a	poly(L-lactic	acid)	(PLLA)	modified	with	acetyl-L-

alanyl-L-alanyl	 amide	 end	 groups	 (PLLA60(Ala2Ac)2)	with	 the	 additive	A	 and	 low	molecular	weight	

additive	 results	 in	 a	 significant	 increase	 in	 the	 additive	 dispersion	 and	 leads	 to	 a	 one-order-of-

magnitude	decrease	in	crystallization	half-time	of	the	PLLA	matrix.	
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In	the	fourth	chapter,	we	modify	PLLA	with	N,N’-diisopentyl	1,3,5-benzenetricarboxamide	(BTA)	end	

groups	and	prepare	blends	with	the	corresponding	low	molecular	weight	N,N’,N’’-triisopentyl	BTA	(B5).	

Co-assembly	 of	 the	 polymer	 end	 groups	 and	B5	 additive	 yields	 a	 network	 of	 compliant,	 polymer-

tethered	nanofibrils	aligned	at	a	periodic	spacing	of.	10	–	12	nm.	The	obtained	nanofibrillar	network	

allows	 a	 much	 higher	 dispersion	 of	 the	B5	 additive	 and	 a	 concomitant	 increase	 in	 the	 nucleation	

efficiency	by	 three	orders	of	magnitude	 compared	 to	pristine	PLLA.	Additionally,	 a	new	 rubber-like	

regime	is	established	above	PLLA	melting	transition,	which	results	in	an	order	of	magnitude	increase	in	

PLA	melt	strength	at	large	strains.	

	

KEYWORDS	 |	 additives,	 nanofibrils,	 phase	 separation,	 poly(e-caprolactone),	 poly(lactic	 acid),	

semicrystalline,	supramolecular,	reincforcement,	telechelic	
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Résumé	

Une	classe	de	matériaux	prometteuse	pour	une	économie	circulaire	du	plastique	sont	 les	polyesters	

aliphatiques	biosourcés	et	biodégradables	pouvant	être	recyclés	en	monomères	par	dépolymérisation	

par	fermeture	de	cycle.	Leurs	applications	sont	pourtant	souvent	limitées	par	leur	fragilité,	leur	faible	

résistance	thermique	ou	de	mauvaises	caractéristiques	de	mise	en	œuvre,	telles	qu'une	faible	vitesse	de	

cristallisation	ou	une	faible	résistance	à	l'état	fondu.	L'utilisation	de	matériaux	supramoléculaires	liés	

par	 des	 liaisons	 hydrogène	 est	 une	 approche	 intéressante	 pour	 remédier	 à	 ces	 inconvénients.	

Cependant,	 cette	 approche	 est	 limitée	 aux	 polymères	 de	 faibles	 poids	 moléculaire	 qui	 sont	

insuffisamment	enchevêtrés,	conduisant	à	une	rupture	fragile	à	de	faibles	déformations.	

Dans	cette	thèse,	nous	montrons	qu'une	amélioration	des	propriétés	mécaniques,	du	comportement	à	

l'état	fondu,	et	de	la	vitesse	de	cristallisation,	peut	être	obtenue	dans	des	polyesters	aliphatiques	de	haut	

poids	moléculaire	en	mélangeant	un	polymère	modifié	aux	extrémités	avec	une	unité	ditopique,	auto-

complémentaire	 et	 auto-associative,	 formant	de	 triples	 liaisons	hydrogène,	 avec	un	 additif	 de	 faible	

poids	moléculaire	basé	sur	le	même	motif	supramoléculaire.		

Premièrement,	nous	démontrons	que	le	mélange	de	poly(ε-caprolactone)	modifié	avec	l'amide	d'acétyl-

L-alanyl-L-alanyl	(PCL80(Ala2Ac)2),	avec	l'additif	2-octyldodécyl	acétyl-L-alanyl-L-alanyl	(A),	conduit	à	

la	 formation	 d'agrégats	 nanofibrillaires	 étendus.	 L'attachement	 des	 chaînes	 de	 polymère	 aux	

nanofibrilles	 entraîne	 un	 comportement	 caoutchouteux	 à	 l'état	 fondu	 et	 un	 écrouissage	 aux	

déformations	élevées.	Nous	exploitons	ce	comportement	lors	de	l'étirage	de	films	à	chaud,	où	il	facilite	

l'orientation	du	polymère	et	provoque	le	passage	d'une	morphologie	sphérolitique	à	une	structure	de	

type	"shish-kebab",	ce	qui	permet	d'ajuster	les	propriétés	mécaniques	à	température	ambiante.	

Deuxièmement,	ce	comportement	caoutchouteux	est	utilisé	pour	préparer	des	filaments	orientés	par	

filage	 à	 chaud	 du	 mélange	 PCL80(Ala2Ac)2/A	 (5	 %	 en	 poids).	 Les	 filaments	 obtenus	 présentent	

également	une	morphologie	de	type	shish-kebab,	ainsi	qu'une	augmentation	importante	du	module	de	

Young,	du	seuil	de	cisaillement,	et	de	la	contrainte	à	la	rupture.	

Troisièmement,	nous	démontrons	que	les	mélanges	d'acide	poly(lactique)	(PLA)	modifié	aux	extrémités	

avec	Ala2Ac,	avec	l'additif	A	présentent	une	augmentation	importante	de	la	dispersion	de	l'additif,	ce	

qui	conduit	à	une	diminution	d'un	ordre	de	grandeur	du	demi-temps	de	cristallisation	du	PLA.	
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Quatrièmement,	nous	modifions	les	extrémités	du	PLA	avec	du	N,N'-diisopentyl	BTA	et	le	mélangeons	

avec	le	N,N',N''-triisopentyl	BTA	(B5).	Le	co-assemblage	des	groupes	terminaux	du	polymère	et	le	B5	

produit	un	réseau	nanofibrillaire	souple,	attaché	au	polymère,	et	composé	d'empilements	simples	de	

BTA	avec	un	espacement	latéral	de	10	–	12	nm.	Ce	réseau	nanofibrillaire	implique	une	dispersion	très	

élevée	du	B5	et	une	augmentation	du	taux	de	nucléation	du	PLA	de	trois	ordres	de	grandeur.	De	plus,	

un	 nouveau	 régime	 caoutchouteux	 s'établit	 au-dessus	 du	 point	 de	 fusion	 du	 PLA	 en	 raison	 de	

l'attachement	du	polymère	aux	nanofibrilles,		entrainant	une	augmentation	d'un	ordre	de	grandeur	de	

la	résistance	à	l'état	fondu	du	PLA	aux	grandes	déformations.	

	

MOTS	 CLÉS	 |	 additifs,	 nanofibrilles,	 séparation	 de	 phase,	 poly(ε-caprolactone),	 acide	 polylactique,	

semicristallin,	supramoléculaire,	renforcement,	téléchélique.	
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1.	Introduction	

1.1	Plastic	Waste,	Recycling,	and	Sustainable	Solutions	

1.1.1	Plastics	Production	

Although	the	mass	production	of	plastics	started	only	in	the	1950s,	it	has	rapidly	become	a	critical	sector	

of	the	global	economy,	significantly	transforming	many	aspects	of	our	lives	and	society.	Plastics	are	now	

an	essential	component	of	everyday	items	such	as	food	packaging,	disposable	medical	equipment,	and	

electronics.	The	global	production	of	plastics	has	surged	from	2	million	tons	in	1950	to	460	million	tons	

in	2021,	and	a	total	of	10	billion	tons	was	produced	between	1950	and	2021.1–3	Plastics	are	expected	to	

reach	15	billion	tons	by	2035	accounting	 for	20%	of	global	petroleum	consumption	and	15%	of	 the	

annual	carbon	budget	as	defined	by	the	Paris	Climate	agreement.3,4		

With	the	surge	of	plastics	production	and	as	a	result	of	poor	global	waste	management,	79%	of	the	total	

of	plastics	produced	as	of	2015	is	accumulated	in	landfills	and	has	leaked	into	the	natural	environment,	

while	 only	 around	 9%	 of	 plastic	 is	 recycled	 and	 12%	 incinerated.1	 Perhaps	 the	 most	 prominent	

showcase	of	the	plastic	waste	crisis	is	the	Great	Pacific	Garbage	Patch,5		an	island	of	mostly	plastic	debris	

that	 continues	 to	 rapidly	 grow	and	has	meanwhile	 reached	1.6	million	 km2,	 almost	 three	 times	 the	

surface	area	of	Ukraine.	Half-lives	of	plastics	in	the	environment	are	very	long	and	strongly	depend	on	

various	conditions,	such	as	temperature,	microbial	 loading,	UV-irradiation,	size	and	shape	of	plastics	

which	further	complicates	the	understanding	of	plastics	degradation	byproducts,	rates,	and	pathways	

in	the	natural	environment.6,7	For	example,	although	polylactic	acid	bottle	(PLA)	degrade	20	times	faster	

than	high-density	polyethylene	bottle	(HDPE)	on	land,	the	two	polymers	have	similar	degradation	half-

lives	 in	 the	marine	environment	which	 is	estimated	 to	be	around	58	years.6	 In	addition,	 there	 is	an	

associated	problem	of	plastic	microparticles	polluting	the	entire	planet.	These	particles	are	now	even	

found	in	plankton	in	the	Arctic	Ocean	and	have	contaminated	the	entire	food	chain.	The	consequences	

of	this	pollution	for	environmental	and	human	health	are	currently	unknown.8	Therefore,	the	plastic	

waste	crisis	is	one	of	the	most	pressing	issues	that	mankind	needs	to	address.	In	fact,	plastics	production	

and	pollution	have	been	suggested	as	potential	markers	for	the	start	of	a	new	geological	era	dominated	

by	human	activity,	the	Anthropocene.9	Similar	to	how	fossils	indicate	when	different	life-forms	emerged,	

preserved	plastics	may	once	serve	as	a	geological	record	of	humanity's	ascent	to	global	dominance.	
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1.1.2	Plastics	Recycling	

In	 an	 effort	 to	 address	 the	 plastic	waste	 crisis,	 the	 US	 Environmental	 Protection	 Agency	 (EPA)	 has	

devised	a	four-level	strategy.	The	first	level	involves	waste	reduction,	which	includes	reuse.	The	second	

level	 is	recycling,	 including	composting.	The	third	level	 is	combustion	with	energy	recovery,	and	the	

fourth	level	is	disposal	through	landfill.	Plastics	recycling	according	to	the	second	and	third	level	of	that	

strategy	can	be	categorized	into	four	main	types:	closed-loop	recycling	(primary	recycling),	mechanical	

recycling	 (secondary	 recycling),	 chemical	 recycling	 (tertiary	 recycling),	 and	 thermal	 recycling	 by	

incineration	with	energy	recovery	(quaternary	recycling).10	

1. Primary	(closed-loop)	recycling	involves	reprocessing	a	plastic	to	produce	a	product	that	is	used	

for	 the	 same	purpose	 as	 the	original	 plastic.	 This	method	 is	 only	 applicable	 to	near-pristine	

waste,	such	as	process	scrap	or	post-consumer	materials	of	known	origin.	The	production	of	

plastic	bottles	 from	blends	of	recycled	PET	(rPET)	and	virgin	PET	 is	an	excellent	example	of	

primary	recycling.	However,	only	2%	of	plastics	are	currently	recovered	for	primary	recycling.11	

Additionally,	 most	 reclaimed	 post-consumer	 waste	 (PCW)	 is	 too	 contaminated	 for	 primary	

recycling	and	has	to	be	addressed	differently.	

2. Secondary	(mechanical)	recycling	involves	using	the	material	for	purposes	other	than	the	ones	

it	was	originally	manufactured	for.	This	type	of	recycling	includes	cleaning,	shredding,	melting,	

and	remolding	of	the	polymer,	which	is	often	blended	with	virgin	plastic	of	the	same	type	to	

produce	 a	material	with	 suitable	 properties	 for	manufacturing.	 The	 products	 resulting	 from	

secondary	 recycling	 are	 usually	 of	 lower	 value,	which	 is	why	 this	 type	 of	 recycling	 is	 often	

referred	to	as	‘downgrading’	or	‘down-cycling’.	11	

3. Tertiary	(chemical)	recycling	of	plastics	 involves	using	a	chemical	reaction	to	recover	plastic	

components.	For	instance,	the	catalytic	thermolysis	of	polyolefins	is	used	to	produce	waxes,	oils,	

lubricants,	and	fuels.	Chemical	recycling	to	monomer	(CRM),	in	particular,	is	a	desirable	method	

because	 it	 can	 selectively	 convert	 plastics	 into	 their	 own	 starting	 materials	 by	 complete	

depolymerization,	which	results	in	no	loss	of	properties	in	the	reproduced	polymers.	However,	

polymerization	of	most	commonly	used	polymers	is	so	exergonic	that	CRM	of	most	polymers	

requires	high	energy	inputs,	making	the	process	less	favorable	than	mechanical	recycling.12,13			
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4. Thermal	recycling	aims	to	recover	energy	in	the	form	of	heat	from	plastics.	However,	in	addition	

to	the	environmental	impact	of	greenhouse	gases	and	pollutants	generated,	the	energy	produced	

by	incinerating	plastics	is	significantly	less	than	the	energy	saved	through	recycling.	11	

Large	PCW	mechanical	recycling	streams	only	exist,	and	only	in	some	countries,	for	PE,	PP,	and	(only	

bottle-grade)	PET.	Chemical	recycling	to	monomer	of	PWC	is	currently	impossible	due	to	the	high	energy	

inputs	 required	 for	 depolymerization	 reaction	 of	 typical	 commodity	 polymers.	 Recycling	 of	 plastic	

packaging	materials	is	further	complicated	by	prevalence	of	complex,	multi-material,	and	multi-layer	

assemblies	that	consist	of	different	types	of	polymers.	These	assemblies	require	efficient	and	precise	

separation	 technologies	 to	 effectively	 convert	 heterogeneous	 plastic	 waste	 into	 high-quality	

feedstocks.11	 As	 a	 result,	 only	 14%	 of	 plastic	 is	 recycled	 and	 14%	 incinerated,	 the	 remainder	 is	

accumulated	in	landfill	or	leaks	into	the	environment.14	Addressing	the	complex	issue	of	plastics	waste	

requires	a	multifaceted	approach,	as	there	is	no	single	best	strategy.		

One	promising	solution	is	the	use	of	chemical	recycling	to	monomer	(CRM).	CRM	is	not	a	viable	option	

for	 commonly	 used	 commodity	 polymers	 like	 PE,	 PP,	 or	 PS,	 which	 are	 extensively	 employed	 in	

packaging,	due	to	their	highly	exergonic	polymerizations.12,15	On	the	other	hand,	heterocyclic	monomers	

that	can	undergo	ring-opening	polymerization	(ROP)	offer	better	opportunities	for	CRM	because	the	

enthalpy	 and	 entropy	 of	 polymerization	 are	 much	 smaller,	 and	 there	 is	 a	 clear	 and	 selective	

depolymerization	 pathway	 by	 ring-closing	 depolymerization	 (RCD).12,16	 Seven-membered	 to	 eleven-

membered	rings,	as	well	as	five-membered	and	six-membered	rings	with	structural	characteristics	that	

increase	polymerization	enthalpy,	are	appealing	options	due	to	the	energetic	considerations	involved.12	

In	addition	to	CRM,	other	aspects	of	an	ideal	polymer	recycling	system	include	the	use	of	bio-sourced	

and/or	biodegradable	materials	which	can	complement	efforts	 towards	a	 circular	plastics	economy.	

Bio-sourced	plastics,	especially	those	derived	from	renewable	feedstock	of	second	or	third	generation,	

have	a	favorable	life	cycle	assessment	(LCA)	as	they	help	to	save	fossil	fuel	resources	and	reduce	carbon	

footprint.17	Biodegradability,	while	not	a	universal	solution,	is	important	in	providing	additional	end-of-

life	 options	 such	 as	 composting	 and	 in	mitigating	 problems	 associated	with	 the	 inevitable	 polymer	

leakage	 into	 the	 environment.18	 Min	 et	 al.	 have	 ranked	 polymers	 for	 their	 tendency	 to	 undergo	

biodegradation,	decreasing	in	the	order	of	polyesters	>	polyamides	>	polyolefins.19	Looking	at	it	from	

this	perspective,	biodegradable	polyesters	produced	through	the	ring-opening	polymerization	(ROP)	of	

monomers	sourced	from	renewable	resources	are	a	promising	class	of	materials	for	a	circular	plastics	
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economy.	For	example,	the	exclusive	production	of	the	ε-caprolactone	monomer	can	be	achieved	by	RCD	

from	poly(ε-caprolactone)	(PCL).12,20	Another	promising	example	is	polylactide,	also	known	as	polylactic	

acid	(PLA),	although	it	is	susceptible	to	elimination	to	yield	acrylic	acid,	it	can	be	hydrolyzed	to	lactic	

acid	 and	 resubmitted	 to	 the	 step-growth	 process	 to	 obtain	 PLA	 oligomers	 that	 are	 subsequently	

selectively	depolymerized	to	obtain	lactides,	the	heterocyclic	monomers	to	produce	PLA	by	ROP	(see	

below).12	

1.2	PLA	and	PCL	as	Examples	of	Aliphatic	Sustainable	Polyester	Materials		

1.2.1	Polylactide	

Among	aliphatic	polyesters,	PLA	is	one	of	the	most	promising	bio-sourced	and	biodegradable	polymers	

for	replacing	some	of	the	commodity	plastics.	The	synthesis	was	first	described	by	Carothers	et	al.21	in	

1932,	followed	by	a	patent	from	DuPont	in	1954.22	Since	then,	the	production	of	PLA	has	continuously	

risen,	 reaching	0.3	million	 tons	 in	2019,	which	 represents	24%	of	 the	global	production	capacity	of	

biodegradable	polymers.23	PLA	is	produced	from	lactic	acid,	mainly	obtained	through	but	not	limited	to	

the	fermentation	of	starch	derived	from	sugarcane	and	corn.	Due	to	the	chirality	of	the	α	carbon,	L-	and	

D-isomers	 of	 lactic	 acid	 exist	 and	 can	 be	 produced	 by	 bacteria;	 however,	 the	 L-isomer	 is	 more	

predominantly	 produced.24,25	 Polymerization	 of	 the	 L-	 and	 D-isomers	 results	 in	 the	 formation	 of	

stereoregular	poly-L-lactic	acid	(PLLA)	and	poly-D-lactic	acid	(PDLA),	respectively,	and	atactic	poly-DL-

lactic	acid	(PDLLA)	in	the	case	of	a	racemic	mixture	of	the	isomers.	However,	high	molecular	weight	PLA	

(Mn	>	60’000),26	 which	 has	 significant	 industrial	 value,	 cannot	 be	 obtained	 by	 the	 direct	

polycondensation	 of	 lactic	 acid	 due	 to	 the	 incomplete	 condensation	 reaction	 that	 yields	 only	 PLA	

oligomers,	as	described	by	Carothers.	There	are	three	main	pathways	to	obtain	high	molecular	weight	

PLA:	 (i)	 chain	 coupling	 of	 the	 oligomers	 obtained	 by	 the	 direct	 polycondensation	 of	 lactic	 acid;	 (ii)	

polycondensation	of	lactic	acid	coupled	with	continuous	removal	of	water	by	azeotropic	distillation;	and	

(iii)	 ring-opening	 polymerization	 of	 lactides	 obtained	 from	 the	 depolymerization	 of	 PLA	 oligomers	

obtained	from	lactic	acid.10	An	analysis	of	the	carbon	footprint	of	each	step	in	PLA	production	(Figure	1)	

showed	that	due	to	the	CO2	uptake	by	plants	from	the	atmosphere,	the	gross	greenhouse	gas	emission	

of	PLA	is	0.62	kg	of	CO2	per	kilogram	of	polymer,	as	reported	by	NatureWorks	and	confirmed	by	Boren	

et	al.27	
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Figure	1. Carbon	footprint	for	each	step	of	PLA	production.	Reproduced	with	permission	from	reference	24.	

There	are	several	scenarios	for	the	end-of-life	of	PLA,	including	reuse,	chemical	or	mechanical	recycling,	

composting,	landfill,	and	incineration.	The	most	interesting	option	is	chemical	recycling	to	monomer,	

during	which	PLA	can	be	hydrolyzed	 to	 lactic	acid	and	 then	used	 for	 the	production	of	new	PLA.6,28	

However,	since	plastic	leakage	into	the	environment	is	inevitable,	it	is	equally	advantageous	that	PLA	

can	degrade	through	hydrolysis	(Figure	2),	 thermal-oxidative,	or	photo-oxidative	mechanisms	in	the	

natural	 environment.10	 Thermal	 degradation	 of	 PLA	 can	 also	 occur,	 but	 only	 at	 temperatures	much	

higher	 than	 those	 found	 in	 the	 natural	 environment	 (>	200	°C).29	 Slow	 hydrolysis	 at	 temperatures	

>	30	°C	initially	takes	place	in	amorphous	regions	within	the	polymer	and	can	be	accelerated	by	acidic	

or	basic	media.10	However,	hydrolysis	reactions	are	unlikely	to	occur	in	marine	environments	where	the	

temperature	 rarely	 reaches	 30	°C.	 Instead,	 a	 photo-oxidative	 mechanism	 takes	 place	 due	 to	 the	

absorption	of	UV	irradiation	by	the	carbonyl	group.6,30	Depending	on	the	chirality	of	the	repeating	unit,	

stereoregular	 poly-L-lactic	 acid	 (PLLA),	 poly-D-lactic	 acid	 (PDLA),	 and	 atactic	 poly-DL-lactic	 acid	

(PDLLA)	exist.	While	the	latter	is	amorphous	(Tg	=	60	°C),	the	stereoregular	variant	is	a	semicrystalline	

polymer	capable	of	crystallization	in	four	different	forms	termed	α,	δ	(or	α’),	β,	and	γ	modifications.	The	

most	common	α	modification	can	be	obtained	from	the	crystallization	from	the	melt	or	solution	and	has	

a	melting	temperature	of	Tm	(α)	=	180	°C.	It	features	an	orthorhombic	unit	cell	(a	=	10.68	Å,	b	=	6.17	Å,	

and	c	=	28.86	Å),	in	which	the	polymer	assumes	a	10/3	helical	chain	conformation	(Table	1).	
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Figure	2. Degradation	of	PLA	in	aqueous	solutions.	Number-average	molecular	weight	Mn	as	a	function	of	time	during	

hydrolytic	degradation	of	PLA	film	immersed	in	water	(blue),	50%	ethanol	(green)	and	95%	ethanol	at	40	°C.	Reproduced	with	

permission	from	reference	31.	

The	δ	modification	is	obtained	during	rapid	cooling	or	on	cold-crystallization	of	quenched	specimens	

between	100	°C	and	120	°C,	and	was	initially	believed	to	be	a	disordered	modification	of	α	form,	hence	

it	was	historically	called	α’.	Although	the	δ	modification	includes	two	conformationally	disordered	10/3	

helices	 and	 has	 an	 orthorhombic	 unit	 cell	 (a	=	10.80	Å,	b	=	6.20	Å,	 and	 c	=	28.80	Å),	Wasanasuk	 and	

Tashiro32	showed	that	positions	and	relative	intensities	of	the	observed	Bragg	reflections	were	different	

from	those	observed	in	the	α	form,	which	suggests	it	to	be	an	independent	crystalline	form.	Eling	et	al.33	

first	 reported	 PLA	 in	 the	 β	 form	 in	 1982,	which	was	 obtained	 by	 stretching	 PLA	 α	 crystals	 at	 high	

temperatures.	The	β	modification	has	a	Tm	(β)	=	175	°C	and	is	characterized	by	an	orthorhombic	unit	

cell	 in	 which	 the	 polymer	 adopts	 a	 3/1	 helical	 conformation.34	 It	 was	 reported	 that	 PLLA	 fibers	

crystallized	 in	 the	 frustrated	β-form	might	possess	higher	 impact	 toughness	due	 to	 facilitated	 chain	

motion	of	the	polymer	chains	compared	with	the	usual	α	form.35–37	However,	research	on	the	mechanical	

properties	 of	 the	 	 β	modification	 of	 PLA	 is	 scarсe.	 The	 γ	modification	 is	 even	 less	 studied	 and	was	

obtained	by	B.	Lotz	et	al.	in	2000	by	epitaxial	growth	on	a	hexamethylbenzene	substrate.38		

Stereopurity	 can	 significantly	 impact	 the	 melting	 temperature	 and	 crystallinity	 of	 the	 resulting	

crystalline	structure.	For	instance,	a	1%	increase	in	D-isomer	content	in	PLLA	results	in	approximately	

a	 5	°C	 reduction	 in	 the	melting	 temperature.39,40	 Additionally,	 as	 the	 amount	 of	D-isomer	 increases,	

crystallinity	 decreases	 substantially,	 such	 that	 at	 10-12	 mol%,	 the	 material	 becomes	 practically	

amorphous.39	 Nevertheless,	 due	 to	 incomplete	 chain	 disentanglement	 during	 crystallization,	 100%	
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crystallinity	 cannot	 be	 reached	 even	 with	 stereopure	 PLA,	 and	 amorphous	 regions	 exist	 between	

crystalline	 domains.	 The	 unperturbed	 crystallization	 of	 PLLA	 and	 PDLA	 hence	 results	 in	 lamellar	

domains,	which	radiate	from	the	points	of	crystal	nucleation	to	form	sperulites,	whose	size	may	vary	

significantly	depending	on	the	cooling	conditions.	Additionally,	there	is	evidence	for	a	rigid	amorphous	

fraction	(RAF)	or	mesophase	constituted	by	chain	segments	whose	mobility	is	limited	by	their	proximity	

to	the	crystalline	domains	(Figure	3a).	It	was	hypothesized	that	the	low	RAF	in	PLLA	compared	with	

PET,	and	the	consequent	lack	of	stress	transfer	from	the	amorphous	to	crystalline	domains,	are	among	

the	reasons	for	the	brittle	behavior	of	semicrystalline	PLLA	materials	(Figure	3b).41–43	

Table	2	 Unit	cell	parameters	of	PLA	crystals.	Reproduced	with	permission	from	reference	44.	

Crystal	Form	 Crystal	System	 Cell	Parameters		
		 		 a	/	nm	 b	/	nm	 c	/	nm	 α	/	°	 β	/	°	 γ	/	°	
α	 Orthorombic	 1.05	 0.61	 2.88	 90	 90	 90	
α	 Pseudo-Orthorombic	 1.07	 0.645	 2.78	 90	 90	 90	
β	 Orthorombic	 1.031	 1.821	 0.90	 90	 90	 90	
β	 Trigonal	 1.052	 1.052	 0.88	 90	 90	 90	
γ	 Orthorombic	 0.995	 	0.625	 0.88	 90	 90	 90	

scPLLA	 Triclinic	 0.916	 0.916	 0.87	 109	 109	 110	
scPLLA	 Triclinic	 1.498	 1.498	 0.87	 90	 90	 120	

PLA	obtained	via	standard	processing	conditions	possesses	the	stiffness	and	tensile	strength	of	PET	but	

a	comparably	low	elongation	at	break,	which	significantly	decreases	toughness	and	limits	widespread	

application	(Table	2).	Recently,	Wang	et	al.	indicated	that	there	should	be	a	high	enough	entanglement	

density	 for	amorphous	PLA	 to	be	ductile	and	 that	brittle	 failure	was	caused	by	rapid	physical	aging	

(Figures	4a,b).42	 Since	melt	 stretching	of	PLA	 is	difficult	due	 to	 its	 inherently	 low	melt	 strength,	 the	

authors	 prepared	 quenched	 amorphous	 PLLA	 (aPLLA)	 and	 performed	 film	 stretching	 immediately	

above	Tg,	 i.e.,	 below	 the	 onset	 temperature	 for	 cold	 crystallization.	 The	 obtained	materials	 showed	

ductile	behavior	even	after	ageing	for	long	times,	which	was	attributed	to	mechanical	rejuvenation	effect	

that	 facilitated	 segmental	motion	and	afforded	materials	 yielding.	Other	 recent	 studies	 showed	 that	

facilitated	segmental	motion	can	also	be	achieved	by	chain	rearrangement	from	gt	conformers	of	the	

C(O)–O–C	bonds	in	the	polymer	backbone	to	higher	energy	gg	conformers	during	the	stretching	of	the	

materials,	 resulting	 in	an	elongation	at	break	of	about	200%.44–46	Additionally,	 the	alignment	of	PLA	

chains	during	orientation	led	to	facilitated	crystallization	during	stretching,	so	that	PLLA	exhibited	30%	

crystallinity	 at	 100%	 elongation,	 which	 considerably	 improved	 the	 heat	 resistance	 of	 the	 obtained	

material	(Figure	4c).44,47		
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Figure	3. Schematic	structures	of	crystalline	domains,	as	well	as	mobile	amorphous	and	rigid	amorphous	 fractions	 in	

semicrystalline	polymers.	 	a)	 Complex	phase	 structure	of	 semicrystalline	polymers,	 and	 	b)	 plot	of	 the	mobile	amorphous	

fraction	vs.	crystallinity	for	PET	and	PLA,	demonstrating	deviations	from	a	linear	dependence	and	suggesting	the	presence	of	

the	RAF	as	a	third	phase.	Reproduced	with	permission	from	reference	41	and	44.	

Table	1. Properties	of	PLLA,	PS,	and	PET.	Reproduced	with	permission	from	reference	49.	

	 PLLA	 PS	 PET	

density,	kg/m3	 1.26	 1.05	 1.40	

tensile	strength	(MPa)	 59	 45	 57	

elastic	modulus	(GPa)	 3.8	 3.2	 2.8	–	4.1	

elongation	at	break	 4	–	7	 3	 300	

notched	izod	(J/m)	 26	 21	 59	

heat	deflection	(°C)	 55	 75	 67	
	

Obtaining	PLLA	materials	with	a	sufficiently	high	degree	of	crystallinity	to	retain	a	good	heat	resistance	

above	the	glass	transition	is	challenging	due	to	the	low	crystallization	rate	of	the	homopolymer	at	the	

high	cooling	rates	imposed	by	industrial	processing.	Adding	a	nucleating	agent	that	lowers	the	surface	

energy	 penalty	 during	 the	 formation	 of	 a	 polymer	 nucleus	 can	 significantly	 accelerate	 polymer	

crystallization.	For	example,	the	melting	temperature,	Tm,	of	PLLA	can	be	tuned	between	120	°C	and	the	

thermodynamic	melting	point	of	around	200	°C	depending	on	the	D-lactide	content,	molecular	weight,	

and	 crystallization	 conditions.39,40,50,51	 Blending	 0.1	wt%	 of	 high-melting-point	 PLLA	 (hPLLA,	

Tm	=	187	°C)	 with	 a	 standard	 commercial	 PLLA	 grade	 (e.g.,	 NatureWorks	 LLC,	 trade	 name	 4032D,	

Tm	=	169	°C)	led	to	an	increase	in	crystallization	temperature	of	the	latter	from	105	to	141	°C,	which	was	

attributed	to	self-nucleation	effect.40		
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Figure	4. Mechanical	properties	of	PLA	materials.		a)	Engineering	stress	vs.	draw	ratio	for	quenched	amorphous	aPLLA	

after	varying	amounts	of	storage	time	that	results	in	different	degrees	of	physical	aging.		b)	Engineering	stress	vs.	draw	ratio,	

λms,	from	uniaxial	drawing	of	melt-stretched	aPLLA	at	room	temperature;	the	inset	shows	that	the	Young’s	modulus	increases	

markedly	increased	with	λms,	from	2.2	GPa	for	the	isotropic	aPLLA	to	4.4	at	λms	=	3.		c)	The	true	stress-strain	curve	and	2D-

WAXS	and	SAXS	patterns	 collected	at	different	applied	 strains	during	uniaxial	 tensile	deformation	of	 amorphous	PLA;	 the	

deformation	direction	was	vertical	(strain	rate:	0.2	s–1).	Reproduced	and	adapted	with	permission	from	references	42	and	50.	

The	formation	of	PLA	stereocomplexes	(scPLA)	between	two	pure	stereoisomers	PLLA	and	PDLA	was	

first	observed	by	Ikada	et	al.	52	in	1987	and	reported	to	result	in	a	Tm	=	230	°C	for	a	1:1	blend,	which	is	

about	50	°C	higher	 than	 the	Tm	 of	 the	homopolymers	 (Figure	5).53,54	 The	 influence	of	 the	molecular	

weight,	blending	ratio,	and	stereopurity	on	the	formation	and	properties	of	the	stereocomplexes	are	

well-documented.55–57	 For	 example,	 a	 material	 obtained	 by	 mixing	 PLLA	 with	 0.5	wt%	 PDLA	 has	 a	

Tm	=	215	°C,	and	a	crystallization	temperature	increased	to	Tc	=	130	°C	by	providing	nucleating	sites.56	

Additionally,	scPLA	crystallites	act	as	physical	crosslinks	in	the	polymer	melt	and	thus	strongly	increase	

melt	strength.58–60	However,	the	preparation	of	scPLA	materials	by	melt	mixing	is	not	possible	due	to	

the	 required	 processing	 temperatures	 above	230	°C,	 which	 already	 induces	 significant	

depolymerization.	Specimens	of	scPLA	therefore	have	to	be	processed	from	solution,	which	limits	their	

industrial	applicability.61,62	Moreover,	while	there	are	efforts	to	develop	more	efficient	and	sustainable	

processes	for	the	production	of	D,D-lactide,	its	availability	has	so	far	remained	limited.	This	presents	a	

challenge	for	the	widespread	industrial	application	of	scPLA-based	materials.63		

In	summary,	the	various	advantages	of	PLA,	such	as	its	scalable	production	from	renewable	resources,	

its	suitability	for	chemical	recycling,	its	biodegradability	in	case	of	leakage	to	the	natural	environment,	

its	glass	transition	above	room	temperature	and	high	melting	temperature,	as	well	as	high	stiffness	and	

strength,	make	it	one	of	the	most	promising	sustainable	polymers	to	replace	petroleum-based	plastics.	

Moreover,	 the	versatility	 in	 controlling	 the	 ratio	of	 stereoisomers,	molecular	weight,	 and	end-group	

functionalization	allows	for	fine	control	of	crystallinity,	melting	temperature,	and	crystal	morphology.	
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However,	its	shortcomings	such	as	its	low	toughness	and	difficulties	in	processing	caused	by	the	low	

crystallization	rate	and	comparably	poor	melt	strength	must	be	addressed	to	broaden	the	application	

spectrum	of	PLA-based	materials.	

	

Figure	5. Optical	 microscopy	 micrographs	 of	 the	 PLLA	 and	 PDLA	 stereocomplex	 crystals	 at	 various	 concentrations	

obtained	at	200	°C.	Reproduced	with	permission	from	reference	54.	

1.2.2	Poly(ε-caprolactone)	

PCL	is	prepared	by	the	ring	opening	polymerization	(ROP)	of	the	cyclic	monomer	ε-caprolactone	and	

was	studied	as	early	as	the	1930s.64	Recently,	a	wide	range	of	catalysts	for	the	ROP	of	ε-caprolactone	

has	been	reviewed.65	Catalysts	such	as	stannous	octoate	are	used	to	catalyze	the	polymerization,	and	

low	molecular	weight	alcohols	can	be	used	to	control	the	molecular	weight	of	the	polymer.66	Although	

ε-caprolactone	 is	 currently	 derived	 from	 petroleum,	 it	 can	 be	 obtained	 from	 renewable	 biological	

resources.	For	example,	ε-caprolactone	has	been	obtained	by	the	catalytic	reduction	of	1,6-hexanediole	

derived	from	bio-sourced	5-hydroxymethylfurfural.67	Another	method	involves	synthesizing	4-methyl	

caprolactone	 from	biomass,	 such	as	 lignin,	which	requires	more	steps	and	 leads	 to	 the	 formation	of	

methylated	poly(ε-caprolactone).68		

The	degradation	of	PCL	can	take	anywhere	from	several	months	to	several	years,	depending	on	factors	

such	as	the	molecular	weight,	degree	of	crystallinity,	and	the	specific	conditions	of	degradation.69,70	In	

nature,	many	microbes	are	capable	of	 fully	biodegrading	PCL.	PCL	degradation	 is	accelerated	by	 the	

carboxylic	acids	that	are	released	during	hydrolysis,71	as	well	as	by	enzymes,72	which	can	catalyze	the	

process	and	result	in	faster	decomposition.	The	ring-closing	depolymerization	(RCD)	of	PCL	has	been	
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reported	 in	1976,	 and	 it	has	been	shown	 to	exhibit	 a	high	 level	of	 selectivity	 for	 the	 ε-caprolactone	

monomer.12,73	 When	 bulk	 PCL	 containing	 residual	 Zn	 polymerization	 catalyst	 is	 subjected	 to	

temperatures	of	250-300	°C,	it	primarily	produces	ε-caprolactone,	with	only	a	small	amount	of	cyclic	

oligomers	present.74	

PCL	 is	a	semicrystalline	aliphatic	polyester	with	a	degree	of	crystallinity	of	up	to	69%.	The	polymer	

crystallizes	 in	 an	 orthorhombic	 unit	 cell	 with	 lattice	 constants	 of	 a	=	7.496	Å,	 b	=	4.974	Å,	 and	

c	=	17.297	Å,	with	c	parallel	to	the	chain	axis.75	PCL	is	a	biocompatible	and	FDA	approved	polymer76	and	

thus	is	widely	applied	in	biomedical	applications	such	as	scaffolds	in	tissue	engineering,	implants	and	

sutures	and	in	long-term	drug	delivery.77–79	Due	to	its	glass	transition	temperature	of	Tg	=	−60	°C	and	a	

melting	temperature	of	Tm	=	60	°C,	PCL	has	comparatively	poor	thermal	stability,	which	severely	limits	

its	applications.	PCL	is	known	to	be	a	highly	ductile	material	with	an	elongation	at	break	of	up	to	1000%,	

a	Young's	modulus	of	approximately	200	MPa,	and	a	yield	strength	and	ultimate	strength	of	15	MPa	and	

40	MPa,	 respectively.65,80	 However,	 the	mechanical	 properties	 of	 PCL	 can	 be	 drastically	 altered,	 for	

instance	by	melt	and	room	temperature	drawing	in	the	case	of	PCL	fibers.	Recently,	Selli	et	al.	showed	

that	PCL	fibers	can	achieve	yield	and	ultimate	strengths	of	300	MPa	and	450	MPa,	respectively,	with	a	

concomitant	decrease	in	elongation	at	break	to	70%.77,81	

In	summary,	despite	the	many	advantages	of	PCL,	such	as	its	high	ductility,	its	suitability	for	chemical	

recycling	 to	 the	 monomer,	 its	 biodegradability	 and	 biocompatibility,	 it	 is	 not	 broadly	 used	 in	

engineering	or	commodity	applications,	such	as	packaging,	mostly	due	its	insufficient	thermal	stability	

and	its	poor	processability	because	of	its	very	low	melt	strength.	

1.2.3	Properties	of	Aliphatic	Polyesters	

Multiple	polymer	structural	features	such	as	crystallinity,	polymorphism,	chain	orientation	and	phase	

separation	behavior	can	be	significantly	impacted	during	processing	via	processing	parameters,	such	as	

cooling	rates,	temperature	gradients,	shear	velocities,	or	extensional	strain	rates.	A	prominent	example	

is	 polyethylene	 (PE),	 whose	 microstructure	 can	 be	 varied	 from	 spherulitic	 to	 shish-kebab	 to	 fully	

extended-chain	 structures	without	 changing	 its	 chemical	 composition	 and	 chain	 architecture,	 using	

processes	such	as	gas-assisted	foaming,	extrusion	co-extension,	fiber	spinning	or	gel	spinning.	These	

different	microstructures	result	in	materials	with	up	to	four	orders	of	magnitude	differences	in	Young’s	
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modulus,	from	E	=	0.05	GPa	to	over	200	GPa.	Having	such	a	wide	range	of	properties	allows	one	to	use	

the	different	PE	grades	in	a	broad	variety	of	applications.82		

By	 contrast,	 the	 advanced	 processing	 of	 aliphatic	 polyesters	 like	 polyhydroxyalkanoates	 (PHA),	

polybutylene	succinate	(PBS),	PCL	and	PLA	is	challenging	due	to	the	typically	poor	intrinsic	properties	

of	polymer	melts.	Firstly,	there	is	often	a	significant	reduction	in	molecular	weight	during	processing	

due	 to	 hydrolysis	 initiated	 by	 residual	 water,	 unzipping	 reactions	 due	 to	 the	 depolymerization	

temperature	 being	 too	 close	 to	 the	 melting	 temperature,	 random	 main-chain	 scission,	 and	

intramolecular	 and	 intermolecular	 transesterification.10,83–87	 Secondly,	 many	 polyesters	 have	 an	

inherently	lower	melt	strength	compared	to	polyolefins,	which	results	not	only	in	melt	sagging	but	also	

low	 degrees	 of	 chain	 orientation	 during	 melt	 shear.85,88,89	 	 Thirdly,	 polyesters	 often	 exhibit	 low	

homogeneous	 nucleation	 rates,	 resulting	 in	 incomplete	 crystallization	 during	 processing	 and	 thus	

requiring	an	additional	annealing	step.90–92	

These	obstacles	not	only	impede	the	processing	of	the	polyesters	but	also	contribute	to	their	high	final	

cost,	both	of	which	limit	their	applications.	To	address	these	shortcomings,	the	following	strategies	have	

been	 attempted:	 an	 increase	 in	 molecular	 weight	 and	 control	 over	 molecular	 weight	 distribution;	

altering	chain	architectures	(e.g.,	using	of	chain	extenders	and	branching);	dynamic	covalent	networks	

and	 vitrimers;	 additives	 (nucleating	 agents,	 plasticizers);	 polymer	 blends	 and	 copolymers	 and	

supramolecular	networks.	

1.2.4	Effects	of	Molecular	Weight	and	Chain	Architecture	

Studies	based	on	PE	and	PP	have	shown	that	a	robust	entanglement	network	can	significantly	increase	

melt	elasticity	of	linear	polymers	as	the	molecular	weight	increases.93	An	extreme	example	is	ultrahigh	

molecular	 weight	 PE	 (UHMWPE)	 with	 an	 average	 number	 molecular	 weight	 well	 in	 excess	 of	

Mn	=	1’000’000	g/mol,	which	shows	rubbery	behavior	up	to	its	degradation	temperature.	Broad	or	even	

bimodal	molecular	weight	distributions	can	also	show	a	pronounced	strain	hardening	behavior	due	the	

presence	of	high	molar	mass	fractions	thus	improving	materials	processability.94	Moreover,	a	broader	

molecular	weight	distribution	was	reported	to	increase	nucleation	density	of	PP,95,96	probably	due	to	

the	higher	flexibility	of	the	low	molecular	weight	fractions	that	form	nuclei	and	hence	provide	a	growth	

front	 for	 higher	molecular	 weight	 fraction.	 A	 possible	 problem	 of	 such	materials	 is	 inhomogeneity	

caused	by	phase-separation	of	high-	and	low-viscosity	polymer	fractions,	which	can	lead	to	melt	fracture	

and	significant	deterioration	of	the	mechanical	properties.94	Moreover,	PE	and	PP	have	an	entanglement	
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molecular	weight	of	Me	=	1’500	and	3’500	g/mol,80	respectively,	and	are	thus	considerably	entangled	at	

molar	 masses	 used	 in	 typical	 commercial	 grades	 with	 a	 molecular	 weight	 of	 Mn	=	200’000–

500’000	g/mol.		

Although	 high	 molecular	 weight	 aliphatic	 polyesters	 can	 be	 synthesized	 in	 precisely	 controlled	

laboratory	 conditions,97	 mass	 production	 is	 typically	 limited	 to	 molecular	 weights	 of	 up	 to	

Mn	=	100’000–150’000.	 Additionally,	 aliphatic	 polyesters	 often	 have	 3–7	 times	 higher	 entanglement	

molecular	weights,	on	the	order	of	Me	=	5’000–12’000	g/mol,	which	makes	these	polymers	much	less	

entangled	compared	to	the	polyolefins	and	significantly	limits	not	only	their	melt	processability	but	also	

their	room	temperature	behavior.98	

Another	 method	 of	 improving	 melt	 processability	 is	 the	 introduction	 of	 branching	 to	 the	 polymer	

backbone,	which	can	be	accomplished	with	a	variety	of	methods,	including	ROP	with	multifunctional	

monomers,	 functional	 group	 polycondensation,	 chain	 extension,	 radical-induced	 reactions,	 and	

dynamic	 vulcanization.99	 	 Among	 different	 architectures,	 such	 as	 star-shaped,	 comb-shaped,	 and	

hyperbranched	polymers,	“linear	branched”	polyesters	showed	the	most	useful	change	in	melt	strength	

and	 elongation	 for	 processing.24	 Short,	 unentangled	 chain	 branches	 showed	 little	 to	 no	 effect	 on	

elongational	viscosity	and	could	be	described	by	the	Rouse	relaxation	mode	without	hydrodynamic	or	

topological	interactions.100,101	On	the	other	hand,	long-chain	branches,	which	are	defined	as	branches	

that	are	longer	than	the	entanglement	molecular	weight,	Me,	are	characterized	by	a	change	in	the	power	

law	 from	 3.6	 to	 6.0	 in	 the	 viscosity,	η,	 vs.	 molecular	 weight	 dependence,	 due	 to	 the	 increased	

entanglement	constraints.101	The	effect	of	long-chain	branching	on	melt	elasticity,	polymer	nucleation,	

and	room	temperature	mechanical	properties	was	studied	for	a	variety	of	polyesters,	such	as	PLA,102–104	

PCL,105–108	 and	 PHAs.88,109,110	 For	 example,	 Kontopoulou	 et	 al.	 introduced	 long-chain	 branching	 to	 a	

commercial	grade	of	PLLA	by	peroxide-initiated	grafting	of	a	multifunctional	coagent	(triallyl	trimesate,	

TAM)	in	the	melt.103	The	authors	observed	not	only	a	pronounced	strain	hardening	behavior	but	also	a	

significant	 increase	 in	 crystallization	 temperature	 from	 Tc	=	104	 °C	 to	 up	 to	 133	 °C,	 which	 they	

attributed	 to	 the	 nucleation	 effect	 of	 branching	 sites	 (Figure	 6).102	 Another	 example	 based	 on	 the	

introduction	of	branching	to	PCL	by	γ-irradiation	resulted	in	a	rubber-like	behavior	up	to	temperatures	

of	 200	 °C	 and	 strain	hardening	behavior	 in	 the	melt	with	only	 an	 insignificant	 change	 in	molecular	

weight	 from	Mn	=	90’000	 to	 120,000	g/mol.105	 Furthermore,	 the	 crystallization	 temperature	 of	 PCL	

increased	from	Tc	=	35	°C	to	41	°C	in	the	presence	of	branching	produced	by	reactive	melt	processing	
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using	 benzoyl	 peroxide.106	While	 the	 introduction	 of	 branching	 has	 thus	 proven	 to	 be	 a	 promising	

approach,	it	increases	melt	viscosity	over	the	whole	temperature	range,	which	limits	processing	where	

a	high	 flow	rate	 is	 required,	 such	as	 in	 injection	molding,	and	reduces	 the	melting	 temperature	and	

crystallinity,	which	can	limit	its	application	range.101,111	

	

Figure	6. Melt	behavior	of	branched	PLA.		a)	tensile	stress	growth	coefficient	(ηE)	of	TAM	and	GMA	modified	PLA	as	a	

function	of	strain	rate	and	time	at	Hencky	strain	rates	of	0.1,	1	and	10	s–1	at	180	°C.		b)	DSC	cooling	scan	at	5	°C	/min.	Reproduced	

with	permission	from	reference	103.	

1.3	Polymer	Mixtures	

1.3.1	Phase	Behavior	of	Polymer	Mixtures	

Paul	Flory	and	Maurice	Huggins	were	the	first	to	investigate	the	phase	behavior	of	polymer	mixtures	

using	 lattice	theory	to	calculate	the	molar	Gibbs	free	energy	of	mixing,	ΔGmix	=	ΔHmix–T	ΔSmix,	when	a	

polymer	is	mixed	with	a	low	molecular	weight	solvent.112–114	They	established	that,	in	ideal	solutions,	

where	mixing	is	athermal	(ΔHmix	=	0),	the	entropy	of	mixing	(ΔSmix)	is	determinant,	so	that	a	positive	

entropy	 of	 mixing	 leads	 to	 a	 negative	 ΔGmix,	 implying	 the	 homogeneous	 mixture	 to	 be	

thermodynamically	stable.114	The	original	Flory-Huggins	theory	idealizes	polymers	as	a	sequence	of	m1	

segments,	each	with	a	volume	equivalent	to	a	molecule	of	solvent.	ΔSmix	may	then	be	estimated	from	the	

number	of	distinct	arrangements	of	the	polymers	and	solvent	molecules	on	a	lattice	comprising	N	sites	

with	a	volume	equal	to	that	of	the	solvent.	This	approach	results	in	

𝛥𝐺!"# = −𝑇𝛥𝑆!"# = 𝑅𝑇 (
𝜙$ 𝑙𝑛 𝜙$
𝑚$

+ 𝜙% 𝑙𝑛 𝜙%.	,	 (1)	
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where	f1	and	f2	are	the	fractions	of	the	polymer	and	solvent,	respectively,	and	R	is	the	universal	gas	

constant.		

In	order	to	account	for	intermolecular	interactions	and	the	term	ΔHmix	in	the	free	energy	of	mixing,	as	

well	as	any	entropy	terms	related	to	these	interactions,	Flory	and	Huggins	introduced	a	contact	energy	

term,	 Δ𝐺!"#$%&'($' = (𝑧 − 2)𝑁)f*Δ𝑔)*,	 where	 z	 represents	 the	 coordination	 number	 of	 the	 lattice	

parameter,	N1	 is	 the	number	of	 solvent	molecules,	 and	Δ𝑔)*	 is	 the	Gibbs	 free	energy	change	 for	 the	

formation	of	a	single	solvent-segment	contact.	However,	determining	z	and	Δ𝑔)*	is	not	straightforward,	

so	Flory	and	Huggins	introduced	the	temperature-dependent	Flory-Huggins	interaction	parameter,	χ,	

defined	as	χ = 	 (𝑧 − 2)Δ𝑔)*/𝑘𝑇.	This	allows	z	and	Δ𝑔)*	to	be	eliminated,	resulting	in	the	Flory-Huggins	

equation	for	the	molar	Gibbs	free	energy	of	mixing	for	a	polymer	and	a	solvent:	114	

𝛥𝐺!"# = −𝑇𝛥𝑆!"# = 𝑅𝑇 (
𝜙$ 𝑙𝑛 𝜙$
𝑚$

+ 𝜙% 𝑙𝑛 𝜙% + 𝜒𝜙$𝜙%(1 − 𝜙$).	.	 (2)	

The	interaction	parameter,	χ,	determines	the	compatibility	of	the	two	components,	with	a	larger	value	

indicating	 reduced	 compatibility	 and	 a	 greater	 likelihood	 of	 phase	 separation.	 It	 therefore	 is	 of	

considerable	importance	for	predicting	the	behavior	of	polymer-based	mixtures,	and	may	be	influenced	

by	various	factors,	including	temperature,	pressure,	and	chemical	structure.115,116	

Although	 the	 Flory-Huggins	 equation	 was	 originally	 formulated	 for	 binary	 polymer-solvent	

systems,112,113		it	was	subsequently	modified	to	describe	the	mixing	behavior	of	two	different	polymers:	

𝛥𝐺!"# = −𝑇𝛥𝑆!"# = 𝑅𝑇 (
𝜙$ 𝑙𝑛 𝜙$
𝑚$

+
𝜙% 𝑙𝑛 𝜙%
𝑚%

+ 𝜒𝜙$𝜙%(1 − 𝜙$).	,	 (3)	

There	have	since	been	numerous	theoretical117–119	and	experimental120,121	developments	of	the	model,	

e.g.,	investigations	into	the	temperature	and	concentration	dependences	of	χ,	and	its	extension	to	block	

copolymers,117			However,		in	all	these	refinements,	materials	with	very	different	chemical	compositions	

are	expected	to	form	immiscible	mixtures	because	Δ𝑔)*	is	expected	to	be	large,	leading	in	turn	to	large	

positive	values	of	χ,	which	must	be	offset	by	the	negative	entropy	of	mixing	ΔSmix	for	a	homogeneous	

mixture	 to	 be	 stable.	 Phase	 separation	 is	 therefore	 common	 in	 polymer-polymer	 blends	with	 large	

segment	 numbers	 m1	 and	 m2,	 because	 the	 resulting	 entropy	 change,	 ΔSmix,	 generally	 becomes	

insignificant.	For	ΔGmix	=	ΔHmix–TΔSmix	to	be	negative,	mixing	must	therefore	be	exothermic	(ΔHmix	<	0),	

which	requires	strong	specific	interactions	between	the	two	polymers,	such	as	electrostatic	interactions	
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or	 hydrogen	 bonding.122	 In	 the	 case	 of	 dilute	 solutions	 of	 small	 molecules	 in	 polymers,123–125	 the	

interaction	parameter,	χ,	may	be	determined	using	data	from	the	melting	point	depression	of	the	small	

molecule	in	the	polymer,	assuming	an	equilibrium	transition.126,127		

1.3.2	Polymer-Polymer	Blends	

To	achieve	a	desired	property	profile,	a	polymer	can	be	blended	with	another	polymer	that	exhibits	

superior	 behavior	 in	 areas	 where	 the	 former	 suffers	 from	 shortcomings.	 However,	 due	 to	 the	 low	

entropy	of	mixing	of	high	molecular	weight	polymers,	the	resulting	blends	are	often	immiscible	and	thus	

have	poor	properties	due	to	weak	interfacial	adhesion	between	the	two	phases.	One	possible	strategy	

to	improve	interfacial	interactions	between	the	two	phases	is	adding	a	block	copolymer	that	is	localized	

at	the	interface	and	acts	as	a	compatibilizer,	which	improves	the	adhesion	of	the	two	phases,	inhibits	

coalescence	of	the	dispersed	phase,	and	can	result	in	different	blend	morphologies	(Figure	7).		

For	 instance,	 blends	 of	 PLA	 with	 poly(butylene	 adipate-co-butylene	 terephthalate)	 (PBAT),	

poly(butylene	 succinate-co-butylene	 adipate)	 (PBSA),	 or	 PCL	 with	 their	 respective	 di-	 or	 tri-block	

copolymers	have	been	 successfully	used	 to	 tune	 the	 toughness,	 stiffness,	 and	processability	of	PLA-

based	materials.49,98,128–130	However,	the	lack	of	control	over	the	molecular	weight	and	the	expensive,	

multistep	 preparation	 of	 premade	 block	 copolymers	 limit	 their	 technological	 applicability.128,131	 To	

solve	this	problem,	"A-C"	diblock	copolymers	with	a	“C”	block	different	from	the	two	materials	“A”	and	

“B”	in	the	blend	can	be	used	to	improve	their	miscibility,	in	case	“B”	and	“C”	exhibit	a	high	miscibility.	

For	 instance,	 an	 easily	 accessible	PEG-PLA	diblock	 copolymer	was	used	 to	 successfully	 increase	 the	

elongation	 at	 break	 of	 PLA/PBAT,	 PLA/PBSA,	 and	 PLA/PBS	 blends	 up	 to	 296%,	 195%,	 and	 234%,	

respectively,	compared	to	30%,	16%,	and	45%	in	the	absence	of	the	diblock	copolymer.132	Another	way	

of	producing	block	copolymers	can	be	accomplished	in	situ	by	reactive	mixing	of	two	polymers	with	a	

chain	extender,	transesterification	agent,	or	radical	initiator.	For	example,	the	melt	extrusion	of	PLLA	

and	10	wt%	of	PBAT	blend	with	0.75	wt%	of	 a	multifunctional	 epoxy	 chain	 extender	 resulted	 in	 an	

increase	 in	 elongation	 at	 break	 to	 400%	 with	 a	 slight	 decrease	 in	 Young's	 modulus	 to	 2.75	GPa	

(compared	to	3.25	GPa	for	pristine	PLA).133	
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Figure	7. Effect	of	copolymers	acting	as	compatibilizers.		a)	Examples	of	trapped	entanglement	and	co-crystallization.	b)	

Reactive	 compatibilization	 of	 polymers	 at	 the	 interface:	 a	 telechelic	 polymer	 reacting	 with	 a	 polymer	 with	 a	 grafted	

functionality.		Reproduced	with	permission	from	reference	134.	

1.3.4	Nucleating	Agents	

Another	way	to	improve	polymer	processing	properties	is	through	the	addition	of	nucleating	agents	that	

decrease	the	nucleation	energy	barrier	by	providing	crystallization	sites	and	initiating	crystallization	at	

higher	temperatures.	For	an	efficient	nucleating	agent,	it	is	desirable	to	have	the	following	properties:	

(i)	a	higher	melting	point	than	that	of	the	polymer	matrix;	(ii)	a	crystal	structure	with	some	unit	cell	

parameters	similar	to	that	of	the	polymer	matrix;	(iii)	favorable	miscibility	with	the	matrix,	resulting	in	

a	fine	interfacial	interaction;	(iv)	good	dispersion	in	the	polymer	melt;	and	(v)	no	toxicity	to	both	humans	

and	the	environment.40		

The	effects	of	classical	nucleating	agents	used	for	PLLA	crystallization	are	summarized	in	Table	3,	but	

must	 be	 treated	 with	 caution	 due	 to	 the	 different	 molecular	 weights,	 stereopurity,	 and	 processing	

conditions	of	the	PLLA	specimens	used	in	the	reported	studies.	Among	inorganic	nucleating	agents,	talc	

exhibits	the	highest	nucleating	efficiency,	with	an	up	to	seven-fold	increase	in	PLLA	crystallization	half-

times.	134,135	This	efficiency	is	attributed	to	the	epitaxy,	that	is,	a	match	of	unit	cell	parameters	between	

PLLA	crystals	and	talc,	which	is	commonly	used	as	a	reference	for	other	nucleating	agents.	Although	clay	

and	calcium	carbonate	have	lower	nucleation	efficiencies,	they	are	reported	to	offer	other	benefits	such	

as	 an	 increased	 thermal	 stability	 and	 elongation	 at	 break	 of	 the	 resulting	 PLLA	 materials.39,98,136	

However,	unless	 the	percolation	 threshold	of	 the	dispersed	additive	 is	 achieved	 (usually	>	30	wt%),	

these	additives	act	as	a	plasticizer,	reducing	polymer	melt	viscosity	and	glass	transition	temperature,	

which	is	detrimental	in	processes	requiring	on	melt	deformation.136,137	

Nanoscopic	nucleating	agents,	such	as	carbon	nanotubes,	nanoclay	or	cellulose	nanofibers,	are	effective	

nucleating	agents,	which,	thanks	to	their	higher	specific	surface	area	and	their	high	aspect	ratio,	reach	

the	percolation	 threshold	at	much	 lower	concentrations	and	can	 thus	be	used	at	 lower	content.	For	

a) b)
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example,	using	carbon	nanotubes	as	a	nucleating	agent	results	 in	an	increase	in	PLLA	crystallization	

temperatures	to	Tc	=	109	°C	at	a	concentration	of	0.08	wt%.138	Moreover,	carbon	nanotubes	reach	the	

percolation	threshold	at	about	3	wt%,	which	significantly	increases	polymer	melt	viscosity	so	that	at	a	

carbon	nanotube	contents	of	7	wt%,	the	PLLA	melts	exhibit	a	rubber-like	behavior.139–143	

An	advantage	of	organic	nucleating	agents	is	their	ability	to	be	dissolved	in	the	polymer	melt	and	to	

recrystallize	into	highly	dispersed	crystals	at	temperatures	higher	than	the	polymer	crystallization,	thus	

providing	 nucleation	 sites	 and	 increasing	 polymer	 crystallization	 rates.	 For	 example,	 orotic	 acid	

(Figure	8)	increases	the	crystallization	temperature	of	PLLA	to	Tc	=	124	°C	at	a	concentration	of	0.3	wt%.	

Such	a	 strong	nucleation	effect	was	attributed	 to	 the	match	of	 the	a	 lattice	parameter	of	orotic	acid	

(5,90	Å)	 and	 the	b	 lattice	parameter	of	PLLA	 (6.04	Å)	which	 thus	 induced	epitaxial	 growth	of	PLLA	

crystals.144	 Other	 classes	 of	 nucleating	 agents	 based	 on	 oxalamides,145	 hydrazides146	 and	 1,3,5-

benzenetricarboxylamides	(BTA)	(Figure	8)	showed	a	significant	nucleation	of	PLLA	crystals	(Table	3).	

The	 structure	 of	 these	 compounds	 consists	 of	 a	 central	 part	 that	 drives	 the	 self-assembly	 into	 high	

aspect	ratio	crystals	and	substituents	(R)	that	are	used	for	tuning	the	miscibility	of	the	compound	in	the	

PLA	melt.	

Table	3	 Nucleation	efficiency	of	various	nucleating	agents	for	PLLA.	

nucleating	agent	 Tc,	°C	 crystallinity,	%	 concentration,	wt%	

talc147	 120	 46	 2	

clay148	 105	 53	 4	

nanoclay149	 117	 39	 1	

carbon	nanotubes138	 109	 35	 0.08	

cellulose	nanofibers149	 115	 37	 1	

hydrazide	(h1)146	 131	 50	 1	

oxalamide	(o1)145	 118	 37	 1	

orotic	acid	(o2)144	 124	 37	 0.3	

BTA-C6	 130	 48	 0.3	

SC56		 130	 57	 0.5	

SC56		 141	 55	 3	

hPLLA40	 141	 42	 0.5	

hPLLA40	 143	 43	 5	
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Figure	8. Chemical	derivatives	of	oxalamide	o1,	hydrazide	(h1),	orotic	acid	(o2)	and	cyclohexyl	BTA	(BTA-C6)	

BTA	derivatives	have	received	particular	attention	as	nucleating	agents	due	to	the	combination	of	π-

stacking	of	the	central	benzene	units	and	the	three-fold	hydrogen	bonding	of	the	amide	substituents	at	

their	periphery,	which	enforces	a	helical	 arrangement	 that	discourages	 lateral	 aggregation	and	 thus	

provides	 crystals	with	high	aspect	 ratio	 and	 small	 lateral	dimensions	 that	 are	well	 dispersed	 in	 the	

polymer	matrix	(Figure	9).150–154	The	chemical	structure	of	the	peripheral	substituents	R	was	found	to	

strongly	influence	the	nucleation	efficiency	of	BTA	derivatives.	However,	no	correlation	between	the	

nucleation	efficiency	and	either	the	a	lattice	parameter	or	the	BTA	solubility	in	the	polymer	melt	was	

found	 (Figure	 10).150,152,155,156	N,N,N-tricyclohexyl	 benzenetricarboxylamide	BTA-C6	 is	 considered	 to	

have	the	highest	nucleation	efficiency	of	all	nucleating	agents	in	PLLA	and	has	been	used	to	control	the	

microstructure	 of	 PLA	 crystals	 to	 obtain	 shish-kebab-like	 and	 needle-like	 structures	

(Figure	11a,b).151,157	Moreover,	a	pronounced	increase	in	melt	elasticity	was	observed	at	temperatures	

of	up	to	195	°C,	which	was	attributed	to	the	formation	of	a	percolation	network	of	BTA	crystals	already	

at	 a	 concentration	of	0.3	wt%	(Figure	11c).	 Furthermore,	 a	decrease	 in	oxygen	permeability	by	 two	

orders	of	magnitude	was	attributed	to	the	formation	of	interlocked	PLLA	lamellae.	

	

Figure	9. Schematic	representation	of	the	self-assembly	of	BTA.	Reproduced	with	permission	from	reference	158.	
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Figure	10. Effect	of	chemical	structure	of	BTA	side	chains	on	the	crystallization	of	the	PLLA	matrix.		a)	DSC	cooling	curves	

of	PLLA	containing	various	BTA	derivates	obtained	at	 cooling	 rate	of	5	 °C/min.	b)	Plot	of	 the	solubility	parameter	of	BTA	

derivates	 and	 crystallization	 enthalpy	 ΔHc	 of	 PLLA	 containing	 various	 BTA	 derivates.	 Reproduced	 with	 permission	 from	

references	151	and	153.	

	

Figure	11. Crystallization	and	melt	properties	of	PLLA.		a)	Polarized	optical		micrographs	of	the	crystal	morphology	of	PLLA	

with	0	wt%(top	left),	0.2	wt%	(top	right),	0.3		wt%(bottom	left)	and	0.5	wt%	(bottom	right)	of	BTA-C6.		b)	AFM	height	image	

of	PLLA	with	0.2	wt%	of	BTA-C6.		c)	evolution	of	storage	modulus	with	temperature	during	crystallization	of	PLLA	blends	with	

0.2	wt%,	0.3		wt%	and	0.5	wt%	of	BTA-C6.	Reproduced	with	permission	from	reference	158.	

1.4	Supramolecular	Materials	

Supramolecular	 materials	 are	 based	 on	 discrete	 building	 blocks	 (supramolecular	 motifs)	 that	

thermoreversibly	assemble	into	defined	architectures	via	non-covalent	interactions	such	as	hydrogen	

bonding	 interactions,	 metal-ligand	 coordination,	 electrostatic	 and	 van	 der	 Waals	 forces,	 or	 donor-

acceptor	 interactions,	which	has	become	a	widely	used	design	strategy	 towards	 the	development	of	

novel	polymer	materials.159	In	exceptional	cases,	the	interaction	of	low	molecular	weight	compounds	

alone	can	lead	to	materials	featuring	polymer-like	properties	such	as	a	tensile	strength	of	several	tens	

of	MPa	and	extensibilities	of	up	to	several	100%,	provided	that	their	crystallization	into	brittle	materials	

is	prevented.160–162	However,	since	the	seminal	work	of	Meijer	and	coworkers,163	supramolecular	motifs	
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have	 been	 predominantly	 integrated	 into	 numerous	 covalent	 polymer	 systems	 in	 order	 to	 create	

materials	with	 tailored	structure,	dynamic	behavior,	properties	and	 function.164	These	motifs	can	be	

conveniently	 introduced	 into	 covalent	 polymers	 in	 form	 of,	 for	 example,	 functional	 end	 groups,165	

internal	main	chain	segments,	or	as	side	chains	of	branched,	grafted	or	brush	polymers.166	Eventually,	

their	self-assembly	physically	cross-links	the	polymer	matrix,	leading	to	versatile	network	structures	

and	 thermomechanical	property	profiles,	which	allows	one	 to	design	and	 to	 target	a	broad	range	of	

different	 types	 of	 materials,	 such	 as	 thermoplastic	 elastomers,167–169	 gels,170	 adhesives,171,172	

supramolecular	block	copolymers,173	or	glassy	thermoplastic	materials.161,162,174		

Due	to	the	reversible	nature	of	the	underlying	supramolecular	interactions	and	an	often	cooperative	

self-assembly	 mechanism,	 the	 materials	 show	 sharp	 thermal	 transitions	 from	 an	 elastic	 network	

structure	 into	viscous	melt	states.175	Moreover,	 the	dynamic	nature	of	 the	employed	supramolecular	

interactions,	that	is	their	association	and	dissociation	kinetics	even	in	equilibrium	conditions,176	gives	a	

transient	character	to	the	network	structure,	thus	often	leading	to	self-healing	properties,177,178	shape	

memory	 effects,179	 or	 enhanced	 dynamic/viscous	 energy	 dissipation.	 As	 these	 features	 promise	

(simultaneous)	 improvements	 in	 processability	 and	 recyclability159,180	 or	 even	 self-repairing	

mechanisms,	the	supramolecular	modification	of	covalent	polymers	holds	therefore	great	promise	for	

materials	 modification.	 Indeed,	 the	 utilization	 of	 well-controlled	 supramolecular	 interactions	 is	

considered	one	key	element	for	the	development	of	novel	sustainable	materials.159,181	In	what	follows,	

we	will	 focus	our	attention	on	approaches	 towards	hydrogen-bonded	supramolecular	materials	and	

their	limitations.	

1.4.1	Monotopic	Hydrogen-Bonded	Supramolecular	Motifs	

The	 prospect	 of	 high-performance	 polymer	 materials	 that	 are	 mechanically	 robust,	 thermostable,	

feature	attractive	melt	properties,	and	are	potentially	healable	has	stimulated	ample	research	on	the	

supramolecular	cross-linking	of	various	polymer	chain	architectures	aided	by	multivalent	hydrogen-

bonded	ligands.182	Perhaps	the	most	prominent	binding	motif	is	the	ureidopyrimidinone	(UPy)	unit,	a	

monotopic	 self-complementary	 moiety	 that	 dimerizes	 via	 four-fold	 hydrogen	 bonding	 interactions.	

When	these	units	are	attached	as	end	groups	to	a	telechelic	soft	polymer	(PDMS,	Mn	=	6’000),	they	act	

as	supramolecular	chain	extenders,	resulting	in	strongly	temperature-dependent	viscosity	values	that	

are	several	orders	of	magnitude	larger	than	those	of	a	non-functionalized	analogue.163	Such	properties	

are	 otherwise	 typical	 for	 well-entangled	 high	 molecular	 weight	 polymers	 and	 attributed	 to	 the	
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dimerization	of	the	polymer	end	groups	and	the	associated	increased	“virtual”	molecular	weight.	Within	

a	 narrow	 temperature	 window,	 the	 materials	 display	 a	 significant	 drop	 in	 the	 viscosity	 above	 the	

dissociation	 temperature	 of	 the	 UPy	 dimers,	 above	 which	 they	 show	 classical	 melt	 flow	 behavior	

identical	to	the	employed	base	polymer.183	

The	functionalization	of	multi-arm	polymer	chain	architectures	with	UPy-ligands	allows	one	to	obtain	

supramolecular	polymer	network	structures	that	display	rubber-like	properties	over	a	large	frequency	

range	in	oscillatory	shear	rheology	measurements	(Figure	12).163	At	sufficiently	high	temperatures	or	

long	experimental	time	scales,	the	dynamic	character	of	the	dimers	becomes	evident,	and	the	materials	

show	 melt	 flow	 behavior	 typical	 for	 low	 molecular	 weight	 polymers.	 However,	 in	 case	 of	 too	 low	

molecular	weights	and	therefore	a	comparably	high	UPy-concentration,	the	dimerization	of	the	latter	

leads	to	formation	of	glassy	domains.184	

 

Figure	12. a)	The	end-group	functionalization	of	a	soft	amorphous	three-arm	star	polymer	with	ureidopyrimidone	(UPy)	

units	and	their	dimerization	leads	to		b)	a	supramolecular	network	with	rubber-like	properties.		c)	Due	to	aggregate	dynamics,	

the	material	 shows	 a	 transition	 into	 a	 polymer	melt	 at	 long	 experimental	 time	 scales.	 Reproduced	with	 permission	 from	

reference	163.	

By	 analogy,	 the	 end	 group	modification	with	 UPy	 units	 is	 a	 straightforward	way	 to	 affect	 the	melt	

properties	 of	 semi-crystalline	 polyesters.	 For	 example,	 the	 dimerization	 of	 UPy	 end	 groups	 of	

functionalized	 telechelic	PCL	(Mn	=	2’900	g/mol)	 leads	 to	a	qualitatively	similar	melt	behavior	 like	a	

corresponding	non-functionalized	polymer	of	high	molar	mass	(Mn	=	80’000	g/mol).185	Likewise,	 the	

disentanglement	temperature	of	soft	amorphous	polyesters	may	be	considerably	increased	up	to	the	

dissociation	 temperature	 of	 the	 UPy	 dimers.	 For	 UPy-functionalized	 poly(γ-methyl-ε-caprolactone)	

(PMCL,	Mn	=	26’000	g/mol),	the	associated	softening	as	determined	by	oscillatory	shear	rheology	was,	
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for	example,	up	to	70	°C	higher	than	that	of	its	non-functionalized	analogue	(+40	°C	vs.	–30	°C),	albeit	

close	to	room	temperature,	where	the	material	behaved	predominantly	as	a	viscous	liquid	rather	than	

an	elastic	solid.186	

Other	 important	 materials	 parameters	 like	 the	 glass	 transition	 temperature,	 Tg,	 are	 usually	 not	

significantly	affected	by	 the	 functionalization.	Only	when	the	employed	molecular	weight	 is	 low,	 the	

typical	drop	 in	Tg,	 associated	with	 the	 increased	 contribution	of	 the	polymer	 chain	 ends	 to	 the	 free	

volume,	is	prevented	in	supramolecularly	modified	telechelic	polymers.	For	instance,	the	Tg	of	pristine	

PET	decreases	significantly	below	a	number-average	molecular	weight	of	about	7’000	g/mol,	whereas	

the	Tg	of	UPy-modified	PET	remains	constant	at	its	typical	value	of	Tg	=	70	°C.187	This	stabilizing	effect	

of	the	UPy-modification	on	Tg	was	confirmed	in	polyisoprene	(PI)	modified	with	a	UPy	analogue188		and	

in	soft	amorphous	copolyesters189	but	seems	to	be	important	only	for	low	molecular	weight	polymers.	

Similarly,	significant	effects	of	UPy-modifications	on	the	polymer	crystallization	may	not	be	expected	

because	 their	 dissociation	 and	 association	 temperatures	 of	 up	 to	Td	=	80	 °C	 remain	 lower	 than	 the	

melting	and	crystallization	temperatures	of	many	semicrystalline	polymers.	However,	these	aggregate	

structures	can	severely	hinder	the	polymer	crystallization	and	reduce	the	degree	of	crystallinity,	if	the	

employed	 molecular	 weight	 is	 too	 low	 and	 polymer	 chain	 mobility	 restricted,	 leading	 to	 flexible	

materials	with	comparably	low	storage	modulus	and	tensile	strength.190,191	Nevertheless,	the	presence	

of	the	aggregates	may	promote	the	formation	of	metastable	crystal	structures,	as	shown	for	modified	

PLA,	which	 is	apparently	 the	case,	when	 the	polymer	crystallization	 temperature	coincides	with	 the	

association	temperature	of	the	UPy	units.190	Even	though	the	authors	did	not	report	on	the	resulting	

room-temperature	mechanical	properties,	one	may	anticipate	that	these	may	be	indirectly	impacted	via	

differences	 in	 the	 microstructures.	 With	 few	 exceptions,186	 however,	 drastic	 effects	 on	 the	 room-

temperature	mechanical	properties	have	not	been	reported,	although	increases	in	tensile	strength	and	

strain-at-break	were	observed	for	some	polyesters	upon	UPy	modification.187,189,192	The	effects	are	often	

marginal,	and	the	materials	essentially	remain	very	brittle,	presumably	because	of	the	low	molecular	

weight	of	the	employed	polymer	backbone	(vide	infra).	

1.4.2	Ditopic	Hydrogen-Bonded	Supramolecular	Motifs	

Ditopic	 ligands	are	self-complementary	 ligands	 that	 interact	with	 two	molecules,	and	the	number	of	

available	 binding	 sites	 for	 further	 interactions	 of	 the	 resulting	 aggregate	 remains	 the	 same.	Ditopic	

ligands	per	se	have	a	strong	tendency	to	form	one-dimensionally	extended	aggregate	structures	that	
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serve	as	crosslinks	to	the	tethered	polymer	matrix	into	supramolecular	networks.	A	special	case	is	UPy	

units	that	are	placed	adjacent	to	hydrogen	bonding	units	such	as	urea	functions.	Subsequent	to	the	UPy	

dimerization,	 the	 hydrogen	 bonding	 between	 the	 urea	 functions	 results	 into	 the	 formation	 of	 one-

dimensionally	extended	aggregate	structures.193,194	The	self-assembly	into	such	anisotropic	structures,	

often	fibrillar	objects,	does	not	only	include	the	initial	formation	of	nanofibrils	but	they	further	tend	to	

laterally	aggregate	into	larger	microfibers	which	can	form	a	percolation	network195,196	and	hence	result	

in	 elastic	 behavior	 in	 small-strain	 oscillatory	 shear	 rheology	 (Figure	 13).	 By	 analogy	 to	 many	

organogelators,	these	latter	structures	have	a	typical	cross-sectional	dimension	in	the	10–100	nm	range,	

and	were	also	observed	in	corresponding	telechelic	PCL	materials	of	low	molecular	weight	(Mn	=	3’900	

g/mol).185	 Similar	 structures	 are	 observed	 in	 case	 of	 bisurea-functionalized	 polymers196	 based	 on	

telechelic	PDMS197	or	poly(isobutene).198	These	materials	can	be	classified	as	thermoplastic	elastomers	

(TPEs)	in	the	sense	that	the	aggregate	structures	represent	phase-separated	hard	microdomains	that	

are	 interconnected	 by	 the	 soft	 polymer	 matrix.199	 However,	 strong	 TPEs	 have	 not	 been	 prepared	

because	polymers	too	low	in	molecular	weight	do	not	sufficiently	entangle	and	are	often	even	too	brittle	

to	be	subjected	to	uniaxial	tensile	testing.	

 

 

Figure	13. a)	 Typical	 hierarchical	 self-assembly	 process	 in	 supramolecular	materials	 based	 on	 ditopic	 self-assembling	

motifs	that	(1)	are	able	to	form	extended	nanofibrils,	which	(2)	further	undergo	lateral	interactions	into	microfibers	forming	

possibly	(3)	a	percolation	network.	Figure	reproduced	with	permission	from	reference	195.	 	b)	AFM	phase	image	(scan	size:	

1	µm)	 of	 a	 telechelic	 PCL	 (Mn	 =	 3’900	 g/mol)	 showing	 fibrillar	 aggregate	 structures.	 Reproduced	 with	 permission	 from	

reference	185.	

In	turn,	an	increase	in	the	molecular	weight	led	to	a	reduced	bisurea	content,	and	the	resulting	materials	

experienced	 a	 drop	 in	 the	 storage	 modulus	 at	 temperatures	 far	 below	 the	 actual	 dissociation	

temperature	of	the	bisurea	aggregates.	This	example	highlights	a	general	conundrum	in	supramolecular	

polymer	materials,	that	is	the	supramolecular	structure	formation	strongly	depends	on	the	molecular	

weight	of	the	employed	polymer	segment	and	becomes	increasingly	limited	as	the	molecular	weight	is	
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increased.	However,	as	will	be	explained	below,	high	molecular	weights	are	a	requirement	for	obtaining	

materials	with	meaningful	tensile	properties,	based	on	an	acceptable	yield	strength,	facilitated	plastic	

deformation,	and	fracture	resistance.	

Another	prominent	ditopic	supramolecular	motif	is	the	benzene-1,3,5-tricarboxamides	(BTAs)	unit	that	

reliably	forms	one-dimensional	aggregate	structures	based	on	a	synergistic	 interplay	of	π-π	stacking	

between	a	central	benzene	core	and	 three-fold	hydrogen-bonding	of	 the	amide	substituents,	usually	

leading	to	a	face-to-face	stacking	arrangement.200	In	order	to	accommodate	the	benzene	rings	at	the	van	

der	Waals	distance,	all	amide	groups	have	to	be	rotationally	displaced	with	respect	to	the	stacking	axis,	

so	 that	 a	 helical	 one-dimensional	 aggregate	 structure	 is	 typically	 observed	 (Figure	 14).	 This	 helical	

arrangement	 limits	 the	 lateral	 interactions	 between	 the	 stacks,	 why,	 depending	 on	 the	 attached	

substituents,	columnar	mesophases	are	likely	observed	both	in	bulk	and	in	solution.201	BTA	derivatives	

usually	display	high	association	and	dissociation	temperatures	that	can	easily	exceed	200	°C	but	are	also	

characterized	by	a	particularly	pronounced	dynamic	behavior	because	of	facile	exchange	of	the	building	

blocks	along	the	aggregate	backbone.202,203	

While	self-assembled	BTAs	are	known	to	be	effective	gelators	for	organic	or	aqueous	media,	their	use	

as	 self-assembling	 ligands	 in	 combination	with	 covalent	 polymers	 has	 remained	 scarce.	One	 reason	

might	 be	 that	 the	 self-assembly	 of	BTAs	 seems	 to	 strongly	 depend	on	 the	polarity	 of	 the	 employed	

polymer	matrix.	Thus,	BTA	end	groups	bearing	branched	aliphatic	side	chains	only	properly	aggregate	

in	the	apolar	polymer	poly(ethylene	butylene),	but	no	sign	of	end	group	association	in	the	more	polar	

aliphatic	polyester	PCL	could	be	 identified.204	When	attached	 to	poly(ethylene	butylene)	 (PEB,	Mn	 =	

3’500	g/mol),	the	self-assembly	of	BTA	end	groups		gives	rise	to	a	brittle	supramolecular	network	that	

lacks	 entanglement,	whereas	 incorporation	 of	 the	BTA	unit	 into	 a	 segmented	 PEB	block	 copolymer	

yields	a	thermoplastic	elastomer,	albeit	with	a	low	Young’s	modulus	of	E	=	3.4	MPa,205	which	confirms	

the	challenge	to	use	the	supramolecular	modification	of	polymers	as	a	tool	towards	useful	engineering	

materials.	BTAs	are	nevertheless	interesting	because	of	their	reliable	formation	of	extended	aggregate	

structures	which	renders	them	highly	promising	for	the	design	of	supramolecular	network	materials.	
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Figure	14. a)	General	chemical	structure	of	the	benzene-1,3,5-tricarboxamide	(BTA)	moiety	and	schematic	representation	

of	BTA	self-assembly	into	helical	one-dimensional	aggregates.	Figure	reproduced	with	permission	from	reference	200.		b)	BTA	

end	groups	of	telechelic	soft	polymers	can		c)	self-assemble	into	extended	nanofibrillar	aggregates	(scale	bar:	100	nm)	that	

serve	as	physical	cross-links	for	the	polymer	matrix.		d)	The	resulting	material	displays	elastic	properties.	Reproduced	with	

permission	from	reference	205.	

Oligopeptides	are	a	versatile	class	of	ditopic	self-complementary	self-assembling	motifs,	as	they	can	be	

designed	from	common	amino	acids,	and	their	binding	strength	and	dynamic	behavior	can	be	controlled	

via	their	length.	Due	to	their	ditopic	nature	and	the	highly	directional	hydrogen-bonding	interactions,	

many	oligopeptides	have	a	strong	 tendency	 to	 form	1D	or	2D	extended	nanoscopic	aggregates	via	a	

cooperative	 self-assembly	mechanism.	 Our	 own	 group	 has	 studied	mixtures	 of	monofunctional	 and	

difunctional	polymers	with	short,	β-sheet-forming	oligo-L-alanine	end	groups	and	demonstrated	that	

their	 mechanical	 properties	 can	 be	 tailored	 over	 a	 wide	 range	 of	 target	 moduli,	 loss	 factors,	 and	

transition	temperatures,	depending	on	the	choice	and	combination	of	the	oligopeptide	end	groups.	For	

example,	 reinforced	PIB	elastomers	 (Mn	=	1’200	g/mol)	 could	be	 realized	 in	 this	way	 that	displayed	

sharp	melting	transitions	at	temperatures	greater	than	150	°C,	combined	with	a	high	elasticity	and	a	

plateau	modulus	of	up	 to	G’	 ≈	5	MPa	 (Figure	15).	 It	 should	be	noted,	however,	 that	 the	 large	 strain	

deformation	of	these	materials	could	not	be	investigated	due	to	their	brittle	behavior	in	tension.		

Other	oligopeptides	preferentially	crystallize	into	nanofibrous	crystals	composed	of	b-sheet	aggregates	

that	serve	as	effective	cross-links	for	soft	polymers,	as	shown,	for	instance,	for	a	tri-arm	polyisobutylene	

(PIB,	Mn	=	30’000	g/mol).	The	transition	temperature	can	be	adjusted	by	the	length	of	the	oligopeptide	

and	was	as	high	as	230	°C	for	a	pentapeptide.	The	resulting	material	behaved	as	an	elastic	solid	across	

a	broad	frequency	range.	However,	the	strain	at	break	of	this	TPE	remained	limited	to	εmax	=	130%,	again	

due	to	the	lack	of	entanglement	of	the	polymer	matrix.206	In	marked	contrast,	b-alanine	trimers	were	

grafted	to	the	side-chains	of	high	molecular	weight	PIB	(Mw	>	400’000	g/mol	),	which	became	cross-

linked	by	the	self-assembly	of	the	oligopeptide	units	into	crystalline	nanodomains,207	whose	dimensions	
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could	be	controlled	by	the	choice	of	the	attached	substituents.208	These	crystals	acted	as	a	reinforcing	

element	 of	 the	 elastic	 network	 and	 may	 facilitate	 energy	 dissipation	 mechanisms	 based	 on	 the	

reorganization	of	these	aggregates	during	deformation.	As	a	result,	TPE	materials	extensibilities	greater	

than	1000%	and	an	energy	at	break	of	up	to	W	=	80	J/cm3	were	obtained.	

 

Figure	15. a)	Chemical	structure	of	mono-	and	difunctional	polyisobutylene	(PIB).		b)	Co-assembly	of	their	end	groups	into	

b-sheet-like	aggregates	results	 in	a	supramolecular	network.	 	c)	As	a	result,	 the	material	 forms	an	elastic	rubber-like	state	

similar	to	that	of	high	molecular	weight	PIB	up	to	the	dissociation	temperature	of	the	aggregates,	beyond	which	the	material	

sharply	transitions	into	a	low	viscosity	melt.	Reproduced	with	permission	from	reference	176.	

A	similar	behavior	was	 found	 in	high-molecular	weight	polyisoprene	 (Mn	 close	 to	1’000’000	g/mol)	

bearing	 tetra-L-alanines	 in	 the	 side	 groups	 that	 form	 highly	 dispersed	 b-sheet	 nanostructures.	 The	

resulting	TPE	showed	a	remarkable	tensile	strength	(15	MPa),	toughness	(46	J/cm3),	and	extensibility	

(ca.	900%),	associated	with	pronounced	strain	hardening	due	to	strain-induced	crystallization	similar	

to	that	of	vulcanized	natural	rubber.		By	comparison,	the	non-functionalized	but	highly	entangled	base	

polymer	 did	 not	 strain-harden	 and	 displayed	 a	 very	 low	 energy	 at	 break	 of	W	=	1.3	 J/cm3.209	 The	

dynamic	reorganization	of	the	aggregate	structure	during	deformation	is	an	important	contribution	to	

energy	dissipation,	particular	 in	case	of	 longer	attached	oligopeptides	 like	 tetra-L-alanines,	although	

they	could	not	fully	reversibly	adopt	their	original	state	within	the	applied	experimental	time	scale.210	

However,	various	design	parameters	need	to	be	considered	for	optimizing	the	materials	performance	

in	 these	 truly	 interesting	 systems,	 such	 as	 the	 spacer	 length	between	 the	PI	backbone	and	 the	 self-
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assembling	motif	or	the	oligopeptide	length.211,212	Arguably,	a	major	limitation	of	this	approach	is	the	

requirement	 of	 side-chains	 for	 the	 functionalization,	 which	 are	 hard	 to	 implement	 into	 many	

technologically	relevant	base	polymers.	

1.4.3	Molecular	Weight	Dependence	of	Polymer	End	Group	Assembly	

The	functionalization	of	end	groups	seems	to	be	the	most	promising	way	of	attaching	supramolecular	

ligands	 to	 existing	 base	 polymers.	 However,	 the	 association	 and	 dissociation	 temperatures	 of	

supramolecular	 polymer	 materials	 become	 progressively	 lower	 and	 may	 often	 drop	 below	 room	

temperature	 when	 the	 molecular	 weight	 of	 the	 polymer	 segment	 is	 increased.197,213	 This	 may	 be	

compensated	for	by	increasing	the	size	of	the	self-assembling	unit	(which	is	easily	possible	in	case	of	

oligopeptides	or	oligoureas).	However,	the	effect	of	the	self-assembly	on	rheological	properties	under	

small	strains	readily	starts	to	diminish	as	the	molecular	weight	is	increased.	As	an	illustrative	example,	

the	plateau	modulus	G’	of	poly(n-butyl)	acrylate	modified	with	an	internal	triurea	segment	decreased	

by	almost	one	order	of	magnitude	already	for	Mn	=	8’000	g/mol	compared	to	Mn	=	5’200	g/mol.214	

Some	 studies	 address	 moderate	 molecular	 weights	 in	 the	 range	 of	 20’000–30’000	 g/mol,	 where	

pronounced	effects	on,	for	instance,	rheological	properties	have	been	observed.	For	example,	Boothroyd	

et	al.	report	on	the	supramolecular	modification	of	polybutadiene	(Mn	=	21’000	g/mol)	with	terminal	

UPy	 groups	 that	 undergoes	 strain-hardening	 in	 elongational	 viscosity	 measurements.	 Such	 a	

measurement	 is	 not	 even	 possible	 with	 a	 corresponding	 non-functionalized	 polymer.	 However,	 no	

tensile	 properties	 are	 reported,	 presumably	 because	 the	 material	 still	 shows	 brittle	 behavior.215	

Bouteiller	and	coworkers	state	that	the	physical	cross-linking	of	PDMS	(Mn	=	29’000	g/mol)	bearing	

terminal	bisurea	units	 is	 inefficient,	 indicated	by	a	 low	Young’s	modulus	of	E	=	0.55	MPa	despite	the	

reasonably	high	dissociation	temperature	of	the	bisurea	aggregates	of	around	Td	=	135	°C.197		

Consequently,	 to	 our	 knowledge	 and	 with	 the	 exception	 of	 side-chain	 modified	 soft	 amorphous	

polymers,207,209	 all	 existing	 examples	 in	 the	 literature	 are	 reported	 for	polymer	 chain	 segments	 that	

barely	 exceed	 the	 critical	 molecular	 weight,	Mc	 =	 2	Me.	 This	 latter	 is,	 however,	 a	 crucial	 materials	

parameter,	 because	 it	 marks	 the	 threshold	 for	 the	 molecular	 weights	 where	 the	 characteristic	

properties	 of	 high	 molecular	 weight	 polymers	 start	 to	 be	 observed,	 which	 is	 associated	 with	 the	

formation	of	an	entanglement	network,	which	originates	from	topological	constraints	of	polymer	chains	

imposed	by	their	neighboring	chains.	This	includes	the	appearance	of	a	rubbery	regime	at	temperatures	

above	Tg,	or	both	the	well-established	3.4-power	dependence	of	the	viscosity	and	the	inverse	second	
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power	dependence	of	the	diffusion	coefficient	on	the	 logarithm	of	the	molar	mass.	Moreover,	plastic	

deformation	 is	no	 longer	stabilized	 for	molecular	weights	below	Mc	 and	materials	become	generally	

brittle,	particularly	in	tension.216–218	It	is	noted	that	Mc	and	Me	are	specific	parameters	of	each	type	of	

polymer	and	vary	greatly	depending	on	the	polymer.	As	they	only	mark	an	onset	for	the	emergence	of	

polymer-typical	properties,	polymer	molecular	weights	useful	for	engineering	applications	are	required	

to	exceed	the	critical	molecular	weight	several	 times	 in	order	to	obtain,	 for	 instance,	an	appropriate	

tensile	strength	and	toughness.219	

Therefore,	it	remains	a	challenge	to	design	supramolecular	materials	from	end-modified	polymers	with	

acceptable	or	good	tensile	properties,	particularly	at	large	strains,	because	polymer	chain	entanglement	

of	 the	 polymer	 matrix	 and	 an	 efficient	 supramolecular	 structure	 formation	 seem	 to	 be	 mutually	

exclusive.	

1.4.5	Supramolecular	Fillers	

The	use	of	“supramolecular	fillers"	has	been	proposed	to	address	this	conundrum.	These	are	ditopic	

organic	molecules	that	bind	to	polymers	via	specific	non-covalent	interactions.	The	few	examples	so	far	

described	in	the	literature	are	based	on	structural	motifs	such	as	diurea,220–224	or	diamide225	derivatives	

that	can	bind	to	a	complementary	unit	of	the	polymer	via	multiple	hydrogen	bonding	interactions.	The	

presence	 of	 such	 compounds	 may	 improve	 stiffness	 without	 compromising	 tensile	 strength	 or	 the	

elongation-at-break,223	but	has	mainly	been	applied	to	segmented	block	copolymers	with	a	molecular	

weight	of	the	polymer	chain	segments	between	the	hydrogen	bonding	units	that	is	lower	than	Me.	The	

resulting	materials	are	hence	not	well	entangled,	indicated	by,	for	instance,	a	yield	stress	below	4	MPa.	

Notably,	 however,	 additives	 based	on	UPy-ligands	have	been	designed	 as	well,	 but	 because	 of	 their	

monodisperse	nature	they	can	only	compete	with	the	interactions	between	UPy	polymer	chains	ends.	

Their	 addition	 leads	 hence	 to	 a	 break-down	 of	 the	 network.163,174	 Therefore,	 the	 potential	 of	 this	

approach	 for	 tailoring	 mechanical	 properties,	 particularly	 of	 end-group	 functionalized	 polymers	

remains	largely	unexplored.	

1.4.6	Scope	and	Limitations	of	Supramolecular	Modification	for	Sustainable	Plastics	

In	 summary,	 the	utilization	of	hydrogen-bonding	units	 such	as	 amides,	 urethanes,	 ureas,	 or	peptide	

sequences	that	are	self-complementary,	highly	directional,	electronically	conjugated,	ditopic	hydrogen	

bonded	donor	and	acceptor	groups	can	help	to	address	some	of	the	short	comings	of	existing	materials	



42 

like,	for	instance,	the	often	poor	processability	of	aliphatic	polyesters.	Their	incorporation	as	functional	

end	groups	leads	to	marked	increases	in	the	virtual	molecular	weight	or	in	polymer	network	formation	

so	 that,	 below	 the	 dissociation	 temperature,	 such	 systems	 usually	 feature	 thermomechanical	 and	

rheological	properties	that	are	otherwise	typical	of	corresponding	high	molecular	weight	polymers	or	

chemically	cross-linked	elastomers.	Moreover,	the	dynamic	nature	of	the	aggregates	gives	rise	to	self-

healing	properties,	stimuli-responsiveness	such	as	sharp	melting	transitions	into	low	viscosity	melts,	

which	 renders	 these	materials	potentially	highly	 recyclable.	However,	 current	 examples	 rely	 almost	

exclusively	on	short	polymer	segments	with	molecular	weights	well	below	the	threshold	required	for	

efficient	 entanglement,	 because	 assembly	 of	 polymer	 end	 groups	 becomes	 progressively	

thermodynamically	 disfavored	 at	 increasing	 molecular	 weights	 owing	 to	 their	 increased	 dilution.	

Consequently,	such	systems	typically	show	brittle	failure	at	low	tensile	loads.	Moreover,	the	expansion	

of	self-assembly	concepts	to	solid	thermoplastic	polymers	has	so	far	attracted	little	interest,	because	

their	 macroscopic	 bulk	 properties	 are	 typically	 assumed	 to	 be	 dominated	 by	 polymer	 crystallinity	

and/or	 glass	 formation.	 Therefore,	 conventional	 approaches	 to	 the	 supramolecular	 modification	 of	

commodity	 polymers	 and	 biodegradable	 polymers	 have	 had	 little	 impact	 on	 the	 development	 of	

sustainable	materials	for	engineering	and	packaging	applications.	

1.4	Scope	and	Outline	of	the	Thesis	

The	plastic	waste	crisis	is	one	of	the	most	pressing	issues	facing	mankind	today.	Addressing	this	issue	

will	require	re-evaluation	of	the	materials	that	are	suitable	for	a	future	circular	plastics	economy.226	One	

promising	class	of	materials	for	a	circular	plastic	economy	are	bio-sourced	and	biodegradable	aliphatic	

polyesters	that	can	be	chemically	recycled	to	monomer	via	ring-closing	depolymerization.	Depending	

on	the	specific	polyester	and	the	target	application,	however,	their	scope	is	often	limited	by,	e.g.,	low	

heat	resistance,	inherent	brittleness,	or	poor	processing	characteristics,	such	as	low	crystallization	rates	

or	 poor	 melt	 strength.	 One	 of	 the	 most	 interesting	 ways	 of	 addressing	 those	 shortcomings	 is	

supramolecular	modification	with	 ligands	 that	 thermoreversibly	 assemble	 by	multivalent	 hydrogen	

bonding,	which	offers	improved	melt	strength	below	the	self-assembly	temperature,	but	viscous	flow	

above	it.	Ligand	self-assembly,	however,	is	progressively	disfavored	as	the	molecular	weight	between	

the	functional	groups	is	increased.	For	this	reason,	investigations	have	so	far	mostly	been	limited	to	low	

molecular	weight	polymers	that	are	unable	to	form	a	robust	entanglement	network,	resulting	in	brittle	

failure	at	low	tensile	strains	in	the	solid	state.		
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The	present	thesis	work	aims	to	demonstrate	that	simultaneous	improvement	of	the	final	mechanical	

properties,	melt	behavior,	and	crystallization	rate	of	high	molecular	weight	aliphatic	polyesters	may	be	

achieved	by	blending	a	polymer	end-modified	with	a	ditopic,	self-complementary,	self-assembling	unit,	

based	 on	 three-fold	 hydrogen	 bonding,	 with	 a	 low	molecular	 weight	 additive	 containing	 the	 same	

supramolecular	motif.	In	the	resulting	materials,	polymer	end-groups	and	the	additive	co-assemble	to	

form	 helical,	 one-dimensional	 nanofibrils.	 This	 replaces	 macroscopic	 phase	 separation	 of	 the	 bulk	

additive	 because	 the	 polymer-tethered	 end	 groups	 effectively	 act	 as	 a	 compatibilizer.	 Instead,	 a	

supramolecular	network	of	well-defined	polymer-tethered	and	polymer-bridged	nanofibrils	is	formed,	

and	 the	 material	 may	 hence	 be	 described	 as	 a	 "supramolecular	 graft	 polymer".	 Because	 the	 total	

concentration	 of	 self-assembling	 units	 in	 the	 blend	 is	 determined	 independently	 of	 the	 polymer	

molecular	weight	by	varying	the	additive	content,	we	expect	this	network	formation	to	remain	possible	

in	polymers	whose	molecular	weight,	including	that	of	the	polymer	segments	bridging	the	nanofibrils,	

is	high	enough	for	a	robust	entanglement	network	to	form.	The	nanofibril	dissociation	temperature	is	

also	 expected	 to	 increase	 with	 additive	 concentration,	 so	 that	 the	 supramolecular	 network	 should	

persist	above	the	glass	transitions	or	melting	temperatures	of	the	polymer	matrix,	depending	on	the	

choice	of	additive.	The	supramolecular	network	of	nanofibrils	hence	provides	a	temperature	window	of	

elastic	behavior	 in	 the	molten	polymer	matrix	at	 elevated	 temperatures.	However,	 the	polymer	 still	

shows	predominantly	viscous	behavior	above	the	nanofibril	dissociation	temperature.	Moreover,	chain-

end	 tethering	 is	 expected	 to	 significantly	 increase	 polymer	 relaxation	 times	 and	 hence	 facilitate	

molecular	orientation	during	melt	stretching,	and	the	nanofibrils	may	also	act	as	efficient	nucleating	

agents,	resulting	in	enhanced	crystallization	rates	during	cooling.	Solidified	materials	prepared	by	melt	

stretching	 may	 therefore	 exhibit	 significantly	 altered	 crystalline	 microstructures	 and	 mechanical	

properties	at	room	temperature	in	the	presence	of	the	nanofibrils.		

In	 the	 first	 chapter,	 we	 develop	 the	 basic	 concept	 outlined	 above	 and	 establish	 detailed	 structure-

property	 relationships	 between	 additive	 and	 end-group	 co-assembly,	 nanofibril	 network	 formation,	

melt	 properties,	 polymer	 solidification,	 and	 molecular	 orientation.	 To	 this	 end,	 we	 use	 poly(e-

caprolactone)	 (PCL)	 as	 a	 representative	 example	 of	 a	 biodegradable	 polyester	 with	 reduced	 melt	

strength,	 a	 low	 yield	 stress,	 and	 poor	 heat	 resistance	 in	 the	 solid	 state.	We	 then	 demonstrate	 that	

blending	PCL	end-modified	with	acetyl-L-alanyl-L-alanyl	amide	groups	(PCL80(Ala2Ac)2)	with	the	low	

molecular	weight	additive	2-octyldodecyl	acetyl-L-alanyl-L-alanyl	amide	(A)	results	in	the	formation	of	

a	network	of	well-defined	nanofibrils	homogeneously	distributed	in	the	material.	The	blends	show	high	
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melt	 elasticity	 and	 extensibility,	 and	 strain-hardening	 behavior,	 and	 can	 be	 processed	 into	 highly	

oriented	materials	characterized	by	a	shift	 from	classical	spherulitic	to	shish-kebab	microstructures,	

and	altered	mechanical	properties	at	room	temperature.	

In	 the	 second	 chapter	 we	 exploit	 the	 high	 melt	 elasticity	 of	 the	 PCL80(Ala2Ac)2/A	 blends	 for	 the	

preparation	of	oriented	PCL	filaments	by	melt	stretching.	Again,	the	resulting	filaments	exhibit	a	shish-

kebab	morphology,	with	lamellae	oriented	perpendicular	to	the	stretching	direction	and	PCL	extended	

chain	crystals	parallel	to	the	stretching	direction,	and	significantly	increased	room-temperature	Young’s	

modulus,	yield	stress,	and	ultimate	tensile	strength.	

In	the	third	chapter,	we	use	the	same	end	groups	and	a	similar	additive	(2-ethylhexyl	acetyl-L-alanyl-L-

alanyl	amide,	A8)	to	modify	atactic	poly(lactic	acid)	(PDLLA-A)	and	stereoregular	poly(L-lactic	acid)	

(PDLLA-A).	We	do	not	observe	formation	of	a	network	of	nanofibrils	in	this	case,	which	we	argue	to	be	

because	the	structural	similarities	of	end	groups	and	polymer	repeat	units	lead	to	too	high	a	solubility	

of	 the	end	groups	 in	 the	polymer	matrix.	 Instead,	 the	additive	A8	 crystals	 show	macroscopic	phase	

separation,	but	remain	well-dispersed	in	the	polymer	matrix	and	hence	act	as	an	efficient	nucleating	

agent.		

In	 the	 fourth	 chapter,	 we	 apply	 the	 knowledge	 gained	 from	 the	 previous	 investigations	 to	 the	

modification	of	atactic	PDLLA	and	stereoregular	PLLA	with	N,N’-diisopentyl	benzene	tricarboxamides	

(PDLLA-B5	 and	 PLLA-B5,	 respectively),	 and	 prepare	 blends	 with	 the	 additive	N,N’,N’’-triisopentyl	

BTA	(B5).	We	demonstrate	that	the	structure	of	the	end	groups	and	additive	are	sufficiently	different	

from	that	of	the	polymer	repeat	units	to	allow	successful	co-assembly	and	formation	of	a	network	of	

polymer-tethered	nanofibrils.	These	again	act	as	highly	efficient	nucleating	agents.	At	the	same	time,	

however,	a	new	rubber-like	regime	is	established	above	the	PDLLA	glass	transition	temperature,	which	

again	 manifests	 itself	 through	 significantly	 increased	 melt	 strength	 in	 the	 semicrystalline	 PDLLA-

B5/B5	blends	at	sufficiently	high	additive	concentrations,	greatly	facilitating	melt	processing.	
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2.	 Supramolecular	 Modification	 for	 High	 Performance	 Sustainable	
Polyesters	

2.1	Introduction	

The	 development	 of	 plastic	 materials	 has	 changed	 our	 everyday	 life.1,226,227	 The	 global	 plastics	

production	continues	to	grow	exponentially	and	has	surpassed	all	other	man-made	materials,	with	the	

exception	of	construction	materials.1	However,	only	a	small	fraction	of	all	plastics	products	is	currently	

recycled,	 with	 the	 remainder	 ending	 up	 in	 landfill	 or	 leaking	 into	 the	 environment.13	 Plastic	

microparticles	 have	 infested	 the	 entire	 food	 chain,	 with	 hitherto	 unknown	 consequences	 for	

environmental	 and	 human	 health.8,228	 The	 plastic	 waste	 crisis	 is	 hence	 one	 of	 the	 most	 imminent	

sustainability	challenges	mankind	is	facing	today.	While	there	is	no	singular	best	strategy	to	address	

this	complex	systemic	challenge,	polymer	standardization,	bio-sourcing	of	materials,	biodegradability,	

and	chemical	recycling	to	monomer	may	be	considered	as	important	complementary	elements	towards	

a	 circular	 plastics	 economy.	 Thus,	 reducing	 complexity	 and	 the	 number	 of	 polymer	 grades	 and	

components	will	facilitate	waste	collection,	sorting,	and	recycling.229	Bio-sourced	plastics	obtained	from	

second	or	third	generation	renewable	feedstock,	promise	to	be	favorable	from	a	life	cycle	assessment	

(LCA)	perspective.17	Biodegradability,	while	certainly	not	a	universal	solution,	can	provide	additional	

end-of-life	 options	 such	 as	 composting	 and,	 perhaps	 more	 importantly,	 help	 mitigate	 problems	

associated	 with	 the	 inevitable	 leakage	 of	 plastics	 into	 the	 environment.15	 Chemical	 recycling	 to	

monomer	by	depolymerization	under	mild	 conditions	will	 be	 important	 as	 an	 additional	 end-of-life	

option	 for	value	recovery	with	minimal	adverse	environmental	effects.12	Finally,	 the	development	of	

sustainable	materials	for	the	replacement	of	petroleum-based	polyolefins	would	have	the	largest	impact	

because	the	latter	represent	the	vast	majority	of	the	global	plastics	production	by	volume.12		

From	 this	 perspective,	 aliphatic	 polyesters	 are	 highly	 promising	 materials	 for	 a	 circular	 plastics	

economy,12,16,230	because	a	wide	variety	of	grades	are	commercially	available	from	many	manufacturers	

world-wide,	 they	 are	 amenable	 to	 chemical	 recycling	 to	 monomer	 by	 hydrolysis	 or	 ring-closing	

depolymerization,12,16,231,232	 can,	 in	 principle,	 be	 sourced	 from	 carbohydrate-based	 second/third	

generation	renewable	feedstock,17,233	often	exhibit	acceptable	biodegradability,234	and	can	be	designed	

to	 have	polyolefin-like	 properties.235	However,	 novel	 sustainable	 plastics	 solutions	will	 also	 have	 to	

exhibit	materials	properties	that	are	at	least	on	par	with	the	materials	they	intend	to	replace.	Among	

the	typical	shortcomings	of	aliphatic	polyesters	are	their	often	limited	thermal	dimensional	stability,	
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low	melt	strength,	elasticity,	and/or	extensibility	for	good	processability,	and	their	slow	crystallization	

entailing	long	process	cycle	times.17	

The	problem	of	low	melt	strength,	for	instance,	can	be	addressed	with	nanoscopic	reinforcements	that	

also	 provide	 stiffness	 and	 strength.236	 Nucleating	 agents	 accelerate	 the	 polymer	 crystallization.237	

Dynamic	 covalent	 materials	 and	 particularly	 vitrimers	 promise	 to	 provide	 a	 recyclable	 version	 of	

thermosets.238–240	 Moreover,	 supramolecular	 polymers	 and	 networks	 have	 gained	 considerable	

attention	as	a	way	to	obtain	materials	with	versatile	thermomechanical	properties,	ranging	from	soft	

gels	to	thermoplastic	elastomers	or	glassy	polymer	networks.241–243	These	materials	are	often	composed	

of	linear	or	star	polymers	functionalized	with	multivalent	self-complementary	hydrogen-bonding	chain-

internal	 or	 end	 groups	 that	 thermoreversibly	 assemble,	 resulting	 in	 rheological	 properties	 that	 are	

otherwise	 typical	of	corresponding	unmodified	high	molecular	weight	polymers	or	covalently	cross-

linked	polymers.244	Moreover,	their	sharp	melting	transitions	enable	convenient	processing	from	low	

viscosity	melts,245	which	renders	these	materials	potentially	highly	recyclable,246,247	and	the	dynamic	

nature	 of	 the	 supramolecular	 aggregation	 can	 give	 rise	 to	 self-healing	 properties248,249,	 stimuli-

responsiveness,250,251	 or	 shape-memory	 effects,252	 but	 are	 also	 responsible	 for	 their	 potential	

shortcomings	such	as	poor	tensile	properties	and	limited	thermal	stability	under	load.	The	latter	can	be	

addressed	 in	 supramolecular	 materials	 from	 ditopic	 hydrogen-bonded	 ligands	 that	 selectively	 self-

assemble	 into	 extended	 one-dimensionally	 extended	 nanostructures	 that	 provide	 additional	

reinforcement,	such	as	benzene	tricarboxamides253–256	or	β-sheet-forming	oligopeptides.	In	particular	

the	 latter	 are	 a	 useful	 supramolecular	 motif		 that,	 thanks	 to	 its	 bio-inspired	 hierarchical	 structure	

formation	 and	 self-limiting	 helical	 aggregation,257–260	 selectively	 self-assembles	 into	 nanofibrils	with	

uniform	diameter	 that	can	be	used	 to	prepare	elastomers	with	 tailored	elasticity	or	 toughness,261,262	

biomedical	scaffolds,	multiple-helical	polymers,263,264	or	organic	nanowires.265–268	With	a	 few	notable	

exceptions,269–276	 however,	 research	 on	 supramolecular	 polymers	 has	 so	 far	 focused	 polymers	 at	

molecular	weights	well	 below	 the	 entanglement	 threshold,	 because	 the	dilution	of	 the	polymer	 end	

groups	 with	 increasing	 polymer	 molecular	 weight	 renders	 their	 aggregation	 thermodynamically	

unfavorable.270–272	Since	the	presence	of	a	well-developed	entanglement	network	is	a	critical	factor	for	

both	melt	properties	and	mechanical	resilience	in	the	solid	state,	the	resulting	materials	typically	show	

low	melt	 strength,	 as	well	 as	 low	 strength	 and	 brittle	 failure	 in	 tension.	Moreover,	 supramolecular	

polymers	of	semicrystalline	or	glassy	base	polymers	have	generally	attracted	little	interest	to	date,277–

282	 because	 end	 group	 aggregation	 has	 to	 occur	 above	 polymer	 crystallization	 or	 vitrification	
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temperatures,	 and	 bulk	 properties	were	 assumed	 to	 be	 dominated	 by	 the	 solid	 polymer.280,281,283	 A	

supramolecular	 modification	 strategy	 that	 remains	 effective	 at	 technologically	 relevant	 molecular	

weights	and	in	semicrystalline	polymers	can	therefore	be	seen	as	one	key	enabling	factor	to	increase	

the	performance	and	versatility	of	novel	sustainable	polymers.		

 

Figure	16. Supramolecular	polymer	networks	from	well-defined	nanofibrils.		Decoupling	of	supramolecular	structure	

formation	from	the	molecular	weight	of	the	employed	polymer	segment	is	achieved	by	co-assembly	of	polymer	end	groups	

based	on	b-sheet-forming	oligopeptides	(blue)	and	a	matching	additive	(orange).		a)	Chemical	structures	of	telechelic	poly(e-

caprolactone)	with	different	molecular	weights,	PCL20(Ala2Ac)2	(Mn	=	20’000)	and	PCL80(Ala2Ac)2	(Mn	=	80’000),	as	well	as	

of	 the	 additive	 2-octyldodecyl	 acetyl-L-alanyl-L-alanyl	 amide	A;	 it	 should	 be	 noted	 that	 the	 end-modified	 polymers	 in	 fact	

comprise	one	more	L-alanine	repeat	unit	for	synthetic	reasons	that	is,	however,	linked	to	the	polymer	via	an	ester	group	that	

does	not	participate	in	hydrogen	bonding.		b)	Both,	functional	polymer	chain	ends	and	the	additive	are	mutually	necessary	for	

the	formation	of	well-defined	polymer-tethered	nanofibrils.	Without	the	additive,	the	polymer	end	groups	are	too	dilute	for	

efficient	 self-assembly	 (left),	 while	 without	 the	 end	 groups,	 the	 additive	 undergoes	 macroscopic	 phase	 separation	 into	

microfibrous	precipitates	(right).		

Here,	we	show	that	the	melt	properties	and	thermomechanical	behavior	of	a	biodegradable	polyester	

are	 drastically	 improved	 when	 modified	 with	 b-sheet-forming	 oligopeptide	 end	 groups	 and	 then	

blended	with	a	 low	molecular	weight	additive	based	on	 the	same	supramolecular	motif	 (Figure	16).	

Tuning	 the	additive	concentration	renders	 the	co-assembly	of	additive	and	polymer	end	groups	still	
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effective	 at	 polymer	molecular	weights	many	 times	 larger	 than	 the	 entanglement	molecular	weight	

where	 end	 group	 assembly	 alone	 is	 already	 suppressed.	 The	 silk-inspired	 hierarchical	 structure	

formation	of	the	oligopeptides	prevents	additive	crystallization	and	instead	results	in	polymer-tethered	

nanofibrils	 with	 a	 defined	 diameter	 that	 are	 arranged	 with	 a	 periodic	 spacing,	 homogeneously	

distributed	 across	 the	 material,	 and	 serve	 multiple	 roles:	 The	 polymer-bridged	 nanofibrils	 form	 a	

supramolecular	 network	 that	 provides	 a	 rubber-like	 behavior	 in	 the	 polymer	melt;	 they	 serve	 as	 a	

thermoreversible	 load-bearing	 element	 that	 facilitates	 orientation	 of	 the	 material	 upon	 melt	

deformation;	 and	 they	 act	 as	 a	 highly	 efficient	 nucleating	 agent	 during	 polymer	 solidification.	With	

poly(e-caprolactone)	(PCL)	as	a	representative	example,	we	demonstrate	that	this	strategy	results	in	

extreme	melt	 extensibility,	 gives	 rise	 to	 shear-induced	polymer	crystallization,	 facilitates	processing	

routes	 such	 as	 thermoforming,	 film	 blowing,	 or	 film	 melt-stretching,	 and	 provides	 materials	 with	

controlled	microstructures	translating	into	a	broad	range	of	mechanical	property	profiles.	

2.2	Results	and	Discussion	

For	our	investigations,	we	have	chosen	PCL	as	a	representative	example	because	it	is	a	commercially	

available	semicrystalline	aliphatic	polyester	that	is	prepared	by	ring	opening	polymerization	(ROP),64,65	

can	 be	 recycled	 to	 monomer	 by	 ring-closing	 depolymerization	 (RCD),12,73	 can	 be	 obtained	 from	

renewable	resources,67,68	and	is	biodegradable.284	It	is	biocompatible	and-FDA	approved76	and	therefore	

widely	applied	in	biomedical	applications.77–79	PCL	is	known	to	be	a	highly	ductile	material	65,80	but	is	

limited	by	 its	poor	 thermal	 stability	and	processability	due	 to	 its	 low	melt	 strength	 (Figure	17)	and	

hence	not	broadly	used	in	engineering	or	commodity	applications,	such	as	packaging.	

We	have	used	PCL	of	two	different	molecular	weights	(PCL80,	Mn	=	80’000;	PCL20,	Mn	=	20’000)	that	are,	

respectively,	 11	 and	 3	 times	 greater	 than	 the	 entanglement	molecular	 weight	 (Me	 =	 7’000),285	 and	

prepared	 the	 corresponding	 end-modified	 PCL-derivatives	 PCL20(Ala2Ac)2	 and	 PCL80(Ala2Ac)2	

(Figure	16).	 The	 oligopeptide	 end	 groups	 are	 known	 to	 aggregate	 via	 three-fold	 intermolecular	

hydrogen-bonds	 into	 what	 we	 will	 refer	 to	 as	 “nanofibrils”,	 that	 is,	 one-dimensionally	 extended	

aggregates	with	a	well-defined,	uniform	diameter	that	consist	of	helically	twisted	stacks	of	antiparallel	

b-sheet	tapes.261		
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Figure	17. Thermomechanical	properties	of	poly(e-caprolactone)	PCL80.		a)	DSC	heating	scan	of	PCL80	(scanning	rate	

10	°C/min),	revealing	the	glass	transition	at	around	Tg	=	–62	°C	and	the	melting	transition	at	Tm	=	+61	°C.	 	b)	Temperature-

dependent	 oscillatory	 shear	 rheology	 (strain	 5%,	 frequency	 1	 rad/s,	 cooling	 rate	 1	 °C/min),	 indicating	 that	 PCL80	 is	 a	

rheological	liquid	(G’’	>	G’)	with	low	melt	strength	(G’	<	20	kPa)	at	any	temperature	above	its	crystallization	temperature	at	

Tc	=	40	°C.		c)	Tensile	testing	of	three	hot-pressed	PCL80	films	(room	temperature,	strain	rate	10	mm/min),	showing	its	ductile	

behavior	 with	 a	 Young’s	 modulus	 of	 E	=	256	±	51	MPa,	 a	 yield	 strength	 of	 σy	=	15	±	0.2	MPa,	 an	 ultimate	 strength	 of	

σmax	=	38	±	1.0	MPa,	a	strain-at-break	of	εmax	=	945	±	100	%,	and	an	energy-at-break	of	W	=	195	±	22	MJ	m–3.	

 

Figure	18. Molecular	weight	dependence	of	end	group	assembly.	 	a)	DSC	heating	 (red)	and	cooling	 (blue)	 scans	of	

PCL20(Ala2Ac)2	 and	 PCL80(Ala2Ac)2	 (scanning	 rate	 of	 10	 °C/min),	 revealing	 that	 PCL20(Ala2Ac)2	 exhibits	 an	 additional	

reversible	endothermic	(exothermic)	transition	at	around	Td	=	77	°C	(Ta	=	76	°C),	which	is	above	the	PCL	melting	temperature	
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of	Tm	=	54°C	(crystallization	onset	temperature	of	Tc=	36	°C),	respectively.		b)	This	transition	is	attributed	to	the	association	

(dissociation)	of	the	end	groups,	as	FTIR	spectra	of	PCL20(Ala2Ac)2	films	(blue)	obtained	on	cooling	from	the	melt	at	10	°C/min	

display	a	single	amide	A	(N–H	stretching)	band	at	3270	cm–1	with	a	full-width	at	half-maximum	(FWHM)	of	40	cm–1	and	a	single	

sharp	amide	I	(C=O	stretching)	absorption	at	1629	cm–1	(FWHM	12	cm–1)	and	a	secondary	weak	component	at	1688	cm–1,	the	

characteristic	 peak	 positions	 for	 resonance-enhanced	 arrays	 of	 N–H···O=C	 hydrogen-bonded	 amide	 groups	 in	 extended	

antiparallel	β-sheet-like	aggregates;261	these	bands	are	absent	in	pristine	PCL20	(grey),	which	show	a	weak	band	at	3440	cm–1	

that	is	attributed	to	bound	water,	but	also	in	PCL80(Ala2Ac)2	(blue)	that	instead	shows	a	weak	amide	A	band	at	3334	cm–1,	that	

can	be	assigned	to	ill-defined,	loosely	hydrogen-bonded	aggregates.		c)	AFM	phase	image	obtained	from	a	PCL20(Ala2Ac)2	film	

at	55	°C	after	cooling	from	60	°C	at	a	rate	of	0.1	°C/min	to	avoid	crystallization	of	the	polymer	matrix,	showing	aggregates	due	

to	 the	 self-assembly	 of	 the	 end	 groups.	 	 d)	 Storage	 moduli,	 G’	 (closed	 symbols),	 and	 loss	 moduli,	 G’’	 (open	 symbols),	 in	

temperature-dependent	 oscillatory	 shear	 rheology	 (1	rad	s–1,	 cooling	 rate	 1	°C/min)	 show	 a	 rubber-like	 regime	 (G’	>	G’’)	

between	Ta	and	Tc		with	a	plateau	modulus	of	G’	≈	0.3	MPa	at	50	°C	in	PCL20(Ala2Ac)2	(blue)	because	the	association	of	the	end	

groups	results	in	a	supramolecular	network	where	the	aggregates	serve	as	physical	crosslinks	in	the	(weakly)	entangled	molten	

polymer	 matrix	 (inset),	 different	 from	 the	 liquid-like	 behavior	 of	 pristine	 PCL20	 (grey)	 above	 Tc.	 	 e)	 By	 contrast,	 both	

PCL80(Ala2Ac)2	(blue)	and	PCL80	(grey)	show	viscous	behavior	(G’’	>	G’)	typical	of	entangled	polymer	melts	(inset)	above	Tc.		

f)	 Representative	 tensile	 test	 of	 a	 hot-pressed	 sheet	 of	 PCL80(Ala2Ac)2	 (blue)	 shows	 the	 same	 behavior	 as	PCL80	 (grey),	

suggesting	 the	 end-group	 modification	 not	 to	 affect	 the	 mechanical	 properties	 at	 room	 temperature.	 	 g,	 Specimens	 of	

PCL20(Ala2Ac)2	are	too	brittle	to	allow	for	tensile	testing.	

 

Figure	19. Optical	microscopy	of	 PCL80(Ala2Ac)2/A	 and	PCL80/A	blends.	 	a)	 Optical	microscopy	 images	 of	 PCL80/A	

reference	blends	of	containing	0.5,	1,	2,	and	5	wt%	of	A	 recorded	at	60	°C	after	cooling	 from	the	melt	at	a	cooling	rate	of	

10	°C/min,	revealing	macroscopic	phase	separation	in	the	form	of	birefringent	microfibrous	precipitates	of	the	additive	that	

do	not	change	shape	or	position	on	crystallization	and	re-melting	of	the	polymer	matrix.		b)	By	contrast,	blends	of	the	modified	

PCL80(Ala2Ac)2	containing	0.5,	1,	and	2	wt%	of	the	additive	A	remain	optically	homogeneous.	At	an	additive	concentration	of	
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5	wt%,	isotropically	shaped	features	slowly	emerge	over	extended	periods	of	time	and	at	a	significantly	lower	volume	fraction	

compared	to	the	precipitates	in	the	reference	blend.		

While	the	lower	molecular	weight	PCL20(Ala2Ac)2	(end	group	concentration	of	2	wt%)	indeed	shows	

end	 group	 aggregation	 into	 ill-defined	 nanofibrils,	 exhibits	 rubber-like	 behavior	 above	 the	 PCL	

crystallization	temperature	but	is	highly	brittle	due	to	insufficient	entanglement,	materials	based	on	the	

higher	molecular	weight	PCL80(Ala2Ac)2	(end	group	concentration	of	0.5	wt%)	are	ductile	but	show	no	

sign	 of	 end-group	 	 aggregation	 and	 hence	 properties	 identical	 to	 non-modified	 PCL80	 (Figure	18).	

However,	 we	 addressed	 this	 problem	 by	 blending	 PCL80(Ala2Ac)2	 with	 the	 low	 molecular	 weight	

additive	2-octyldodecyl	acetyl-L-alanyl-L-alanyl	amide	A	that	is	based	on	the	same	oligopeptide	motif.		

	

Figure	20. Macroscopic	phase	separation	in	PCL80(Ala2Ac)2/A	and	PCL80/A	blends	at	high	additive	concentrations.		

a)	Optical	microscopy	images	of	PCL80/A	reference	blends	of	containing	7,	18,	and	50	wt%	of	A	recorded	in	the	melt	state	at	

200	 °C	 and	 after	 cooling	 to	 120	 °C	 at	 a	 cooling	 rate	 of	 10	°C/min,	 revealing	macroscopic	 phase	 separation	 in	 the	 form	of	

birefringent	microfibrous	precipitates	of	the	additive	that	do	not	change	shape	or	position	on	crystallization	and	re-melting	of	

the	polymer	matrix.	At	high	additive	contents,	liquid-liquid	phase	separation	of	additive-rich	droplets	from	the	polymer	melt	

occurs.	While	the	droplets	solidify,	the	additive	of	the	polymer-rich	phase	forms	microfibrous	precipitates	upon	cooling	below	

the	association	temperature.		b)	Macroscopic	phase	separation	in	the	form	of	birefringent	microfibrous	precipitates	similar	to	

those	in	the	reference	blends	is	also	observed	PCL80(Ala2Ac)2/A	blends	at	high	concentrations	of	A.	
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In	marked	contrast	to	reference	blends	of	unmodified	PCL80	and	the	additive	A	that	show	macroscopic	

phase	 separation	 of	 the	 additive	 in	 the	 form	 of	 microfibrous	 and	 birefringent	 precipitates	 at	 any	

concentration	 of	 A	 visible	 in	 (polarized)	 optical	 microscopy,	 the	 PCL80(Ala2Ac)2/A	 blends	 remain	

optically	homogeneous	at	additive	concentrations	of	up	to	a	threshold	concentration	of	roughly	5	wt%,	

above	which	macroscopic	 additive	 precipitates	 similar	 to	 those	 in	 the	 reference	 blends	 are	 formed	

(Figure	19).		

 

Figure	21. IR	spectroscopy	of	PCL80(Ala2Ac)2/A	blends.		a)	FTIR	spectra	of	PCL80(Ala2Ac)2/A	as	well	as		b)	of	PCL80/A	

specimens	obtained	upon	cooling	from	the	melt	(10	°C/min)	show	single	amide	A	(N–H	stretching)	bands	at	3276–3280	cm–1	

(FWHM	46–60	cm–1),	single	sharp	amide	I	(C=O	stretching)	bands	at	1628–1630	cm–1	(FWHM	14–20	cm–1)	along	with	a	weaker	

secondary	component	at	1687–1689	cm–1,	and	amide	II	(C=O	bending)	bands	at	1541–1545	cm–1,	which	are	the	characteristic	

peak	positions	of	resonance-enhanced	arrays	of	N–H···O=C	hydrogen-bonded	amide	groups	in	a	hydrophobic	polymer	matrix,	

The	additional	small	feature	at	3450	cm–1	is	also	observed	in	pristine	PCL80	and	can	be	attributed	to	bound	water.	

Nevertheless,	even	in	the	homogeneous	PCL80(Ala2Ac)2/A	blends	below	that	threshold	concentration,	

FTIR	spectra	(Figure	21)	show	single	amide	A	(N–H	stretching)	bands	at	3276–3280	cm–1	(FWHM	46-

60	cm–1),	single	sharp	amide	I	(C=O	stretching)	bands	at	1628–1630	cm–1	(FWHM	14–20	cm–1)	along	
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with	a	weaker	secondary	component	at	1687–1689	cm–1,	and	amide	II	(C=O	bending)	bands	at	1541–

1545	 cm–1,	 which	 are	 the	 characteristic	 peak	 positions	 of	 resonance-enhanced	 arrays	 of	 N–H···O=C	

hydrogen-bonded	amide	groups,	with	no	sign	of	free	amide	groups	or	ill-defined	aggregates.	This	proves	

that	both	additive	and	end	groups	remain	quantitatively	assembled	into	extended	antiparallel	β-sheet-

like	aggregates,	which,	 in	 turn,	 implies	 that	 the	materials	undergo	nanophase	separation	 in	 this	 low	

additive	concentration	range.		

 

Figure	22. Microfibrous	precipitates	of	A	in	PCL80/A	reference	blends.		a–c),	AFM	phase	images	of	PCL80/A	(5	wt%)	

recorded	 at	 65	 °C,	 that	 is,	 above	 the	 PCL	melting	 temperature,	 confirm	 the	 presence	 of	macroscopically	 phase-separated	

additive	 domains	 in	 PCL80/A	 reference	 blends,	 mostly	 in	 the	 form	 of	 microfibers	 with	 lengths	 on	 the	 order	 of	 tens	 of	

micrometers	and	diameters	and	widths	of	at	least	several	hundred	nanometers.	These	microfibers	consist	of	a	chiral	columnar	

mesophase	of	close-packed	additive	columns	that	are	helically	twisted	around	the	microfiber	axis.		d)	Power	spectrum	of	the	

inset	in	c	shows	the	aggregates	to	have	a	periodic	spacing	of	dA	=	2.8nm.	

The	microfibrous	precipitates	of	A	in	the	reference	blends	have	a	chiral	columnar	mesophase	structure	

of	 close-packed	 additive	 columns	 that	 are	 helically	 twisted	 around	 the	 microfiber	 axis	 with	 a	

characteristic	intercolumnar	spacing	of	dA	=	2.8	nm	in	both	AFM	imaging	and	XRD	analysis	(Figure	22).	
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While	the	corresponding	Bragg	reflection	is	well	visible	in	the	PCL80/A	reference	blends,	it	is	absent	in	

PCL80(Ala2Ac)2/A	blends	up	to	an	additive	content	of	2	wt%,	above	which	 it	starts	to	emerge	albeit	

significantly	weaker	than	in	the	reference	materials.	This	reflection	can	hence	be	used	to	qualitatively	

evaluate	the	transition	from	the	nanophase-separated	regimes	to	macroscopic	phase	separation	that	

occurs	 in	 the	 range	 of	 additive	 concentrations	 of	 2–5	 wt%	 (Figure	23).	 Even	 at	 5	wt%,	 however,	

homogeneous	nanophase-separated	materials	 are	obtained	 if	 one	ensures	proper	mixing	of	 the	 test	

specimen	in	the	melt,	such	as	in	a	rheometer	or	during	melt	deformation.	

	

 

Figure	23. The	onset	of	the	macroscopic	phase	separation	in	PCL80(Ala2Ac)2/A	blends.		a–b,	2D	SAXS	patterns	of	non-

oriented	PCL80(Ala2Ac)2/A	blends	and	PCL80/A	 reference	blends,	 respectively,	 obtained	after	 cooling	 from	 the	melt	 at	10	

°C/min.	2D	SAXS	patterns	of	specimens	of	PCL80(Ala2Ac)2/A	(5	wt%)	after	simultaneous	cooling	and	melt	shearing	or	melt	

deformation	 are	 also	 shown.	 All	 patterns	 except	 of	 that	 of	 the	 pure	 additive	 show	 an	 intense	 low-angle	 Bragg	 reflection	

corresponding	to	the	lamellar	long	period,	Lp,	of	the	PCL	matrix	of	about	17.5	nm.	All	the	PCL80/A	reference	blends,	irrespective	
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of	the	concentration	of	A,	show	a	Bragg	reflection	corresponding	to	the	spacing	of	dA	=	2.8	nm	characteristic	of	the	pure	additive	

A	and	 its	microfibrous	 precipitates	 (Figure	22).	 This	 reflection	 is	 practically	 absent	 in	PCL80(Ala2Ac)2/A	blends	 up	 to	 an	

additive	content	of	2	wt%,	above	which	it	starts	to	emerge	albeit	significantly	weaker	than	in	the	PCL80/A	reference	blends.		c–

d,	 Corresponding	 intensity	 profiles	 normalized	 with	 respect	 to	 the	 maximum	 intensity	 of	 the	 lamellar	 long	 period	

(Lp	=	17.5	nm).		e,	A	plot	of	the	areas	of	the	Bragg	reflection	corresponding	to	dA	=	2.8	nm,	normalized	using	the	reflection	of	

the	lamellar	long	period	and	divded	by	the	additive	content,	as	a	function	of	additive	contents	qualitatively	shows	the	transition	

from	homogeneous	(nanophase-separated)	materials	to	macroscopic	phase	separation	towards	the	threshold	concentration	

of	5	wt%.	It	 is	worth	noting	that	establishing	any	form	of	mixing,	such	as	small-strain	melt	shearing	 in	a	rheometer	(open	

square)	 or	 large-strain	 melt-stretching	 (open	 circle)	 of	 PCL80(Ala2Ac)2/A	 (5	wt%)	 blends	 during	 cooling	 results	 in,	

respectively,	a	substantial	reduction	or	even	a	complete	disappearance	of	the	dA	=	2.8	nm	feature.	

 

Figure	24. Uniform	 nanofibrils	 in	 PCL80(Ala2Ac)/A.	 	 a)	 AFM	 phase	 images	 of	 PCL80(Ala2Ac)2/A	 (2	wt%)	 on	 film	

specimens	(prepared	by	hot	pressing	80	°C)	recorded	at	65	°C,	and		b)	of	PCL80(Ala2Ac)2/A	PCL80(Ala2Ac)/A	(5	wt%)	recorded	

at	55	°C	after	cooling	in	situ	from	70	°C,	revealing	well-defined	nanofibrils	with	lengths	of	at	least	several	micrometers	that	are	

homogeneously	distributed	throughout	the	material;	 these	nanofibrils	are	compliant	objects	that	are	 locally	aligned	with	a	

periodic	spacing	of	dnf	=	18.7	±	2.5	nm	(averaged	over	the	distances	between	the	indicated	white	lines)	for	PCL80(Ala2Ac)2/A	

(2	wt%)	and	dnf	=	13.1	±	3.0	nm	for	PCL80(Ala2Ac)2/A	PCL80(Ala2Ac)/A	(5	wt%)	on	film	specimens	(prepared	by	hot	pressing	

at	80	°C).		

In	this	nanophase-separated	regime,	the	co-assembly	of	additive	and	end	groups	and	their	bioinspired	

hierarchical	 structure	 formation	effectively	suppresses	additive	crystallization.	Thus,	AFM	 images	of	

PCL80(Ala2Ac)2/A	 blends	 recorded	 at	 60°C,	 that	 is,	 above	 the	 PCL	 melting	 temperature,	 reveal	 a	

network	of	what	is	best	described	well-defined	nanofibrils	that	are	homogeneously	distributed	across	

the	entire	sample	and	have	a	uniform	width	of	below	5	nm,	lengths	of	at	least	several	micrometers,	a	

high	persistence	 length,	and	occasionally	show	a	helical	 fine	structure	(Figure	24).	 It	 is	 important	to	

note	 that	 these	 nanofibrils	 are	 unlike	 nanocrystals	 or	 mesophase	 precipitates	 but	 compliant	 one-
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dimensional	nanoscopic	objects	that	can	bend,	entangle,	and	locally	align	with	one	another.	Comparing	

the	nanofibril	dimensions,	their	morphology	and	rigidity	with	previous	examples,258,260,261	they	are	most	

likely	constituted	of	a	helically	twisted	stack	of	a	defined	number	of	β-sheet	tapes.	This	is	a	manifestation	

of	hierarchical	structure	formation,	as	also	known	from	silk	materials	or	amyloid	fibers	where	lateral	

aggregation	 is	 self-limiting	 due	 to	 the	 inherent	 helicity	 of	 the	 aggregates	 and	 therefore	 results	 in	

equilibrium	structures	with	a	defined,	uniform	diameter.		

 

Figure	25. Thermal	Transitions	in	PCL80(Ala2Ac)2/A	and	PCL80/A	Blends.		First	DSC	cooling	(blue,	with	indicated	onset	

and	peak	association	temperatures)	and	second	heating	(red,	with	indicated	dissociation	temperatures)	scans	(scanning	rate	

10	°C/min)	for		a)	PCL80(Ala2Ac)2/A	blends	and		b)	PCL80/A	reference	blends	from.	Each	blend	exhibits	an	enthalpic	peak	at	

temperatures	above	 the	PCL	melting	and	crystallization	 transition	(shown	 for	one	composition	only	per	panel	 for	clarity),	

associated	with	dissociation	and	association	of	 the	additive	and	end	 groups.	This	peak	 shifts	 to	higher	 temperatures	with	

increasing	additive	contents	and	approaches	the	dissociation	temperature	of	the	pure	additive	at	high	additive	contents.	At	
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concentrations	of	up	to	2	wt%,	the	dissociation	and	association	transitions	occur	at	significantly	lower	temperatures	than	in	

the	PCL80/A	reference	blends.	At	concentrations	of	5	wt%,	7	wt%,	and	11	wt%,	an	additional	shoulder	can	be	identified	in	the	

PCL80(Ala2Ac)2/A	blends	(Figure	26),	while	no	differences	between	the	two	types	of	blends	are	observed	at	higher	additive	

contents.	The	endotherms	marked	with	an	asterisk	in	a	for	PCL80(Ala2Ac)2/A	with	additive	contents	less	than	2	wt%	occur	at	

temperatures	similar	to	the	additive	dissociation	peaks	in	the	reference	blends	and	are	hence	identified	with	dissociation	of	

bulk	 additive	 structures;	however,	 since	 there	 is	no	 corresponding	exothermic	 transition	 in	 the	 cooling	 scans	 (neither	 	 in	

heating-cooling	cycles	to	temperatures	immediately	above	the	onset	of	the	main	cooling	exotherm),	it	is	attributed	to	a	“cold	

crystallization”	of	additive	after	their	release	from	the	nanofibrils	upon	their	dissociation.	For	PCL80(Ala2Ac)2/A	(0.5	wt%),	

only	this	melting	of	recrystallized	additive	is	observed,	whereas	the	dissociation	of	the	co-assembled	nanofibrils	is	probably	

obscured	by	the	dominant	PCL	melting	transition	(not	shown).	

	

Figure	26. Thermal	 Transitions	 in	 PCL80(Ala2Ac)2/A	 and	 PCL80/A	 Blends	 at	 Moderate	 Additive	 Contents.	 	 First	

derivative	of	the	DSC	heating	curves	(red	curves	are	smoothed	data)	for	PCL80(Ala2Ac)2/A	at	concentrations	of	3.6,	5.1,	7.0,	

and	 11	wt%	 reveals	 a	 local	 maximum	 at	 around	 123	°C,	 129	°C,	 131	°C,	 and	 126	°C,	 respectively,	 which	 is	 assigned	 to	

dissociation	of	the	co-assembled	nanofibrils.	This	maximum	precedes	the	main	endothermic	peak	at	138	°C,	147	°C,	156	°C,	and	

168	°C,	respectively,	which	is	assumed	to	be	due	to	dissociation	of	bulk	additive	domains.	For	PCL80(Ala2Ac)2/A	blends	with	

additive	contents	of	2–	5	wt%,	no	shoulder	is	distinguishable	because	the	bulk	and	nanofibril	endotherms	strongly	overlap.	

Moreover,	they	are	placed	at	a	periodic	interfibrillar	distance	that	appears	to	decrease	with	increasing	

additive	concentration,	for	instance,	from	dnf	=	13.0	±	3.6	nm	nm	at	2	wt%	to	dnf	=	10.5	±	2.7	nm		at	5	wt%	

of	A.	This	dependence	can	be	straightforwardly	be	explained	by	the	fact	that,	with	increasing	additive	

concentration	in	the	nanofibrils,	the	polymer	tethering	density	decreases.		

The	 co-assembled	 nanofibrils	 constitute	 a	 new	 phase	 in	 the	 phase	 diagram	 of	 the	 blends	

PCL80(Ala2Ac)2/A,	 that	we	 construct	 from	DSC	heating	 curves	 (Figure	25Figure	26),	 starting	 from	a	
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description	of	the	melting	points	observed	in	the	PCL80/A	reference	blends	according	to	a	Flory-Huggins	

approach	 (Figure	27).	 The	 equilibrium	 dissociation	 temperature,	 Td,	of	 the	 additive	 in	 the	 PCL80/A	

reference	 blends	 is	 significantly	 lower	 than	 the	 equilibrium	 dissociation	 temperature	 of	 the	 pure	

additive	Td(A)	=	184	°C	in	regions	of	the	phase	diagram	where	the	binodal	falls	below	Td(A).	If	the	Flory-

Huggins	interaction	parameter	is	of	the	form	𝜒 = 𝜒+/T + 𝜒),	and	the	molar	volume	of	the	PCL	is	much	

greater	than	that	of	the	additive,	the	variation	of	the	additive	dissociation	temperature	Td	with	additive	

volume	fraction,	𝜙,	at	low	𝜙	may	be	expressed	as		

𝑇, =
𝑇,(𝑨) +

𝑅𝑇-𝜒+
𝛥𝐻-

(1 − 𝜙)*

1 − 𝑅𝑇-(𝑨)𝛥𝐻-
(1 − 𝜙 + 𝑙𝑛𝜙 +𝜒)(1 − 𝜙)*)

	,	 (4)	

where	Δ𝐻-	=	32	kJ/mol	is	the	molar	enthalpy	of	dissociation	of	the	pure	additive.	The	assumption	that	

molar	volume	of	the	PCL	is	very	much	greater	than	that	of	the	additive	also	implies	the	liquid	additive-

rich	domains	corresponding	to	the	binodal	to	contain	very	little	polymer,	so	that	the	low-𝜙	branch	of	

the	binodal	may	be	expressed	roughly	as	

𝑇./0 ≈ −
𝜒+(1 − 𝜙)*

1 − 𝜙 + 𝑙𝑛𝜙 + 𝜒)(1 − 𝜙)*
	.	 (5)	

Fitting	of	Equation	4	 to	 the	observed	Td	 for	PCL80/A	blends	gives	𝜒+ = 2756	K	and	𝜒) = −5.17,	 and	

liquid-liquid	phase-separation	according	to	Equation	5	occurs	when	Td	5	exceeds	the	melting	point	of	

the	pure	additive	(184	°C),	i.e.,	for	𝜙	greater	than	about	40	wt%.		

 

Figure	27. Phase	Diagram	of	PCL80/A	Reference	Blends.	 	Blends	of	the	non-modified	polymer	PCL80	and	the	additive	

show	upper	critical	solution	temperature-type	behavior,	forming	an	optically	transparent,	homogeneous	melt	at	sufficiently	

high	 temperatures,	PCL/A(l),	where	 the	suffix	 indicates	a	 liquid	state.	At	additive	contents	below	about	40	wt%,	solid	bulk	

additive	domains	precipitate	from	the	liquid	phase	on	cooling,	(PCL/A)(l)+	A(s).	The	dissociation	temperatures	of	these	domains	
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(filled	orange	squares)	are	generally	higher	 than	the	association	onset	 temperature	during	cooling,	 implying	 it	 to	be	more	

representative	of	equilibrium	conditions.	 Its	concentration	dependence	below	about	40	wt%	of	A	may	hence	be	described	

analytically	(solid	orange	curve)	using	the	Flory-Huggins	approach	(Equation	4).	The	resulting	additive	structures	persist	on	

further	cooling	below	the	polymer	melting	temperature	(60	°C),	where	the	morphology	is	dominated	by	the	lamellar	crystalline	

domains	of	 the	polymer	matrix	 (PCL(s)+	A(s)).	At	additive	contents	higher	 than	about	40	wt%	(open	squares),	 the	additive	

solidifies	directly	from	a	liquid-liquid	phase-separated	state,	consisting	of	a	highly	additive-rich	liquid	phase	and	a	polymer-

rich	liquid	phase,	(PCL/A)(l)+	A(l)).	It	therefore	solidifies	at	temperatures	close	to	the	melting	temperature	of	the	pure	additive	

(dashed	orange	line).	The	grey	solid	curve	is	the	binodal	line	for	liquid-liquid	phase	separation	calculated	from	Equation	5	

using	the	above	values	for	χ!	and	χ".	

Similar	to	the	reference	blends,	the	PCL80(Ala2Ac)2/A	blends	show	upper	critical	solution	temperature-

type	behavior,	forming	an	optically	transparent,	homogeneous	melt	at	sufficiently	high	temperatures,	

but	precipitation	of	solid	bulk	additive	domains	 from	the	 liquid	phase	on	cooling.	The	concentration	

dependence	of	the	additive	dissociation	temperatures	Td	in	the	concentration	range	of	5–40	wt%	of	A	

follows	the	Flory-Huggins	curve	of	the	reference	blends	(Figure	28).	Below	about	2.5	wt%,	however,	the	

dissociation	 temperatures	 start	 to	 deviate	 significantly	 from	 this	 behavior	 and	 show	 reversible	

transitions	at	 lower	 temperatures	 that,	according	 to	 the	optical	microscopy	and	AFM	results,	can	be	

attributed	to	the	reversible	formation	of	the	nanofibrils.	

  

Figure	28. Phase	diagram	of	PCL80(Ala2Ac)2/A	blends.		Also	the	PCL80(Ala2Ac)2/A	blends	show	upper	critical	solution	

temperature-type	 behavior,	 forming	 an	 optically	 transparent,	 homogeneous	 melt	 at	 sufficiently	 high	 temperatures,	 but	

precipitation	of	solid	bulk	additive	domains	precipitate	from	the	liquid	phase	on	cooling,	(PCL/A)(l)+	A(s).	The	concentration	

dependence	of	the	additive	dissociation	temperatures	Td	in	the	concentration	range	of	5–40	wt%	of	A	(filled	orange	squares)	

can	be	described	analytically	using	the	Flory-Huggins	approach	(Equation	4,	solid	orange	line,	corrected	for	the	end	group	

concentration	of	0.5	wt%).	However,	unlike	the	reference	blends	based	on	the	non-modified	polymer,	at	low	additive	contents	

the	morphology	is	dominated	by	nanofibrils	(NF)	resulting	from	co-assembly	of	the	polymer	end	groups	and	additive.	The	

dissociation	temperature	of	the	co-assembled	nanofibrils,	identified	with	the	lower	of	the	two	additive	endotherms	observed	

in	DSC	heating	scans	(Figure	25)	at	low	additive	contents	(filled	blue	squares),	are	significantly	lower	than	the	bulk	additive	

dissociation	temperatures	in	the	PCL80/A	reference	blends	and	Equation	4	(hatched	orange	line).	These	reduced	dissociation	
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temperatures	are	attributed	to	the	high	specific	interfacial	area	of	the	nanofibrils,	and	the	free	energy	cost	associated	with	

polymer	chain	attachment.	The	upper	additive	endotherms	(empty	orange	squares),	on	the	other	hand,	follows	Equation	4	

closely	over	most	of	the	composition	range	shown,	and	is	identified	with	dissociation	of	the	bulk	additive	as	a	result	of	“cold	

crystallization”	 of	 additive	 released	 upon	 dissociation	 of	 the	 nanofibrils	 formed	 during	 the	 previous	 cooling	 cycle.	 The	

nanofibrils	are	hence	exclusively	present	in	the	phase	domain	marked	NF,	up	to	about	5	wt%.	

We	can	 thus	 conclude	 that	 the	 end-modified	polymer	PCL80(Ala2Ac)2	 acts	 like	 a	 compatibilizer	 and	

suppresses	 the	 formation	 of	 macroscopically	 phase-separated	 microfibrous	 precipitates	 of	 A	 (at	

sufficiently	low	concentrations).	Moreover,	due	to	the	bio-inspired	hierarchical	structure	formation,	this	

co-assembly	process	results	in	well-defined	nanofibrils	with	uniform	diameter,	constituted	of	a	helically	

twisted	stack	of	a	defined	number	of	β-sheet	tapes	that,	rather	than	nanocrystals,	should	be	regarded	as	

compliant	 “supramolecular	 graft	 copolymers”	with	 tethered	polymer	 “side	 chains”	whose	molecular	

weight	is	many	times	larger	than	their	entanglement	molecular	weight.	At	the	same	time,	the	nanofibrils	

are	homogeneously	distributed	in	the	material,	and	their	semi-ordered	network	bears	resemblance	to	

a	 “cylindrical	 phase”	 typical	 of	 an	 ABA	 triblock	 copolymer,	 albeit	 with	 domain	 diameters	 of	 a	 few	

nanometers,	which	implies	that	an	estimated	60%	of	the	tethered	polymer	segments	are	in	fact	bridging	

two	nanofibrils.286–289		

The	co-assembled	nanofibrils	are	a	highly	effective	nucleating	agent	for	PCL	crystallization,	supposedly	

due	 to	 both	 their	maximized	 dispersion	 and	 polymer	 tethering.	 Thus,	 PCL	 crystallization	 half-times	

according	to	isothermal	DSC	at	45	°C	decrease	from	𝜏)/*=	4060	s	for	pristine	PCL80	to	1410	s	for	PCL80/A	

(2wt%)	and	continue	to	decrease	to	970	s	for	additive	concentrations	as	high	as	18	wt%.	However,	they	

are	reduced	by	almost	one	order	of	magnitude	to	𝜏)/*=	660	s	for	the	pure	modified	PCL80(Ala2Ac)2,	and	

further	to	160	s	for	the	blend	PCL80(Ala2Ac)2/A	(2	wt%)	(Figure	29).	This	overall	25-fold	decrease	in	

crystallization	 half-times	 thus	 demonstrates	 the	 synergistic	 effect	 of	 end	 group	 modification	 and	

nanofibril	formation.	The	nanofibrils	do	not	limit	the	polymer	crystallization	though,	as	indicated	by	an	

unaffected	degree	of	crystallinity	of	about	40%	(Figure	29c)	and	the	preserved	orthorhombic	crystal	

structure	(Figure	30).	
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Figure	29. Nucleation	of	PCL	crystallization.		a)	Isothermal	DSC	curves	recorded	at	45	°C	after	cooling	from	the	melt	state	

(10	°C/min),	revealing	that	polymer	crystallization	for	any	PCL80(Ala2Ac)/A	blend	(blue)	occurs	drastically	faster	than	in	the	

corresponding	 PCL80/A	 reference	 blends	 (orange);	 for	 clearer	 visualization,	 the	 heat	 flow	 of	 the	 reference	 blends	 was	

multiplied	by	a	factor	of	5.		b)	The	crystallization	half	times,	τ1/2,	of	the	PCL80(Ala2Ac)/A	blends	are	one	order	of	magnitude	

shorter	half-times	than	those	of	the	corresponding	PCL80/A	blends.		c)	The	degree	of	crystallinity	of	the	PCL	phase,	determined	

by	 integration	 of	 second	 DSC	 heating	 curves	 after	 cooling	 from	 the	 melt	 at	 10	 °C/min	 remains	 around	 40%	 for	 all	

PCL80(Ala2Ac)/A	and	PCL80/A	blends,	indicating	that	it	is	independent	on	the	type	and	amount	of	additive	structures.	The	

melting	 enthalpy	of	 an	 ideal	PCL	 crystal	 is	 assumed	 to	be	139.5	 J/g.290	 	 	 d)	Optical	microscopy	 images	 recorded	at	45	 °C,	

revealing	a	crystalline	texture	based	on	small	spherulitic	structures	for	PCL80(Ala2Ac)/A	(5	wt%)	already	after	3	min	(left),	

but	a	yet	incomplete	crystallization	into	large	spherulites	for	the	PCL80/A	(5	wt%)	after	18	min	(right).	
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Figure	30. PCL	crystallization.		a)	Representative	WAXD	patterns	and		b)	corresponding	plots	of	intensity	versus	Bragg	

angle	of	PCL80(Ala2Ac)/A	blends,	of	PCL80/A	reference	blends,	and	of	pristine	PCL	show	reflections	associated	with	Miller	

indices	(110),	(111)	and	(200),	 indicative	of	the	orthorhombic	crystal	structure	of	PCL,	 indicating	that	the	polymer	crystal	

structure	is	not	affected	by	the	presence	of	the	nanofibrillar	co-aggregates	found	in	the	PCL80(Ala2Ac)/A	(2	wt%),	neither	by	

the	microfibrous	precipitates	in	PCL80/A	(2	wt%).	

As	we	will	show	in	what	follows,	the	hierarchical	structure	formation	into	semirigid	but	still	compliant	

nanofibrils	 with	 uniform	 diameter	 and	 tethered	 polymer	 segments	 well	 above	 the	 entanglement	

molecular	weight,	 described	 above,	 is	 a	 unique	 feature	 that	 distinguishes	 our	 system	 from	 the	 few	

examples	of	“supramolecular	reinforcement”	of	hydrogen-bonded	polymers	with	low	molecular	weight	

additives	reported	previously275,276	and	that	is	critically	important	for	the	remarkable	melt	properties	

and	subsequent	solidification	of	the	PCL80(Ala2Ac)2/A	blends	that	opens	new	melt	processing	pathways	

proceeding	under	deformation.		

Oscillatory	shear	rheology	temperature	sweeps	(1	rad/s,	cooling	at	10	°C/min)	demonstrate	that	the	

PCL80(Ala2Ac)2/A	 blends	 exhibits	 a	 new	 rubbery	 regime	 at	 temperatures	 well	 above	 the	 PCL	

crystallization	 temperature,	 where	 the	materials	 continue	 to	 show	 elastic	 behavior,	 with	 a	 storage	

modulus,	G’,	larger	than	the	loss	modulus,	G’’	(Figure	31).	Both	the	softening	temperature,	Ts	(defined	as	

the	 G’/G’’	 crossover	 temperatures	 indicating	 the	 end	 of	 the	 rubbery	 plateau	 and	 the	 onset	 of	

predominantly	 viscous	 flow)	 and	 the	plateau	modulus	 (defined	 as	G’	 at	 60°C)	 can	be	 systematically	

modulated	with	the	additive	concentration	(Figure	32).		



65 

 

Figure	31. Temperature-dependent	 oscillatory	 shear	 rheology.	 	 a–h)	 A	 comparison	 of	 storage	 modulus,	 G’	 (filled	

squares),	and	loss	modulus,	G’’(open	circles),	determined	from	oscillatory	shear	rheology	temperature	sweeps	(frequency	1	

rad/s,	cooling	rate	1	°C/min)	reveals	that	the	PCL80(Ala2Ac)/A	blends	(blue)	exhibit	a	rubbery	regime,	defined	as	G’	>	G’’	(blue	

area),	above	the	PCL	crystallization	onset	temperature,	Tc	=	36	°C.	Both	the	plateau	modulus,	defined	as	G’	at	60°C,	and	the	

rheological	softening	temperature,	Ts,	indicated	in	the	plots	and	defined	as	the	G’/G’’	cross-over	temperatures,	can	be	tailored	

with	the	additive	concentration	(Figure	32).	Above	Ts,	the	melt	modulus	sharply	drops	towards	the	values	observed	for	non-

modified	PCL	(grey).	By	comparison,	the	PCL80/A	reference	blends	show	a	gradual	transition	from	a	rheological	liquid	(G’	<	G’’)	

at	 [A]	=	0.5	wt%	 to	 a	 rheological	 gel	 (G’	≈	G’’)	 at	 [A]	≈	5	wt%;	 finally,	 at	 additive	 contents	 [A]	>	7	wt%,	 elastic	 behavior	 is	

observed	 in	PCL80/A,	 supposedly	 because	 the	 threshold	 concentration	 for	 the	 formation	 of	 a	 percolation	 network	 of	 the	

macroscopically	 phase-separated	 microfibrous	 additive	 precipitates	 is	 exceeded.	 Even	 in	 this	 high	 concentration	 regime,	

hoever,	the	melt	moduli	remain	one	order	of	magnitude	lower	than	those	observed	in	PCL80(Ala2Ac)/A	blends.	
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Figure	32. Reinforced	 supramolecular	 network	 of	 PCL80(Ala2Ac)2/A	 blends.  a)	 Plot	 of	 rheological	 softening	

temperatures,	 Ts,	 defined as the G’/G’’	cross-over	 temperatures	 (Figure	 31)	 as	 a	 function	 of	 additive	 contents.	 For	 the	

PCL80(Ala2Ac)/A	blends	(blue),	Ts	 increases	steeply	at	 low	additive	contents	and	then	 levels	off	 towards	Ts	=	110	°C	at	an	

additive	concentration	of	4–5	wt%;	further	increasing	the	additive	concentration	initially	does	not	affect	Ts;	only	in	the	high	

additive	contents	regime	(≥	18	wt%),	Ts	increases	again	which	we	attribute,	by	comparison	to	the	PCL80/A	blends	(orange)	

and	 the	 optical	 microscopy	 results	 (Figure	19),	 to	 the	 formation	 of	 a	 percolation	 network	 of	 the	 microfibrous	 additive	

precipitates.		b)	Comparison	of	rheological	softening	temperatures,	Ts,	with	the	association	temperatures,	Ta,	obtained	by	DSC	

analysis	(Figure	25),	revealing	an	excellent	match	in	the	nanofibrillar	regime	at	additive	concentrations	≤	2	wt%,	which	implies	

that	all	additive	molecules	contribute	to	a	rheologically	active	network,	whereas	this	ceases	to	be	the	case	when	approaching	

the	additive	threshold	concentration	of	5	wt%	for	macroscopic	phase	separation	according	to	optical	microscopy	(Figure	19).		

c)	Plot	of	the	plateau	modulus	G'	at	60	°C	as	a	function	of	additive	concentration,	showing	the	progressive	reinforcement	of	the	

rubbery	phase	of	the	PCL80(Ala2Ac)/A	materials	up	to	almost	1	MPa	at	[A]	=	5	wt%;	the	subsequent	decrease	implies	that	the	

macroscopic	phase	separation	at	higher	additive	concentration	disrupts	the	network;	by	comparison,	the	PCL80/A	reference	

blends	show	a	substantially	smaller	increase	in	G’.		d)	Moreover,	a	plot	of	the	loss	factor,	tan δ,	at	60	°C	as	a	function	of	additive	

contents	demonstrates	that	only	the	PCL80(Ala2Ac)/A	materials	show	elastic	behavior	(tan δ	<	1)	at	concentrations	lower	than	

the	threshold	concentration	of	5	wt%;	the	reference	blends	PCL80/A	show	elastic	behavior	only	at	high	additive	concentrations	

(≥	11	wt%),	which	we	attribute	to	the	formation	of	a	percolation	network	of	the	microfibrous	precipitates.	
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Thus,	 Ts	 initially	 increases	 steeply	 with	 increasing	 additive	 concentration	 up	 to	 the	 threshold	

concentration	 for	 exclusive	 nanofibril	 formation	 of	 2	wt%,	 and	 then	 converges	 to	 about	 110	°C	 for	

5	wt%,	which	provides	an	up	to	50	°C	wide	processing	window	above	the	PCL	melting	temperature.	The	

resulting	 plateau	 value	 of	 ca.	 110	°C	 can,	 hence,	 be	 interpreted	 as	 the	 equilibrium	 aggregation	

temperature	of	the	fully	developed	nanofibril	network.	Likewise,	G'	at	60	°C	monotonously	increases	

from	0.10	MPa	at	0.5	wt%	to	reach	a	maximum	of	0.94	MPa	at	5	wt%	of	A,	representing	a	more	than	two	

orders	 of	 magnitude	 increase	 in	 melt	 strength	 over	 pristine	 PCL.	 Different	 from	 most	 other	 melt	

thickening	approaches,	however,	the	melt	modulus	sharply	drops	to	the	104	kPa	range	at	temperatures	

above	Ts,	that	is,	to	the	level	of	melt	properties	of	pristine	PCL.	As	a	result,	the	materials	now	exhibit	two	

distinct	temperature	windows,	one	with	high	melt	strength	and	elasticity	above	the	polymer	melting	

point,	 and	 an	 additional	 one	 of	 low	melt	 viscosity,	 the	 combination	 of	which	 renders	 the	materials	

amenable	 to	 a	 broad	 range	 of	 processing	 techniques.	 By	 contrast,	 the	 additive	 precipitates	 in	 the	

PCL80/A	reference	blends	act	as	a	classical	melt-reinforcing	filler	leading	to	a	gradual	transition	to	a	gel	

state	but	at	significantly	lower	melt	strength	(G’	≈	G’’	=	0.15	MPa	at	60	°C	for	5	wt%)	and	with	no	evident	

elastic	 response	 (except	 at	 high	 additive	 loadings	 ≥18	wt%,	 due	 to	 the	 formation	 of	 a	 percolation	

network	of	the	microfibrous	precipitates	in	both	PCL80(Ala2Ac)2/A	and	PCL80/A	reference	blends).		

These	 results	 demonstrate	 that	 the	 polymer-bridged	 nanofibrils	 synergistically	 serve	 as	 reinforcing	

elements	and	physical	cross-links	for	the	molten	polymer	chains	so	that	the	materials	are	transformed	

into	reinforced	supramolecular	networks	at	additive	concentrations	of	5	wt%	or	below.	Moreover,	while	

changes	in	rheological	behavior	are	commonly	observed	in	supramolecular	polymers	and	networks,244	

they	typically	do	not	translate	into	meaningful	properties	at	large	strains	and	under	tensile	loads.	In	our	

case,	 however,	 the	 presence	 of	 well-defined	 polymer-tethered	 nanofibrils	 in	 the	PCL80(Ala2Ac)2/A	

materials,	 and	 their	 interconnection	with	well-entangled	polymer	 segments,	 gives	 rise	 to	 continued	

thermoplastic	behavior	at	 temperatures	well	above	the	polymer	melting	temperature,	and	results	 in	

strain	hardening	and	extreme	melt	extensibilities.		

Thus,	uniaxial	extensional	viscosity	measurements	on	hot-pressed	films	at	a	strain	rate	of	2	s–1	at	70	°C,	

that	 is,	well	 above	 the	PCL	melting	 temperature,	 reveal	 a	more	 than	one	order	of	magnitude	 larger	

viscosity	in	PCL80(Ala2Ac)2/A	(5	wt%)	than	in	PCL80/A	(5	wt%),	while	this	experiment	is	impossible	to	

perform	with	pristine	PCL	due	to	its	low	melt	strength	(Figure	33a).	Importantly,	while	PCL80/A	(5	wt%)	

exhibits	viscous	flow	at	larger	strains,	PCL80(Ala2Ac)2/A	(5	wt%)	shows	pronounced	strain	hardening.	
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As	can	be	seen	from	the	corresponding	stress-strain	plots	(Figure	33b),	the	material	effectively	behaves	

like	a	thermoplastic	solid	at	temperature	where	the	PCL	matrix	is	completely	molten.	

 

Figure	33. Thermoplastic	behavior	of	PCL80(Ala2Ac)/A	above	the	PCL	melting	temperature.		a)	Elongational	viscosity	

measurements	 performed	 on	 hot-pressed	 sheets	 of	 the	 blend	PCL80(Ala2Ac)/A	 (5	wt%)	 (blue)	 and	 the	 PCL80/A	 (5	wt%)	

reference	blend	(orange)	70	°C	(strain	rate	2	s–1),	that	is,	significantly	above	the	PCL	melting	temperature;	no	data	for	pristine	

PCL	 are	 shown	 because	 the	 material	 already	 disintegrated	 on	 pre-heating	 before	 the	 actual	 experiment.	 The	 uniaxial	

extensional	 flow	 of	 the	PCL80(Ala2Ac)/A	 (5	wt%)	 blend	 is	 characterized	 by	 a	more	 than	 one	 order	 of	magnitude	 higher	

extensional	viscosity	compared	to	the	reference	blend	and	pronounced	strain-hardening	behavior.		b)	Corresponding	stress-

strain	curves	at	70	°C	shows	an	initially	elastic	behavior	with	a	comparably	high	stiffness	of	E	=	6.1	MPa,	then	yielding	at	a	yield	

strength	of	σy	=	0.48	MPa	at	a	yield	strain	of	εy	=	120%,	and	finally	significant	strain	hardening	above	a	Hencky	strain	of	1.72	
(ε	=	560%),	up	to	an	ultimate	strength	of	σy	=	0.82	MPa	at	a	Hencky	strain	of	3.38	(εmax	=	2940%).	By	contrast,	in	spite	of	the	

melt	 reinforcement	 observed	 for	 PCL80/A	 (5	wt%)	 in	 oscillatory	 shear	 rheology	 (Figure	31),	 the	material	 exhibits	 viscous	

behavior	under	these	conditions.		c)	Only	the	PCL80(Ala2Ac)/A	(5	wt%)	blend	shows	an	elastic	rupture	with	a	clean	fracture	

edge,	 whereas	 PCL80/A	 (5	wt%)	 exhibits	 necking	 and	 flow	 before	 rupture.	 	 d)	 Stress-strain	 curves	 in	 the	 melt	 state	 of	

PCL80(Ala2Ac)2/A	 (5	wt%)	in	comparison	to	PCL80/A	 (18	wt%)	recorded	during	tensile	testing	at	70	°C	(strain	rate	2	s–1)	

shows	that	while	PCL80(Ala2Ac)2/A	(5	wt%)	reproduces	elongational	viscosity	results,	including	initial	elastic	behavior	and	

strain	 hardening,	 the	 PCL80/A	 (18	wt%)	 blend	 that	 shows	 elastic	 behavior	 in	 oscillatory	 shear	 rheology,	 attributed	 to	 a	

percolation	network	of	the	additive	precipitates,	does	not	predominantly	shows	viscous	behavior	and	starts	to	flow	before	

rupture.			
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It	initially	shows	elastic	behavior	with	a	comparably	high	stiffness	of	E	=	6.1	MPa,	then	yields	with	a	

yield	strength	of	σy	=	0.48	MPa	at	a	strain	of	εy	=	120%,	undergoes	plastic	deformation	without	melt	

rupture	up	to	a	strain	of	about	ε	=	610%,	and	eventually	shows	significant	strain	hardening	up	to	an	

ultimate	strength	of	σmax	=	0.82	MPa,	along	with	a	truly	remarkable	total	strain-at-break	of	εmax	=	2940%	

and	 a	 22-fold	 increased	 energy-at-break	 of	 W	 =	 18	 MJ/m3	 compared	 to	 the	 reference	 blends.	

Accordingly,	PCL80(Ala2Ac)2/A	(5	wt%)	at	70	°C	still	undergoes	elastic	rupture	as	the	dominant	failure	

mode	 (Figure	33c),	 while	 the	 reference	 blends	 exhibit	 the	 viscous	 behavior	 typical	 of	 an	 entangled	

polymer	melt,	show	necking,	and	starts	to	flow	before	rupture,	even	at	high	additive	loadings	(18	wt%,	

Figure	33d),	which	demonstrates	that	a	mere	melt	reinforcement	is	not	sufficient.		

  

Figure	34. Proposed	synergistic	interplay	of	entanglement	and	nanofibril	dynamics.		a)	We	attribute	the	initial	elastic	

behavior	and	the	high	initial	stiffness	of	the	PCL80(Ala2Ac)2/A	blends	above	the	PCL	melting	temperature	to	the	nanofibrils	

being	trapped	in	the	well-entangled	polymer	matrix	and	potentially	entangled	themselves.		b)	The	subsequent	yielding	of	the	

material	requires	a	break-down	of	 the	 load-bearing	elements	 in	 the	preceding	elastic	regime,	which	we	associate	with	 the	

dynamic	 exchange	 of	 co-assembled	 hydrogen-bonded	 end	 groups	 and	 additive	 molecules	 at	 70	°C,	 that	 facilitates	

disentanglement	and	reorientation	of	the	nanofibrils.		c)	Consequently,	the	well-defined	nanofibrils	become	aligned	and	do	not	

interlock	 when	 sliding	 along	 each	 other,	 providing	 a	 mechanism	 for	 plastic	 deformation	 up	 to	 large	 strains,	 under	

conformational	 extension	 of	 the	 tethered	polymer	 chains.	 	d)	 Strain	 hardening	 occurs	 either	 due	 to	 the	polymer	network	

reaching	its	elastic	limit,	or	due	to	strain-induced	crystallization	into	fibrillar	crystals,	at	least,	upon	cooling		

Instead,	 the	 PCL80(Ala2Ac)2/A	 blends	 appear	 to	 show	 a	 synergistic	 interplay	 of	 the	 transient	

supramolecular	 network,	melt	 reinforcement,	 and	 efficient	 coupling	 to	 polymer	matrix	 (Figure	34).	

Thus,	we	attribute	the	initial	elastic	behavior	and	high	stiffness	to	the	nanofibrils	being	entrapped	in	

polymer	 entanglement	 network	 and	 possibly	 entangled	 themselves.	 We	 interpret	 the	 subsequent	

yielding	to	be	associated	with	a	break-down	of	the	nanofibril	network	due	to	entanglement-enforced	

load	 transfer	 to	 the	 nanofibrils,	 resulting	 in	 dynamic	 end	 group	 exchange	 (at	 sufficiently	 elevated	
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temperatures)	and	(partial)	disentanglement.	This	process	should	allow	for	nanofibril	reorientation	and	

alignment	in	the	applied	mechanical	field.	The	well-defined	nature	of	the	aligned	nanofibrils	and	their	

semirigid	nature	is	then	relevant	for	the	subsequent	plastic	deformation	where	they	become	the	load-

bearing	 elements	 and	 can	 be	 longitudinally	 displaced	 relative	 to	 one	 another	 without	 interlocking,	

different	 from,	 for	 instance,	 the	hard	domains	 in	TPUs.	This	process	proceeds	under	conformational	

extension	 of	 the	 weakly	 entangled	 bridging	 polymer	 segments	 of	 the	 softer	 polymer	 matrix.	 At	

sufficiently	high	strain	rates	(and	at	low	temperatures	where	end	group	exchange	is	sufficiently	slow)	

to	not	allow	the	bridging	polymer	chains	to	completely	relax,	strain	hardening	finally	occurs	when	the	

polymer	network	reaches	its	elastic	limit,	or	fibrillar	crystallization	occurs,	at	least,	upon	cooling	(see	

below).		

 

Figure	35. Facilitated	film	melt	stretching.	 	a)	Photograph	of	sheet	specimens	(prepared	by	hot-pressing	at	80	°C	and	

cooling	to	room	temperature	at	a	rate	of	10	°C/min)	uniaxially	deformed	in	tension	at	70	°C	and	a	strain	rate	of	2	s-1	using	an	

ultimate	testing	machine	(UTM).	Only	the	PCL80(Ala2Ac)2/A	(5	wt%)	blends	display	strain	hardening	under	these	conditions	

and	 can	 hence	 be	 melt-stretched	 up	 to	 large	 deformations	 into	 films	 with	 uniform	 thickness	 and	materials	 distribution.	

Reference	materials	 from	PCL80/A	 (5	wt%)	or	pristine	PCL	show	necking	and	viscous	 flow.	 	b)	Photograph	confirming	the	

uniform	melt	deformation	of	a	hot-pressed	sheet	from	PCL80(Ala2Ac)2/A	(5	wt%)	into	an	extended	film.		c)	In-situ	stress-strain	

curves	recorded	during	film	preparation	by	uniaxial	melt-stretching	of	PCL80(Ala2Ac)2/A	(5	wt%)	sheets	(strain	rate	2	s–1).	

The	stretching	was	performed	at	70	°C	(blue)	and	to	different	stretching	ratios	of	500%,	1000%,	and	2000%.	The	latter	is	close	

to	 the	maximum	extensibility	 as	 determined	 from	elongational	 viscosity	 data	 (Figure	33).	 The	measurements	 confirm	 the	

initially	stiff	behavior,	yielding,	and	strain	hardening	of	PCL80(Ala2Ac)2/A	(5	wt%)	materials	in	film	drawing	above	the	PCL	

melting	temperature.	The	strain-hardening	was	particularly	pronounced	in	case	of	non-isothermal	stretching	conditions	(red),	

that	is,	simultaneous	melt	stretching	and	cooling	below	the	crystallization	temperature	of	PCL.	
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The	observed	tensile	properties	and	large-strain	response	at	temperatures	above	the	polymer	melting	

temperature,	 in	 combination	 with	 accelerated	 polymer	 crystallization,	 are	 highly	 relevant	 for	 the	

application	of	industrial	processing	techniques	that	proceed	under	deformation,	such	as	film	blowing,	

injection	 stretch	 blow	 molding,	 thermoforming,	 or	 foaming.	 The	 pronounced	 strain	 hardening,	 for	

instance,	provides	a	self-leveling	effect	on	deformation,	leading	to	a	uniform	thickness,	which	is	the	key	

feature	for	the	success	of	PET	in	bottle	manufacturing.291	Indeed,	the	PCL80(Ala2Ac)2/A	blends	can	be	

subjected	to	a	variety	of	demanding	melt	processing	conditions	that	proceed	under	large	deformations	

or	require	high	thermal	stability.	For	example,	film	drawing	of	hot-pressed	sheets	of	PCL80(Ala2Ac)2/A	

(5	wt%)	at	70	°C	at	a	strain	rate	of	2	s–1	(Figure	35)	results	in	homogeneous	anisotropic	films	with	a	high	

degree	of	orientation,	well-controlled	microstructure,	 and	a	 tailorable	mechanical	 response	at	 room	

temperature	(vide	infra).	This	is	impossible	with	pristine	PCL	or	PCL80/A	reference	blends,	as	they	can	

only	be	deformed	into	inhomogeneous	filaments.		

 

Figure	36. Facilitated	 film	 blowing.	 	 Film	 blowing	 experiment	 at	 70	 °C,	 demonstrating	 that,	 upon	 application	 of	 an	

overpressure	of	0.1	bar,	sheets	(prepared	by	hot-pressing	at	80	°C	and	cooling	to	room	temperature	at	a	rate	of	10	°C/min)	

from	PCL80(Ala2Ac)2/A	(5	wt%)	form	stable	bubbles	with	a	uniform	materials	distribution	up	to	substantial	deformations,	

which	is	not	possible	with	either	PCL80/A	blends	or	pristine	PCL.	
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Figure	37. Facilitated	thermoforming	and	increased	thermal	stability.	 	a–b),	Photographs	of	cup-shaped	specimens	

from	PCL80(Ala2Ac)2/A	(5	wt%)	and	PCL80/A	(5	wt%)	prepared	by	thermoforming	of	hot-pressed	sheets	at	80	°C.	Only	the	

PCL80(Ala2Ac)2/A	blend	can	be	thermoformed	into	self-standing	specimens	with	a	wall	thickness	of	30–90	µm.	By	contrast,	

the	PCL80/A	material	could	only	be	thermoformed	using	a	paper	support	(inset),	which	leads	to	a	comparably	inhomogeneous	

wall	thickness	ranging	from	30–220	µm.		c)	Moreover,	cup-shaped	specimens	prepared	from	PCL80(Ala2Ac)2/A	retain	thermal	

dimensional	 stability	 at	 temperatures	well	 above	 the	polymer	melting	 temperature;	 for	 instance,	 upon	 filling	with	boiling	

water,	the	cups	immediately	turn	transparent	as	a	result	of	the	PCL	melting	but	remain	shape-persistent	for	minutes,	even	

under	load;	the	leakage	after	60	s	can	be	attributed	to	a	defect	where	the	mold	was	connected	to	the	vacuum	line.	By	contrast,	

the	PCL80/A	(5	wt%)	specimen	immediately	disintegrates.	

Moreover,	film-blowing	of	hot-pressed	sheets	of	PCL80(Ala2Ac)2/A	(5	wt%)	at	70°C	gives	rise	to	stable	

bubble	 formation,	 whereas	 holes	 emerge	 in	 sheets	 of	 pristine	 PCL	 immediately	 upon	 deformation	

(Figure	36).	Furthermore,	thermoforming	of	hot-pressed	sheets	of	PCL80(Ala2Ac)2/A	(5	wt%)	results	

in	objects	with	high	feature	fidelity	that	can	be	easily	removed	from	the	mold,	are	self-standing,	and	

exhibit	a	homogeneous	film	thickness	of	30–90	µm	(Figure	37),	in	contrast	to	PCL80/A	reference	blends	

that	can	only	be	thermoformed	against	a	cup-shaped	paper	support	and	leads	to	more	inhomogeneous	

thickness	 distribution	 (30–140	µm).	 Moreover,	 the	 thermoformed	 PCL80(Ala2Ac)2/A	 cups	 exhibit	

thermal	dimensional	stability	at	up	 to	100	°C,	as	evidenced	by	 the	 fact	 that,	when	 filled	with	boiling	

water,	the	cups	become	transparent,	due	to	the	melting	of	the	PCL	matrix,	but	remain	shape	persistent	
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even	under	the	weight	of	the	hot	water,	which	is	a	remarkable	achievement	for	a	PCL-based	material,	

given	the	PCL	melting	temperature	of	Tc	=	61	°C	(Figure	37c).		

One	can	utilize	the	extraordinary	melt	extensibility	to	prepare	highly	anisotropic	PCL	materials	from	

melt-stretched	films	with	a	high	degree	of	orientation,	well-controlled	microstructure,	and	a	tailorable	

mechanical	 response	 at	 room	 temperature.	 To	 this	 end,	 hot-pressed	 sheets	 of	

PCL80(Ala2Ac)2/A	(5	wt%)	have	been	stretched	 isothermally	at	70	°C	to	draw	ratios	of	εmelt		=	500%,	

1000%	and	2000%,	or	non-isothermally	to	2000%	under	cooling	from	70	°C	to	room	temperature	to	

ensure	 that	 the	materials	 undergo	 strain-hardening,	which	 is	 particularly	 pronounced	 for	 the	 latter	

condition	(Figure	35c).		

 

Figure	38. Oriented	aggregate	structures.		a)	Polarized	IR	spectra	of	melt-stretched	film	from	PCL80(Ala2Ac)2/A	(5	wt%)	

and	PCL80/A	(5	wt%)	showing	Amide	A,	I,	and	II	regions	at	different	polarizer	positions,	and		b)	a	plot	of	the	transmission	

intensity	of	the	band	maxima	against	the	angle	between	polarizer	and	the	stretching	direction.	The	Amide	A	and	Amide	I	bands	

showed	 a	maximum	 absorption	 intensity	 parallel	 to	 the	 stretching	 direction,	 and	 the	 Amide	 II	 band	 showed	 a	maximum	

absorption	intensity	perpendicular	to	the	stretching	direction	in	both	cases,	which	is	consistent	with	an	average	orientation	of	

the	hydrogen-bonded	aggregates	parallel	to	the	stretching	direction.		
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Figure	39. X-ray	 characterization	 of	 melt-stretched	 PCL	 materials.	 	 a)	 SAXS	 and	 WAXD	 diffraction	 patterns	 of	

PCL80(Ala2Ac)2/A	(5	wt%),	prepared	via	melt-stretching	at	70	°C	at	different	stretching	ratios	(500%,	1000%,	and	2000%)	or	

upon	stretching	to	2000%	and	simultaneous	cooling	from	70	°C	to	below	the	PCL	crystallization	temperature.	The	resulting	

materials	are	highly	oriented	as	indicated	by	the	strongly	anisotropic	meridional	scattering	signal	of	the	lamellar	long	periods,	

Lp,	and	the	equatorial	110	and	200	reflections.	By	comparison,	a	melt-stretched	PCL80/A	(5	wt%)	reference	and	PCL	filaments	

(Figure	35)	 exhibit	 a	 comparably	 low	 degree	 of	 orientation	 and	 nearly	 isotropic	 scattering	 signals,	 respectively.		

b)	Corresponding	 1D	 equatorial	 WAXD	 profiles	 show	 that	 the	 crystallization	 of	 PCL	 into	 its	 usual	 orthorhombic	 crystal	

structure	is	maintained	with	lattice	parameters	d110	=	0.42	nm,	d111	=	0.41,	d200	=	0.38	nm	observed	for	all	materials.	 	c)	1D	

meridional	SAXS	profiles	indicating	marginally	lamellar	long	periods,	Lp	=	16–18	nm.		d)	azimuthal	plot	of	the	lamellar	long	

period,	Lp,	show	narrow	diffraction	signals	for	the	melt-stretched	PCL80(Ala2Ac)2/A	(5	wt%)	materials,	a	significantly	broader	

signal	for	the	PCL80/A	(5	wt%)	reference	blend,	and	isotropic	scattering	for	pristine	PCL.		e)	Herman’s	orientation	factor,	〈𝑃〉, 

for the orientation of PCL lamellae	of	the	different	PCL	materials	as	a	function	of	the	stretching	ratio	as	calculated	from	the	SAXS	

data	reveals	a	high	degree	of	orientation	for	all	melt-stretched	PCL80(Ala2Ac)2/A	(5	wt%)	materials	as	compared	to	PCL80/A	

(5	wt%)	or	pristine	PCL.	

Polarized	 solid-state	 FTIR	 spectroscopy	 reveals	 an	 intensification	 of	 the	 amide	 A	 (3276	 cm–1)	 and	

amide	I	(1627	cm–1)	bands	in	parallel	polarizer	orientation,	and	of	the	amide	II	absorption	(1546	cm–1)	

in	perpendicular	polarizer	orientation,	which	indicates	an	average	orientation	of	the	nanofibrils	parallel	



75 

to	 the	 film	stretching	axis	 (Figure	38).	 Integration	over	 the	Amide	A	band	allows	 for	 calculating	 the	

Herman’s	orientation	factor,	⟨𝑃⟩,	for	the	hydrogen-bonded	aggregates	using	292		

〈𝑃〉 =
𝐷 − 1
𝐷 + 2

	
2

3	𝑐𝑜𝑠*𝛼 − 1
	,	 (6)	

where	D	is	the	dichroic	ratio,	defined	as	the	ratio	of	the	respective	absorbances	under	perpendicular	

and	parallel	polarization,	and	α	 is	 the	angle	between	 the	β-sheet	 long	axis	and	 the	 transition	dipole	

moment	of	the	N–H	stretching	band	and	is	assumed	to	be	0°.	This	gives	⟨𝑃⟩	=	0.86	for	the	nanofibrils	in	

PCL80(Ala2Ac)2/A	and	⟨𝑃⟩	=	0.85	for	the	microfibrous	precipitates	in	PCL80/A.			

While	2D	WAXS	patterns	 show	 that	 the	PCL	keeps	 its	 orthorhombic	 crystal	 structure	with	polymer	

chains	 oriented	 along	 the	 stretching	 direction,	 corresponding	 2D	 SAXS	 patterns	 show	 a	meridional	

reflection	 corresponding	 to	 the	 lamellar	 long	 period	 at	 Lp	 =	 16–18	 nm,	 which	 indicates	 a	 lamellar	

orientation	perpendicular	and	a	lamellar	stacking	parallel	to	the	film	stretching	direction	(Figure	39).	

With	increasing	draw	ratio,	Lp	remains	unchanged	but	the	azimuthal	width	is	reduced,	as	indicated	by	

the	associated	Herman’s	orientation	 factor	 that	 increases	 linearly	 from	⟨𝑃⟩	=	0.80	at	εmelt 	=	500%	to	

⟨𝑃⟩	=	0.86	 at	 εmelt =	2000%,	 whereas	 the	 non-isothermally	 drawn	 films	 exhibit	 a	 particularly	 high	

⟨𝑃⟩	=	0.90.	By	comparison,	 the	 inhomogeneous	 filaments	 that	 result	 from	 film	drawing	experiments	

with	PCL80/A	(5	wt%)	or	pristine	PCL	only	show	marginal	orientation	with	⟨𝑃⟩	=	0.64	and	⟨𝑃⟩	=	0.1,	

respectively,	because	of	fast	polymer	chain	relaxation	during	melt	deformation.		

Furthermore,	2D	 synchrotron	 SAXS	 patterns	 show	 an	 evolution	with	melt	 stretching	 ratio	 from	 an	

isotropic	 scattering	 distribution	 in	 non-oriented	 films	 to	 highly	 anisotropic	 streak-like	 scattering	

pattern	at	εmelt	=	2000%	(Figure	40),	which	is	commonly	attributed	to	the	formation	of	“shish-kebab”	

structures,293	 that	 is,	 extended	 “fibrillar”	 polymer	 chain	 crystals	 and	 epitaxially	 grown	 folded	 chain	

lamellar	crystals.	These	crystallographic	features	are	particularly	pronounced	in	the	non-isothermally	

stretched	 films,	where	 the	polymer	 chains	 extended	by	 longitudinal	 displacement	 of	 the	nanofibrils	

during	melt	deformation	can	undergo	strain-induced	crystallization	upon	cooling	(Figure	35Figure	35).	

The	 formation	 of	 shish-kebab	 structures	was	 further	 confirmed	 by	 AFM	 imaging	 performed	 on	 the	

surface	of	the	deformed	films,	which	showed	a	combination	of	(i)	highly	oriented	fibrillar	structures	

parallel	to	the	drawing	direction	with	an	average	spacing	of	about	25	nm	that	we	attribute	to	fibrillar	

polymer	crystals	that	(ii)	occasionally	show	a	fine	structure	with	a	spacing	of	5	nm	may	be	assigned	to	

oriented	nanofibrils	(the	reduced	interfibrillar	spacing	compared	to	non-oriented	samples	being	due	to	
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the	 lateral	shrinking	of	 the	 films	upon	 longitudinal	deformation);	as	well	as	(iii)	 features	protruding	

from	the	fibrillar	structures	and	oriented	perpendicular	to	the	stretching	direction	that	can	be	assigned	

to	broken-up	PCL	lamellae	with	a	periodicity	of	18	±	2	nm	(along	the	stretching	direction)	in	excellent	

agreement	with	the	lamellar	long	period,	Lp,	determined	in	the	SAXS	measurements	(Figure	39).		

   
Figure	40. Synchrotron	X-ray	diffraction	of	melt-stretched	PCL	materials.		a)	2D	SAXS	patterns	of	PCL80(Ala2Ac)2/A	

(5	wt%),	prepared	via	melt-stretching	at	70	°C	at	different	stretching	ratios	εmelt	=	500%,	1000%,	and	2000%,	(blue)	or	upon	

stretching	 to	 εmelt	=	2000%	 and	 simultaneous	 cooling	 from	 70	 °C	 to	 below	 the	 PCL	 crystallization	 temperature	 (red),	 in	

comparison	to	melt-stretched	filaments	from	PCL80/A	(5	wt%)	(orange)	and	pristine	PCL	(grey).	In	addition	to	the	meridional	

scattering	 signal	of	 the	 lamellar	 long	period,	only	 the	PCL80(Ala2Ac)2/A	 (5	wt%)	materials	 show	an	streak-like	equatorial	

scattering	feature	that	is	commonly	assigned	to	the	formation	of	shish-kebab	structures.		b–c)	Corresponding	1D	meridional	

and	equatorial	SAXS	profiles	showing	the	lamellar	long	period,	Lp	=	14–17	nm,	for	lamellae	oriented	perpendicular	to	the	melt-

stretching	direction	in	the	melt-stretched	PCL80(Ala2Ac)2/A	(5	wt%)	specimens,	whereas	the	PCL80/A	(5	wt%)	and	PCL	(grey)	

samples	are	isotropic.		d)	Azimuthal	plot	of	the	streak-like	feature	(determined	at	a	d-spacing	of	100	nm)	reveals	that	the	full	

width	at	half	maximum	(FWHM)	decreases	with	increasing	draw	ratio,	indicating	increasing	orientation	of	the	fibrillar	polymer	

crystals.	
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Figure	41. Shish-kebab	structures	 in	highly	oriented	PCL80(Ala2Ac)/A	materials.	 	a)	AFM	phase	 image	of	 the	non-

isothermally	melt-stretched	PCL80(Ala2Ac)2/A	(5	wt%)	films,	revealing	a	highly	oriented	material	composed	of	shish-kebab	

structures	and	aligned	nanofibrils	oriented	along	the	melt-stretching	direction.	Their	reduced	average	interfibrillar	spacing	of	

5	nm	(profile	A–B)	compared	to	the	non-oriented	state	(13	nm)	is	attributed	to	the	lateral	shrinking	of	the	films	upon	uniaxial	

deformation.	The	strain-induced	crystallization	leads	to	the	formation	of	fibrillar	PCL	structures	oriented	parallel	to	the	melt-

drawing	direction,	which	are	spaced	at	an	average	distance	of	25	nm	(profile	C–D).		b)	Corresponding	profiles	of	the	AFM	phase	

images.		c)	The	AFM	phase	image	of	the	same	material	at	lower	magnification	shows	highly	oriented	fibrillar	PCL	structures.		

d)	AFM	phase	image	showing	epitaxially	grown	PCL	lamellae	that	periodically	stack	at	an	average	distance	of	18	±	2	nm	(profile	

E–F),	which	is	in	excellent	agreement	with	the	lamellar	long	period,	Lp,	observed	in	XRD	measurements	
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Figure	42. Ensembles	of	tensile	testing	results	of	PCL-based	materials.		Tensile	testing	stress-strain	curves	(strain	rate	

2	s–1)	 of	 	 a–c)	 PCL80(Ala2Ac)2/A	 (5	wt%)	 prepared	 by	 melt-stretching	 at	 70	 °C	 and	 different	 draw	 ratios	 (blue);		

d)	PCL80(Ala2Ac)2/A	 (5	wt%)	material	prepared	via	non-isothermal	stretching	conditions	 (red),	 that	 is,	 simultaneous	melt	

stretching	and	rapid	cooling	below	the	crystallization	temperature	of	PCL;		e)	pristine	PCL	(grey);	and		f)	the	PCL80/A	(5	wt%)	

reference	blend	(orange).	

Although	shish-kebab	structures	have	been	observed	in	electro-spun	PCL	microfibers,294,295	they	have	

never	been	obtained	by	bulk	melt	shear.296,297	The	increasing	degree	of	orientation	and	microstructure	

evolution	from	a	classical	spherulitic	morphology	to	a	shish-kebab	microstructures	results	in	drastic	

changes	in	tensile	properties	(Figure	42,	0).	Thus,	the	materials	display	up	to	three	times	higher	Young’s	

moduli	(up	to	E	=	740	MPa	at	εmelt	=	1000%)	compared	to	the	corresponding	reference	PCL80/A	blend	

or	pristine	PCL.	At	the	same	time,	the	yield	strength	systematically	increases	with	stretching	ratio	εmelt	

from	σy	=	15	MPa	(non-oriented	PCL)	to	34	MPa	at	εmelt	=	2000%,	approaching	the	ultimate	strength	of	

all	 samples	 of	 σmax	=	40	MPa,	 albeit	 accompanied	 with	 a	 decrease	 in	 the	 elongation	 at	 break,	 from	

εmax	=	945%	(non-oriented	PCL)	to	εmax		=	220%	(Figure	43).	Particularly,	the	non-isothermally	drawn	

films	exhibit	a	remarkably	high	yield	strength	of	σy	=	72	MPa,	which	is	a	more	than	five-fold	increase	

compared	to	pristine	PCL,	and	an	ultimate	strength	of	σmax	=	73	MPa,	almost	 twice	as	high	as	 that	of	
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pristine	PCL.	The	increases	in	stiffness	and	yield	strength	can	be	attributed	to	fibrillar	crystals	that	act	

as	rigid	reinforcement	and	promote	the	resistance	towards	plastic	deformation.	Moreover,	an	increased	

orientation	of	 the	 lamellae	perpendicular	 to	 the	 stretching	direction	means	 that	 their	preferred	 slip	

direction	becomes	oriented	parallel	to	the	stretching	direction,	which	significantly	diverges	from	the	

direction	of	maximum	shear	stress	(45°)	so	that	the	oriented	lamellae	require	more	stress	to	yield.		

	 

	

Figure	43. Mechanical	 Properties	 of	 Melt-Stretched	 PCL	 Materials.	 	 a)	 Representative	 stress-strain	 curves	 (room	

temperature,	strain	rate	2	cm	s–1)	taken	from	the	ensembles	of	tensile	testing	results	(Figure	42)	of	PCL80(Ala2Ac)2/A	(5	wt%)	

melt-stretched	at	70	°C	(blue)	show	that	yield	strength	increases	and	extensibility	decreases	with	increasing	melt	stretching	

ratio,	as	imposed	by	different	draw	ratios	during	the	melt-stretching;	particularly,	non-isothermal	stretching	conditions	(red),	

that	 is,	 simultaneous	melt	 stretching	and	rapid	cooling	 from	70	°C	below	 the	crystallization	 temperature	of	PCL	results	 in	

strongly	increased	stiffness,	yield	strength,	and	ultimate	strength.	By	comparison,	a	hot-pressed	PCL80/A	(5	wt%)	(orange)	

reference	blend	(orange)	exhibited	tensile	properties	similar	to	non-oriented	pristine	PCL	(grey).		b)	The	yield	strength,	σy,,	

systematically	increases	with	melt	stretching	ratio,	εmelt,	but	is	particularly	increased	by	non-isothermal	melt	stretching.	The	

solid	line	serves	as	guide	to	the	eyes.	 	c)	Corresponding	plot	of	yield	strength,	σy,,	against	Herman’s	orientation	factor,	〈𝑃〉,	

shows	the	correlation	between	the	mechanical	strength	and	the	degree	of	orientation.		

Table	4	 Tensile	yield	strength,	σy,	 tensile	strength,	σmax,	 tensile	strain	at	break,	εmax,	Young’s	modulus,	E,	 tensile	energy	at	
break,	W,	for	PCL80(Ala2Ac)2/A	(5	wt%)	materials	melt-stretched	to	500%,	1000%	and	2000%	isothermally	at	70	°C	and	to	
2000%	non-isothermally	(NI);	hot	pressed	PCL	and	PCL80/A	(5	wt%).	

	 PCL80(Ala2Ac)2/A	
(5	wt%),	500	%	

PCL80(Ala2Ac)2/A		
(5	wt%),	1000	%	

PCL80(Ala2Ac)2/A	
(5	wt%),2000	%	

PCL80(Ala2Ac)2/A	
(5	wt%),	2000	%NI	 PCL80	 PCL80/A	

(5	wt%)	

preparation	
conditions	

melt-stretching	to	
500	%	

melt-stretching	to	
1000	%	

melt-stretching	to	
2000	%	

melt-stretching	to	
2000	%	(non-
isothermally)	

hot-
pressing	

hot-
pressing	

σy	(MPa)	 23	±	2	 29.6	±	0.6	 33.6	±	1.5	 72	±	5	 15.0±	0.2	 14.8	±	
0.7	

σmax	(MPa)	 36	±	3	 36	±	5	 38.6	±	1.5	 70	±	7	 38	±	1	 31	±	5	

εb	(%)	 600	±	36	 485	±	37	 218	±	37	 79	±	7	 945	±	100	 876	±	
125	

E	(MPa)	 633	±	107	 736	±	45	 646	±	41	 566	±	20	 256	±	51	 250	±	36	

W	(MJ/m3)	 	155	±	10	 148	±	10	 83	±	14	 56	±	1	 195	±	22	 164	±	34	
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2.3	Conclusions	

In	summary,	we	have	demonstrated	that	the	co-assembly	of	oligopeptide-based	polymer	end	groups	

and	a	corresponding	low-molecular	weight	additive	is	an	excellent	approach	to	address	what	we	deem	

the	most	 important	 shortcomings	 in	 terms	 of	 processing	 properties	 and	 final	 product	 performance	

limiting	the	broader	technological	application	of	typical	aliphatic	polyesters,	for	which	we	have	chosen	

PCL	as	a	representative	example.	Our	results	demonstrate	that	the	silk-inspired	hierarchical	structure	

formation	of	a	supramolecular	network	of	well-defined	and	nanofibrils	bridged	with	polymer	chains	

well	above	their	entanglement	molecular	weight	are	critical	features	that	determine	these	properties.	

In	this	way,	we	have	improved	the	melt	strength	of	PCL	by	two	orders	of	magnitude	into	the	MPa	range	

that	is	typically	used	for	processing.	We	have	introduced	large-strain	melt	elasticity	and	stiffness,	plastic	

deformation	without	melt	rupture,	and	an	extreme	melt	extensibility	of	up	to	almost	3’000	%	into	the	

material	at	temperatures	where	the	polymer	matrix	is	fully	molten.		This	renders	the	polymer	amenable	

to	processing	techniques	that	require	large	melt	deformations	and	are	impossible	to	pursue	with	typical	

soft	aliphatic	polyesters.	Moreover,	the	heat	resistance	of	PCL	was	elevated	to	temperatures	of	at	least	

100	°C,	which	is	relevant	for	many	consumer	applications.	We	have	reduced	crystallization	half-times	

by	 a	 factor	 of	 20,	which	 is	 relevant	 for	 process	 cycle	 times,	will	 be	 particularly	 for	 polyesters	with	

hindered	crystallization.	Finally,	these	properties	have	allowed	us	to	produce	oriented	materials	with	

altered	polymer	microstructure	and	significantly	increased	stiffness	and	yield	strength,	which	is,	again,	

difficult	with	the	pristine	polymer.	The	combined	results	are	highly	relevant	for	the	manufacturing	of,	

for	 instance,	 sustainable	 packaging	 films,	 thermoplastic	 elastomers,	 or	 elastomer	 foams,	 based	 on	

aliphatic	polyesters.298	More	generally	speaking,	since	the	end	group	and	additive	co-assembly	should	

be	possible	in	other	types	of	polymer,	as	long	as	they	are	not	to	polar	or	directly	compete	for	hydrogen	

bonding,	we	 regard	 the	 chosen	 approach	 as	 a	 versatile	method	 for	 the	modification	 of	 polymers	 at	

technologically	relevant	molecular	weights.	As	a	circular	plastics	economy	will	demand	to	reduce	the	

number	of	employed	polymer	grades	to	facilitate	reverse	logistics	and	recycling,	this	is	relevant.	because	

one	will	still	have	to	cover	the	broad	range	of	properties	covered	by	the	materials	that	are	to	be	replaced.	
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The	results	presented	in	this	chapter	are	part	of	a	manuscript	in	preparation:	

“Reinforced	 Supramolecular	 Networks	 for	 Tailoring	 Mechanical	 Properties	 of	 Poly(ε-caprolactone)	

Filaments”,	Yevhen	Hryshunin,	Shuichi	Haraguchi,	Holger	Frauenrath1*,	to	be	submitted.		

H.F.	conceived	the	idea	and	directed	the	research.	S.H.	synthesized	the	materials.	Y.H.	prepared	all	the	

mixtures	and	performed	all	testing	unless	otherwise	stated.	The	manuscript	was	written	by	Y.H.	and	

H.F.		
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Introduction	

The	production	of	plastics	worldwide	continues	to	increase,	reaching	over	460	million	metric	tons	in	

2021,	with	around	75%	of	all	plastics	produced	being	petroleum-based	polymers.1–3	Currently,	open-

loop	 recycling	 streams	 for	 post-consumer	waste	 plastics	 are	 only	 available	 for	 a	 limited	 number	 of	

polymers,	 including	 polyethylene	 (PE),	 polypropylene	 (PP),	 and	 bottle-grade	 polyethylene	

terephthalate	(PET),	with	only	PET	being	recycled	in	significant	quantities.12,299	As	a	result,	 less	than	

14%	of	all	plastics	are	currently	collected	for	recycling,	and	the	majority	ends	up	in	landfills	or	leaks	

into	the	environment,	posing	a	significant	threat	to	ecosystems	globally.226	To	address	this	problem,	a	

future	circular	plastics	economy	will	need	to	consider	alternative	materials	such	as	biodegradable	or	

bio-sourced	plastics	and	chemical	recycling	to	monomer.	Biodegradable	polyesters	obtained	via	ring-

opening	polymerization	(ROP)	of	monomers	from	renewable	resources	can	be	seen	as	an	attractive	class	

of	materials	class	for	a	circular	plastics	economy	because	there	is	a	clear	and	selective	depolymerization	

pathway	 by	 ring-closing	 depolymerization	 (RCD).12,20	 Moreover,	 PCL	 is	 a	 biodegradable	 aliphatic	

polyester	with	a	glass	transition	of		Tg	=	−60	°C	and	a	melting	temperature	of	Tm	=	60	°C	and	is	known	to	

be	 a	 highly	 ductile	 material	 with	 an	 elongation	 at	 break	 of	 up	 to	 1000%,	 a	 Young's	 modulus	 of	

approximately	 200	MPa,	 and	 a	 yield	 strength	 and	 ultimate	 strength	 of	 15	MPa	 and	 40	MPa,	

respectively.65,80	However,	the	mechanical	properties	of	PCL	can	be	drastically	altered,	for	instance	by	

melt	and	room	temperature	drawing.	Recently,	Selli	et	al.	showed	that	PCL	fibers	can	achieve	and	yield	

and	ultimate	strength	of	300	MPa	and	450	MPa,	respectively,	with	a	concomitant	decrease	in	elongation	

at	 break	 to	 70%.77,81	 Despite	 the	many	 advantages	 of	 PCL,	 it	 is	 not	 broadly	 used	 in	 engineering	 or	

commodity	applications	mostly	due	its	insufficient	thermal	stability	and	its	poor	processability	because	

of	its	very	low	melt	strength.	

One	method	of	improving	melt	processability	is	the	introduction	of	long-chain	branching	to	the	polymer	

backbone,	which	can	be	accomplished	with	a	variety	of	methods,	including	ROP	with	multifunctional	

monomers,	 functional	 group	 polycondensation,	 chain	 extension,	 radical-induced	 reactions,	 and	

dynamic	vulcanization.99	For	example,	the	introduction	of	branching	to	PCL	by	γ-irradiation	resulted	in	

a	rubber-like	behavior	up	to	temperatures	of	200	°C	and	strain	hardening	behavior	in	the	melt	with	only	

an	 insignificant	change	 in	molecular	weight	 from	Mn	=	90’000	to	120,000	g/mol.105	Furthermore,	 the	

crystallization	 temperature	 of	 branched	 PCL	 produced	 by	 reactive	 melt	 processing	 using	 benzoyl	

peroxide	was	increased	from	Tc	=	35	°C	to	41	°C.106	While	the	introduction	of	branching	has	thus	proven	



84 

to	be	a	promising	approach,	it	increases	melt	viscosity	over	the	whole	temperature	range,	which	limits	

processing	where	 high	 flow	 rates	 is	 required,	 such	 as	 in	 injection	molding,	 and	 decreases	 polymer	

melting	temperature	and	crystallinity,	which	can	in	turn	limit	the	range	of	target		applications.101,111	

Multivalent	hydrogen-bonded	ligands	have	been	used	for	the	supramolecular	modification	of	PCL.	For	

example,	Yu	et	al.	prepared	ureidopyrimidinone	end-functionalized	PCL	(Mn	=	4,000),	which	showed	

self-healing	properties.300	However,	due	to	the	utilization	of	low	molecular	weight	PCL,	the	mechanical	

properties	of	the	resulting	material	were	limited,	exhibiting	a	yield	strength	σy	=	5	MPa	and	strain	at	

break	εmax	=	20%.	Recently,	it	was	found	that	the	poor	end-group	self-assembly	of	high	molecular	weight	

PCL	 (Mn	 =	 80,000)	 functionalized	 with	 oligopeptide	 end	 groups	 can	 be	 overcome	 by	 selective	 co-

assembly	with	a	 low	molecular	weight	additive	based	on	 the	same	oligopeptide	motif,	 to	 form	well-

defined,	 polymer-tethered	 self-assembled	 helically	 twisted	 antiparallel	 β-sheet	 tapes.	 The	 obtained	

materials	demonstrated	an	order	of	magnitude	crystallization	half-times,	elastomeric	strain-hardening	

behavior	 of	 the	polymer	melt,	 significantly	 higher	Young's	modulus	 and	 yield	 strength,	 as	well	 as	 a	

drastically	increased	heat	resistance.	

Here,	we	prepared	filaments	by	rapid	stretching	of	a	blend	of	PCL80(Ala2Ac)2,	modified	with	acetyl-L-

alanyl-L-alanyl	end	groups,	and	the	additive	2-octyldodecyl	acetyl-L-alanyl-L-alanyl	amide	A	in	the	melt.	

Our	results	demonstrate	that,	first	of	all,	the	network	of	polymer-tethered	β-sheet	tapes	can	significantly	

facilitate	the	orientation	of	the	crystalline	PCL	lamellae	and	formation	of	extended	PCL	crystals,	which	

results	 in	 shish-kebab	 structures.	 Secondly,	 the	 newly	 obtained	 material's	 morphology	 leads	 to	 an	

increase	in	Young's	modulus,	yield,	and	ultimate	strength	to	1	GPa,	323	MPa,	and	555	MPa,	respectively,	

compared	to	0.5	GPa,	110	MPa,	and	300	MPa	of	pristine	PCL80.	

3.2	Results	and	Discussion	

3.2.1	Materials	Design,	Structural	and	Mechanical	Analysis	of	Melt-Stretched	Fibers	

For	our	studies,	we	chose	PCL80	(Mn	=	80’000)	and	a	blend	of	PCL80(Ala2Ac)2	with	5	wt%	of	the	low	

molecular	 weight	 additive	 A	 (Figure	 44),	 which	 were	 previously	 shown	 to	 aggregate	 into	 one-

dimensionally	extended	polymer-tethered	b-sheet	nanofibrils.261	This	material	was	previously	shown	

to	exhibit	an	elongation	at	break,	εmax	=	2940%,	and	ultimate	strength,	σmax	=	0.82	MPa,	at	a	temperature	

of	T	=	70	°C,	that	is,	well	above	the	PCL	melting	temperature.301	Making	use	of	these	remarkable	melt	

properties,	 fibers	of	PCL80(Ala2Ac)2/A	(5	wt%)	and	PCL80	were	drawn	from	an	extruder	at	constant	
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torque	and	at	three	different	melt	temperatures	of	200	°C,	120	°C	and	70	°C,	which	are,	respectively,	

above,	 close	 to,	and	below	the	β-sheet	aggregation	 temperature	of	111	 °C	 for	 the	PCL80(Ala2Ac)2/A	

(5	wt%)	blend,	according	to	oscillatory	shear	rheology.301	The	fiber	diameter	was	determined	by	optical	

microscopy,	 and	 fibers	 with	 diameters,	 d	=	300–400	μm	 were	 chosen	 for	 further	 structural	 and	

mechanical	characterization.		

 

Figure	44. Chemical	structures	of	telechelic	poly(e-caprolactone)	end	modified	with	acetyl-L-alanyl-L-alanine	end	groups	

PCL80(Ala2Ac)	(Mn	=	80’000),	as	well	as	of	the	additive	2-octyldodecyl	acetyl-L-alanyl-L-alanyl	amide	A	

 

Figure	45. 2D	small-angle	X-ray	 scattering	 from	 fibers	drawn	at	a)	200	°C	b)	120	°C	and	c)	70	°C	of	PCL80(Ala2Ac)2/A	

(5	wt%)	(top)	and	PCL80	(bottom)	showing	the	d-spacings	corresponding	to	the	Bragg	peaks.	The	arrow	on	the	bottom	left	

indicates	the	drawing	direction.	

The	uniform	azimuthal	 intensity	 of	 the	 SAXS	Bragg	peak	 identified	with	 the	 long	period	 of	 the	PCL	

lamellae	of	 about	17.0	nm	 indicated	 there	 to	be	no	preferential	orientation	 in	PCL80	fibers	drawn	at	

200	°C,	 and	 only	 slight	 orientation	 of	 lamellar	 trajectories	 perpendicular	 to	 the	 draw	 direction	 in	

PCL80(Ala2Ac)2/A	(5	wt%)	(Figure	45).	However,	for	the	lower	drawing	temperatures	of	120	and	70	°C,	

the	PCL80-based	fibers	showed	a	2-point	SAXS	pattern	with	a	meridional	Bragg	peak	corresponding	to	a	

d-spacing	 of	 16.5	nm,	 indicating	 preferential	 orientation	 of	 the	 lamellae	 perpendicular	 to	 the	 draw	

direction,	with	a	Herman's	orientation	function	of	〈𝑃〉	=	0.55	and	〈𝑃〉		=	0.65).	This	suggests	that	the	PCL	

chains	 did	 not	 completely	 relax	 their	 conformations	 during	 drawing	 at	 these	 temperatures.	 The	

orientation	of	the	PCL	lamellae	perpendicular	to	the	draw	direction	significantly	increased	further	in	
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PCL80(Ala2Ac)2/A	 (5	wt%)	 fibers	 drawn	 at	 120	 and	 70	°C,	with	 a	 Herman's	 orientation	 function	 of	

<P>	=	0.95	and	<P>	=	0.94,	respectively).	It	may	hence	be	concluded	that	relaxation	of	the	PCL	chains	is	

inhibited	when	they	are	tethered	to	the	nanofibrillar	network	via	the	end	groups.	(Figures	45b	and	45c).	

At	 the	 lowest	 drawing	 temperature	 of	 70	°C,	PCL80(Ala2Ac)2/A	 (5	wt%)	 also	 showed	 an	 additional	

broad	meridional	Bragg	peak	corresponding	to	a	d-spacing	of	5.5	nm,	which	 	 is	assigned	to	a	higher	

order	reflection	of	PCL	lamellae,	can	be	explained	by	the	higher	degree	of	orientation	of	PCL	lamellae	

compared	to	the	fibers	drawn	at	120	°C	where	this	reflection	is	absent	(Figure	45c).	Moreover,	PCL80,	

PCL80(Ala2Ac)2/A	 (5	wt%)	 showed	 a	 marked	 equatorial	 streak	 at	 low	 angles	 which	 became	 more	

pronounced	at	lower	drawing	temperatures,	and	was	absent	from	the	PCL80	fibers.	This	combination	of	

equatorial	streaking	and	a	meridional	Bragg	peak	 is	 commonly	attributed	to	 the	 formation	of	"shish	

kebab"	 structures.	 Shish	 kebab	 structures	 arise	 from	 orthogonal,	 epitaxial	 growth	 of	 lamellae	 from	

fibrillar	extended	polymer	chain	crystals,	which	in	the	case	of	fibers,	are	oriented	parallel	to	the	drawing	

direction.	However,	while	PCL	shish-kebab	structures	can	be	readily	obtained	by	electro-spinning,294,295	

they	have	not	so	 far	been	reported	for	shearing	of	 the	bulk	melt.	Finally,	additional	 low	angle	Bragg	

scattering	in	the	SAXS	patterns	for	PCL80(Ala2Ac)2/A	(5	wt%)	corresponding	to	a	d-spacing	of	2.8	nm	

was	 attributed	 to	 the	 close	 packing	 distance	 columnar	 additive	 structures	 found	 in	 bulk	 additive	

precipitates.	These	showed	no	orientation	in	fibers	drawn	at	200	°C,	but	became	oriented	parallel	to	the	

draw	direction	in	fibers	drawn	at	70	°C	and	120	°C.	To	conclude,	consistent	with	extensional	viscosity	

experiments,	PCL80(Ala2Ac)2/A	(5	wt%)	may	be	oriented	more	efficiently	during	melt	spinning	than	

pristine	PCL80	 owing	 to	 the	end-group	 tethering	of	 the	polymer	chains	 to	 the	nanofibrillar	network,	

particularly	at	 lower	temperatures,	where	the	self-assembled	aggregates	are	presumably	sufficiently	

stable	on	the	time-scale	of	the	process	to	restrict	chain	relaxation.	

 

Figure	46. Equatorial	 2D	 wide-angle	 X-Ray	 diffraction	 of	 fibers	 drawn	 at	 a)	 200	°C	 b)	 120	°C	 and	 c)	 70	°C	 of	

PCL80(Ala2Ac)2/A	(5	wt%)	(top)	and	PCL80	(bottom),	showing	the	d-spacings	corresponding	to	the	Bragg	peaks.	
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According	 to	 the	 PCL	 melting	 enthalpies	 measured	 from	 DSC	 first	 heating	 scans	 at	 10	°C/min,	 the	

crystallinity	of	the	drawn	fibers	remained	roughly	constant	at	around	40%.	In	each	case,	WAXD	patterns	

showed	the	PCL	to	adopt	its	typical	orthorhombic	crystal	structure	with	lattice	parameters	a	=	7.50	Å,	

b	=	4.97	Å,	c	=	17.3	Å,	such	that	the	d-spacings	associated	with	the	(110),	(111),	and	(200)	planes	were	

d110	=	4.2	Å,	d111	=	4.0	Å,	 and	d200	=	3.8	Å,	 respectively	 (Figures	46).75	 	 The	PCL80	 fibers	 showed	 little	

crystallographic	texture	regardless	of	the	drawing	temperature,	in	contrast	with	the	PCL80(Ala2Ac)2/A	

(5	wt%)	fibers	drawn	at	70	°C	and	120	°C	which	showed	a	strong	equatorial	scattering	produced	by	

crystallized	PCL	chains	oriented	parallel	to	the	drawing	direction.	

 

Figure	47. a)	 Equatorial	 wide-angle	 and	 b)	 meridional	 small-angle	 X-ray	 scattering	 of	 fibers	 drawn	 at	 various	

temperatures;	c)	azimuthal	angle	analysis	of	the	lamellar	long	period	indication	full	width	at	half-maximum	(FWHM).	

The	orientation	of	the	melt-stretched	fibers	was	correlated	with	their	tensile	mechanical	response	at	

room	temperature.	All	the	fibers	showed	ductile	behavior,	with	development	of	an	optically	visible	neck,	

followed	by	strain-hardening	behavior	after	propagation	of	the	neck	along	the	gauge	length.	The	tensile	

properties	of	the	PCL80	fibers,	which	were	consistent	with	those	reported	in	the	literature,302	varied	little	

with	 the	 degree	 of	 lamellar	 orientation	 obtained	 by	 varying	 the	 drawing	 temperature.	 The	

PCL80(Ala2Ac)2/A	(5	wt%)	fibers	drawn	at	200	°C	and	120	°C	showed	only	slight	increases	in	Young’s	

modulus,	yield	strength,	and	ultimate	strength	compared	with	the	PCL80	fibers,	while	the	differences	in	

the	extension	at	break	remained	within	the	measuring	error	(Figure	48,	Table	5).	Moreover,	although	

the	higher	lamellar	orientation	of	the	PCL80(Ala2Ac)2/A	(5	wt%)	fibers	drawn	at	70	°C	was	reflected	by	

significant	 further	 increases	 in	 Young’s	 modulus	 and	 yield	 strength,	 these	 were	 accompanied	 by	
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decreases	in	the	strain	at	break	and	ultimate	strength	compared	with	PCL80	fibers	drawn	at	the	same	

temperature.	

 
Figure	48. Tensile	stress-strain	curves	of	PCL80(Ala2Ac)2/A	(5	wt%)	(blue)	and	PCL80	(black)	fibers	drawn	at	a)	200	°C	b)	

120	°C	and	c)	70	°C.	The	inset	shows	the	neck	formed	after	yielding.	

Table	5.	 Tensile	yield	strength,	σy,	tensile	strength,	σmax,	tensile	strain	at	break,	εb,	Young’s	modulus,	E,	and	tensile	energy	

at	break,	W,	for	the	PCL80	and	PCL80(Ala2Ac)2/A	(5	wt%)	fibers	melt-stretched	at	70	°C,	120	°C	and	200	°C	

	
PCL80,		
200	°C	

PCL80,		
120	°C	

PCL80,		
70	°C	

PCL80(Ala2Ac)2/A	
(5	wt%),	200	°C	

PCL80(Ala2Ac)2/A	
(5	wt%),	120	°C	

PCL80(Ala2Ac)2/A	
(5	wt%),	70	°C	

σy	(MPa)	 13	±	1	 15	±	2	 15	±	2	 20	±	1	 20	±	2	 23	±	1	

σmax	(MPa)	 68	±	19	 63	±	23	 58	±	17	 109	±	8	 94	±	6	 41	±	10	

εb	(%)	 777	±	20	 595	±	95	 574	±	79	 792	±	33	 658	±	25	 414	±	73	

E	(MPa)	 280	±	25	 252	±	39	 220	±	40	 312	±	20	 340	±	39	 383	±	38	

W	(MJ/m3)	 207	±	31	 166	±	59	 152	±	55	 309	±	20	 255	±	23	 111	±	26	

3.2.2	Preparation,	Structural	Characterization,	and	Mechanical	Analysis	of	Cold-Stretched	Fibers	

To	further	understand	the	mechanical	response	described	in	the	previous	section,	melt-drawn	fibers	

were	stretched	at	room	temperature	until	complete	propagation	of	the	neck	along	the	gauge	length.	The	

d-spacings	 of	 the	 (110)	 and	 (200)	 WAXS	 reflections	 from	 the	 resulting	 cold-stretched	 PCL80	 and	

PCL80(Ala2Ac)2/A	(5	wt%)	fibers	remained	at	4.2	Å	and	3.8	Å,	respectively,	but	in	all	cases	showed	a	

strong	 equatorial	 peak,	 regardless	 of	 the	 initial	 state	 of	 the	 fiber	 (Figure	 49).	 SAXS	 revealed	 a	

concomitant	 change	 from	 the	 isotropic	or	 two-point	patterns	and	a	 lamellar	 long	period	of	16.5	nm	

observed	in	the	as-spun	fibers	to	a	four-point	scattering	pattern	at	12.6	nm	in	the	meridional	direction	

(Figure	50).		This	was	interpreted	to	reflect	lamellar	slippage	and	tilt,	which	commonly	results	in	the	
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formation	 of	 chevron-type	 lamellar	 arrangements.303	 The	 cold-stretched	PCL80(Ala2Ac)2/A	 (5	wt%)	

fibers	 also	 showed	 low-angle	 streaks	 in	 the	 equatorial	 direction	 whose	 intensity	 was	 significantly	

greater	than	for	the	as-spun	fibers.	The	high	intensity	of	this	streaking	implied	a	high	concentration	of	

scattering	 entities,	 which	 would	 be	 inconsistent	 with	 scattering	 from	 oriented	 self-assembled	

nanofibers	alone.	Notably,	the	streak	is	absent	in	all	cold	drawn	PCL80	fibers,	which	suggests	a	facilitated	

formation	of	the	shish-like	structures	in	PCL80(Ala2Ac)2/A	(5	wt%)	materials.	

 

Figure	49. 2D	wide	angle	X-Ray	scattering	of	fibers	stretched	at	a)	200	°C,	b)	120	°C	and,	c)	70	°C	followed	by	stretching	at	

room	temperature	until	neck	depletion	of	PCL80(Ala2Ac)2/A	(5	wt%)	(top)	and	PCL80	(bottom),	along	with	the	d-spacings	of	

the	scattering	peak	maxima.	

 

Figure	50. 2D	small	angle	X-Ray	scattering	of	fibers	stretched	at	a)	200	°C,	b)	120	°C	and,	c)	70	°C	followed	by	stretching	at	

room	temperature	until	neck	depletion	of	PCL80(Ala2Ac)2/A	(5	wt%)	(top)	and	PCL80	(bottom),	along	with	the	d-spacings	of	

the	scattering	peak	maxima.	

As	in	the	case	of	the	as-spun	fibers,	the	tensile	properties	of	the	cold	stretched	PCL80	fibers	showed	little	

variation	 with	 the	 original	 drawing	 temperature,	 with	 the	 exception	 of	 Young’s	 modulus	 of	

307	±	10	MPa,	484	±	46	MPa	and	440	±	9	MPa	for	fibers	drawn	at	200	°C,	120	°C	and	70	°C	(Figure	51,	

Table	6).	However,	regardless	of	 the	structural	similarities	revealed	by	WAXS	and	SAXS,	cold-drawn	

PCL80(Ala2Ac)2/A	 (5	wt%)	 fibers	 materials	 showed	 a	 significant	 variation	 in	 tensile	 behavior,	
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depending	 on	 the	 temperature	 in	 the	 previous	melt	 stretching	 step.	 Cold-drawn	PCL80(Ala2Ac)2/A	

(5	wt%)	fibers	that	had	initially	been	melt-stretched	at	200	°C	showed	only	slight	increase	in	Young’s	

modulus,	yield	strength,	and	ultimate	strength	with	a	concomitant	decrease	in	strain	at	break.		

 

Figure	51. Tensile	stress-strain	curves	of	fibers	stretched	at	a)	200	°C,	b)	120	°C,	and	c)	70	°C	followed	by	stretching	at	

room	temperature	until	neck	depletion	of	PCL80(Ala2Ac)2/A	(5	wt%)	(blue)	and	PCL80	(black)	

Table 6.  Tensile yield strength, σy, tensile strength, σmax, tensile strain at break, εb, Young’s modulus, E, tensile energy at break, 

W of the PCL80 and PCL80(Ala2Ac)2/A (5 wt%) fibers stretched at room temperature until neck depletion and initially drawn at 70 °C, 

120 °C and 200 °C 

	
PCL80		
200	°C	

PCL80	
120	°C	

PCL80	
70	°C	

PCL80(Ala2Ac)2/A	
(5	wt%),	200	°C	

PCL80(Ala2Ac)2/A	
(5	wt%),	120	°C	

PCL80(Ala2Ac)2/A	
(5	wt%),	70	°C	

σy	(MPa)	 96	±	16	 114	±	5	 110	±	9	 132	±	10	 323	±	17	 93	±	4	

σmax	(MPa)	 259	±	35	 295	±	18	 276	±	7	 332	±	6	 555	±	30	 157	±	7	

εb	(%)	 129	±	2	 115	±	12	 138	±	25	 100	±	2	 91	±	17	 147	±	21	

E	(MPa)	 307	±	10	 484	±	46	 440	±	9	 403	±	10	 959	±	127	 307	±	17	

W	(MJ/m3)	 185.18	 191	±	24	 220	±	41	 174	±	6	 312	±	74	 158	±	27	

 

On	the	other	hand,	cold-drawn	PCL80(Ala2Ac)2/A	(5	wt%)	fibers	that	had	been	melt-stretched	at	70	°C	

showed	 a	 slight	 decrease	 in	 both	 Young’s	 modulus	 and	 ultimate	 strength.	 The	 most	 prominent	

difference	is	observed	in	the	cold-drawn	PCL80(Ala2Ac)2/A	(5	wt%)	fibers	that	had	been	melt-stretched	

at	120	°C	(Figure	51).	These	fibers	demonstrated	an	increase	in	Young’s	modulus	and	ultimate	strength	

to	959	±	127	MPa	and	555	±	30	MPa,	respectively,	which	 is	an	almost	two-fold	 increase	compared	to	

pristine	 PCL80	 fibers	 prepared	 in	 the	 same	 conditions.	 Additionally,	 the	 yield	 strength	 increased	 to	

323	±	17	MPa	 with	 a	 slight	 decrease	 in	 strain	 at	 break	 to	 91	±	17%	 compared	 to	 114	±	5	MPa	 and	



91 

115	±	12%,	 respectively,	 demonstrated	 by	 PCL80	 fibers	 prepared	 in	 this	 work,	 and	 290	MPa	 and	

69	±	13%,	respectively,	compared	to	the	PCL	fibers	reported	in	the	literature.304	Such	a	drastic	change	

in	mechanical	 response	 is	 explained	 by	 the	 orientation	 of	 the	 lamellar	 easy	 slip	 direction,	which	 is	

normal	to	their	plane,	and	parallel	to	the	stretching	direction	and	thus	diverts	from	the	maximum	shear	

stress	direction,	which	is	at	45°	to	uniaxial	stretching.	As	a	result,	the	lamellae	require	higher	stress	to	

yield	as	they	become	more	oriented.	Moreover,	the	extended	PCL	chain	crystals	are	fully	stretched	and	

act	as	rigid	reinforcements,	further	increasing	the	yield	strength	of	the	obtained	materials.		

3.3	Conclusions	

In	 summary,	 it	 was	 shown	 that	 the	 presence	 of	 a	 network	 of	 polymer-tethered	 β-sheet	 nanofibrils	

significantly	 facilitates	 the	 orientation	 of	 PCL	 chains	 in	 filaments	 prepared	 by	 rapid	 stretching	 of	

PCL80(Ala2Ac)2/A	(5	wt%)	compared	to	PCL80.	SAXS	revealed	that	PCL80(Ala2Ac)2/A	exhibited	a	shish-

kebab	morphology	with	 lamellae	 perpendicular	 to	 the	 stretching	 direction	 and	 PCL	 extended	 chain	

crystal	parallel	to	the	stretching	direction.	Fibers	with	this	newly	obtained	morphology	demonstrated	

an	increase	in	Young’s	modulus,	yield	strength,	and	ultimate	strength	to	959	±	127	MPa,	323	±	17	MPa,	

and	 555	±	30	MPa,	 respectively,	 compared	 to	 484	±	46	MPa,	 114	±	5	MPa,	 and	 295	±	18	MPa,	

respectively,	demonstrated	by	pristine	PCL80.		
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4.	Supramolecular	Modification	of	Poly(lactic	acid)	for	Improved	Nucleation	

4.1	Introduction	

Global	plastic	production	continues	to	increase	without	restraint	and	has	surpassed	460	Mt	in	2021.1–3	

The	majority	 of	 plastics	 produced,	 around	 75%,	 are	 derived	 from	 petroleum-based	 polymers,	 with	

polyolefins	comprising	more	than	50%	by	volume.	At	present,	open-loop	recycling	systems	for	post-

consumer	plastic	waste	are	only	available	 for	poly(ethylene)	(PE),	poly(propylene)	(PP),	and	bottle-

grade	 poly(ethylene	 terephthalate)	 (PET),	 with	 only	 the	 latter	 being	 recycled	 in	 significant	

quantities.12,299	As	a	result,	less	than	9%	of	plastics	are	currently	collected	for	recycling,	while	12%	of	

plastic	 waste	 is	 incinerated,	 and	 the	 remainder	 ends	 up	 in	 landfills	 or	 is	 released	 into	 the	

environment.226	 The	 incomplete	 degradation	 of	 plastic	waste	 and	microplastic	 particles	 contributes	

significantly	 to	 pollution	 and	 poses	 a	 severe	 threat	 to	 virtually	 every	 ecosystem	 on	 our	 planet.7,305	

Therefore,	the	plastic	waste	crisis	is	one	of	the	most	pressing	problems	that	humanity	needs	to	address,	

and	we	must	reconsider	which	materials	are	appropriate	for	a	circular	plastics	economy	in	the	future.226	

Although	there	is	no	single	optimal	approach	to	address	this	complex	systemic	problem,	bio-sourced	

and/or	 biodegradable	 materials,	 as	 well	 as	 chemical	 recycling	 to	 monomer,	 are	 promising	

complementary	elements	towards	a	circular	plastics	economy.	Bio-sourced	plastics,	particularly	those	

obtained	from	second	or	third-generation	renewable	feedstock,	are	expected	to	be	more	favorable	from	

a	life	cycle	assessment	(LCA)	perspective	as	they	help	conserve	fossil	fuel	resources	and	decrease	the	

carbon	footprint.17	Biodegradability,	while	not	a	universal	solution,	is	important	to	provide	additional	

end-of-life	alternatives	such	as	composting	and	to	mitigate	issues	associated	with	the	inevitable	release	

of	polymers	into	the	environment	during	production,	use,	and	disposal	or	recycling.18	Finally,	chemical	

recycling	to	monomer	through	depolymerization	under	mild	conditions	is	crucial	as	an	additional	end-

of-life	option	for	value	recovery	with	minimal	adverse	environmental	effects.12	

Looking	at	it	from	a	circular	plastics	economy	perspective,	biodegradable	polyesters	produced	through	

ring-opening	 polymerization	 (ROP)	 of	 monomers	 from	 renewable	 resources	 can	 be	 an	 attractive	

category	of	materials.	However,	for	sustainable	alternatives	to	commodity	plastics	to	be	successful,	they	

must	also	be	competitive	in	terms	of	processability	and	final	product	performance.	Among	the	potential	

candidates	 to	 replace	 petroleum-based	 polymers	 in	 packaging	 and	 other	 commodity	 applications,	

poly(lactide)	 or	 poly(lactic	 acid)	 (PLA)	 is	 considered	 one	 of	 the	 most	 promising.306	 PLA	 is	 a	
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biodegradable,	compostable,	chemically	recyclable,	and	biocompatible	thermoplastic	polyester	that	is	

stiff	 and	 has	 tensile	 strength	 similar	 to	 those	 of	 polystyrene	 (PS)	 or	 PET.	 In	 2021,	 PLA	 production	

amounted	to	400	kT	per	year,	which	is	about	20%	of	all	bioplastics	produced,	and	this	is	expected	to	

double	by	2026.307	However,	 inherent	brittleness	and	slow	crystallization,	which	 leads	 to	poor	heat	

resistance,	 post-processing	 aging	 or	 creep	 caused	 by	 insufficient	 crystallinity	 obtained	 during	 fast	

industrial	processing,	restrict	widespread	adoption	of	PLA.		

Adding	a	nucleating	agent	that	 lowers	the	surface	energy	penalty	during	the	formation	of	a	polymer	

nucleus	can	significantly	accelerate	polymer	crystallization.	For	example,	the	melting	temperature,	Tm,	

of	poly	(L-lactide)	(PLLA)	can	be	tuned	between	120	°C	and	the	thermodynamic	melting	point	of	around	

200	°C	depending	on	the	D-lactide	content,	molecular	weight,	and	crystallization	conditions.39,40,50,51	

Blending	0.1	wt%	of	high-melting-point	PLLA	(hPLLA,	Tm	=	187	°C)	with	a	standard	commercial	PLLA	

grade	 (e.g.,	 NatureWorks	 LLC,	 trade	 name	 4032D,	Tm	=	169	°C)	 led	 to	 an	 increase	 in	 crystallization	

temperature	of	the	latter	from	105	to	141	°C,	which	was	attributed	to	self-nucleation	effect.40	Another	

example	of	efficient	nucleating	agent	is	PLA	stereocomplex	obtained	by	mixing	PLLA	with	0.5–5	wt%	

with	poly	(D-lactide)		(PDLA).	The	stereocomplex	has	a	melting	temperature	of	215	°C	and	thus	do	not	

only	reduce	the	surface	energy	for	nucleation	of	PLLA	crystallization	but	also	act	as	physical	crosslinks	

in	the	melt	state	and	thus	significantly	increase	melt	strength.56,58	However,	D,D-lactide	is	currently	not	

readily	available	on	an	 industrial	 scale.63	Alternatively,	modifications	 to	 the	 chain	architecture	have	

been	 explored,	 including	 chain	 extenders,	 branching,	 or	 covalent	 cross-linking.99,308	 For	 instance,	

introducing	long-chain	branches	with	a	segment	length	above	the	entanglement	length	improves	the	

nucleation	of	PLA	crystallization,	increases	melt	strength	and	introduces	strain	hardening	during	melt	

deformation.99,102	

Addition	of	inorganic	additives	such	as	clay	or	talc	increase	the	crystallization	temperature	up	to	20	°C	

and	result	in	an	up	to	seven-fold	increase	in	crystallization	half	times.39	However,	unless	the	percolation	

threshold	of	the	dispersed	additive	is	achieved	(usually	>	30	wt%),	these	additives	act	as	a	plasticizer,	

reducing	polymer	melt	viscosity	and	glass	transition	temperature,	which	 is	detrimental	 in	processes	

requiring	on	melt	deformation.136,137	Nanoscopic	fillers	such	as	carbon	nanotubes,	nanoclay,	or	cellulose	

nanofibers	are	effective	nucleating	agents	that,	thanks	to	their	higher	surface	area	can	be	used	at	lower	

contents.139–143	Moreover,	such	nanoscopic	nucleating	agents	act	as	reinforcing	elements	that	increase	

melt	viscosity	and,	at	sufficiently	high	concentrations,	melt	elasticity.98	The	use	of	organic	nucleating	
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agents	 such	as	N,N,N-tricyclohexyl	benzenetricarboxylamide144	 that	 are	 soluble	 in	 the	PLA	melt	 and	

recrystallize	upon	cooling	is	beneficial	because	they	form	reversibly.	Moreover,	they	typically	exhibit	

better	interfacial	adhesion	and	remain	better	dispersed	in	the	polymer	matrix	at	higher	concentrations.	

Multivalent	hydrogen-bonded	ligands	have	also	been	used	for	the	supramolecular	modification	of	PLA.	

End-modification	with	self-complementary	ureidopyrimidinone	(UPy)	ligands,	for	instance,	resulted	in	

the	conversion	of	amorphous	PDLLA	with	an	actual	molecular	weight	of	7’000	into	materials	with	an	

apparent	molecular	weight	of	Mn	=	70’000.277	However,	the	reported	dissociation	temperature	of	UPy	

dimers	of	about	87	°C	limits	the	use	of	UPy	ligands	for	the	modification	of	semicrystalline	PLLA	because	

it	 is	 well	 below	 the	 melting	 temperature	 of	 the	 latter.	 In	 fact,	 the	 application	 of	 “supramolecular	

polymer”	 concepts	 to	 semicrystalline	 or	 glassy	 polymers	 has	 generally	 attracted	 little	 interest	 to	

date,277–282	because	end	group	aggregation	has	to	occur	above	polymer	crystallization	or	vitrification	

temperatures,	 and	 bulk	 properties	 were	 assumed	 to	 be	 dominated	 by	 the	 solid	 polymer.280,281,283	

Moreover,	due	to	the	increasing	dilution	of	the	polymer	end	groups	with	increasing	polymer	molecular	

weight,	 their	aggregation	becomes	thermodynamically	unfavorable	270–272	 so	that,	with	a	 few	notable	

exceptions,270–276	 most	 investigations	 have	 focused	 polymers	 at	 molecular	 weights	 well	 below	 the	

entanglement	threshold.	Consequently,	since	the	presence	of	a	well-developed	entanglement	network	

is	 a	 critical	 factor	both	 for	melt	properties	 and	mechanical	 resilience	 in	 the	 solid	 state,217,309,310	 	 the	

resulting	materials	 typically	 show	 low	melt	 strength,	 as	 well	 as	 low	 strength	 and	 brittle	 failure	 in	

tension.	We	have	recently	shown	that	these	limitations	of	supramolecular	networks	can	be	overcome	

by	the	specific	co-assembly	of	ditopic	hydrogen-bonded	end	groups	and	a	low	molecular	weight	additive	

based	on	the	same	supramolecular	motif	into	well-defined	nanofibrils	whose	aggregation	temperatures	

can	be	tailored	to	be	well	above	150	°C	even	in	high	molecular	weight	polymers.301	

Here,	 we	 show	 that	 blending	 of	 PLA	modified	with	 ditopic	 hydrogen-bonded	 end	 groups	with	 low	

molecular	weight	additive	based	on	the	same	supramolecular	motif	results	in	1,5	orders	of	magnitude	

decreases	in	crystallization	half-times	of	PLLA.	Such	a	drastic	increase	in	the	crystallization	rate	enables	

fast	processing	from	the	melt	directly	to	the	temperatures	around	the	glass	transition,	at	the	same	time,	

achieving	high	crystallinity.	To	this	end,	we	modified	amorphous	PDLLA	and	semicrystalline	PLLA,	both	

of	Mn	=	60’000,	with	acetyl-L-alanyl-L-alanyl	amide	A	end	groups	(PDLLA-A	and	PLLA-A,	respectively)	

which	are	ditopic,	self-complementary	self-assembling	unit	based	on	three-fold	hydrogen	bonding.	We	

then	 demonstrate	 that	 the	 blends	 of	PDLLA-A	 and	 2-ethylhexyl	 acetyl-L-alanyl-L-alanyl	 amide	 (A8)	
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exhibit	a	three-fold	decrease	in	the	width	of	A8	crystals	compared	to	non-modified	PDLLA/A8	blends	

due	to	the	compatibilization	effect	of	the	end-groups.	

4.2	Results	and	Discussion	

4.2.1	Materials	Design	and	Synthesis	

We	 synthesized	 both	 atactic	 PDLLA	 and	 stereoregular	 PLLA	 by	 bidirectional	 ring-opening	

polymerization	of	D,L-lactide	and	L,L-lactide,	respectively,	starting	from	diethylene	glycol.	A	molecular	

weight	of	Mn	=	60’000	was	chosen	in	both	cases	because	it	was	considered	to	be	sufficiently	above	the	

entanglement	molecular	weight	of	PLA	of	 about	Me	 =	9’000	 to	have	a	 fully	developed	entanglement	

network	and	possess	mechanical	properties	similar	to	commercial	PLA.26	The	corresponding	telechelic	

PDLLA-A	and	PLLA-A	(Figure	52),	both	end-modified	with	acetyl-L-alanyl-L-alanine	end	groups	with	a	

nominal	weight	fraction	of	≈	1	wt%,	were	then	synthesized	by	Steglich	esterification	the	hydroxyl	end	

groups	of	PDLLA	and	PLLA,	respectively,	with	N-Cbz-L-alanine	using	DMAP/DCC	as	coupling	promoter,	

followed	by	deprotection	using	Me3SiI,	and	a	final	amide	coupling	with	acetyl-L-alanyl-L-alanine	using	

PyBOP/DIPEA	as	the	coupling	reagent.	PDLLA-A	and	PLLA-A	were	obtained	in	yields	of	37%	and	53%	

over	 three	 steps,	 with	 a	 degree	 of	 functionalization	 of	 f	=	 2.0	 according	 to	 1H	 NMR	 spectroscopy	

(Figure	53).	 The	 dipeptide	 end	 groups	were	 chosen	 as	 self-complementary	 and	 ditopic	 ligands	 that	

mimic	 the	 nanofibril-forming	 L-alanine-rich	 segments	 in	 silk	materials,311	 and	 are	 expected	 to	 self-

assemble	into	helically	twisted	β-sheet	nanofibrils.312	These	aspects	are	relevant	to	allow	for	dynamic	

co-assembly	 with	 a	 corresponding	 low-molecular	 weight	 additive,	 2-ethylhexyl	N-acetyl-L-alanyl-L-

alanyl	amide	A8	in	the	blends	PDLLA-A/A8	and	PLLA-A/A8.	The	blends	of	the	additive	A8	and	non-

functionalized	polymers	PDLLA/A8	and	PLLA/A8	served	as	reference	materials	to	investigate	the	effect	

of	the	polymer	end	groups	on	materials	structure	and	properties.	

 

Figure	52. Chemical	structures	of	telechelic	PDLLA-A	and	PLLA-A	(x	=	420),	functionalized	with	acetyl-L-alanyl-L-alanine	

end	groups		and	the	corresponding	additive	2-ethylhexyl	N-acetyl-L-alanyl-L-alanyl-amide	A8.	
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Figure	53. Synthesis	 of	 end-modified	 polymers.	 	 Reagents	 and	 conditions:	 	 a)	 L,L-lactide	 or	 D,L-lactide	 (416.0	 equiv.),	

diethylene	glycol	(1.0	equiv.),	tin(II)	2-ethylhexanoate	(0.8	equiv.),	toluene,	reflux,	4	h,	yields	82.5	%	(PLLA),	71.7	%	(PDLLA);		

b)	PLLA-OH	or	PDLLA-OH	(1.0	equiv.),	N-carbobenzoxy-L-alanine	(20	equiv.),	N,N'-dicyclohexylcarbodiimide	(10	equiv.),	4-

N,N-dimethylamino)pyridine	 (12	 equiv.),	 dry	 DCM,	 12	h,	 yields	 92.9	%	 (PLLA),	 81.3	%	 (PDLLA);	 	 c)	 PLA-Cbz	 (1.0	 equiv.),	

trimethylsilyl	iodide	(40	equiv.),	dry	DCM,	2	h,	yields	82.9	%	(PLLA),	71.6	%	(PDLLA);		d)	PLA-NH2	(1.0	equiv.),	PyBOP,	DIPEA,	

THF,	 acetyl-L-alanyl-L-alanine	 (2.1	equiv.)	 room	 temperature,	16	h,	 yields	80.3%	(PLLA),	70.1%	(PDLLA).	 1H	NMR	spectra	

(CDCl3,	400	MHz)	of	PLLA,	PLLA-Cbz,	PLLA-NH2	and	PLLA-B5.	

4.2.2	Morphology	and	Thermal	Properties	of	PDLLA-A/A	and	PDLLA/A	blends		

Solid-state	IR	spectroscopy	of	PDLLA-A/A8	and	PLLA-A/A8	blends	as	well	as	PDLLA/A8	and	PLLA/A8	

reference	blends	at	room	temperature	showed	single	amide	A	(N-H	stretching)	and	single	sharp	amide	

I	(C=O	stretching)	bands	at	around	3280	cm–1	and	1630	cm–1,	respectively,	which	are	the	same	as	those	

in	pure	A8	(Figure	54).	These	peak	positions	are	characteristic	of	N–H	and	C=O	stretching	vibrations	of	

amide	groups	that	are	part	of	resonance-enhanced	arrays	of	N-H···O=C	hydrogen	bonds	in	antiparallel	

β-sheet-like	aggregates	and	are	further	confirmed	by	the	absence	of	additional	amide	A	bands	around	

3290	cm–1	 that	would	indicate	the	presence	of	parallel	β-sheet	aggregates.	Notably,	neither	the	pure	

PDLLA-A	 nor	 pure	PLLA-A	 materials	 showed	 absorption	 peaks	 corresponding	 to	 the	 formation	 of	

antiparallel	 β-sheet-like	 aggregates,	 thus	 implying	 that	 acetyl-L-alanyl-L-alanine	 end	 groups	 with	 a	

nominal	 concentration	 of	 1	wt%	 did	 not	 self-assemble	 in	 the	 PLA	 matrix,	 in	 the	 absence	 of	 the	

reinforcement	provided	by	the	A8	additive.	
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Figure	54. Solid-state	 FTIR	 spectra	 measured	 in	 transmission	 of	 film	 samples	 of	 a,b)	 PDLLA-A/A8	 blends	 (red)	 and	

PDLLA/A8	reference	blends	(blue),	and	of	c,d)	PLLA-A/A8	blends	(red)	and	PDLLA/A8	reference	blends	(blue)	at	different	

concentrations	of	the	additive	A8	obtained	upon	cooling	from	the	melt	to	room	temperature	(10	°C/min),	showing	the	positions	

of	the	N–H	stretching	(3278–3282	cm–1)	and	C=O	stretching	(1628–1630	cm–1)	vibrations	of	amide	groups	that	are	part	of	

antiparallel	b-sheet-like	structures.	

Thermal	 transitions	of	PDLLA/A8	 and	PDLLA-A/A8	 blends	were	 characterized	by	DSC	heating	 and	

cooling	scans	performed	at	a	rate	of	10	°C/min.	Neither	PDLLA/A8	nor	PDLLA-A/A8	demonstrated	a	

shift	in	PLA	glass	transition,	which	remained	at	53	°C	at	all	concentrations,	suggesting	that	molecularly	

dissolved	A8	did	not	act	as	an	antiplasticizer	in	the	polymer	matrix.	While	the	bulk	melting	temperature	

of	the	pure	additive	A8	was	observed	at	TA8	=	229	°C,	the	additive	showed	a	pronounced	melting	point	

depression	in	the	blends	PDLLA/A8,	with	Tblend	=	143	°C	at	an	additive	concentration	of	0.5	wt%	which	

first	increased	with	additive	concentration	and	then	leveled	off	at	a	concentration	of	4	wt%	towards	a	

temperature	of	Tblend	=	185	°C.	Again,	the	pure	end-modified	PDLLA-A	showed	no	additional	thermal	
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transition,	suggesting	the	absence	of	the	aggregated	end	groups,	in	agreement	with	FTIR	spectroscopy.	

Upon	 the	 addition	 of	A8,	 however,	 the	 PDLLA-A/A8	 blends	 showed	 an	 even	 larger	 melting	 point	

depression	 and	 lower	melting	 enthalpies	 compared	 to	 the	 PDLLA/A8	 reference	 blends	 at	 the	 same	

concentrations	 (Figure	 55).	 These	 observations	 can,	 for	 instance,	 be	 explained	 by	 a	 higher	 degree	

dispersion	of	the	A8	aggregates	caused	by	polymer	end-groups	acting	as	a	surfactant,	which	leads	to	a	

higher	 surface	 area.	 Additionally,	 there	may	 be	 the	 presence	 of	 additional	 defects	 in	A8	 aggregates	

caused	by	the	inclusion	of	the	polymer	end-groups,	as	well	as	a	loss	of	conformational	entropy	of	the	

polymer	chain	in	the	vicinity	of	the	end-group	tethering	to	the	A8	aggregates.		

 

Figure	55. a)	DSC	heating	scans	(heating	rate	10	°C/min)	of	PDLLA-A/A8	blends	(red)	and	PDLLA/A8	reference	blends	

(blue),	 indicating	melting	 of	 the	A8	aggregates	 at	 different	 concentrations.	 	b)	 Phase	 diagram	of	 the	 blends	 derived	 from	

endothermal	transitions	in	DSC	heating	scans.	

Optical	 microscopy	 experiments	 were	 performed	 to	 understand	 the	 phase	 behavior	 at	 elevated	

temperatures.	 At	 all	 investigated	 concentrations,	 PDLLA/A8	 blends	 showed	 macroscopic	 phase	

separation	 of	 A8	 into	 a	 network	 of	 needle-like	 crystals	 at	 temperatures	 up	 to	 the	 dissociation	

temperatures	Tblend	observed	in	DSC,	and	optically	homogeneous	solutions	of	A8	in	the	polymer	melt	

above	 that	 temperature.	 Similarly,	PDLLA-A/A8	blends	 at	 additive	 concentrations	>	2	wt%	showed	

macroscopic	phase	separation	into	spherically	shaped	domains	at	temperatures	up	to	Tblend.	By	contrast,	

the	 PDLLA-A/A8	 blends	 at	 additive	 concentrations	 ≤	2	wt%	 remained	 homogeneous	 at	 any	

temperature,	 suggesting	 the	 formation	 of	 the	 nanoscopic	 aggregates	 (Figure	 56).	 Atomic	 force	

microscopy	 (AFM)	 imaging	 (Figure	 57)	 of	 PDLLA-A/A8	 blends	 at	 additive	 concentrations	 below	

(0.5	wt%),	 around	 (1.5	wt%),	 and	 above	 (4	wt%)	 the	 threshold	 for	 macroscopic	 phase	 separation	

showed	 the	 formation	 of	 needle-like	 crystals	 with	 lateral	 dimensions	 of	 31	±	5	nm,	 34	±	4	nm	 and	

38	±	7	nm,	respectively.	
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Figure	56. Optical	micrographs	(bright	field)	obtained	at		a,c)	70	°C	and	at		b,d)	200	°C	of	PDLLA-A/A8	blends	(top)	and	of		

PDLLA/A8	reference	blends	(bottom),		each	below	the	onset	of	PDLLA-A/A8	macrophase	separation	at	2	wt%	(a	and	b)	and	

above	the	onset	at	4	wt%	(c	and	d)	

These	crystals	were	thus	significantly	smaller	than	those	observed	in	the	reference	blends	at	the	same	

additive	concentrations,	of	114	±	32	nm	(0.5	wt%),	135	±	39	nm	(1.5	wt%),	and	104	±	45	nm	(4	wt%).	

Nevertheless,	 the	 additive	 precipitates	 in	 the	 PDLLA-A/A8	 blends	 exhibited	 the	 same	 needle-like	

crystal	morphology,	a	very	similar	aspect	ratio,	and	lateral	dimensions	that	were	many	times	larger	than	

the	width	of	a	single	stack	of	an	individual	A8	β-sheet	tape	of	about	1.5	nm,	implying	that	they	were	

crystalline	 structures	 albeit	 with	 nanoscale	 dimensions.	 This	 is	 in	 marked	 contrast	 with	 PDLLA	

materials	end-modified	with	benzenetricarboxamide	(BTA)	end	groups	and	their	blends	with	a	triamyl	

benzenetricarboxamide	 additive	 investigated	 previously,	 where	 we	 had	 observed	 a	 network	 of	

nanofibrils	that	had	much	significantly	smaller	 lateral	dimensions,	were	compliant,	and	aligned	with	

one	another	at	a	periodic	spacing	commensurate	with	the	dimensions	of	employed	polymer	segments	

and	hence	interpreted	as	formed	from	a	single	stack	of	co-assembled	polymer	end	groups	and	additive	

molecules.	We	attribute	this	difference	in	behavior	to	the	fact	that	the	solubility	of	the	acetyl-L-alanyl-L-

alanine	end	groups	in	the	PDLLA	matrix	is	too	high	for	them	to	be	effective	as	a	surfactant,	due	to	their	
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structural	similarity	with	the	PDLLA	repeating	unit,	featuring	even	an	identical	spacing	and	orientation	

of	 the	 respective	 carbonyl	 groups	 as	 hydrogen-bond	 acceptors.	 In	 good	 agreement	 with	 this	

interpretation,	temperature-dependent	oscillatory	shear	rheology	revealed	a	noticeable	increase	in	the	

melt	 modulus	 compared	 to	 pristine	 PDLLA,	 but	 no	 significant	 difference	 between	 PDLLA/A8	 and	

PDLLA-A/A8	(Figure	58)		

 

Figure	57. AFM	 phase	 images	 of	PDLLA-A/A8	blends	 (top)	 and	 PDLLA/A8	 reference	 blends	 (bottom)	 at	 70	°C	 at	 	 a)	

0.5	wt%,		b)	1.5	wt%,	and		c)	4	wt%	of	A8	revealed	better	dispersion	of	the	needle-like	crystals	of	A8	in	the	PDLLA-A/A8	blends	

with	 widths	 of	 31	±	5	nm,	 34	±	4	nm,	 and	 38	±	7	nm,	 respectively,	 compared	 to	 widths	 of	 114	±	32	nm,	 135	±	39	nm	 and	

104	±	45	nm,	respectively,	in	the	PDLLA/A8	reference	blends.	

 

Figure	58. Temperature-dependent	oscillatory	shear	rheology	(cooling	rate	10	°C/min,	1	rad/s,	strain	1%)	of	PDLLA-A/A8	

blends	 (red),	PDLLA/A8	 reference	blends	 (blue),	 and	pristine	PDLLA	 (grey)	 at	 	a)	 1.5	wt%	and	 	b)	 4	wt%	of	A8;	 storage	

modulus	–	solid	line;	loss	modulus	–	dotted	line.	
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4.2.3	Thermal	Properties	of	PLLA-A/A	and	PLLA/A	blends	

Although	AFM	imaging	in	the	semicrystalline	PLLA-A/A8	blends	and	PLLA/A8	reference	blends	was	

impeded	by	the	crystalline	domains	of	the	PLLA	matrix,	the	fact	that	both	the	FTIR	band	positions	and	

DSC	transition	temperatures	were	virtually	identical	to	those	observed	in	the	amorphous	PDLLA-A/A8	

and	 PDLLA/A8	 materials	 (see	 above)	 gives	 confidence	 that	 the	 phase	 behavior	 of	 the	 additive	A8	

remained	the	same,	implying	a	better	dispersion	of	A8	nancrystals	in	the	PLLA-A/A8	blends	than	in	

non-modified	 PLLA	 materials.	 Accordingly,	 while	 the	 pure	 end-modified	 PLLA-A	 exhibited	 similar	

crystallization	onset	temperature	of	Tc	=	124	°C	as	non-modified	PLLA	(Tc	=	122	°C),	according	to	the	

DSC	cooling	scans	at	a	rate	of	10	°C/min	(Figure	59),	the	crystallization	temperatures	steeply	increased	

with	 additive	 concentration	 in	 the	 blends	 PLLA-A/A8	 and	 leveled	 off	 at	 Tc	 =	 149	°C	 for	 additive	

concentrations	 ≥	2	wt%.	 This	 increase	 in	 crystallization	 temperatures	 was	 significantly	 more	

pronounced	than	in	the	PLLA/A8	reference	blends	where	they	leveled	off	at	Tc	=	138	°C.	Moreover,	it	is	

interesting	to	note	that,	for	additive	concentrations	≤	2	wt%,	the	crystallization	onset	of	PLLA	coincided	

exactly	with	the	dissociation	temperatures	TA8	that	had	been	observed	in	the	amorphous	PDLLA-A/A8	

blends,	 suggesting	 that	 the	 formation	 of	 nanoscopic	 aggregates	 instantaneously	 nucleated	 PLLA	

crystallization	(Figure	59c).	

 

Figure	59. a)	DSC	cooling	scans	(cooling	rate	10	°C/min)	of	PLLA-A/A8	blends	(red),	PLLA/A8	reference	blends	(blue),	

and	PLLA	(black),	indicating	the	crystallization	temperatures	of	the	PLLA	matrix	and	A8	crystals	at	different	concentrations	of	

A8.		b)	Exothermal	transition	temperatures	observed	in	DSC	of	A8	(squares)	and	onset	of	PLLA	crystallization	(circles)	in	PLLA-

A/A8	blends	and	PLLA/A8	reference	blends.	 	c)	Exothermal	 transition	temperatures	of	A8	 crystallization	 in	PDLLA-A/A8	

blends	(triangles)	and	onset	of	PLLA	crystallization	in	PLLA-A/A8	blends	(circles).	
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Isothermal	 crystallization	 experiments	were	 performed	 by	 rapidly	 cooling	 the	 polymer	melt	 to	 the	

desired	 crystallization	 temperature	 of	 140	°C	 (Figure	 60).	 Crystallization	 half-times	 on	 the	 order	 of	

𝜏)/* =	 0.4–1	min	 and	 an	 average	 spherulite	 size	 of	 8	μm	were	 observed	 for	 all	PLLA-A/A8	 blends,	

irrespective	of	additive	concentration.	The	crystallization	half	times	were	thus	more	than	one	order	of	

magnitude	 lower	 than	 those	 observed	 for	 the	PLLA/A8	 reference	blends	 at	 additive	 concentrations	

≥	2	wt%	(𝜏)/* =	10	min,	spherulite	size	30	µm)	and	a	PLLA	blend	with	2	wt%	of	talc	(𝜏)/* =	7.6	min).	

 

Figure	60. DSC	 isothermal	crystallization	curves	at	140	°C	 for	 	a)	PLLA-A/A8	blends	(red)	and	 	b)	PLLA/A8	reference	

blends	(blue)	at	different	concentrations	of	A8.		c)	Crystallization	half	times	determined	from	isothermal	DSC	experiments	for	

PLLA-A/A8	blends	(red),	PLLA/A8	reference	blends	(blue),	and	PLLA/talc	(2	wt%)	(green).	 	d)	SEM	images	of	PLLA-A/A8	

blends	(top)	and	PLLA/A8	reference	blends	(bottom)	at	4	wt%	of	A8.	

 

Figure	61. Injection	molding	from	the	melt	200	°C	into	a	toy	brick-shaped	mold	at	a	mold	temperature	of	80	°C	of	PLLA	

(left)	and	PLLA-A/A8	(4	wt%)	(right).	

The	 superior	 processing	 properties	 of	 the	 PLLA-A/A8	 (4	wt%)	 materials	 compared	 to	 PLLA	 were	

demonstrated	by	injection	molding	from	the	melt	at	200	°C	into	a	toy	brick	mold	at	a	mold	temperature	
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of	80	°C	(Figure	61).	The	resulting	material	fully	crystallized	immediately,	maintained	its	shape	upon	

demolding,	and	exhibited	excellent	feature	fidelity	as	well	as	perfect	“clutch	work”	with	commercial	toy	

bricks.	By	comparison,	injection-molded	specimens	using	PLLA	apparently	only	partially	crytsllized	and	

therefore	remained	softer,	so	that	they	deformed	upon	removal	from	the	mold.		

4.3	Conclusions	

In	summary,	atactic	PDLLA	and	stereoregular	PLLA,	both	of	Mn	=	60’000,	were	modified	with	acetyl-L-

alanyl-L-alanyl	end-groups	(PDLLA-A	and	PLLA-A,	respectively)	and	blended	with	the	low	molecular	

weight	additive	2-ethylhexyl	N-acetyl-L-alanyl-L-alanyl	amide	A8.	The	PDLLA-A/A8	blends	showed	a	

three-fold	decrease	in	the	width	of	A8	crystals	compared	to	non-modified	PDLLA/A8	blends,	which	led	

to	an	increase	in	crystallization	onset	temperature	of	PLLA	matrix	up	to	Tc	=	148	°C	and	a	decrease	in	

crystallization	half-times	to	𝜏)/*	=	0.5	min,	compared	to	Tc	=	138	°C	and	𝜏)/*	=	10	min	of	non-modified	

PDLLA/A8	blends.	Such	a	drastic	increase	in	the	crystallization	rate	enables	fast	processing	from	the	

melt	 directly	 to	 the	 temperatures	 around	 the	 glass	 transition,	 at	 the	 same	 time,	 achieving	 high	

crystallinity	should	significantly	reduce	in	cycle	times	and	increase	the	heat	resistance	and	creep	of	the	

obtained	items.	
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5.	Supramolecular	Modification	of	Poly(lactic	acid)	 for	 Improved	Nucleation	and	Melt	

Strength	

5.1	Introduction		

Global	plastics	production	continues	to	grow	unabatedly	and	has	reached	over	460	Mt	in	2021.1–3	About	

75%	of	the	all	plastics	produced	are	based	on	petroleum-based	polymers,	with	polyolefins	amounting	

to	more	than	50%	by	volume.	Open-loop	recycling	streams	for	post-consumer	waste	plastics	currently	

only	exist	for	poly(ethylene)	(PE),	poly(propylene)	(PP),	and	bottle-grade	poly(ethylene	terephthalate)	

(PET),	but	only	 the	 latter	 is	 recycled	 in	meaningful	 amounts.12,299	 Consequently,	 less	 than	9	%	of	 all	

plastics	 are	 currently	 collected	 for	 recycling,	 another	12%	of	 plastic	waste	 is	 incinerated,	while	 the	

remainder	ends	up	 in	 landfill	or	 leaks	 into	 the	environment.226	The	pollution	with	plastic	waste	and	

microplastic	 particles	 as	 a	 result	 of	 incomplete	 degradation	 poses	 a	 severe	 threat	 to	 virtually	 any	

ecosystem	on	this	planet.7,305	The	plastic	waste	crisis	is	hence	one	of	the	most	imminent	problems	for	

mankind	to	address	and	will	require	reconsidering	which	materials	are	suitable	for	a	future	circular	

plastics	economy.226		

While	 this	 is	 a	 complex	 systemic	 problem	 for	which	 there	 is	 no	 singular	 best	 strategy,	 bio-sourced	

and/or	 biodegradable	 materials,	 as	 well	 as	 chemical	 recycling	 to	 monomer	 may	 be	 considered	 as	

promising	complementary	elements	 towards	a	circular	plastics	economy.	Thus,	bio-sourced	plastics,	

particularly	 those	 where	 the	 monomers	 are	 obtained	 from	 second	 or	 third	 generation	 renewable	

feedstock,	promise	to	be	more	favorable	from	a	life	cycle	assessment	(LCA)	perspective,	mainly	because	

they	help	save	fossil	fuel	resources	and	reduce	carbon	footprint.17	Biodegradability,	while	perhaps	not	

a	universal	solution	due	to	the	complexities	of	controlling	degradation	in	various	environments,	will	

nevertheless	be	important	to	both	provide	additional	end-of-life	options	such	as	composting	and	to	help	

mitigate	 problems	 associated	with	 the	 inevitable	 leakage	 of	 polymers	 into	 the	 environment	 during	

production,	 use,	 and	 disposal	 or	 recycling.18	 Finally,	 chemical	 recycling	 to	 monomer	 by	

depolymerization	under	mild	conditions	will	be	important	as	an	additional	end-of-life	option	for	value	

recovery	with	minimal	adverse	environmental	effects.12	

From	 that	perspective,	biodegradable	polyesters	obtained	via	 ring-opening	polymerization	 (ROP)	of	

monomers	 from	 renewable	 resources	 can	 be	 seen	 as	 an	 attractive	 class	 of	 materials	 for	 a	 circular	

plastics	 economy.	 However,	 sustainable	 alternatives	 to	 commodity	 plastics	 will	 also	 have	 to	 be	
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competitive	 in	 terms	 of	 processability	 and	 final	 product	 performance,	which	may	 explain	why	 bio-

sourced	 and	 biodegradable	 plastics	 currently	 account	 for	 far	 less	 than	 1%	 of	 the	 global	 plastics	

production.	Poly(lactide),	commonly	also	referred	to	as	poly(lactic	acid)	(PLA),	is	considered	one	of	the	

most	promising	candidates	to	replace	petroleum-based	polymers	in	packaging	and	other	commodity	

applications.306	 It	 is	 a	 biodegradable,	 compostable,	 chemically	 recyclable,	 and	 biocompatible	

thermoplastic	polyester	that	is	glassy	at	room	temperature,	resulting	in	stiffness	and	tensile	strength	

similar	to	those	of	polystyrene	(PS)	or	PET.	PLA	production	amounted	to	400	kT	per	year	in	2021,	which	

corresponds	 to	 about	 20%	 of	 all	 bioplastics	 produced	 and	 is	 expected	 to	 double	 by	 2026.307	 High	

molecular	weight	PLA	is	produced	by	ring-opening	polymerization	of	enantiopure	L,L-lactide,	D,D-lactide	

or	achiral	D,L-lactide,	resulting	in	semicrystalline	stereoregular	PLLA	and	PDLA	or	amorphous	atactic	

PDLLA,	respectively.313,314	Among	the	performance	limitations	of	PLA	materials	that	have	so	far	limited	

their	wider	adoption	are	poor	melt	strength,	slow	crystallization,	poor	heat	resistance,	post-processing	

ageing	or	creep,	as	well	as	their	inherently	brittle	behavior.306,315–317		

Various	 approaches	 have	 been	 explored	 to	 address	 some	 of	 these	 shortcomings.	 For	 instance,	 PLA	

stereocomplex	obtained	by	mixing	PLLA	with	0.5–5	wt%	PDLA	have	a	melting	temperature	of	215	°C	

and	thus	do	not	only	reduce	the	surface	energy	for	nucleation	of	PLLA	crystallization	but	also	act	as	

physical	 crosslinks	 in	 the	melt	 state	and	 thus	 significantly	 increase	melt	 strength.56,58	However,	D,D-

lactide	is	currently	not	readily	available	on	an	industrial	scale.63	Alternatively,	modifications	to	the	chain	

architecture	have	been	explored,	including	chain	extenders,	branching,	or	covalent	cross-linking.99,308	

For	 instance,	 introducing	 long-chain	branches	with	a	segment	 length	above	the	entanglement	 length	

improves	the	nucleation	of	PLA	crystallization,	increases	melt	strength	and	introduces	strain	hardening	

during	melt	deformation.99,102		

Blends	of	PLA	with	other	sustainable	polymers	like	poly(butylene	adipate-co-butylene	terephthalate)	

(PBAT),	poly(butylene	succinate-co-butylene	adipate)	(PBSA),	or	poly(e-caprolactone)	(PCL)	have	been	

used	 to	 increase	 toughness	 and	melt	 strength,98	 typically	 complemented	with	 the	 use	 of	 nucleating	

agents	to	simultaneously	increase	the	PLA	crystallization	rate.	To	this	end,	inorganic	additives	such	as	

calcium	carbonate,	clay,	or	talc	increase	the	crystallization	temperature	by	up	to	20	°C	and	result	in	an	

up	to	seven-fold	increase	in	crystallization	half	times.39	Nanoscopic	fillers	such	as	carbon	nanotubes,	

nanoclay,	or	cellulose	nanofibers	are	effective	nucleating	agents	that,	thanks	to	their	higher	surface	area	

can	be	used	at	 lower	contents.139–143	Moreover,	 such	nanoscopic	nucleating	agents	act	 as	 reinforcing	
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elements	that	increase	melt	viscosity	and,	at	sufficiently	high	concentrations,	melt	elasticity.98	The	use	

of	organic	nucleating	agents	that	are	soluble	in	the	PLA	melt	and	recrystallize	upon	cooling	is	beneficial	

because	 they	 form	 reversibly,	 which	 improves	 recyclability.	 Moreover,	 they	 typically	 exhibit	 better	

interfacial	 adhesion	 and	 remain	 better	 dispersed	 in	 the	 polymer	 matrix	 at	 higher	 concentrations.	

Particularly	 beneficial	 are	 hydrogen-bonded	 organic	 nucleating	 agents,	 such	 as	 1,3,5-

benzenetricarboxylamide	 (BTA)	 derivatives	 that	 form	 crystals	with	 high	 aspect	 ratio	 driven	 by	 the	

combination	of	π-stacking	of	the	central	benzene	units	and	three-fold	hydrogen	bonding	of	the	amide	

substituents.150–154	 For	 instance,	 tricyclohexyl	 BTA	 has	 been	 found	 to	 both	 significantly	 increase	

crystallization	rate	and	change	the	PLA	microstructure	to,	for	instance,	shish-kebab-like	and	needle-like	

structures.151,157	Moreover,	the	addition	of	tricyclohexyl	BTA	increases	melt	strength,	which	has	been	

attributed	 to	 the	 formation	 of	 percolation	 networks	 of	 BTA	 crystals.	 Very	 often,	 however,	 it	 is	 only	

possible	to	address	a	subset	of	the	perceived	shortcomings;	for	instance,	the	melt	processing	of	PLLA	

under	large	melt	deformation	typically	requires	starting	from	specimens	quenched	into	an	amorphous	

state	and	processing	upon	reheating	to	below	the	melting	temperature,	but	this	precludes	the	use	of	

nucleation	agents	and	thus	comes	at	the	expense	of	undesirably	high	cycle	times,	lower	thermal	stability,	

and	post-processing	ageing	and	creep.	

Multivalent	hydrogen-bonded	ligands	have	also	been	used	for	the	supramolecular	modification	of	PLA.	

End-modification	with	self-complementary	ureidopyrimidinone	(UPy)	ligands,	for	instance,	resulted	in	

the	 conversion	 of	 amorphous	 PLA	with	 an	 actual	molecular	weight	 of	 7’000	 into	materials	with	 an	

apparent	molecular	weight	of	Mn	=	70’000,277	or	for	the	formation	of	supramolecular	block	copolymers	

with	 poly(γ-methyl-ε-caprolactone)24	 and	 poly(butadiene)25	 that	 exhibited	 a	 significant	 increased	

ductility.	However,	the	reported	dissociation	temperature	of	UPy	dimers	of	about	87	°C	limits	the	use	of	

UPy	 ligands	 for	 the	 modification	 of	 semicrystalline	 PLLA	 because	 it	 is	 well	 below	 the	 melting	

temperature	of	the	latter.	While	BTA	derivatives	have	successfully	been	used	for	the	supramolecular	

modification	of	other	types	of	polymer,320	and	although	they	are	important	as	nucleating	agents	for	PLA,	

the	supramolecular	modification	of	PLA	with	BTA	end	groups	has	never	been	explored	to	date.	In	fact,	

the	 application	 of	 “supramolecular	 polymer”	 concepts	 to	 semicrystalline	 or	 glassy	 polymers	 has	

generally	 attracted	 little	 interest	 to	 date,277–282	 because	 end	 group	 aggregation	 has	 to	 occur	 above	

polymer	 crystallization	 or	 vitrification	 temperatures,	 and	 bulk	 properties	 were	 assumed	 to	 be	

dominated	by	the	solid	polymer.280,281,283			
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Here,	we	show	how	end	group	modification	of	PLLA	with	ditopic	hydrogen-bonded	end	groups	and	their	

co-assembly	with	a	low	molecular	weight	additive	based	on	the	same	supramolecular	motif	results	in	

materials	that	synergistically	combine	the	processing	and	performance	advantages	of	chain	extenders,	

nucleating	 agents,	 and	melt	 reinforcing	 elements.	 To	 this	 end,	we	modified	 amorphous	 PDLLA	 and	

semicrystalline	PLLA,	both	of	Mn		=	60’000,	with	diisopentyl	BTA	end	groups	(PDLLA-B5	and	PLLA-B5)	

and	blended	them	with	triisopentyl	BTA	(B5).	Our	results	demonstrate	that	the	specific	co-assembly	of	

BTA	polymer	end	groups	and	the	BTA	additive	results	in	a	supramolecular	network	of	polymer-bridged	

self-assembled	“single-stack”	nanofibrils.	The	polymer-tethered	nanofibrils,	first	of	all,	serve	as	highly	

efficient	 nucleating	 agents	 for	 PLLA	 crystallization.	 Secondly,	 the	 physical	 network	 acts	 like	 a	

supramolecular	chain	extender	and			drastically	increases	the	melt	strength	of	PLLA,	which	opens	a	new	

processing	 temperature	window	 for	 non-quenched	PLLA	 above	 the	PLLA	melting	 temperature.	 The	

combination	of	 these	 features	has	allowed	us	 to	melt-process	well-nucleated	PLLA	specimens	under	

realistic	processing	conditions	that	show	drastically	improved	thermal	stability	and	low	ageing	or	creep.		

5.2	Results	and	Discussion	

5.2.1	Materials	Design	and	Synthesis	

We	 synthesized	 hydroxy-telechelic	 atactic	 PDLLA	 and	 stereoregular	 PLLA	 by	 ring-opening	

polymerization	of	D,L-lactide	and	L,L-lactide,	respectively,	initiated	with	diethylene	oxide.	A	molecular	

weight	of	Mn	=	60’000	was	chosen	in	both	cases	because	it	was	considered	to	be	sufficiently	above	the	

entanglement	molecular	weight	of	PLA	of	around	Me	=	9’000	to	have	a	fully	developed	entanglement	

network	and	possess	mechanical	properties	similar	to	commercial	PLA.26	The	corresponding	telechelic	

PDLLA-B5	and	PLLA-B5	(Figure	62),	both	modified	with	N,N’-diisopentyl	BTA	end	groups,	were	then	

synthesized	by	coupling	of	N-Cbz-L-alanine	to	the	PDLLA	or	PLLA	end	groups	by	a	Steglich	esterification	

using	N,N'-dicyclohexylcarbodiimide	followed	by	deprotection	using	Me3SiI,	and	a	final	amide	coupling		

to	3,5-Bis(3-methylbutylcarbamoyl)benzoic	acid	using	PyBOP/DIPEA	as	the	coupling	reagent.	PDLLA-

B5	and	PLLA-B5	were	obtained	in	yields	of	40%	and	60%	over	three	steps,	respectively,	both	with	a	

degree	of	functionalization	of	f	=	2.0	according	to	1H	NMR	spectroscopy	(Mn	=	70’500,	dispersity	of	Đ	

=	1.22	and	Mn	=	67’000,	Đ	=	1.20,	respectively,	according	to	GPC)	(Figure	63).	We	chose	this	type	of	end	

groups	because	BTA	derivatives	are	self-complementary	and	ditopic	ligands	known	to	reversibly	form	

one-dimensionally	 extended	 aggregates	 via	 three-fold	 intermolecular	 hydrogen	 bonding,	 whose	

inherent	helicity	disfavors	 further	 lateral	crystallization	and	thus	promotes	the	 formation	of	“single-
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stack”	nanofibrils	in	sufficiently	dilute	systems.157	All	of	these	aspects	are	relevant	to	allow	for	dynamic	

co-assembly	with	the	 low-molecular	weight	additive	N,N’,N’’-triisopentyl	BTA	B5,	 to	 form	the	blends	

PDLLA-B5/B5	and	PLLA-B5/B5.	 The	 corresponding	non-modified	blends	PDLLA/B5	 and	PLLA/B5	

served	as	reference	materials	to	investigate	the	effect	of	the	polymer	end	groups	on	materials	structure	

and	properties.	

 

Figure	62. Chemical	 structures	 of	 telechelic	 poly(lactide)s	 PDLLA-B5	 and	PLLA-B5	 (x	=	420),	 end-modified	with	N,N’-	

diisopentyl	BTA,	and	of	the	additive	N,N’,N’’-	triisopentyl	BTA	(B5);	R	=	isopentyl.	

 

Figure	63. Synthesis	of	end-modified	PLLA	and	PDLLA	(not	shown).	 	Reagents	and	conditions:	a)	 lactide	(416.0	equiv.),	

diethylene	glycol	(1.0	equiv.),	tin(II)	2-ethylhexanoate	(0.8	equiv.),	toluene,	reflux,	4	h,	83	%	(PLLA),	72	%	(PDLLA).		b)	PLA-OH	

(1	equiv.),	 N-carbobenzoxy-L-alanine	 (20	equiv.),	 N,N'-dicyclohexylcarbodiimide	 (10	equiv.),	 4-dimethylaminopyridine	

(12	equiv.),	dry	DCM,	12	h,	93	%	(PLLA),	81	%	(PDLLA).		c)	PLA-Cbz	(1	equiv.),	trimethylsilyl	iodide	(40	equiv.),	dry	DCM,	2	h,	

83	%	 (PLLA),	72	%	 (PDLLA).	 	d)	 PLA-NH2	 (1	equiv.),	 benzotriazol-1-yloxytripyrrolidinophosphonium	hexafluorophosphate	

(PyBOP,	3	equiv.),	3,5-Bis(3-methylbutylcarbamoyl)benzoic	acid	 (2.2	equiv.),	N,N-diisopropylethylamine	 (DIPEA),	THF,	 r.	t.,	

16	h,	84	%	(PLLA),	82	%	(PDLLA).		1H	NMR	spectra	(CDCl3,	400	MHz)	of	PLLA,	PLLA-Cbz,	PLLA-NH2	and	PLLA-B5	(right).	
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5.2.2	Morphology	and	Thermal	Properties	of	PDLLA-B5/B5	Blends		

Temperature-dependent	 optical	 microscopy	 (OM)	 experiments	 were	 performed	 to	 understand	 the	

phase	behavior	of	the	PDLLA-B5/B5	blends	and	the	PDLLA/B5	reference	materials.	At	all	investigated	

concentrations,	the	PDLLA/B5	reference	blends	showed	macroscopic	phase	separation	of	the	additive	

B5	into	a	network	of	needle-like	crystals	below	their	melting	temperature	observed	in	DSC	(see	below),	

and	optically	homogeneous	solutions	of	B5	 in	 the	polymer	melt	above	 that	 temperature	(Figure	64)	

Similarly,	 PDLLA-B5/B5	 blends	 at	 concentrations	 above	 2	 wt%	 of	B5	 showed	 macroscopic	 phase	

separation	into	needle-like	crystals	below	their	DSC	melting	temperature.	In	marked	difference	to	the	

reference	blends,	however,	PDLLA-B5/B5	blends	with	B5	≤	1	wt%	remained	optically	homogeneous	

both	above	and	below	the	melting	temperature	of	B5.		

 

 

Figure	64. Optical	micrographs	 in	bright	 field	of	PDLLA-B5/B5	 and	PDLLA/B5	blends	at	additive	concentrations	of	a)	

0,5	wt%,	b)	1	wt%,	c)	2	wt%,	and	d)	4	wt%	at	70	°C	after	cooling	from	the	melt	at	10	°C/min	and	in	the	melt	at	200	°C	or	230	°C	

At	the	same	time,	however,	the	solid-state	IR	spectra	of	PDLLA-B5/B5	at	room	temperature	showed	

sharp	N–H	and	C=O	stretching	bands	at	3232–3236	cm–1	and	1638–1640	cm–1,	respectively,	the	same	

as	 those	 in	 pure	B5	 (Figure	65).	 This	 proves	 that	 the	 end	 groups	 and	 the	 additive	 both	 remained	
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quantitatively	 aggregated	 into	 strongly	 N–H···C=O	 hydrogen-bonded	 stacks	 even	 in	 the	 optically	

homogeneous	materials	at	low	additive	concentrations	and	thus	implies	that	the	additive	still	undergoes	

nanophase	separation.	Notably,	however,	the	pure	end-modified	PDLLA-B5	showed	broad	featureless	

absorptions	in	the	N–H	and	C=O	regions,	demonstrating	that	the	BTA	end	groups	alone,	in	the	absence	

of	additional	B5	additive,	did	not	aggregate	at	their	nominal	concentration	of	1.1	wt%	high	molecular	

weight	PDLLA.	

  

Figure	65. Solid-state	FT-IR	spectra	(transmission)	of	PDLLA-B5/B5	(red)	PDLLA/B5	(blue)	blends	at	different	additive	

concentrations	at	room	temperature,	with	the	positions	of	the	characteristic	N–H	stretching	(3232–3236	cm–1),	C=O	stretching	

(1638–1640	cm–1),	and	C=O	bending	(1558–1565	cm–1)	vibrations	of	hydrogen-bonded	BTA	stacks	indicated.	

AFM	images	(Figure	66)	of	the	PDLLA/B5	reference	blends	showed	well-dispersed	nanoscopic	needle-

like	crystals	with,	for	instance,	an	average	width	of	40	±	10	nm	for	a	concentration	of	B5	of	1	wt%,	which	

is	much	 larger	 than	 a	 single	 stack	 of	BTA	molecules,	which	 is	 on	 the	 order	 of	 1.5	nm.321	 In	marked	

contrast,	while	the	pure	PDLLA-B5	showed	short,	ill-defined,	rod-like	nanostructures,	the	addition	of	

1	wt%	of	B5	resulted	in	a	network	of	nanofibrils	with	widths	on	the	order	of	a	few	nanometers	and	a	

very	high	aspect	ratio	that	were	homogeneously	distributed	across	the	entire	sample.	It	is	important	to	

note	that	these	nanofibrils	did	not	have	a	crystalline	morphology	with	straight	edges	and	defined	angles,	

but	 were	 compliant	 one-dimensional	 nanoscopic	 objects	 that	 were	 locally	 aligned	 parallel	 to	 one	

another	with	 a	 periodic	 spacing.	 Histographic	 analysis	 of	 the	 interfibrillar	 distances	 (Figure	67a–d)	

showed	that	these	distances	systematically	decreased	with	additive	concentration,	from	13	±	2	nm	in	

pure	PDLLA-B5	to	finally	10	±	2	nm	at	4	wt%	B5.	This	dependence	could	be	successfully	described	with	

a	simple	space-filling	model	assuming	a	hexagonal	close-packing	of	single	stacks	formed	from	BTA	end	
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groups	and	additive	molecules,	which	qualitatively	confirms	end	group	and	additive	co-assembly	into	

nanofibrils	with	little	to	no	lateral	aggregation	in	PDLLA-B5/B5	materials	at	concentrations	<	2	wt%	

(Figure	67e–f).	We	can	thus	conclude	that	the	presence	of	polymer	B5	end-groups	suppresses	typical	

macroscopic	phase	separation	of	the	BTA	additive	B5	and	instead	results	in	the	formation	of	a	network	

of	homogeneously	dispersed,	polymer-tethered	(and	bridged)	self-assembled	nanofibrils	 that	should	

hence	be	regarded	as	a	physical	network	of	“supramolecular	graft	copolymers”.	

 

Figure	66. AFM	 phase	 images	 of	 the	PDLLA-B5/B5	 blends	 at	 70	°C	 at	 different	 additive	 concentrations	 revealed	 the	

formation	of	a	network	of	nanofibrils,	while	the	PDLLA/B5	reference	blends	showed	needle-like	crystals	of	the	additive.	



116 

 

Figure	67. Histograms	 of	 nanofibrillar	 (NF)	 distances	 and	 Gaussian	 fit	 (red	 line)	 for	a)	PDLLA-B5,	 	b)	PDLLA-B5/B5	

(1	wt%),		c)	PDLLA-B5/B5	(2	wt%),	and		d)	PDLLA-B5/B5	(4	wt%);	the	histogram	for	PDLLA-B5/B5	(6	wt%)	blend	could	

not	be	plotted	to	due	to	poor	contrast	 in	AFM	images	of	the	blend.	 	e)	Space-filling	model	of	the	interfibrillar	distance;	the	

nanofibrils	 are	 assumed	 to	 be	 arranged	 on	 a	 hexagonal	 lattice	 whose	 basal	 lattice	 parameter,	 dnf,	 corresponds	 to	 the	

interfibrillar	distance,	Anf	is	the	cross-sectional	area	of	a	nanofibril,	and	APCL	= 𝑑#$% cos 30	°	 is	the	basal	area	of	the	unit	cell,	

assumed	to	be	equal	to	Anf		divided	by	the	nanofibril	volume	fraction.		f)	Interfibrillar	distance	determined	theoretically	from	a	

model	based	on	hexagonal	packing	and	equal	special	distribution	(solid	line)	and	experimentally	from	AFM	images	plotted	

versus	the	weight	fraction	of	the	B5	additive.	At	concentrations	≥	2	wt%,	the	additive	B5	phase-separates	macroscopically	and	

does	not	participate	in	nanofibrillar	formation	(upper	dashed	line).	End-to-end	distance	of	PLA	entanglement	points	(lower	

dashed	 line)	 calculated	 using	𝑅 = 𝑙0𝑁𝐶& = 	7.5	nm	 (bond	 length	 l	 =	 1.5	 Å,	 number	 of	 bonds	N	 between	 entanglements,	

characteristic	ratio	C∞	=	6.5).	

DSC	 heating	 scans	 of	 the	 pure	 additive	 B5	 showed	 two	 endothermic	 peaks	 at	 Tmeso	=	209	°C	 and	

TB5	=	267	°C.	The	lower	temperature	transition	was	associated	with	a	transition	from	a	crystalline	phase	

to	a	columnar	mesophase,	attributed	to	a	loss	in	three-dimensional	order	of	the	aliphatic	moieties,	while	

TB5	corresponded	to	a	transition	from	the	mesophase	to	the	isotropic	melt.321	In	the	DSC	heating	scans	

of	the	PDLLA/B5	blends,	the	temperature	of	the	higher	endothermic	peak,	which	we	refer	to	in	what	

follows	as	Tblend,	progressively	diverges	to	temperatures	far	lower	than	TB5	as	the	additive	concentration	

in	the	blend	is	decreased,	while	the	lower	one	remains	at	Tmeso	=	209	°C	and	is	only	observed	for	additive	

concentrations	≥	3	wt%	where	Tblend	>	Tmeso	(Figure	68).	Assuming	the	DSC	observations	to	represent	
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the	equilibrium	behavior	of	the	system,	this	depression	in	the	melting	temperature	of	the	B5	mesophase	

may	be	expressed	in	terms	of	its	volume	fraction	in	the	homogeneous	melt,	ϕ,	using	the	Flory-Huggins	

model:114	

	 𝑇234&- ≈
𝑇𝐁𝟓 +

𝑅𝑇𝐁𝟓	𝜒+
𝛥𝐻𝐁𝟓

(1 − 𝜙)*

1 − 𝑅𝑇𝐁𝟓
𝛥𝐻𝐁𝟓

(1 − 𝜙 + ln𝜙 +𝜒)(1 − 𝜙)*)
	,	 (7)	

where	 ΔHB5	 is	 the	 molar	 enthalpy	 of	 the	 B5	 mesophase-isotropic	 transition,	 the	 Flory-Huggins	

interaction	parameter	is	assumed	to	be	of	the	form	𝜒 = 𝜒+/𝑇 + 𝜒),	the	reference	volume	is	the	molar	

volume	of	B5,	and	the	molar	volume	of	the	polymer	is	assumed	to	be	much	greater	than	that	of	B5.	The	

volume	fraction,	ϕ,	was	estimated	from	the	additive	weight	fraction,	taking	the	melt	densities	of	B5	and	

PLA	to	be	𝜌𝐁𝟓,9 =	0.9	g/cm3	 ,	which	 is	80	%	of	 the	room	temperature	crystal	density	determined	by	

WAXD,321	and	𝜌:9;,9 =	1.07	g/cm3.322	For	𝑇234&- < 𝑇!4<%,	however,	ΔHB5	must	be	replaced	by	𝛥𝐻𝐁𝟓 +

𝛥𝐻!4<%,	where	𝛥𝐻!4<%	is	the	molar	enthalpy	of	the	B5	crystalline-mesophase	transition.	Similarly,	𝑇𝐁𝟓	

must	be	replaced	by	(𝛥𝐻𝐁𝟓 + 𝛥𝐻!4<%)/(𝛥𝑆𝐁𝟓 + 𝛥𝑆!4<%),	where	the	𝛥𝑆	terms	are	the	respective	molar	

transition	entropies.	Linear	regression	of	the	experimental	𝑇234&-	gave	𝜒+ = 1=708	𝐾	and	𝜒) = −1.65.	

𝑇234&-[𝜙]	and	the	binodal	for	phase	separation	of	liquid	additive-rich	domains	at	𝑇 > 𝑇𝐁𝟓	could	then	be	

determined	analytically	(Figure	68c).		

This	analysis	provided	a	semi-quantitative	basis	for	the	more	involved	discussion	of	the	blends	PDLLA-

B5/B5,	for	which	we	assume	initially	that	the	end	groups	are	homogeneously	distributed	in	the	liquid	

phase	at	any	𝑇 > 𝑇234&-,	the	effective	chain-end	molar	volume	is	equal	to	the	additive	molar	volume,	and	

the	 free	 energy	 of	 interaction	 between	 the	 chain	 ends	 and	 the	 additive	 is	 zero.	 To	 calculate	 the	

interaction	 term	 in	 the	 Flory-Huggins	 equation	 for	 phase	 separation	 of	 bulk	B5	 from	 end-modified	

PDLLA-B5,	firstly,	𝜙	in	the	equation	𝑅𝑇𝜒𝜙(1 − 𝜙)	for	the	unmodified	PDLLA	blends,	must	be	replaced	

with	𝜙 + (1 − 𝜙)𝑓	to	account	for	the	presence	of	end	groups.	Secondly,	the	free	energy	associated	with	

interactions	between	the	chain	ends	only	and	PDLLA,	which	remains	unchanged	after	phase	separation	

of	B5	must	be	subtracted	to	finally	give	Equation	(8):	

	 𝑅𝑇{𝜒(𝜙 + (1 − 𝜙)𝑓)(1 − 𝜙 − (1 − 𝜙)𝑓) − 𝑓(1 − 𝑓)(1 − 𝜙)} 	= 𝑅𝑇(1 − 𝑓)*𝜒𝜙(1 − 𝜙)	,	 (8)	

where	𝑓 ≈ 0.0167	is	the	end-group	volume	fraction	in	PDLLA-B5.	Indeed,	replacing	𝜒	by	(1 − 𝑓)*𝜒	in	

Equation	(7)	provided	an	adequate	description	of	the	experimentally	determined	𝑇234&-	for	𝜙 ≳ 0.02	

(Figure	68d),	which	corresponds	to	the	threshold	concentration	below	which	optical	microscopy	and	
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AFM	 imaging	 indicated	macroscopic	 phase	 separation	 of	 bulk	B5	 to	 be	 fully	 suppressed	 in	 favor	 of	

nanofibril	formation.		

 

Figure	68. a–b)	DSC	heating	scans	(scanning	rate	10	°C/min)	of	PDLLA-B5/B5	(red)	or	PDLLA/B5	(blue)	blends,	indicating	

the	endothermal	transition	temperatures	of	the	B5	nanofibrils	or	crystals	at	different	concentrations.	 	c)	Phase	diagram	of	

PDLLA/B5	blends	derived	from	endothermal	transitions	in	DSC,	and		d)	phase	diagram	of	the	blends	derived	from	endothermal	

transitions	in	DSC	marking	the	concentration	limit	of	the	nanofibrillar	regime	(NF)	at	2	wt%	at	195	°C	above	which	excess	of	

B5	 additive	 in	 PDLLA-B5/B5	 materials	 showed	 macrophase	 separation	 into	 additive	 crystals	 and	 thus	 an	 additional	

endothermal	peak	characterized	by	temperatures	that	are	almost	identical	to	melting	of	B5	crystals	in	PDLLA/B5	materials.	

Full	symbols	represent	a	transition	from	the	mesophase	of	B5	aggregates	to	the	isotropic	melt,	empty	symbols	represent	a	

transition	from	a	crystalline	phase	of	B5	aggregates	to	a	columnar	mesophase		

The	 formation	of	nanofibrils	whose	core	 is	made	up	of	 single	extended	BTA	stacks	 from	pure	B5	 is	

assumed	not	to	occur	under	equilibrium	conditions	in	the	unmodified	PDLLA	blends,	because	pure	B5	

nanofibrils	would	be	associated	with	a	significant	interfacial	energy	penalty	with	respect	to	the	bulk	B5	

phases.	It	is	nevertheless	instructive	to	consider	the	notional	dissociation	temperature,	𝑇&>,	of	pure	B5	

nanofibrils	(Figure	68d,	hatched	curve),	which	was	calculated	from	Equation	(8),	assuming	for	the	sake	

of	illustration	that	interfacial	interactions	result	in	a	reduction	in	ΔHB5	by	1.2	kJ/mol,	implying	that	the	
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bulk	 melting	 temperature	 of	 the	 additive,	 𝑇𝐁𝟓,	 must	 be	 replaced	 by	 a	 fictive	 limiting	 dissociation	

temperature,	𝑇&>?	=	244	°C,	which	represents	the	temperature	at	which	dispersed	nanofibrils	would	be	

in	 equilibrium	with	 bulk	B5	 crystals,	 if	 the	 transition	 entropy	 remained	 unchanged.	 In	 the	 case	 of	

PDLLA-B5,	the	end	groups	are	able	to	self-assemble	to	form	nanofibrils	in	the	absence	of	any	additive,	

with	a	dissociation	temperature	𝑇&>+ ≈	140	°C.	The	temperatures	of	the	endothermic	transitions	in	the	

DSC	heating	scans	associated	with	nanofibril	dissociation	then	 increase	rapidly	with	𝜙	 for	𝜙 ≲ 0.02.	

This	may	be	attributed	to	the	formation	of	mixed	nanofibrils	made	up	of	co-assembled	end	groups	and	

B5	molecules.	The	main	driving	force	for	the	formation	of	such	nanofibrils	at	temperatures	greater	than	

both	𝑇&>+	and	𝑇234&-	is	inferred	to	be	the	gain	in	the	effective	free	energy	of	dissociation	per	B5	molecule	

on	 incorporation	of	 chain	ends	 into	pure	B5	nanofibrils.	Hence,	 the	dissociation	 temperature	of	 the	

mixed	 nanofibrils	 (Figure	68d,	 black	 curve)	 is	 expected	 to	 tend	 to	 𝑇&>+ ≈	 140	°C	 as	𝜙 → 0,	 and	 to	

converge	with	𝑇&>	for	pure	B5	nanofibrils	(Figure	68d,	hatched	curve)	if	𝜙 ≫ 𝑓,	where	the	end-group	

contribution	 becomes	 small.	We	 experimentally	 observed	 that	 the	 value	 of	𝜙	corresponding	 to	 the	

transition	from	the	low-𝜙	nanofibrillar	regime	to	the	regime	in	which	nanofibrils	coexist	with	the	bulk	

B5	 mesophase	 or	 crystalline	 phase,	 i.e.,	 the	 point	 at	 which	 the	 dissociation	 temperature	 of	 the	

nanofibrils	 becomes	 equal	 to	𝑇234&-,	 is	𝜙 ≈ 0.02.	 This	 value	 is	 very	 close	 to	𝑓 ≈ 0.0167,	 the	 volume	

fraction	of	the	end	groups.	It	is	therefore	tempting	to	hypothesize	that	it	is	not	a	coincidence	that	this	

transition	 occurs	 at	 an	 additive	 to	 end-group	 ratio	 of	 1.	 Moreover,	 the	 nanofibril	 dissociation	

temperature	and	volume	fraction	should	remain	constant	at	about	195	°C	and	0.037,	respectively,	as	𝜙	

increases	further.	At	𝜙 ≳ 0.02	B5	phase-separates	macroscopically	in	PDLLA-B5/B5	blends	and	does	

not	 participate	 in	 nanofibril	 formation.	 In	 turn,	 the	 thermodynamic	 description	 implies	 that	

macroscopic	 phase	 separation	 of	 bulk	B5	 to	 be	 fully	 suppressed	 in	 favor	 of	 nanofibril	 formation	 at	

concentration	of	𝜙 ≲ 0.02	in	PDLLA-B5/B5	blends.	

5.2.3	Morphology	and	Thermal	Properties	of	PLLA-B5/B5	Blends		

We	observed	virtually	identical	thermal	transitions	in	DSC	heating	scans	of	the	blends	of	end-modified	

semicrystalline	PLLA-B5/B5	as	in	the	blends	of	amorphous	PDLLA-B5/B5	described	above	(Figure	69)	

implying	the	formation	of	a	nanofibril	network	in	the	polymer	melt	and	its	presence	in	the	amorphous	

phase	at	room	temperature	also	in	PLLA-B5/B5	blends,	although	its	imaging	by	AFM	was	impeded	by	

the	PLLA	crystalline	domains	in	this	case.	Both	non-modified	PLLA	and	pure	modified	PLLA-B5	showed	

a	 similar	 crystallization	 onset	 at	 Tc	 =	 114	°C	 in	 DSC	 cooling	 scans	 at	 a	 cooling	 rate	 of	 10	°C/min,	
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suggesting	 that	 the	 presence	 of	 the	 end	 groups	 alone	 in	 PLLA-B5	 had	 little	 effect	 on	 polymer	

crystallization	 (Figure	69a).	 Since	 BTA	 derivates	 are	 commonly	 used	 as	 nucleating	 agents,152,155	 the	

addition	of	the	additive	B5,	as	expected,	increased	the	crystallization	onset	in	the	reference	materials	

PLLA/B5	materials	 to	 reach	Tc	 =	124	°C	 at	 all	 concentrations	≥	0.5	wt%.	Remarkably,	 however,	 this	

increase	in	crystallization	onset	temperature	was	significantly	more	pronounced	in	the	blends	PLLA-

B5/B5,	 where	 it	 reached	 141	°C	 for	 additive	 concentrations	 ≥	 1	wt%,	which	 is	 among	 the	 highest	

crystallization	 temperatures	 reported	 in	 the	 literature	 (Figure	69).134,157	 This	may	 indicate	 that	 the	

single-stack	nanofibrils	may	be	significantly	more	effective	as	nucleating	agents	than	even	the	highly	

dispersed	nanoscopic	needle-like	crystals	of	B5,	supposedly	both	because	of	their	optimal	dispersion	

and	the	PLLA	segments	 tethered	to	 the	nanofibrils.	 It	 is	 interesting	to	note	that,	while	 the	reference	

materials	PLLA/B5	containing	≥6	wt%	of	B5	continued	to	show	a	well-nucleated	polymer	crystallization	

with	the	same	Tc	=	124	°C	as	the	blends	with	less	additive,	the	modified	blend	PLLA-B5/B5	(6	wt%)	did	

not	crystallize	at	all	under	 the	same	cooling	conditions.	As	will	be	demonstrated	 later,	PLLA-B5/B5	

(6	wt%)	has	significantly	higher	melt	elasticity	 compared	 to	 the	blends	with	 less	additive,	 and	 thus,	

supposedly,	prevents	polymer	chains	from	disentanglement	and	slows	down	the	crystallization	process.	

In	order	to	investigate	the	nucleation	effect	of	the	nanofibril	network	in	the	blends	PLLA-B5/B5	in	more	

detail,	we	conducted	isothermal	crystallization	experiments	by	rapid	cooling	from	the	polymer	melt	to	

the	desired	crystallization	temperature	of	140	°C.	Crystallization	half-times	on	the	order	of	𝜏)/* =	6–

8	min	were	 observed	 for	 the	 reference	materials	 PLLA/B5	 ,	 that	 were	 significantly	 lower	 than	 the	

𝜏)/* =	34	min	 of	 pure	 PLLA	 but	 increased	 again	 slightly	 towards	 higher	 additive	 concentrations,	

supposedly	due	to	 the	 increased	melt	viscosity.	A	similar	𝜏)/* =	7.6	min	was	determined	 for	a	PLLA	

blend	 with	 talc	 (2	wt%).	 By	 contrast,	 the	 blends	 PLLA-B5/B5	 exhibited	 an	 additional	 order	 of	

magnitude	lower	crystallization	half-times	of	𝜏)/* =	0.8–1	min	at	all	additive	concentrations	<	6	wt%.		

Scanning	electron	microscopy	(SEM)	 images	of	both	PLLA/B5	 and	PLLA-B5/B5	 samples	containing	

with	 0	 or	 1	wt%	 of	B5	 crystallized	 at	 140	°C	 showed	 homogeneously	 distributed	 spherulites	 with	

straight	boundaries	where	they	impinge	in	all	cases,	indicating	simultaneous	heterogeneous	nucleation	

(Figure	70d-f).	However,	the	spherulites	in	the	case	of	the	modified	blend	PLLA-B5/B5	(1	wt%)	had	

average	diameters	d	=	8	µm	and	nucleation	densities	ND	=	7.8	·	105	mm–3,	both	differing	substantially	

from	 those	 in	 the	 non-modified	 reference	 blends	 PLLA/B5	 (1	wt%)	 where	 d	=	105	µm	 and	

ND	=	6.9	·	102	mm–3.	
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Figure	69. a–c)	DSC	cooling	scans	at	10	°C/min	of	PLLA-B5/B5	(red)	or	PLLA/B5	(blue)	blends,	indicating	self-assembly	

temperature	of	the	B5	aggregates	and	onset	temperature	of	PLLA	crystallization	at	different	concentrations.		d)	DSC	cooling	

scans	 at	 10	 °C/min	 of	 PLLA-B5/B5	 (red)	 and	 PLLA/B5	 (blue)	 blends	 indicating	 crystallization	 of	 PLLA	 matrix	 and	B5	

aggregates.		e)	Phase	diagram	of	the	blends	derived	from	endothermal	transitions	of	B5	aggregates	(squares)	in	DSC	marking	

the	 concentration	 limit	 of	 the	nanofibrillar	 regime	at	2	wt%	at	195	°C	 above	which	 excess	of	B5	 additive	 in	PLLA-B5/B5	

materials	showed	macro-phase	separation	and	thus	an	additional	endothermal	peak	characterized	by	temperatures	that	are	

almost	 identical	 to	melting	of	B5	crystals	 in	PLLA/B5	blends.	PLLA	crystallization	onset	(circles)	 is	shown	to	demonstrate	

increase	in	crystallization	temperature	of	PLLA-B5/B5	and	PLLA/B5	blends.		

To	estimate	the	size	of	spherulites	at	other	additive	concentrations,	the	spherulite	growth	constant,	k,	

was	determined	by	fitting	the	integrated	degree	of	crystallization	X[t]	at	140	°C	using	Johnson-Mehl-

Avrami-Kolmogorov	model		

	 𝑋[𝑡] = 1 − 𝑒@AB' 	,	 (8)	

assuming	 a	 dimensionality	 parameter	 n	=	3	 for	 three-dimensional	 spherulite	 growth	 (Figure	 70i).	

Nucleation	density	𝑁	could	then	be	calculated	determined	by		

	 𝑁 = 3𝑘/(4𝜋𝑐C	)	,	 (9)	

and	using	growth	rates,	c,	determined	by	optical	microscopy	(Table7).	
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Figure	70. DSC	 isothermal	crystallization	curves	at	140	°C	 for	a)	PLLA-B5/B5	(red)	and	 	b)	PLLA/B5	(blue)	blends	at	

various	concentration.	 	c)	Crystallization	half	times	determined	from	DSC	isothermal	crystallization	for	PLLA-B5/B5	(red),	

PLLA/B5	(blue)	and	PLLA/talc	(2	wt%)	(green).		d–f)	SEM	images	of	PLLA-B5/B5	(bottom)	and	PLLA/B5	(top)	of	1	wt%,		

4	wt%	and	6	wt%	of	B5	prepared	by	isothermal	crystallization	at	140	°C.		g–h)	Integration	of	DSC	isothermal	crystallization	

curves	 at	 140	°C	 of	PLLA-B5/B5	 (red)	 and	PLLA/B5	 (blue)	 blends	 with	 the	 corresponding	 fitting	 using	 Johnson–Mehl–

Avrami–Kolmogorov	model	(black).	 	i)	Calculated	(squares)	and	measured	from	SEM	(circles)	nucleation	density	for	PLLA-

B5/B5	(red),	PLLA/B5	(blue)	and	PLLA/talc	(2	wt%)	(green)	

The	nucleation	densities	were	thus	found	to	be	three	orders	of	magnitude	higher	in	the	modified	PLLA-

B5/B5	 blends	 compared	 to	 the	 non-modified	 PLLA/B5	 reference	 materials	 at	 all	 additive	

concentrations	(Figure	70g-i).	Considering	that	BTA	derivatives	such	as	B5	on	their	own	are	among	the	

most	 efficient	 nucleating	 agents	 used	 for	 PLLA	materials,157	 this	 unprecedently	 efficient	 nucleation	
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effect	in	the	PLLA-B5/B5	blends	can	probably	be	explained	not	only	by	the	yet	improved	dispersion	of	

B5	aggregates	but	also	by	the	improved	interaction	between	nucleating	agent	and	the	tethered	polymer	

chains.	

Table	7	 Spherulite	growth	rates	for	PLLA-B5/B5	and	PLLA/B5	at	140	°C	determined	by	optical	microscopy,	in	µm/min.	

	 0	wt%	 1	wt%	 2	wt%	 3	wt%	 4	wt%	 6	wt%	

PLLA-B5/B5	 3.3	 3.6	 3.0	 3.3	 3.3	 3.3	

PLLA/B5	 5.7	 10	 4.8	 5.3	 5.5	 5.3	

5.2.4	Melt	Properties	of	the	Blends		

Oscillatory	shear	rheology	temperature	sweeps	were	performed	at	a	frequency	of	1	rad/s	and	a	cooling	

rate	of	10	°C/min	to	demonstrate	the	effect	of	the	polymer	chain	tethering	to	the	nanofibrillar	network	

on	the	viscoelastic	properties	of	the	materials.	Due	to	entanglement,	pristine	PDLLA	showed	a	rubbery	

plateau	above	its	glass	transition	temperature	of	Tg	=	60	°C	with	a	storage	modulus	G’	=	0.3	MPa	at	75	°C	

(loss	factor	tan	δ	=	G’’/G’	=	0.3)	and	a	rheological	softening	temperature	Ts	=	90	°C	(G’	=	G’’)	above	which	

PDLLA	showed	viscous	behavior	 (G’’	>	G’).	The	addition	of	B5	 in	 the	PDLLA/B5	 reference	materials	

resulted	in	a	slightly	increased	melt	modulus	of,	e.	g.,	G’	=	0.9	MPa	and	1.0	MPa	at	1	wt%	and	6	wt%	of	

B5,	 respectively,	 that	 we	 attributed	 to	 melt	 reinforcement	 by	 the	 needle-like	 crystals	 of	 B5,	 but	

otherwise	 unaltered	 rheological	 behavior.	 In	 marked	 contrast,	 the	 modified	 blends	 PDLLA-B5/B5	

demonstrated	 a	 rubbery	 regime	 that	 extended	 far	 beyond	 the	 softening	 temperature	 of	 the	

entanglement	network	in	PDLLA	and	its	blends,	with	a	melt	modulus	of	about	G’	=	5	MPa	at	75	°C	and	

up	to	rheological	softening	temperatures,	Ts,	defined	as	the	cross-over	temperature	where	G’’	=	G’,	that	

systematically	 increased	with	additive	concentration	to	Ts	=	111,	120,	154,	and	198	°C	at	1,	2,	4,	and	

6	wt%	of	B5	(Figure	71),	as	did	the	plateau	moduli	that	reached	up	to	G’(130	°C)	=	0.19,	0.14,	0.67,	and	

1.5	MPa	at	these	concentrations.	Additionally,	tan	δ	decreased	to	1.8,	1,	0.8	and	0.4	in	PDLLA-B5/B5	

blends	at	1,	2,	4,	and	6	wt%	of	B5	compared	to	2.2,	1.6,	1.2	and	0.9	in	PDLLA/B5	reference	materials,	

showing	 higher	melt	 elasticity	 due	 to	 polymer	 chains	 being	 covalently	 tethered	 to	 the	 nanofibrillar	

network	preventing	relaxation	under	load.	
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Figure	71. Storage	modulus	 (solid	 line)	 and	 loss	modulus	 (dotted	 line)	 from	 temperature-dependent	 oscillatory	 shear	

rheology	(cooling	rate	10	°C/min,	frequency	1	rad/s,	strain	1%)	of	PDLLA-B5/B5	(red),	PDLLA/B5	(blue)	and	pristine	PDLLA	

(grey)	 at	 different	 additive	 concentrations.	 Rheological	 softening	 temperatures,	Ts,	 defined	 as	 the	 cross-over	 temperature	

where	G’’	>	G’,	indicated	in	the	graphs.	

Oscillatory	 shear	 oscillatory	 temperature	 sweep	 experiments	 under	 the	 same	 conditions	were	 also	

performed	with	semicrystalline	PLLA	materials.	While	no	significant	difference	in	melt	properties	was	

observed	 for	 PLLA-B5/B5	 and	 PLLA/B5	 mixtures	 at	 additive	 contents	 below	 4	wt%,	 where	 the	

amorphous	materials	had	shown	softening	temperatures,	Ts,	below	the	PLLA	melting	temperature	of	

175	°C,	PLLA-B5/B5	(4	wt%)	showed	a	more	than	one	order	of	magnitude	increase	in	melt	strength	

and	elasticity,	with	G’	=	12	kPa	and	tan	δ	=	1.3	at	180	°C,	compared	to	the	PLLA/B5	reference	material	

where	G’	=	0.7	kPa	and	tan	δ	=	2.7	(Figure	72a-d).	

Moreover,	elongational	viscosity	measurements	performed	on	thin	films	of	PLLA-B5/B5	(4	wt%)	at	an	

extension	rate	of	2	s–1	at	180	°C	showed	melt	strength	of	90	kPa	which	is	an	order	of	magnitude	higher	

than	its	non-modified	analog	(8.5	kPa),	and	was	further	increased	to	175	kPa	and	a	melt	extensibility	of	

up	to	500	%	at	160	°C,	which	is	lower	than	Tm	but	above	Tc	of	the	PLLA	matrix	(Figure	72d).	To	showcase	
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processability	of	the	obtained	materials,	PLLA-B5/B5	(4	wt%)	and	PLLA	were	injection	molded	from	

the	melt	T	=	200	°C	 into	 a	 toy	 brick	mold	 at	 80	°C.	While	 the	 injection-molded	 PLLA	 toy	 brick	was	

apparently	too	soft	and	deformed	upon	demolding,	the	toy	brick	produced	from	PLLA-B5/B5	(4	wt%)	

could	be	straightforwardly	removed	from	the	mold,	exhibited	excellent	feature	fidelity,	as	well	as	good	

“clutch	work”	in	bonding	with	commercial	toy	bricks	(Figure	72e-f).	

 

Figure	72. a-c)	Oscillatory	shear	rheology	(heating	rate	10	°C/min,	1	rad/s,	strain	1%)	of	PLLA-B5/B5	(red),	PLLA/B5	

(blue)	 and	 pristine	PLLA	 (grey)	 at	 various	 concentrations;	 storage	modulus	 –	 solid	 line;	 loss	modulus	 –	 dotted	 line.	 	 d)	

extensional	viscosity	experiments	of	PLLA-B5/B5	(4	wt%)	(red),	PLLA/B5	(4	wt%)	(blue)	at	180	°C	and	PLLA-B5/B5	(4	wt%)	

(orange)	and	PLLA/B5	(4	wt%)	(blue)	at	160	°C	as	a	function	of	Henky	strain	showing	significantly	higher	melt	strength	of	the	

PLLA-B5/B5	 blends.	 	 e)	 PLLA-B5/B5	 (4	wt%)	 and	 	 f)	PLLA	used	 for	 the	 preparation	 of	 an	 injection	molded	 LEGO	 brick	

prepared	from	the	melt	200	°C	(mold	temperature	80	°C).	

5.3	Conclusions	

It	was	shown	that	the	co-assembly	of	the	end	groups	of	high	molecular	weight	PLLA-B5	and	PDLLA-B5	

(Mn	=	60’000)	and	B5	additive	suppressed	the	macroscopic	phase	separation	of	the	additive	into	needle-

like	crystals	and	instead	yielded	a	network	of	compliant,	polymer-tethered	nanofibrils	that	were	placed	
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at	 a	 periodic	 distance	 of	 10–12	nm.	 This	 nanofibrillar	 network	 was	 found	 to	 be	 a	 highly	 efficient	

nucleating	agent	for	PLLA	crystallization,	resulting	in	crystallization	temperatures	as	high	as	Tc	=	140	°C,	

and	an	increase	in	nucleation	density	by	three	orders	of	magnitude.	Simultaneously,	a	new	rubber-like	

regime	is	established	in	the	amorphous	PDLLA-B5/B5	blends	above	the	PDLLA	glass	transition,	which	

manifested	 itself	 also	 in	 a	 one	 order	 of	magnitude	 increase	 in	melt	 strength	 in	 the	 semicrystalline	

PDLLA-B5/B5	blends	 at	 sufficiently	high	 additive	 concentration,	 and	 is	 also	observed	 at	 large	melt	

deformations.	The	combination	of	 improved	nucleation	efficiency	and	increased	melt	strength	opens	

new	avenues	for	PLA	processing,	 for	instance,	by	injection	molding,	thermoforming,	 film-blowing,	or	

foaming,	and	promises	improved	cycle	times	and	product	performance	in	terms	of	heat	resistance	and	

ageing.	
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Conclusions	and	Outlook	

In	 the	 present	 thesis,	 it	 was	 demonstrated	 that	 a	 simultaneous	 improvement	 of	 final	 mechanical	

properties,	melt	behavior,	and	crystallization	rate	of	high	molecular	weight	aliphatic	polyesters	can	be	

achieved	when	one	blends	a	polymer	end-modified	with	a	ditopic,	self-complementary	self-assembling	

unit	based	on	 three-fold	hydrogen	bonding	and	a	 low	molecular	weight	additive	based	on	 the	same	

supramolecular	 motif.	 Co-aggregation	 of	 the	 polymer	 end-groups	 and	 the	 additive	 resulted	 in	 the	

formation	 of	 helical,	 one-dimensional	 nanofibrils	 which,	 due	 to	 polymer	 tethering,	 suppressed	

macroscopic	phase	separation	of	the	additive	and	resulted	in	a	supramolecular	network	of	nanofibrils.	

The	use	of	 the	additive	allowed	efficient	 control	over	 the	 concentration	of	 the	 self-assembling	units	

independent	of	the	molecular	weight	of	the	polymer	so	that	the	polymer	matrix,	including	the	polymer	

segments	bridging	the	nanofibrils,	could	still	develop	a	robust	entanglement	network.	Due	to	the	high	

melting	 temperatures	 of	 the	 nanofibrils,	 the	 supramolecular	 network	 persisted	 above	 the	 glass	

transitions	or	melting	temperatures	of	the	employed	base	polymers.	The	supramolecular	network	of	

nanofibrils	 provided	 a	 window	 of	 elastic	 behavior	 in	 the	 molten	 polymer	 matrix	 at	 elevated	

temperatures	 up	 to	 their	 dissociation	 temperature	 and	 a	 regime	 of	 low	 melt	 viscosity	 above	 that	

temperature.	 Additionally,	 the	 nanofibrils	 acted	 as	 efficient	 nucleating	 agents	 and	 thus	 increased	

nucleation	density	and	 reduced	crystallization	half-time.	Moreover,	 chain	end	 tethering	 significantly	

increased	polymer	relaxation	time	and	allowed	for	facilitated	orientation	during	melt	deformation.	

In	 the	 first	 chapter,	 we	 synthesized	 PCL	 end-modified	 with	 acetyl-L-alanyl-L-alanyl	 end	 groups	

(PCL80(Ala2Ac)2)	and	blended	with	the	low	molecular	weight	additive	2-octyldodecyl	acetyl-L-alanyl-L-

alanyl	amide	(A).	The	blends	demonstrated	the	formation	of	a	network	of	nanofibrils	that	were	aligned	

and	placed	at	a	periodic	distance	of	8	nm.	The	supramolecular	network	decreased	crystallization	half-

times	of	PCL	matrix	by	more	than	one	order	of	magnitude	compare	to	non-modified	PCL.	Above	the	

melting	temperature	of	PCL,	the	blends	exhibited	a	high	melt	elasticity	and	a	melt	extensibility	of	up	to	

almost	 3000%.	 As	 revealed	 by	 SAXS	 measurements,	 oriented	 films	 prepared	 by	 melt	 stretching	

exhibited	a	shift	from	the	standard	spherulitic	morphology	to	shish-kebab	structures,	which	increased	

Young’s	modulus	550	MPa	and	a	yield	strength	of	72	MPa,	respectively,	compared	to	250	and	15	MPa	

for	the	non-oriented	pristine	PCL	films.	

In	 the	 second	 chapter,	we	made	use	of	 the	high	melt	 elasticity	of	 the	PCL80(Ala2Ac)2/A	blends	 and	

demonstrated	that	this	facilitates	the	preparation	of	oriented	PCL	filaments	by	melt	stretching.	Again,	
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SAXS	revealed	that	the	obtained	filaments	exhibited	a	shish-kebab	morphology,	with	lamellae	oriented	

perpendicular	 to	 the	 stretching	direction,	 and	PCL	extended	chain	crystals	parallel	 to	 the	 stretching	

direction.	Fibers	with	this	newly	obtained	morphology	demonstrated	an	increase	in	Young’s	modulus,	

yield	strength,	and	ultimate	strength	to	959	±	127	MPa,	323	±	17	MPa,	and	555	±	30	MPa,	respectively,	

compared	 to	 484	±	46	MPa,	 114	±	5	MPa,	 and	 295	±	18	MPa,	 respectively,	 demonstrated	 by	 pristine	

PCL80.	

In	 the	 third	 chapter,	we	 applied	 the	 same	 end	 groups	 and	 a	 similar	 additive	 (2-ethylhexyl	 acetyl-L-

alanyl-L-alanyl	amide,	A8)	to	modify	atactic	poly(DL-lactic	acid)	(PDLLA-A)	and	stereoregular	poly(L-

lactic	 acid)	 (PDLLA-A).	 We	 demonstrated	 that,	 in	 this	 case,	 no	 network	 of	 nanofibrils	 is	 formed,	

supposedly	 due	 to	 the	 too	 high	 solubility	 of	 the	 end	 groups	 in	 the	 polymer	matrix	 because	 of	 the	

structural	similarities	of	end	groups	and	polymer	repeat	units.	Instead,	the	additive	A8	crystals	showed	

macroscopic	phase	separation	but	exhibited	a	three-fold	decrease	in	the	width	of	A8	crystals	compared	

to	non-modified	PDLLA/A8	blends,	which	led	to	an	increase	in	crystallization	onset	temperatures	of	the	

PLLA	matrix	up	to	Tc	=	148	°C,	and	a	decrease	in	crystallization	half-times	to	𝜏)/*	=	0.5	min	compared	to	

Tc	=	138	°C	and	𝜏)/*	=	10	min	of	non-modified	PDLLA/A8	blends.	

In	the	fourth	chapter,	we	finally	modified	atactic	PDLLA	and	stereoregular	PLLA	with	N,N’-diisopentyl	

benzene	tricarboxamides	(PDLLA-B5	and	PLLA-B5,	respectively),	and	prepare	blends	with	the	additive	

N,N’,N’’-triisopentyl	BTA	(B5).	We	demonstrated	 that	 the	co-assembly	of	 the	end	groups	and	 the	B5	

additive	successfully	suppressed	macroscopic	phase	separation	of	the	additive	into	needle-like	crystals	

and	instead	yielded	a	network	of	compliant,	polymer-tethered	nanofibrils	that	were	placed	at	a	periodic	

distance	of	10–12	nm.	This	nanofibrillar	network	was	found	to	be	a	highly	efficient	nucleating	agent	for	

PLLA	crystallization,	resulting	in	crystallization	temperatures	as	high	as	Tc	=	140	°C,	and	an	increase	in	

nucleation	 density	 by	 three	 orders	 of	 magnitude.	 Simultaneously,	 a	 new	 rubber-like	 regime	 is	

established	 in	 the	 amorphous	 PDLLA-B5/B5	 blends	 above	 the	 PDLLA	 glass	 transition,	 which	

manifested	 itself	 also	 in	 a	 one	 order	 of	magnitude	 increase	 in	melt	 strength	 in	 the	 semicrystalline	

PDLLA-B5/B5	blends	 at	 sufficiently	high	 additive	 concentration,	 and	 is	 also	observed	 at	 large	melt	

deformations.	

In	conclusion,	we	have	shown	 that	blending	of	 the	polymer	with	a	ditopic,	 self-complementary	self-

assembling	unit	based	on	three-fold	hydrogen	bonding	and	a	low	molecular	weight	additive	based	on	

the	same	supramolecular	motif	enabled	the	efficient	self-assembly	of	high	molecular	weight	polymers.	
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As	a	consequence,	the	presence	of	both	a	robust	entanglement	network	in	the	polymer	matrix	and	a	

supramolecular	network	that	persists	above	polymer	glass	transition	or	melting	temperatures	opened	

up	 new	 avenues	 for	materials	 processing	 and	 tuning	 room	 temperature	mechanical	 properties.	We	

demonstrated	that	this	concept	can	be	applied	to	biodegradable	aliphatic	polyesters	like	PCL	and	PLA,	

which	can	undergo	chemical	 recycling	via	 ring	closing	depolymerization	and	 thus	are	promising	 for	

plastics	circular	economy.	This	concept	can	be	further	applied	to	other	hydrophobic	polymers	whose	

end-groups	can	be	functionalized	with	a	ditopic	self-assembling	unit.	
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7.	Experimental	Part	

Materials	and	Methods	

Materials.		All	materials	and	solvents	for	reactions	were	purchased	from	commercial	suppliers	and	used	

without	further	purification	unless	otherwise	stated.		

Gel	Permeation	Chromatography	(GPC).		The	number-average	molecular	weight,	Mn,	the	weight-average	

molecular	weight,	Mw,	and	the	dispersity,	Đ,	were	determined	by	dissolving	3–5	mg	of	sample	in	1	mL	

tetrahydrofuran	and	filtering	the	solution	through	0.220	μm	Nylon	filter	before	injection.	The	elution	

was	performed	in	tetrahydrofuran	at	40	°C	with	flow	rate	of	1	mL/min,	using	an	Agilent	1260	Infinity	

instrument	coupled	to	390-MDS	equipped	with	a	refractive	index	detector,	one	precolumn	PSS	SDV	and	

either	two	columns	PLgel	5	µm	MIXED-C	Analytical	or	two	columns	PSS	SDV	Analytical	Linear	XL.	The	

calibration	 was	 performed	 with	 PS	 samples	 with	 molecular	 weights	 in	 the	 range	 Mn	 =	 682–

2’520’000	g/mol.	

Differential	Scanning	Calorimetry	(DSC).	 	DSC	measurements	were	performed	using	a	Mettler	Toledo	

DSC	3+	in	nitrogen	atmosphere	(flow	rate	200	mL/min)	with	4–8	mg	specimens	and	at	a	scanning	rate	

of	typically	10	°C/min.	A	total	of	four	heating	and	three	cooling	cycles	were	applied	to	each	specimen	to	

check	 for	 reproducibility,	 but	 only	 the	 second	 heating	 and	 first	 cooling	 scans	 are	 typically	 shown.	

Isothermal	experiments	were	conducted	by	heating	the	specimens	to	200	–	230	°C	followed	by	rapid	

cooling	 to	 the	 isothermal	 temperature	 and	 maintaining	 this	 temperature	 until	 the	 end	 of	 the	

crystallization	process,	followed	by	a	heating	scan	at	10	°C/min	to	estimate	melting	temperature	and	

crystallinity.	

Scanning	Electron	Microscopy	(SEM).		SEM	specimens	were	heated	to	5	°C	above	the	highest	temperature	

endothermic	 transition	 according	 to	 DSC	 heating	 scans,	 followed	 by	 rapid	 cooling	 to	 the	 desired	

isothermal	temperature	and	maintaining	this	temperature	until	the	end	of	the	crystallization	process	

using	a	Linkham	TMS600	hot-stage.	The	specimens	were	coated	with	a	10	nm	gold	layer	using	a	Quorum	

Q150T	S/E/ES	Specimen	preparation	system.	SEM	images	were	recorded	on	a	Zeiss	Gemini	SEM300	

(Zeiss,	Göttingen,	Germany)	at	2.0	keV	using	a	standard	Everhart-Thornley	secondary	electron	detector.	

Spherulite	size	distributions	were	determined	using	the	ImageJ	software	package.	Average	spherulite	

size	was	calculated	by	counting	the	number	of	spherulites	on	the	image	and	dividing	the	number	by	the	

area	of	the	whole	image.	
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Infrared	Spectroscopy	(IR).	 	Specimens	 for	 IR	spectroscopy	were	 typically	prepared	by	cooling	a	 few	

milligrams	from	the	melt	200	–	230	°C	to	ambient	temperature	at	10	°C/min.	IR	spectra	of	solid	samples	

were	 typically	 recorded	 in	 attenuated	 total	 reflectance	 (ATR	 mode)	 on	 a	 JASCO	 FT/IR	 6300	

spectrometer	 using	 the	 Miracle	 ATR	 accessory	 from	 PIKE.	 IR	 was	 recorded	 via	 attenuated	 total	

reflectance	(ATR)	averaging	over	100	scans.	All	PCL-based	films	were	recorded	in	transmission	mode	

using	a	Bruker	Vertex	70v	FTIR	Spectrometer	attached	to	a	Bruker	Hyperion	3000	microscope	with	an	

N2	cooled	MCT	detector	with	a	KBr	beam	splitter	and	a	ZnSe-based	wire	grid	polarizer,	averaging	over	

100	scans.	

Atomic	Force	Microscopy	(AFM).		Selected	materials	were	cooled	from	the	melt	at	200–230	°C	to	ambient	

temperature	at	10	°C/min.	Flat	surfaces	were	prepared	by	hot-pressing	the	specimens	directly	onto	a	

steel	AFM	stub	at	the	required	temperature	(above	the	glass	transition	in	the	case	of	PLA,	and	between	

the	matrix	melting	point	and	the	dissociation	temperature	of	the	fibrils	in	the	case	of	PCL)	with	the	aid	

of	 a	 Kapton	 release	 film	 and	 a	 Linkham	 THS600	 hot-stage,	 and	 cooling	 to	 room	 temperature	 at	

10	°C/min.	Images	were	obtained	using	an	Asylum	Research	Cypher	VRS	AFM	equipped	with	a	heating	

stage	and	a	laser-excited	MikroMasch	aluminum-coated	NC14	probe	(resonance	frequency	160	kHz,	and	

force	 constant	 5	N/m)	 in	 intermittent	 contact	mode,	with	 a	 typical	 scanning	 frequency	 of	 5	Hz	 and	

amplitude	ratios	of	0.1–0.3.	PLA	and	PCL	samples	were	generally	imaged	at	temperatures	immediately	

above	the	glass	transition	and	melting	temperatures,	respectively.	Image	analysis	was	performed	using	

ImageJ	software	by	setting	the	scale	to	the	one	mentioned	on	the	images,	smoothing,	and	plotting	a	grey	

profile	of	a	chosen	line.	

Optical	Microscopy	(OM).		Specimens	of	a	few	milligrams	were	compressed	between	glass	cover	slides	

in	the	melt	at	200–230	°C,	followed	by	cooling	at	a	nominal	rate	of	10	°C/min	to	the	desired	observation	

temperature	using	a	Linkham	TMS600	hot-stage.	Images	were	recorded	using	an	Olympus	BX60	optical	

microscope	equipped	with	crossed	polarizers	once	the	temperature	had	stabilized.		

Shear	Rheology	and	Extensional	Viscosity.		Dynamic	shear	rheology	was	performed	using	a	parallel	plate	

TA	Instruments	ARES	2	rheometer.	8	mm	diameter	steel	plates	were	used	throughout,	with	a	gap	set	to	

0.8–1.3	mm.	The	specimens	were	loaded	in	the	melt	at	the	temperature	of	200	–	230	°C	from	which	a	

cooling	ramp	was	initiated	at	10	°C/min	unless	otherwise	stated,	with	a	fixed	radial	frequency	of	1	rad/s	

and	a	variable	strain	of	1%.	A	standard	test	fixture	from	TA	Instruments	was	used	for	the	extensional	

viscosity	measurements.	The	specimens	were	prepared	by	hot-pressing	for	5	min	at	60	N/m	and	200–
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230	°C	using	a	Lauffer	Pressen	UVL	5.0	laboratory	press.	They	were	then	cut	into	20	×	7	×	0.3	mm	strips,	

placed	in	the	test	fixture,	and	held	at	the	testing	temperature	for	3	min	before	starting	the	measurement.			

1D	NMR	Spectroscopy.		1H	and	13C	NMR	spectra	were	obtained	at	298	K	using	a	Bruker	Avance	III	400	

spectrometer	at	frequencies	of	400	MHz	and	100	MHz,	respectively,	and	were	calibrated	with	respect	

to	the	residual	solvent	peaks	of	DMSO-d6	(2.50	ppm	1H	NMR;	39.52	ppm	13C	NMR),	CDCl3	(7.26	ppm	1H	

NMR;	77.16	ppm	13C	NMR)	and	toluene-d8	(7.10	ppm,	2.19	ppm	1H	NMR;	137.52	ppm,	20.43	ppm	13C	

NMR).	

Tensile	Testing	(UTM).		Room	temperature	tensile	tests	were	performed	using	a	Zwick	Roell	5	kN	UTM	

at	a	nominal	extension	rate	of	10%	of	the	initial	length	(L0	=	17–23	mm)	per	minute	with	a	pre-stretch	

of	0.1	MPa.	The	specimens	were	punched	out	from	the	hot-pressed	or	melt-stretched	films	using	a	dog-

bone	shaped	steel	punch	with	the	width	of	the	clamping	zone	of	1	cm	and	of	the	testing	zone	of	0.5	cm,	

a	total	length	of	4	cm,	and	a	testing	length	of	2	cm.	Unless	otherwise	stated,	the	specimens	were	mounted	

using	standard	500	N	clamps.	PCL	filaments	were	measured	by	placing	additional	PCL	films	between	

the	filaments	and	the	clamps.	The	Young’s	modulus	was	calculated	from	the	slope	of	the	nominal	stress-

strain	curve	in	the	linear	elastic	regime	(0.5–1.5	%	strain).	UTM	experiments	at	elevated	temperatures	

were	performed	in	the	Zwick	Roell	heating	chamber.	The	specimens	were	maintained	for	5	min	at	the	

required	 experiment	 temperature	 and	 tested	 at	 a	 strain	 rate	 of	 2	 s–1	 unless	 otherwise	 stated.	 Non-

isothermally	melt	stretched	PCL80(Ala2Ac)2/A	(5	wt%)	was	prepared	by	opening	the	oven	door	5	s	after	

the	stretching	began.	Typically,	2–4	specimens	were	tested	for	each	material.		

2D	Small	and	Wide-Angle	X	Ray	Scattering	(SAXS/WAXS).		Powder	patterns	were	obtained	using	a	Bruker	

D8	Discover	Plus	system	with	a	TXS	Cu	rotating	anode	and	a	Göbel	mirror	for	focusing.	A	0.5	mm	pinhole	

and	 a	 0.3	mm	 collimator	were	 placed	 in	 the	 primary	 beam	path	 to	 select	 a	 beam	of	 approximately	

300	×	400	µm2	in	area	at	the	specimen	position.	2D	scans	were	carried	out	using	a	micro	source	using	a	

Cu	 Kα	radiation	 (λ=	 1.54	 Å)	 in	 transmission	 mode	 at	 300	mm,	 calibrated	 using	 silver	 behenate	 as	

standard	and	detector	distance	with	an	Eiger2	500K	detector.	The	intensity	profiles	were	obtained	by	

azimuthal	 or	 radial	 integration	 of	 the	 2D	patterns	 using	 Bruker	Difrac	 Eva	 software.	The	orientation	

distribution	 of	 the	 crystalline	 structure	 in	 polymers	 can	 be	 mathematically	 expressed	 as	 a	 series	

expansion	in	spherical	harmonics.	Assuming	transverse	 isotropy	of	the	distribution	of	the	molecular	

chain	axis	in	the	samples,	the	mathematical	expression	reduces	to	the	description	of	the	orientation	of	

the	unique	chain	axis	c,	with	respect	to	a	reference	direction,	chosen	here	as	the	injection	axis,	z.	For	
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distributions	 of	 such	 cylindrical	 symmetry,	 the	 distribution	 of	 molecular	 orientation	 can	 be	

characterized	by	using	a	series	of	Legendre	polynomials	are	generally	described	by	its	second-order	

coefficient:	

〈𝑃*〉 =
1
2
(3〈𝑐𝑜𝑠*𝜃〉 − 1)	,	 (9)	

where	𝜃	is	the	azimuthal	angle	and	〈𝑐𝑜𝑠*𝜃〉	is	given	by	

〈𝑐𝑜𝑠*𝜃〉 =
∫ 𝐼D𝑐𝑜𝑠*𝜃𝑠𝑖𝑛𝜃𝑑𝜃
E
*
+

∫ 𝐼D sin 𝜃𝑑𝜃
E
*
.+

	.	 (10)	

〈𝑃*〉	is	accessible	by	SAXD	from	the	azimuthal	profiles	as	

〈𝑃*〉 =
〈𝑃*〉+
𝑃* cos 𝜒

	 (11)	

Synchrotron	Scanning	Small	Angle	X-Ray	Scattering	(SAXS).		Scanning	SAXS	was	performed	at	the	cSAXS	

(X12SA)	beamline	at	the	Paul	Scherrer	Institut	(PSI,	Switzerland).	The	X-ray	beam	was	monochromated	

by	a	fixed-exit	double	crystal	Si	(111)	monochromator	to	12.4	keV	and	focused	to	20x7𝜇𝑚*	for	samples	

A,	and	to	45x6𝜇𝑚*	for	samples	B.	To	minimize	the	air	scattering	and	absorption,	a	flight	tube	was	placed	

between	the	sample	and	detector.	The	scattering	signal	was	recorded	by	a	Pilatus	2M	detector	and	the	

transmitted	beam	was	measured	with	a	photodiode	on	a	beamstop	placed	inside	the	flight	tube.	The	

sample-to-detector	distance	was	7.12	m,	as	calibrated	by	silver	behanate.	The	exposure	time	was	0.1s	

for	all	the	measured	samples.	The	2D	scattering	patterns	were	radially	integrated	to	obtain	1D	scattering	

curves	in	64	azimuthal	detector	segments	with	the	cSAXS	Matlab	analysis	package.	The	azimuthal	plots	

were	calculated	either	from	the	radially	integrated	data	or	directly	from	the	pixel	intensities,	depending	

on	the	measured	intensity	and	statistics	in	the	q-range	of	interest.	

Extrusion,	Injection	Molding	and	Fiber	Drawing.	Materials	were	dried	at	room	temperature	in	vacuum	

for	at	least	12	h	before	extrusion.	The	materials	were	loaded	into	a	micro-extruder	Xplore	MC5	with	co-

rotating	twin-screws	equipped	with	a	nitrogen	inlet	and	at	a	screw	speed	of	50	rpm	and	compounded	

for	5	min	at	200	°C	with	a	screw	speed	of	100	rpm.	The	extrudates	were	 injected	using	a	miniature	

injection	molding	machine	Xplore	IM5.5	with	melt	and	mold	temperatures	at	80	°C	for	PLLA	toy	bricks,	

and	an	injection	pressure	of	8	bar.	PCL	fibers	were	drawn	directly	from	the	extruder	at	constant	torque	

of	5	N,	and	the	extruder	chamber	was	set	to	200	°C	while	the	exit	nozzle	was	set	to	70,	120,	or	200	°C.	
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The	filament	was	collected	with	a	spinneret	with	diameter	of	15	cm,	rotating	at	20	rpm	and.	Fiber	cold	

stretching	was	performed	by	hand	until	visible	neck	depletion.	The	fiber	diameter	was	determined	using	

an	Olympus	BX60	optical	microscope.	

Hot	Pressing.	The	specimens	were	placed	in	an	aluminum	mold	with	dimensions	of	25	×	25	×	0.03	cm	

and	a	square	(5	×	5	cm)		or	circular	(d	=	7	cm)	hole	in	the	center,	and	placed	between	Teflon	plates	of	

lateral	dimensions	of	50	×	50	cm.	A	Lauffer	Pressen	UVL	5.0	laboratory	press	was	loaded	at	30	°C	and	

evacuated	 to	 1	mbar	 before	 heating	 to	 200–230	°C	 at	 10	°C/min.	 After	 the	 melt	 temperature	 was	

reached,	a	pressure	of	60	N/m	was	applied	for	5	min,	followed	by	cooling	to	ambient	temperature	at	

10	°C/min.	

Film	Melt	Stretching.	Hot-pressed	films	of	lateral	dimensions	of	3	×	5	cm	were	placed	in	the	oven	of	the	

Zwick	Roell	5	kN	UTM	using	500	N	clamps	and	equilibrated	at	70	°C	for	5	min.	The	stretching	rate	was	

set	to	2	s–1	and	maximum	extension	was	set	to	500,	1000,	or	2000%.	Non-isothermally	melt-stretched	

PCL80(Ala2Ac)2/A	 (5	wt%)	was	 prepared	 by	 opening	 the	 oven	 door	 5	s	 after	 the	 stretching	 began.	

Typically,	2–4	specimens	were	tested	for	each	material.	

Thermoforming.	Hot	pressed	circular	shaped	specimens	with	a	diameter	of	d	=	7cm	were	thermoformed	

using	Formech	HD686	by	heating	for	20–30	s	using	an	infrared	oven,	followed	by	a	delay	of	0.4	s	and	

using	100%	plug	assist,	50%	vacuum	power,	0%	air	pressure	and	0%	pre-stretch	into	the	40	°C	heated	

mold.	PCL80	and	PCL80/A	(5	wt%)	specimens	were	thermoformed	using	a	paper	assist	placed	directly	

into	the	mold	with	a	depth	of	35	mm	and	diameter	d	=	30	mm,	while	PCL80(Ala2Ac)2/A	(5	wt%)	were	

thermoformed	without	the	paper	assist	without	it.	

Heat	Stability	Testing.	To	test	the	heat	stability	of	the	thermoformed	specimens	were	filled	with	boiling	

water,	and	a	video	recording	for	the	analysis.	

Synthetic	Procedures	

5-Methoxycarbonylbenzene-1,3-dicarboxylic	 acid	(1).	 	 Trimethyl	 benzene-1,3,5-tricarboxylate	

(80.2	g,	160	mmol)	was	added	to	MeOH	(800	mL)	in	a	2	L	round-bottom	flask.	The	mixture	was	stirred	

to	create	a	slurry.	Sodium	hydroxide	(28.16	g	704	mmol)	was	dissolved	in	MeOH	(400	mL)	and	then	

added	to	the	slurry.	The	reaction	mixture	was	heated	to	reflux	and	turned	into	a	clear	solution.	After	

16	h,	the	volume	was	reduced	by	half	by	rotary	evaporation,	and	the	solution	was	poured	into	1	M	HCl	

(3	L).	The	solution	was	then	extracted	with	diethyl	ether	(4	×	800	mL).	The	combined	organic	phases	



137 

were	washed	once	with	1	M	HCl	(500	mL),	and	the	solvent	was	removed	in	vacuo	to	give	a	white	powder	

(72.0g)	that	was	a	mixture	of	products.	This	mixture	was	purified	slightly	by	refluxing	in	CHCl3	(1	L)	and	

EtOH	(500	mL)	for	15	min,	followed	by	hot	filtration.	The	filter	cake	was	collected,	and	the	procedure	

was	repeated	twice,	to	give	a	crude	white	powder	in	a	yield	of	46.5	g	(92%),	which	was	used	without	

further	purification.		1H	NMR	(400	MHz,	DMSO-d6):	δ	8.66	(s,	1H),	8.64(s,	2H),	3.93(s,	3H).	

Methyl	 3,5-bis(3-methylbutylcarbamoyl)benzoate	(2).	 	 Crude	 1	 (7.0	 g,	 31.2	 mmol),	 3-

methylbutanamine	(6.80	g,	78.0	mmol),	PyBOP	(40.6	g,	78.0	mmol),	and	THF	(300	mL)	were	combined	

in	a	500	mL	round-bottom	flask.	DIPEA	(20	g,	156.0	mmol)	was	added	to	the	mixture,	which	was	then	

stirred	at	room	temperature.	After	16	h,	the	volume	was	reduced	to	75	mL	by	rotary	evaporation,	and	

the	solution	was	precipitated	into	water	(400	mL).	The	precipitate	was	collected,	redissolved	in	MeOH	

(50	mL),	and	precipitated	into	water	again	(400	mL)	to	yield	a	portion	of	the	crude	product	as	a	white	

powder	(8.5	g).	More	water	(1	L)	was	added	to	 the	THF/water	 filtrate,	and	the	THF	was	allowed	to	

slowly	 evaporate	 from	 the	 solution	 for	 16	h,	 resulting	 in	 further	 solid	 precipitate	 (2.0	 g).	 The	 two	

fractions	were	combined	to	give	the	crude	product	2	in	a	yield	of	10.5	(93%),	which	contained	minor	

contaminations	 of	 tris(3-methylbutyl)	 benzene-1,3,5-tricarboxamide	 and	 was	 used	 without	 further	

purification.		1H	NMR	(400	MHz,	CDCl3):	δ	8.50	(s,	2H),	8.39	(s,	1H),	6.38	(s,	2H),	3.95	(s,	3H),	3.49	(m,	

4H),	1.68	(m,	2H),	1.52	(q,	J	=	6.5	Hz,	4H),	0.95	(d,	J	=	6.6	Hz,	12H).	

3,5-Bis(3-methylbutylcarbamoyl)benzoic	 acid	(3).	 	 Crude	2	 (10.5	 g,	 29	 mmol)	 was	 dissolved	 in	

MeOH	(200mL),	and	the	resulting	mixture	was	filtered	to	remove	any	insoluble	material.	LiOH	(1.8	g,	75	

mmol)	was	added	to	the	solution,	followed	by	water	(15	mL)	and	MeOH	(50	mL)	to	aid	in	solubilizing	

both	compounds.	The	reaction	mixture	was	stirred	for	16	h	at	room	temperature,	then	more	LiOH	was	

added	(200	mg,	8.4	mmol),	and	the	mixture	was	stirred	for	another	2	h.	The	mixture	was	then	acidified	

with	1	M	HCl	until	pH	2	was	reached	(≈150	mL).	The	white	precipitate	that	formed	was	collected	and	

dried	to	give	a	white	powder	(9.5	g).	The	crude	product	was	then	added	to	CHCl3	(200	mL).	The	resulting	

suspension	was	refluxed	for	10	min	under	vigorous	stirring,	allowed	to	cool	to	room	temperature,	and	

filtered.	 This	 process	was	 repeated	 twice,	 until	 TLC	 indicated	 the	 complete	 removal	 of	N,N,N-tri(3-

methylbutyl)	benzene-1,3,5-tricarboxamide	(Rf	=	0.3,	heptane/EtOAc,	3:2).	Pure	3	was	obtained	as	a	

white	powder	in	a	yield	of	8.0	g	(80%).		1H	NMR	(400	MHz,	toluene-d8	,375	K):	δ	12.72	(br,	1H),	8.82	(s,	

2H),	8.75	(s,	1H),	8.09	(br,	2H),	3.43	(q,	J	=	6.9	Hz,	4H),	1.63	(m,	2H),	1.50	(q,	J	=	6.9	Hz,	4H),	0.88	(d,	J	=	

6.5	Hz,	12H).	13C	NMR	(100	MHz,	DMSO-d6):	δ	166.52,	164.86,	135.34,	131.10,	130.35,	130.08,	37.99,	
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37.60,	25.24,	22.41.	HRMS	(nanochip-ESI/LTQ-Orbitrap)	m/z:	[M	+	H]+	Calcd.	for	C19H29N2O4+	349.2122;	

Found	349.2118.	EA:	Calcd.	for	C19H28N2O4:	C,	65.49;	H,	8.10;	N,	8.04.	Found:	C,	65.31;	H,	8.10;	N,	8.01.	

N,N,N-Tri(3-methylbutyl)	 benzene-1,3,5-tricarboxamide	 (B5).	 	 3-Methylbutylamine	 (0.785	 g,	

9.0	mmol),	triethylamine	(5.08	g,	50.0	mmol)	and	THF	(150	mL)	were	added	to	a	flask	at	0	°C.	1,3,5-

benzenetricarbonyl	 trichloride	 (0.664	 g,	 2.5	mmol)	was	 added	 slowly	 to	 the	 reaction	mixture	 over	

10	min.	The	reaction	mixture	was	stirred	at	0	°C	for	1	h	and	then	at	room	temperature	 for	16	h.	 Its	

volume	was	reduced	to	about	50	mL	by	rotary	evaporation.	The	product	was	precipitated	into	water	

(500	mL),	collected	by	filtration,	washed	with	0.5	M	KOH	(25	mL)	and	water	(50	mL),	and	dried	in	high	

vacuum	to	give	B5	as	a	white	powder	in	a	yield	of	0.84	g	(81%).		1H	NMR	(400	MHz,	CDCl3):	δ	8.29	(s,	

3H),	6.54	(t,	J	=	5.8	Hz,	3H),	3.48	(dd,	J	=	13.8,	6.7	Hz,	6H),	1.73	–	1.65	(m,	4H),	1.50	(q,	J	=	7.1	Hz,	6H),	

0.95	(d,	J	=	6.6	Hz,	18H).	13C	NMR	(100	MHz,	CDCl3):	δ	166.46,	135.72,	127.83,	38.79,	38.58,	26.12,	22.59.	

HRMS	(nanochip-ESI/LTQ-Orbitrap)	m/z:	[M	+	H]+	Calcd.	for	C24H40N3O3+	418.3064;	Found	418.3058.	

EA:	Calcd.	for	C24H39N3O3:	C,	69.03;	H,	9.41;	N,	10.06.	Found:	C,	67.96;	H,	9.28;	N,	9.78.	

N-(9-Fluorenylmethoxycarbonyl)-L-alanyl-L-alanine	 tert.-butyl	 ester	(4).	 	 PyBOP	 (120	 g,	 231	

mmol,	1.2	equiv.)	and	diisopropylethylamine	(100	mL,	578	mmol,	3	equiv.)	were	added	to	a	solution	of	

N-(9-fluorenylmethoxycarbonyl)-L-alanine	 (60	 g,	 192	mmol,	 1	 equiv.)	 and	L-alanine	 tert.-butyl	 ester	

(35.0	 g,	 192	mmol,	 1	 equiv.)	 in	THF	 (700	mL).	After	 stirring	 the	 reaction	mixture	 overnight,	 it	was	

concentrated	to	100	mL	and	poured	into	water.	The	solid	residue	was	filtered	and	redissolved	again	in	

THF.	The	precipitation	was	repeated	twice.	The	solid	crude	product	was	dissolved	in	DCM.	The	solution	

was	dried	over	MgSO4	and	finally	evaporated	to	dryness	in	vacuo.	The	resulting	solid	was	dissolved	once	

more	 in	 DCM	 and	 purified	 by	 column	 chromatography	 (AcOEt/n-hexane,	 1:3).	 After	 drying	 in	 high	

vacuum,	pure	N-(9-fluorenylmethoxycarbonyl)-L-alanyl-L-alanine	tert.-butyl	ester	4	was	obtained	as	a	

colorless	solid	in	a	yield	of	54	g	(64%).		1H	NMR	(400	MHz,	DMSO-d6):	δ	8.19	(d,	J	=	7.0	Hz,	1H),	7.89	(d,	

J	=	7.5	Hz,	2H),	7.73	(t,	J	=	6.4	Hz,	2H),	7.52	(d,	J	=	7.9	Hz,	1H),	7.42	(t,	J	=	7.5	Hz,	2H),	7.33	(t,	J	=	7.4	Hz,	

2H),	4.34–3.97	(m,	5H),	1.37	(s,	9H),	1.23	(t,	J	=	6.5	Hz,	6H).	13C	NMR	(400	MHz,	CDCl3):	δ	171.85,	171.54,	

141.31,	141.30,	127.72,	127.09,	125.10,	120.00,	82.17,	77.35,	77.03,	76.72,	67.08,	50.45,	48.78,	47.14,	

27.96,	19.03,	18.54.	HRMS	(ESI-TOF,	positive):	m/z	461.2045	[M	+	Na]+,	calculated	for	C25H30N2NaO5+:	

461.2047.	

N-(9-Fluorenylmethoxycarbonyl)-L-alanyl-L-alanine	(5).	 	 N-(9-Fluorenylmethoxycarbonyl)-L-

alanine-L-alanine	tert.-butyl	ester	1	(5.27	g,	12.0	mmol,	1.0	equiv.)	was	dissolved	in		chloroform	(15	mL),	
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followed	by	the	addition	of	trifluoroacetic	acid	(24.8	mL,	324	mmol,	27	equiv.).	After	stirring	the	reaction	

mixture	 for	 3	 h,	 the	 trifluoroacetic	 acid	was	 removed	 by	 azeotropic	 evaporation	 in	 vacuum	 by	 the	

repeated	addition	of	CHCl3.	The	obtained	solid	was	washed	with	DCM	and	dried	in	high	vacuum.	N-(9-

Fluorenylmethoxycarbonyl)-L-alanyl-L-alanine	5	was	 obtained	 as	 colorless	 solid	 in	 a	 yield	 of	 3.57	 g	

(78%),	which	was	used	without	further	purification.		1H	NMR	(400	MHz,	DMSO-d6):	δ	=	12.50	(s,	1H),	

8.11	(d,	J	=	7.3	Hz,	1H),	7.89	(d,	J	=	7.5	Hz,	2H),	7.73	(t,	J	=	7.3	Hz,	2H),	7.49	(d,	J	=	7.9	Hz,	1H),	7.42	(t,	J	=	

7.5	Hz,	2H),	7.33	(t,	J	=	7.4	Hz,	2H),	4.31–4.13	(m,	4H),	4.08	(d,	J	=	7.4	Hz,	1H),	1.27	(d,	J	=	7.3	Hz,	3H),	

1.22	(d,	J	=	7.1	Hz,	3H).	13C	NMR	(400	MHz,	DMSO-d6):	δ	174.45,	172.73,	156.04,	144.34,	144.21,	141.12,	

128.04,	127.48,	125.72,	120.51,	65.99,	55.33,	40.35,	40.15,	39.94,	39.73,	39.52,	18.58,	17.57.	HRMS	(ESI-

TOF,	positive):	m/z	405.1427	[M	+	Na]+,	calculated	for	C21H22N2NaO5+:	405.1421.	

L-Alanyl-L-alanine	(6).	 	 N-(9-Fluorenylmethoxycarbonyl)-L-alanyl-L-alanine	 5	 (33	 g,	 86.29	 mmol,	

1.0	equiv.)	was	dissolved	in	200	mL	of	DMF	followed	by	the	addition	of	piperidine	(34	mL,	345	mmol,	

4	equiv.).	After	stirring	the	reaction	mixture	overnight,	DCM	was	added.	Upon	stirring	for	an	additional	

1	h,	the	resulting	solid	was	filtered	off,	washed	with	DCM,	and	recrystallized	from	IPA/H2O.	Drying	in	

high	vacuum	afforded	pure	L-alanyl-L-alanine	6	in	a	yield	of	9.71	g	(70%).		1H	NMR	(400	MHz,	DMSO-

d6):	δ	12.48	(s,	1H),	8.13	(d,	J	=	7.3	Hz,	1H),	7.99	(d,	J	=	7.8	Hz,	1H),	4.30	(p,	J	=	7.0	Hz,	1H),	4.17	(p,	J	=	7.3	

Hz,	1H),	2.50	(q,	J	=	3.6,	2.8	Hz,	2H),	1.81	(s,	3H),	1.26	(d,	J	=	7.3	Hz,	3H),	1.17	(d,	J	=	7.1	Hz,	3H).	13C	NMR	

signals	in	solvent	could	not	be	resolved.	HRMS	(ESI-TOF,	negative):	m/z	159.0779	[M	+	H-1]-	calculated	

for	C6H11N2O3-:	159.0775. 

N-Acetyl-L-alanyl-L-alanine	(7).	 	L-Alanyl-L-alanine	6	(8.65	g,	54	mmol,	1.0	equiv.)	was	dissolved	in	

water	 (170	mL)	 followed	by	 the	addition	of	acetic	anhydride	(38.3	mL,	405	mmol,	7.5	equiv.).	After	

stirring	the	reaction	mixture	overnight,	the	solvent	was	removed	in	vacuum.	The	obtained	solid	was	

washed	with	DCM	and	dried	in	high	vacuum	to	afford	N-acetyl-L-alanyl-L-alanine	7	in	a	yield	of	10.5	g	

(95%)	that	was	used	without	further	purification	with	the.		1H	NMR	(400	MHz,	DMSO-d6):	δ		8.12	(d,	J	=	

7.3	Hz,	1H),	8.00	(d,	J	=	7.8	Hz,	1H),	4.41–	_4.25	(m,	1H),	4.17	(t,	J	=	7.3	Hz,	1H),	1.81	(s,	3H),	1.26	(d,	J	=	

7.3	Hz,	3H),	1.17	(d,	J	=	7.1	Hz,	3H).	13C	NMR	(400	MHz,	DMSO-d6):	δ	174.49,	172.65,	169.34,	48.15,	47.88,	

40.14,	39.93,	39.73,	22.93,	18.71,	17.58.	HRMS	(ESI-TOF,	positive):	m/z	225.0846	[M	+	Na]+,	calculated	

for	C8H14N2NaO4+:	225.0846.	

2-Ethylhexyl	N-acetyl-L-alanyl-L-alanyl	amide	(A8).	 	 PyBOP	 (3.6	 g,	 6.92	 mmol	 1.4	 equiv.)	 and	

diisopropylethylamine	(3.45	mL,	19.8mmol	4	equiv.)	to	a	solution	of	N-acetyl-L-alanyl-L-alanine	7	(1	g,	
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4.95	mmol,	1	equiv.)	and	2-ethylhexyl-1-amine	(639	mg,	4.95	mmol,	1	equiv.)	 in	THF	(15	mL).	After	

stirring	 the	 reaction	mixture	 overnight,	 it	was	 concentrated	 to	 one	 third	 of	 its	 original	 volume	 and	

poured	into	water.	The	solid	precipitate	was	filtered	off	and	redissolved	in	THF.	The	precipitation	was	

repeated	twice.	The	resulting	solid	was	dissolved	in	DCM,	and	the	solution	was	dried	over	MgSO4.	After	

filtration,	the	solvent	was	finally	evaporated	in	vacuo,	and	the	resulting	solid	was	dried	in	high	vacuum.	

2-Ethylhexyl	N-acetyl-L-alanyl-L-alanyl	amide	A8	was	obtained	as	a	colorless	solid	in	a	yield	of	1.10	g	

(68%).		1H	NMR	(400	MHz,	CDCl3)	R	(400	MHz,	CDCl3):	δ	=	6.99	(s,	1H),	6.37	(d,	J	=	50.5	Hz,	2H),	4.52	

(d,	J	=	30.8	Hz,	2H),	3.19	(s,	3H),	2.03	(s,	3H),	1.66	(s,	3H),	1.53–1.00	(m,	16H),	1.00–0.70	(m,	6H).	13C	

NMR	 (400	MHz,	DMSO-d6):	 δ	172.43,	169.66,	 48.75,	 48.60,	 41.65,	 30.70,	 28.77,	 23.99,	 22.96,	 18.87,	

18.50,	14.42,	11.19.	HRMS	(ESI-TOF,	positive):	m/z	336.2326	[M	+	Na]+,	calculated	for	C16H31N3NaO3+:	

2336.22576.	DSC:	Tm	=	228	°C,	Tc	=	227	°C.	TGA	(N2):	260	°C,	TGA	(air):	250	°C.	

2-Octyldodecyl	 N-acetyl-L-alanyl-L-alanine	amide	(A20).	 	 2-Octyldodecyl-1-amine	 (2.01	g,	

6.72	mmol)	 was	 dissolved	 in	 THF	 (50	mL).	 N-acetyl-L-alanyl-L-alanine	 (1.64	g,	 8.11	mmol),	 PyBOP	

(4.87	g,	 9.36	mmol),	 and	 DIEA	 (3.5	mL)	were	 added,	 and	 the	 reaction	mixture	was	 stirred	 at	 room	

temperature	 overnight.	 Then,	 the	 mixture	 was	 poured	 into	 1	M	HCl	 (1	L).	 The	 precipitate	 was	 re-

dissolved	 in	 THF,	 and	 the	 solution	was	 again	 precipitated	 into	 1	M	HCl.	 The	 precipitate	 was	 finally	

washed	with	water	 (50	mL)	and	acetone	 (50	mL)	 to	 yield	2-octyldodecyl	N-acetyl-L-alanyl-L-alanine	

amide	(7)	as	a	colorless	solid	in	a	yield	of	2.97	g	(92%).		1H	NMR	(400	MHz,	CDCl3):	d	=	7.51	(d,	1H),	7.09	

(d,	1H),	6.77	(t,	1H),	4.71	(m,	1H),	4.	60	(m,	1H),	3.23	(m,	1H),	3.15	(m,	1H),	2.08	(s,	3H),	1.51	(m,	1H),	

1.38	(m,	6H),	1.25	(bs,	32H),	0.87	(m,	6H)	ppm.	HRMS	(ESI-TOF,	positive):	m/z	504.4145	 [M	+	Na]+,	

calculated	for	C28H55N3O3Na:	504.4141.	DSC:	Tm	=	186	°C.	

PCL20-AlaFmoc (8).	 	Hydroxy-telechelic	 poly(e-caprolactone)	 (Mn	=	20’000,	 100	g)	 was	 dissolved	 in	

THF	 (700	mL).	 N-(9-Fluorenylmethoxycarbonyl)-L-alanine	 (17.7	g,	 113	mmol),	 DMAP	 (3.45	g,	

28.2	mmol),	 and	DCC	(35.3	g,	171	mmol)	were	added,	and	 the	 reaction	mixture	was	stirred	at	 room	

temperature	for	3	d.	The	mixture	was	poured	into	MeOH.	The	precipitate	was	dried	in	high	vacuum	to	

yield	Fmoc-	PCL20-AlaFmoc	8	as	a	colorless	solid	in	a	yield	of	97	g	(97%).		1H	NMR	(400	MHz,	CDCl3):	d	

=	7.80	(d,	2H),	7.61	(m,	3H),	7.41	(m,	3H),	7.34	(m,	4H),	5.42	(bs,	1H),	4.40	(brs,	7H),	4.26	(brs,	100H),	

4.08	(t,	198H),	2.32	(t,	200H),	1.68	(m,	426H),	1.41	(m,	213H)	ppm.	

PCL20-AlaNH2	9.		PCL20-AlaFmoc	8	(95.0	g)	was	dissolved	in	DCM	(400	mL),	and	piperidine	(5.0	g)	was	

added.	The	reaction	mixture	was	stirred	at	room	temperature	for	1	d	and	then	poured	into	MeOH	(1.5	L).	
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The	precipitate	was	re-dissolved	in	DCM	and	poured	again	into	MeOH.	The	precipitation	procedure	was	

repeated	one	more	time.	The	precipitate	was	washed	with	MeOH	and	hexane	and	was	dried	 in	high	

vacuum	to	yield	PCL20-AlaNH2	9	as	a	colorless	solid	in	a	yield	of	79	g	(83%).		1H	NMR	(400	MHz,	CDCl3):	

d	=	4.09	(t,	1.94H),	3.92	(t,	0.03H),	3.57	(m,	0.02H),	2.33	(t,	2.00H),	1.67	(m,	4.26H),	1.41	(m,	2.16H)	ppm.	

PCL20-Ala2Fmoc	10.	 	 N-(9-Fluorenylmethoxycarbonyl)-L-alanine	 (7.35	g,	 47.2	mmol),	 DIEA	 (3.78	g,	

28.5	mmol),	and	PyBOP	(13.2	g,	25.7	mmol)	were	added	to	a	solution	of	PCL20-AlaNH2	9	(70	g)	in	THF	

(700	mL).	The	reaction	mixture	was	stirred	at	room	temperature	for	3	d	and	then	poured	into	MeOH	

(1.2	L).	The	precipitate	was	re-dissolved	in	DCM,	and	the	solution	was	again	precipitated	into	MeOH.	

The	 precipitate	 was	 collected,	 washed	 with	 hexane,	 and	 dried	 in	 high	 vacuum	 to	 yield	 PCL20-

Ala2Fmoc	10	as	a	colorless	solid	in	a	yield	of	70	g	(99	%).		1H	NMR	(400	MHz,	CDCl3):	d	=	7.79	(d,	0.03H),	

7.61	(d,	0.03H),	7.42	(m,	0.03H),	7.34	(m,	0.04H),	6.46	(brs,	0.01H),	5.45	(brs,	0.01H),	4.58	(t,	0.02H),	

4.07	(t,	1.89H),	2.33	(t,	2.00H),	1.67	(m,	4.26H),	1.41	(m,	2.21H)	ppm.	

PCL20-Ala2NH2	11.		PCL20-Ala2Fmoc	10	(69	g)	was	dissolved	in	DCM	(400	mL),	and	piperidine	(5.0	g)	

was	added.	The	reaction	mixture	was	stirred	at	room	temperature	for	1	d	and	then	poured	into	MeOH	

(1.5	L).	The	precipitate	was	re-dissolved	in	DCM,	and	the	solution	was	again	precipitated	into	MeOH.	

The	precipitate	was	washed	with	MeOH	and	hexane	 and	dried	 in	high	 vacuum	 to	 yield	PCL20-Ala2-

NH2	11	as	a	colorless	solid	in	a	yield	of	62	g	(90%).		1H	NMR	(400	MHz,	CDCl3):	d	=	7.73	(brs,	0.01H),	

4.59	(t,	0.01H),	4.09	(t,	2.06H),	2.34	(t,	2.00H),	1.67	(m,	3.98H),	1.41	(m,	2.34H)	ppm.	

PCL20-Ala3Ac	12.	 	 N-acetyl-L-alanine	 7	 (1.76	g,	 13.4	mmol),	 DIEA	 (2.16	g,	 16.7	 mmol),	 and	 PyBOP	

(7.56	g,	 14.5	mmol)	 were	 added	 to	 a	 solution	 of	 PCL20-Ala2-NH2	11	 (Mn	 =	20000)	 (40	g)	 in	 THF	

(500	mL).	The	reaction	mixture	was	stirred	at	room	temperature	for	5	d,	then	poured	into	MeOH	(1.5	L).	

The	precipitate	was	collected,	washed	with	hexane,	and	dried	 in	high	vacuum	to	yield	PCL20-Ala3Ac	

12as	a	white	solid	in	a	yield	of	39	g	(98	%).		1H-NMR	(400	MHz,	CDCl3):	d	=	6.60	(m,	0.02H),	6.13	(m,	

0.01H),	4.47	(m,	0.04H),	4.09	(t,	1.90H),	2.33	(t,	2.00H),	2.04	(s,	0.07H),	1.67	(m,	3.94H),	1.41	(m,	2.14H)	

ppm;	GPC:	Mn	=	22200	g/mol;	Mw	=	29300	g/mol;	Ð	=	1.32.	TGA:	decomposition	onset:	387°C.	DSC:	Tm	=	

54.3°C,	Tc	=	24.4°C,	Td	=	82°C	(determined	from	first	heating	curve),	Ta	=	75°C.	

PCL80-AlaFmoc	13.		Hydroxy-telechelic	poly(e-caprolactone)	(Mn	=	80’000,	30	g)	was	dissolved	in	DCM	

(200	mL).	N-(9-Fluorenylmethoxycarbonyl)-L-alanine	 (0.43	g,	 1.41	mmol),	DPTS	 (0.27	g,	 0.94	mmol),	

and	DCC	(0.58	g,	2.82	mmol)	were	added,	and	the	reaction	mixture	was	stirred	at	room	temperature	for	

6	d.	 The	mixture	was	 poured	 into	MeOH.	 The	 precipitate	was	 dried	 in	 high	 vacuum	 to	 yield	PCL80-
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AlaFmoc	13	as	a	colorless	solid	in	a	yield	of	29	g	(97%).		1H	NMR	(400	MHz,	CDCl3):	d	=	7.77	(d,	4H),	

7.61	(m,	4H),	7.41	(m,	4H),	7.34	(m,	4H),	5.40	(d,	2H),	4.40	(m,	2H),	4.08	(t,	568H),	2.32	(t,	568H),	1.68	

(m,	1148H),	1.41	(m,	568H)	ppm.	

PCL80-AlaNH2	14.	 	PCL80-AlaFmoc	13	 (28	g)	was	dissolved	in	DCM	(200	mL),	and	piperidine	(2.0	g)	

was	added.	The	reaction	mixture	was	stirred	at	room	temperature	for	1	d	and	then	poured	into	MeOH	

(1.5	L).	The	precipitate	was	re-dissolved	in	DCM	before	being	poured	again	into	MeOH.	The	precipitate	

was	washed	with	MeOH	and	hexane	and	dried	in	high	vacuum	to	yield	PCL80-AlaNH2	14	as	a	colorless	

solid	in	a	yield	of	26	g	(93%).		1H	NMR	(400	MHz,	CDCl3):	d	=	8.70	(s,	4H),	4.00	(t,	3725H),	2.23	(t,	3697H),	

1.58	(m,	7572H),	1.35	(m,	3687H)	ppm.	

PCL-Ala3Ac	15.		N-acetyl-L-alanyl-L-alanine	(0.13	g,	0.66	mmol),	DIEA	(0.11	g,	0.83	mmol),	and	PyBOP	

(0.37	g,	0.72	mmol)	were	added	to	a	solution	of	PCL80-AlaNH2	14	(22	g)	in	THF	(380	mL).	The	reaction	

mixture	was	stirred	at	room	temperature	for	5	d	and	then	precipitated	twice	into	MeOH	(1.5	L).	The	

precipitate	was	collected,	washed	with	hexane,	and	dried	in	high	vacuum	to	yield	PCL-Ala3Ac	15	as	a	

colorless	solid	in	a	yield	of	21	g	(95%).		1H	NMR	(400	MHz,	CDCl3):	d	=	6.52	(m,	4H),	6.05	(m,	2H),	4.46	

(m,	2H),	4.36	(m,	4H),	3.39	(t,	2273H),	2.24	(t,	2275H),	1.95	(s,	6H),	1.57	(m,	4667H),	1.34	(m,	2319H)	

ppm.	GPC:	Mn	=	89’500	g/mol;	Mw	=	135’600	g/mol;	Ð	=	1.52.	DSC:	Tm	=	56.3°C,	Tc	=	27.3°C.	

Poly(L-lactide)	 (PLLA).	 	 L-lactide	 was	 purified	 by	 recrystallization	 from	 ethyl	 acetate	 and	 dried	

overnight	in	high	vacuum	before	the	polymerization.	Toluene	was	dried	over	sodium	and	benzophenone	

for	at	least	30	min	until	a	deep	blue	color	of	the	solution	emerged,	and	then	distilled	into	a	flash-dried	

flask.	Diethylene	glycol	(42.4	mg,	0.4	mmol,	1.0	equiv.)	stored	over	4	Å	molecular	sieves	and	DL-lactide	

or	L-lactide	(24.1	g,	166.4	mmol,	416.0	equiv.)	were	dissolved	in	toluene	(140	mL)	under	a	slight	flow	of	

Argon,	followed	by	the	addition	of	tin(II)	2-ethylhexanoate	(140	mg,	0.32	mmol,	0.8	equiv.).	After	4	h,	

the	solution	was	cooled	to	room	temperature	and	precipitated	into	rapidly	stirred	cold	diethyl	ether.	

The	 precipitate	 was	 filtered	 off,	 and	 washed	 with	 cold	 diethyl	 ether,	 dried,	 and	 redissolved	 in	

dichloromethane.	The	precipitation	procedure	was	repeated	two	more	times	to	yield	hydroxy-telechelic	

PLLA	as	a	white	powder.	PLLA:	yield	19.8	g	(82.5	%);	GPC	(THF,	40	°C):	Mn	=	61’200,	Đ	=	1.14.	1H	NMR	

(CDCl3,	400	MHz,	400	K):	δ	5.16	(q,	J	=	7.1	Hz,	880H),	4.35	(q,	J	=	7.1	Hz,	3H),	4.27	(dt,	J	=	6.5,	4.7	Hz,	4H),	

3.66	(t,	J	=	4.8	Hz,	4H),	1.58	(d,	J	=	7.1	Hz,	2901H).	

Poly(DL-lactide)	(PDLLA).		DL-lactide	or	were	purified	by	recrystallization	from	ethyl	acetate	and	dried	

overnight	in	high	vacuum	before	the	polymerization.	Toluene	was	dried	over	sodium	and	benzophenone	
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for	at	least	30	min	until	a	deep	blue	color	of	the	solution	emerged	and	distilled	into	a	flash-dried	flask.	

Diethylene	glycol	(42.4	mg,	0.4	mmol,	1.0	equiv.)	stored	over	4	Å	molecular	sieves	and	DL-lactide	or	L-

lactide	(24.1	g,	166.4	mmol,	416.0	equiv.)	were	dissolved	 in	 toluene	(140	mL)	under	a	slight	 flow	of	

Argon,	followed	by	the	addition	of	tin(II)	2-ethylhexanoate	(140	mg,	0.32	mmol,	0.8	equiv.).	After	4	h,	

the	solution	was	cooled	to	room	temperature	and	precipitated	into	rapidly	stirred	cold	diethyl	ether.	

The	 precipitate	 was	 filtered	 off,	 and	 washed	 with	 cold	 diethyl	 ether,	 dried,	 and	 redissolved	 in	

dichloromethane.	The	precipitation	procedure	was	repeated	two	more	times	to	yield	hydroxy-telechelic	

poly(DL-lactide)	PDLLA	or	poly(L-lactide)	PLLA	as	white	powders	in	yields	of	15.1	(62.7%)	and	17.2	g	

(71.7	%),	respectively.		GPC	(THF,	40	°C):	Mn	=	61’800,	Đ	=	1.16.	1H	NMR	(CDCl3,	400	MHz,	400	K):	δ	5.19	

(d,	J	=	21.3	Hz,	933H),	4.35	(s,	2H),	4.27	(d,	J	=	7.2	Hz,	4H),	3.66	(t,	4H),	1.56	(d,	J	=	6.9	Hz,	2952H).		

PLLA-Cbz.		PLLA	(20.0	g,	0.33	mmol,	1	equiv.)	was	dissolved	in	dry	dichloromethane	(300	mL)	at	room	

temperature,	 followed	 by	 the	 addition	 of	 N-[(Benzyloxy)carbonyl]-L-alanine	 (2.31	g,	 9.9	mmol,	

30	equiv.),	 N,N'-dicyclohexylcarbodiimide	 (1.1	g,	 5.3	mmol,	 16	equiv.)	 and	 4-(N,N-

dimethylamino)pyridine	(820	mg,	6.7	mmol,	20	equiv.).	The	reaction	mixture	was	stirred	overnight	and	

then	precipitated	into	rapidly	stirred	cold	diethyl	ether.	The	precipitate	was	filtered	off,	and	washed	

with	cold	diethyl	ether,	dried,	and	redissolved	 in	dichloromethane.	The	precipitation	procedure	was	

repeated	two	more	times.	PLLA-Cbz	was	obtained	as	a	white	powder	in	a	yield	of	18.5	g	(92.9	%).		GPC	

(THF,	40	°C):	Mn	=	62’300,	Đ	=	1.16.	1H	NMR	(CDCl3,	400	MHz,	400	K):	δ	7.34	(s,	13H),	5.15	(q,	J	=	7.1	Hz,	

869H),	4.45	(q,	J	=	7.1	Hz,	2H),	4.26	(dt,	J	=	6.5,	4.7	Hz,	4H),	3.65	(t,	J	=	4.8	Hz,	4H),	1.57	(d,	J	=	7.1	Hz,	

2851H).	

PDLLA-Cbz.		PDLLA	(6.0	g,	0.1	mmol,	1	equiv.)	was	dissolved	in	dry	dichloromethane	(100	mL)	at	room	

temperature,	 followed	 by	 the	 addition	 of	 N-[(Benzyloxy)carbonyl]-L-alanine	 (450	mg,	 1.9	mmol,	

19	equiv.),	 N,N'-dicyclohexylcarbodiimide	 (212	mg,	 1.0	mmol,	 10	equiv.)	 and	 4-(N,N-

dimethylamino)pyridine	(145	mg,	1.2	mmol,	12	equiv.).	The	reaction	mixture	was	stirred	overnight	and	

then	precipitated	into	rapidly	stirred	cold	diethyl	ether.	The	precipitate	was	filtered	off,	and	washed	

with	cold	diethyl	ether,	dried,	and	redissolved	 in	dichloromethane.	The	precipitation	procedure	was	

repeated	two	more	times.	PDLLA-Cbz	was	obtained	as	a	white	powder	in	a	yield	of	4.9	g	(81.3	%).		GPC	

(THF,	40	°C):	Mn	=	60’900,	Đ	=	1.18.	1H	NMR	(CDCl3,	400	MHz,	400	K):	δ	7.35	(s,	10H),	5.15	(d,	J	=	7.1	Hz,	

670H),	4.47	(q,	J	=	7.1	Hz,	2H),	4.26	(dt,	J	=	6.5,	4.7	Hz,	4H),	3.67	(t,	J	=	4.8	Hz,	4H),	1.57	(d,	J	=	7.1	Hz,	

2112H).	
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PLLA-NH2.		PLLA-Cbz	(7.0	g,	0.12	mmol,	1	equiv.)	was	dissolved	in	dry	dichloromethane	(110	mL)	at	

room	temperature,	followed	by	the	addition	of	trimethylsilyl	iodide	(1.0	g,	4.9	mmol,	40	equiv.).	After	

2.5	h,	more	trimethylsilyl	iodide	(0.42	g,	2.1	mmol,	18	equiv.)	was	added,	and	the	reaction	mixture	was	

stirred	for	0.5	h.	The	solution	was	precipitated	into	rapidly	stirred	cold	diethyl	ether.	The	precipitate	

was	 filtered	 off,	 washed	 with	 cold	 diethyl	 ether,	 dried,	 and	 redissolved	 in	 dichloromethane.	 The	

precipitation	procedure	was	repeated	two	more	times.	PLLA-NH2	was	obtained	as	a	white	powder	in	a	

yield	of	5.8	g	(82.9	%).		GPC	(THF,	40	°C):	Mn	=	61’200,	Đ	=	1.18.	1H	NMR	(CDCl3,	400	MHz,	400	K):	δ	7.34	

(s,	0.7H),	6.17	(d,	2H),	5.15	(q,	J	=	7.1	Hz,	809H),	4.26	(dt,	J	=	6.5,	4.7	Hz,	4H),	3.66f	(t,	J	=	4.8	Hz,	4H),	1.57	

(d,	J	=	7.1	Hz,	2604H).	

PDLLA-NH2.		PDLLA-Cbz	(6.0	g,	0.1	mmol,	1	equiv.)	was	dissolved	in	dry	dichloromethane	(100	mL)	at	

room	temperature,	followed	by	the	addition	of	trimethylsilyl	iodide	(0.84	g,	4.2	mmol,	42	equiv.).	After	

2.5	h,	more	trimethylsilyl	iodide	(0.28	g,	1.4	mmol,	14	equiv.)	was	added,	and	the	reaction	mixture	was	

stirred	for	0.5	h.	The	solution	was	precipitated	into	rapidly	stirred	cold	diethyl	ether.	The	precipitate	

was	 filtered	 off,	 washed	 with	 cold	 diethyl	 ether,	 dried,	 and	 redissolved	 in	 dichloromethane.	 The	

precipitation	procedure	was	repeated	two	more	times.	PDLLA-NH2	was	obtained	as	a	white	powder	in	

a	yield	of	4.3	g	(71.6	%);	GPC	(THF,	40	°C):	Mn	=	62’295,	Đ	=	1.25.	1H	NMR	(CDCl3,	400	MHz,	400	K):	δ	

5.16	(d,	J	=	7.1	Hz,	675H),	4.26	(dt,	J	=	6.5,	4.7	Hz,	4H),	3.66	(t,	J	=	4.8	Hz,	4H),	1.57	(d,	J	=	7.1	Hz,	2132zH).	

PLLA-B5.	 	PLLA-NH2	 (7.0	g,	0.12	mmol,	1	equiv.)	 and	3,5-bis(3-methylbutylcarbamoyl)benzoic	acid	

(312	mg,	0.89	mmol,	8.9	equiv.)	was	dissolved	in	tetrahydrofuran	(200	mL),	followed	by	the	addition	of	

benzotriazol-1-yloxytripyrrolidinophosphonium	hexafluorophosphate	(0.8	g,	1.5	mmol,	13	equiv.)	and	

diisopropylethylamine	 (0.9	 g,	 6.8	 mmol,	 34	 equiv.).	 The	 solution	 was	 stirred	 overnight	 and	 then	

precipitated	into	rapidly	stirred	cold	methanol.	The	precipitate	was	filtered	off,	washed	with	cold	diethyl	

ether,	dried,	and	redissolved	in	tetrahydrofuran.	The	solution	was	precipitated	into	rapidly	stirred	cold	

diethyl	ether.	The	precipitate	was	filtered	off,	washed	with	cold	diethyl	ether,	and	dried.	PLLA-B5	was	

obtained	as	a	white	powder	in	a	yield	of	5.9	g	(84.3	%).		GPC	(THF,	40	°C):	Mn	=	67’000,	Đ	=	1.20.	1H	NMR	

(CDCl3,	400	MHz,	400	K):	δ	8.33	(s,	6H),	6.84	(d,	2H),	6.31	(s,	5H),	5.16	(q,	J	=	7.1	Hz,	768H),	4.85	(m,	2H),	

4.27	(dt,	J	=	6.5,	4.7	Hz,	4H),	3.66f	(t,	J	=	4.8	Hz,	4H),	3.50	(q,	J	=	7.1	Hz,	9H),	1.58	(d,	J	=	7.1	Hz,	2430H).	

PDLLA-B5).		PDLLA-NH2	(3.0	g,	0.05	mmol,	1	equiv.)	and	3,5-bis(3-methylbutylcarbamoyl)benzoic	acid	

(150	mg,	0.43	mmol,	8.6	equiv.)	was	dissolved	in	tetrahydrofuran	(100	mL),	followed	by	the	addition	of	

benzotriazol-1-yloxytripyrrolidinophosphonium	hexafluorophosphate	 (420	mg,	0.8	mmol,	16	equiv.)	
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and	diisopropylethylamine	(74	mg,	0.6	mmol,	12	equiv.).	The	solution	was	stirred	overnight	and	then	

precipitated	into	rapidly	stirred	cold	methanol.	The	precipitate	was	filtered	off,	and	washed	with	cold	

diethyl	 ether,	 dried,	 and	 redissolved	 in	 tetrahydrofuran.	 The	 solution	was	 precipitated	 into	 rapidly	

stirred	cold	diethyl	ether,	 the	precipitate	was	 filtered	off,	washed	with	cold	diethyl	ether,	and	dried.	

PDLLA-B5	was	obtained	as	a	white	powder	in	a	yield	of	2.5	g	(81.7	%).		GPC	(THF,	40	°C):	Mn	=	70’500,	

Đ	=	1.22.	1H	NMR	(CDCl3,	400	MHz,	400	K):	δ	8.34z	(s,	6H),	6.85	(d,	1fH),	6.33	(s,	3H),	5.16	(q,	J	=	7.1	Hz,	

643H),	4.97	(m,	3H),	4.27	(dt,	J	=	6.5,	4.7	Hz,	4H),	3.66f	(t,	J	=	4.8	Hz,	4H),	3.50	(q,	J	=	7.1	Hz,	9H),	1.58	(d,	

J	=	7.1	Hz,	2049H),	0.91	(d,	J	=	6.6	Hz,	20H).	

PDLLA-A.	 	 PDLLA-NH2	 (7.0	 g,	 0.12	 mmol,	 1	 equiv.)	 and	 acetyl-L-alanyl-L-alanine	 4	 (121.4	 mg,	

1.79	mmol,	 18.8	 equiv.)	 were	 dissolved	 in	 tetrahydrofuran	 (400	mL),	 followed	 by	 the	 addition	 of	

benzotriazol-1-yloxytripyrrolidinophosphonium	hexafluorophosphate	(1.6	g,	3.0	mmol,	26	equiv.)	and	

diisopropylethylamine	 (1.8	 g,	 13.6	 mmol,	 68	 equiv.).	 The	 solution	 was	 stirred	 overnight	 and	 then	

precipitated	into	rapidly	stirred	cold	diethyl	ether.	The	precipitate	was	filtered	off,	washed	with	cold	

diethyl	 ether,	 dried,	 and	 redissolved	 in	 tetrahydrofuran.	 The	 precipitation	 was	 repeated	 two	more	

times.	 PDLLA-A	 was	 obtained	 as	 a	 white	 powder	 in	 a	 yield	 of	 4.9	 g	 (70.3	%).	 	 GPC	 (THF,	 40	°C):	

Mn	=	64’400,	Đ	=	1.22.	1H	NMR	(400	MHz,	Chloroform-d)	δ	6.53	(d,	J	=	41.3	Hz,	1H),	6.16	(s,	0H),	5.18	(d,	

J	=	21.4	Hz,	4508H),	4.60	(s,	4H),	4.43	(d,	J	=	7.7	Hz,	21H),	4.27	(d,	J	=	7.7	Hz,	35H),	3.66	(s,	50H),	1.55	(d,	

J	=	6.8	Hz,	47262H).	

PLLA-A.	PLLA-NH2	(7.0	g,	0.12	mmol,	1	equiv.)	and	acetyl-L-alanyl-L-alanine	4	(121.4	mg,	1.79	mmol,	

18.8	equiv.)	were	dissolved	in	tetrahydrofuran	(400	mL),	followed	by	the	addition	of	benzotriazol-1-

yloxytripyrrolidinophosphonium	 hexafluorophosphate	 (1.6	g,	 3.0	mmol,	 26	equiv.)	 and	

diisopropylethylamine	 (1.8	 g,	 13.6	 mmol,	 68	 equiv.).	 The	 solution	 was	 stirred	 overnight	 and	 then	

precipitated	into	rapidly	stirred	cold	diethyl	ether.	The	precipitate	was	filtered	off,	washed	with	cold	

diethyl	 ether,	 dried,	 and	 redissolved	 in	 tetrahydrofuran.	 The	 precipitation	 was	 repeated	 two	more	

times.	 PLLA-A	 was	 obtained	 as	 a	 white	 powder	 in	 a	 yield	 of	 5.6	 g	 (80.3	%).	 	 GPC	 (THF,	 40	°C):	

Mn	=	66’889,	Đ	=	1.31.	1H	NMR	(400	MHz,	Chloroform-d)	δ	6.53	(s,	0H),	6.43	(s,	1H),	6.03	(s,	1H),	5.15	(s,	

488H),	4.61	(s,	2H),	4.42	(s,	2H),	4.26	(s,	2H),	3.65	(s,	4H),	1.57	(s,	2100H).	
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9.	Appendix	

 

Figure	73. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA	

 

Figure	74. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA,	zoomed	in	
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Figure	75. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA-Cbz	

 

1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA-Cbz,	zoomed	in	
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Figure	76. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA-NH2	

 

Figure	77. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA-NH2,	zoomed	in	

	



163 

 

Figure	78. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA-B5:	

 

Figure	79. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA-B5	zoomed	in	
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Figure	80. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA-A	

 

Figure	81. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PDLLA-A	zoomed	in	
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Figure	82. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA	

	

 

Figure	83. GPC	 (THF,	 40	°C)	 of	 PDLLA,	 PDLLA-Cbz,	 PDLLA-NH2	 and	 PDLLA-B5	 with	 corresponding	 calibration	 data	

(black:	2	columns	PLgel	5	µm	MIXED-C	Analytical;	blue:	2	columns	PSS	SDV	analytical	linear	XL)	
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Figure	84. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA	zoomed	in	

	

 

Figure	85. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA-Cbz	



167 

 

Figure	86. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA-Cbz	zoomed	in	

	

 

Figure	87. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA-NH2	
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Figure	88. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA-NH2	zoomed	in	

	



169 

 

Figure	89. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA-B5	

 

Figure	90. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA-B5	zoomed	in	
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Figure	91. GPC	(THF,	40	°C)	of	PLLA,	PLLA-Cbz,	PLLA-NH2	and	PLLA-B5	with	corresponding	calibration	data	(black:	2	

columns	PLgel	5	µm	MIXED-C	Analytical;	blue:	2	columns	PSS	SDV	analytical	linear	XL)	

 

Figure	92. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA-A	
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Figure	93. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	PLLA-A	zoomed	in	

 

Figure	94. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	N,N,N-Tri(3-methylbutyl)	benzene-1,3,5-tricarboxamide	(B5)	
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Figure	95. 13C	NMR	spectrum	(CDCl3,	100	MHz)	of	N,N,N-Tri(3-methylbutyl)	benzene-1,3,5-tricarboxamide	(B5)	

 

Figure	96. 1H	NMR	spectrum	(DMSO-d6,	400	MHz)	of	5-methoxycarbonylbenzene-1,3-dicarboxylic	acid	(1)	
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Figure	97. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	methyl	3,5-bis(3-methylbutylcarbamoyl)benzoate	(2)	

 

Figure	98. 1H	NMR	spectrum	(Tol-d8,	400	MHz,	375	K)	of	3,5-bis(3-methylbutylcarbamoyl)benzoic	acid	(3)	
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Figure	99. 13C	NMR	spectrum	(DMSO-d6,	100	MHz)	of	3,5-bis(3-methylbutylcarbamoyl)benzoic	acid	(3)	

	

 

Figure	100. 1H	NMR	spectrum	(CDCl3,	400	MHz)	of	N,N,N-Tri(3-methylbutyl)	benzene-1,3,5-tricarboxamide	(B5)	
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Figure	101. 13C	NMR	spectrum	(CDCl3,	100	MHz)	of	N,N,N-Tri(3-methylbutyl)	benzene-1,3,5-tricarboxamide	(B5)	

 

Figure	102. a)	FT-IR	spectroscopy	and	b)	DSC	scan	of	B5	
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Figure	103. a)	Infrared	spectrum	of	A8	showing	the	characteristic	bands	of	antiparallel	β	-sheets;	b)	first	cooling	and	second	

heating	DSC	scans	of	A8	performed	at	10	°C/min	between	30	°C	and	250	°C.		

 

Figure	104. 1H	NMR	(400	MHz,	DMSO-d6)	of	7	.	
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Figure	105. 13C	NMR	(400	MHz,	DMSO-d6)	of	7.	

 

Figure	106. 1H	NMR	(400	MHz,	DMSO-d6)	of	8	

����������������	�
�������������������������	��
����������

��

�����

�

����

����

����

����

����

����

	���


���

����

�����

�����

�����

�����

�����

��
��
�

��
��
�

��
��
�

�
��
��
	

�
�


�
��
�
�
	

�
�


�
�
��
�
	

�
�


�
��
�
�

�
�
��
�

��
��
�
�

��
��
�
�

��
�
��
�

����������������������������������������	��	��
��
��������

��

����

�

���

����

����

����

����

����

����

����

����

����

����

	���

	���
�
�
�
�

�

�
�
�
��
�

�
�
�
��
�

�
��
�

�
�
�
��
�

	
��
	

�
�	
�

�
��
�

�
��
�

�
��
�

�
��
�

�
��
�

��
�
�

��
�
�

��
�
�

��
�
�
	

��
�

��
�
�

��
�
�

��
�
�

��
�
�

��
�
�

��
�
�

��
��
��
�
�

��
�
�

��
�
�

��
�
�

��
��
�
��
�

�
��
�

�
��
�

�
��
�

�
��
�

�
��
�

�
��
�

�
��
�

�
��
�

�
��
�

��
��
	�
�
�
��

��
�
�

��
�
�

��
�
�

��
�
�

��
�
�

��
�
�

��
�
�

��
��
��
��



178 

 

Figure	107. 1H	NMR	(400	MHz,	DMSO-d6)	of	9	

 

Figure	108. 1H	NMR	(400	MHz,	DMSO-d6)	of	8	

	

����������������������������������������	��	��
��
�����������

�

����

�

���

����

����

����

����

����

����

����

����

����

����

	���

	���


���


���

����

�
��
��
�

�
��
��
�

��
	
�	



��
�
�

�
��
�

�	
	
��
�

��
�
�

����������������������������������������	��	��
��
�����������

�

�����

�����

�

����

����

����

����

����

	���


���

����

����

�����

�����

�����

�����

�����

�����

�	���

�
���

�����

�����

�����

�����

�����

�����

��
�
��
�

�
�
��
��

��
	�
�
�

�
�




�

�
��
�

��
	
�



��
�

��
��

��
�
�

�
�

�

��
��
��
�
�

��
�
�

�

�

�

��
�
	

��
�
�

��
�
�

��
�
�

��
�
�

��
��
��
�



��
�
�

��
�
�

��
�
�

��
�

�
�

�

�
�

	

�
�

�

�
��
�

�
��
�

�
��



�
�	
�

�
�	
	

�
�	
�

	
��
�

�
��
�

��
��
�
�
�
��

��
��
��
�
�

��
�
�

��
�
�

��
�
�

��
�
�

��
	
�

��
	
�

��
�	
��
��



179 

Curriculum	Vitae	
Yevhen	Hryshunin	
yevhen.hryshunin@gmail.com	
St	Sulpice	1025,	Switzerland	
+41	79	818	57	64	
	
Profile	
High-performing	polymer	scientist	and	engineer	who	strives	for	research	and	development	excellence	
with	 a	 strong	 focus	 on	 novel	 sustainable	 packaging	 solutions	with	 relation	 to	 the	 new	 sustainable	
plastics,	polymer	processing,	thermomechanical	characterization	and	final	performance.	
	

Experience	

03.2018	–	
present	

PhD	candidate	under	supervision	of	Prof.	Holger	Fruenrath	at	 the	École	
polytechnique	fédérale	de	Lausanne	(EPFL)	
● Title:	New	Processing	Avenues	for	of	PLA	and	PCL	Based	Materials	for	Novel	
Sustainable	Packaging		

● Key	Achievement:	PLA	and	PCL	of	80’000	molecular	weight	were	modified	to	
yield	 materials	 with	 higher	 crystallization	 speed	 and	 improved	 melt	
strength.	 Both	 properties	 were	 then	 effectively	 utilized	 to	 process	 the	
polymers	 in	 the	 melt	 into	 films	 and	 fibers	 with	 consecutive	 significant	
improvement	 in	 mechanical	 properties	 at	 room	 temperature.	 The	
production	 of	 polymers	 was	 then	 scaled-up	 to	 1	 kg	 scale	 by	 reactive	
extrusion.	Packaging	articles	like	liners	and	yogurt	cups	were	obtained	to	
showcase	 improved	 mechanical	 properties,	 thermal	 stability	 and	
processability	of	the	obtained	materials.	

01.2017	–	
06.2017	

Master	 thesis	 under	 supervision	 of	 Prof.	 De	 Cola	 at	 the	 Institute	 of	
Supramolecular	Chemistry	and	Engineering,	Strasbourg	University	
● Title:	Novel	Nanocomposite	pH	Responsive	Hydrogels 
● Key	Achievement:	It	was	demonstrated	that,	in	a	nanocomposite	based	on	a	
pH-responsive	hydrogel,	the	pH-dependent	degradation	of	the	hydrogel	
is	 a	 viable	 approach	 to	 trigger	 the	 release	 of	 encapsulated	 bioactive	
molecules.	A	patent	on	this	finding	is	currently	in	preparation. 

09.2016	–	
12.2016	

Internship	 under	 supervision	 of	 Prof.	 De	 Cola	 at	 the	 Institute	 of	
Supramolecular	Chemistry	and	Engineering,	Strasbourg	University	
● Title:	A Hybrid, Emission-Switchable Hydrogel for in Vitro Cell Studies 
● Key	Achievement:	 In	hydrogels	with	covalently	attached	 iridium	complexes	
loaded	with	cells,	the	interaction	between	the	complex	and	the	lipid	bilayer	
cell	membrane	led	to	a	fluorescence	switch-on	due	to	the	suppression	of	the	
fluorescence	 quenching	 by	 molecular	 oxygen.	 Fluorescent	 complexes	
sensitive	to	molecular	oxygen	hence	allow	for	a	real-time	analysis	of	the	
3D	movement	of	cells	and	can	be	used	as	a	substitute	to	conventional	
cell	staining	agents.	 

09.2016	–	
06.2017	

Assistant	 Technician	 in	 the	 group	 of	 Prof.	 De	 Cola	 at	 Institute	 of	
Supramolecular	Chemistry	and	Engineering,	and	at	the	National	Center	for	
Scientific	Research,	Strasbourg	University	
● Large-scale	synthesis	of	polyamidoamine	gels	as	bulk	materials	and	surface	
modification	of	nanoparticles	as	well	as	silica	particles	for	in	vivo	testing.	 
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● Loading	 of	 polyamidoamine	 gel	 particles	 and	 silica	 particles	 with	 drugs,	
proteins,	and	contrast	agents. 

09.2015	–	
06.2017	

Double	 international	 Master’s	 Degree	 in	 Polymer	 Engineering	 and	
Sustainable	Materials	at	the	Strasbourg	and	Freiburg	Universities.		
● Grade:	16.3/20;	Final	class	ranking	1/25 

	

Skills	

Chemistry	 Synthesis,	 characterization	 and	 scale-up	 of	 discrete	 organic	 compounds	 and	
polymers:	 PLA,	 PCL,	 PDMS,	 PP,	 PS.	 Conversant	 with	 Schlenk	 techniques.	
Preparation	and	functionalization	of	silica	and	hydrogel	particles;	

Analytics	

	

Polymer	 processing:	 thermoforming,	 hot	 pressing,	 fiber	 and	 film	 drawing,	
extrusion	molding.		

Mechanical	 and	 thermal	 characterization:	 differential	 scanning	 calorimetry	
(DSC),	 oscillatory	 and	 elongational	 rheology,	 dynamic	 mechanical	 analysis	
(DMA)	and	tensile	testing	(UTM).		

Structural	 characterization:	 X-ray	 diffraction	 (SAXS	 and	 WAXS),	 scanning	
electron	microscopy	(SEM),	atomic	force	microscopy	(AFM),	mass	distribution	
and	 branching	 analysis	 by	 size	 exclusion	 chromatography	 (SEC)	 and	MALDI-
TOF	mass	spectrometry.	

Other:	cell	visualization	by	confocal	laser	microscopy,	colloid	characterization	
by	 dynamic	 light	 scattering	 and	 zeta-potential	 analysis,	 Nuclear	 Magnetic	
Resonance	(NMR)	spectroscopy,	UV-vis	absorption,	and	fluorescence	spect	

IT	 Conversant	with	Origin,	Adobe	Illustrator,	Adobe	Photoshop,	Image	J,	Microsoft	
Office,	ChemDraw,	TOPSPIN,	HTML	and	web-design.	

Business	 2018-2022	 EPFL	 innovators	 scholar	 with	 direction	 towards	 innovation,	
entrepreneurship	and	business	management	

2016-2017	 status	 of	 student-entrepreneur,	 conversant	with	 preparation	 of	 a	
business	plan,	tax	liability	and	launching	a	company.	

	

Awards	
03.2018	 Innoswiss Business Scholarship, EPFL innovators 

11.2017	 Swiss Government Excellence Scholarship 

09.2016	 French Government Scholarship from Campus France for foreign students 

05.2016	 Boussole Mobility Scholarship from Region Alsace Champagne-Ardenne Lorraine 

02.2016	 Mobility Aid Scholarship from the Franco-German University (DFH-UFA) 

09.2015	 French Government Scholarship from Campus France for foreign students 
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Languages		 	 	 	 	

● Ukrainian,	Russian	–	native 

● English	–	C1 

● French	–	B2 

● German	–	A1 

	

 

	




