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This work extends the range of pathways for the production of metallic microcomponents by downscaling 

metal casting. This is accomplished by using either of two different molding techniques, namely femtosecond 

laser micromachining or lithographic silicon microfabrication, in combination with metal pressure infiltration 

followed by solidification and mold leaching. Structures produced in this work, of size ranging from a few 

tens of micrometer to a few millimeters and with features of size down to around 2 µm, are cast out of 

engineering metals (silver, copper, gold, and their alloys). Femtosecond laser machining, on one hand, enables 

the fabrication of freeform structures that are difficult or impossible to produce by any other means. On the 

other hand, combining silicon microfabrication with metal pressure casting allows the production of 2D and 

2.5D microcomponents with massive parallelization. Microcasting is shown with both molds to feature 

excellent dimensional control, high reproducibility, the potential for full density, the possibility to alloy with 

great freedom the infiltrant alloy composition, and a capacity to replicate essentially any continuous shaped 

hollow with micrometric precision.  

Microcasting, in both forms developed here, provides a new way to efficiently produce micron-scale single-

crystalline specimens that are amenable to tensile testing. By conducting in-situ displacement-controlled 

tensile tests under the scanning electron microscope at room- and elevated temperatures (200 °C and 400 

°C), it is demonstrated that the mechanical response of microcast silver or copper, either bare or coated with 

ceramic, shows attractive strength and ductility values, indicating in turn the high microstructural quality of 

the material produced while providing insights into small-scale plasticity. The latter are achieved by 

investigating the influence of size, crystal orientation, and temperature on the deformation, yield, strain burst 

statistics, and strain hardening of these micrometric dense metal samples and comparing data with bulk 

counterparts that are cast to have a diameter near 1 mm. Results show clear evidence of small-scale plasticity. 

The yield stress of microcastings is affected by both size and temperature and shows evidence of the presence 

of a scale-dependent density of geometrically necessary dislocations in the cast metal, while no effect of the 

crystal orientation is measured. The decrease in yield stress at elevated temperatures can fully be attributed to 

the concomitant decrease in shear modulus, suggesting that the mechanisms that govern the initiation of 

plastic flow in microcast silver are likely the same from 20 °C up to 400 °C. The work hardening rate also 

decreases with increasing temperature; however, it does so faster than do elastic properties. The 

complementary cumulative distributions of strain burst amplitudes agree with an exponentially truncated 

power-law distribution that has the expected power-law exponent. There is, within error, no measured 

dependence of the cutoff intensity on sample diameter or test temperature. 

Keywords: micro-manufacturing, microcasting, plasticity size-effects, micro-tensile testing, single crystal 

deformation, intermittent plasticity. 
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Ce travail augmente la palette des moyens de produire des microcomposants métalliques en réduisant l'échelle 

à laquelle on peut couler les métaux. Pour ce faire, deux techniques différentes de micro-moulage sont 

étudiées, à savoir le micro-usinage par laser femtoseconde ou la micro-fabrication lithographique sur silicium, 

en combinaison avec l’infiltration du métal sous pression suivie de sa solidification et de la dissolution sélective 

du substrat. Les pièces ainsi réalisées ont une taille qui peut varier de quelques micromètres à quelques 

millimètres et sont fabriquées à partir de métaux comme l'argent, le cuivre, l'or et leurs alliages. Le micro-

usinage par laser femtoseconde, d’une part, permet la fabrication de structures ayant des caractéristiques 

géométriques complexes et qui sont difficiles, voire impossibles à produire en utilisant d’autres méthodes de 

fabrication. D’autre part, la combinaison des procédés de gravure sur silicium et de la coulée sous haute 

pression, ouvre la voie à la fabrication en série de microcomposants 2D et 2.5D par parallélisation massive 

des étapes d’élaboration. Le procédé de micro-coulée, dans les deux cas, présente un excellent contrôle 

dimensionnel, une reproductibilité élevée, le potentiel d’obtenir des pièces en métal de pleine densité, la 

possibilité de définir avec une grande liberté la composition de l'alliage, ainsi que la capacité de produire des 

pièces de géométrie complexe avec une précision micrométrique. 

Les procédés de micro-coulée développés au cours de ce travail offrent en particulier un nouveau moyen de 

fabrication permettant de produire efficacement des échantillons monocristallins à l'échelle du micron 

pouvant être sollicités par traction uniaxiale. En effectuant des essais de traction contrôlés par le déplacement, 

in-situ sous le microscope électronique à balayage à température ambiante et élevée (200 °C et 400 °C), il 

est démontré que l'argent ou le cuivre micro-coulés, nus ou revêtus de céramique, présentent des propriétés 

mécaniques attrayantes. Les données reflètent la haute qualité microstructurale du matériau produit, tout en 

fournissant de nouvelles données sur la plasticité à petite échelle. L'influence de la taille, de l'orientation des 

cristaux et de la température sur leur déformation plastique sont étudiées, notamment pour ce qui concerne 

les statistiques de chute soudaine de charge et le taux d'écrouissage de ces échantillons métalliques 

micrométriques. Les résultats obtenus sont comparés avec ceux de cristaux du même métal produits de 

manière analogue pour leur donner un diamètre proche de 1 mm. Les données indiquent clairement la 

présence d’effets d’échelle dans la déformation des métaux microcoulés. La limite d’élasticité est influencée à 

la fois par le diamètre des échantillons et la température, et montre les signes d’une présence dans le métal 

micro-coulé de dislocations géométriquement nécessaires dont la densité dépend de l'échelle. Aucun effet de 

l'orientation cristalline sur la limite d’élasticité n'est mesuré. La diminution de cette dernière à des 

températures élevées peut être entièrement attribuée à la baisse simultanée du module de cisaillement, ce qui 

suggère que les mécanismes gouvernant l'initiation de la plasticité dans l'argent micro-coulé sont 

probablement les mêmes de 20 °C à 400 °C. Le taux d'écrouissage diminue également avec l'augmentation 

de la température, mais ici la diminution est à vitesse plus élevée que les propriétés élastiques. Les fonctions 

cumulatives de distribution complémentaires des amplitudes des chutes de charge coïncident avec une 
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distribution de type loi puissance suivie d’une coupure exponentielle. La loi puissance présente l'exposant 

attendu, alors que la valeur de l’amplitude de coupure ne montre pas de dépendance mesurable par rapport 

au diamètre de l'échantillon ou à la température de l'essai.    

Mots clés : micro-fabrication, microcoulée, effet de taille, test de micro-traction, déformation de 

monocristaux, plasticité intermittente. 
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The trend toward miniaturization of electromechanical systems has led to the development of innumerable 

miniaturized devices that are now present in our everyday lives. Many domains of technological progress, 

including microelectromechanical systems (MEMS), microsensors, metamaterials, integrated optical devices, 

microfluidic, medtech micro-components, or microelectronic devices, rely on the availability of 

geometrically complex structures made to micrometric resolution. Despite remarkable progress made in 

recent years in advanced micromanufacturing, current means for producing truly three-dimensional metallic 

micro-components with non-trivial shapes are often either too slow to be economically viable, not adapted 

to metals of interest for engineering applications, or produce porous or otherwise imperfect metal 

microstructures because a straightforward downscaling of systems and technologies is often not possible. This 

has encouraged scientists and engineers to develop new materials processing techniques. 

Since the mechanisms ruling the deformation of metals are altered if one confines the external (extrinsic) 

dimensions of the specimen to a scale roughly below 100 µm, the same trend towards miniaturization and 

the rapid evolution of micromechanical systems have also triggered a large volume of research on the subject 

of small-scale plasticity, meaning the plastic deformation of small specimens. This is most often conducted by 

focused ion beam (FIB) milling micropillar shaped samples that are tested in compression; such tests have 

been used to generate an extensive bank of data, but have limitations, namely artefacts introduced into the 

material close to the surface during ion-milling (including implanted gallium and/or dislocations together 

with internal stresses) and the fact that tests are generally conducted in compression (leading to barreling, 

buckling, and an inhomogeneous, non-uniaxial stress distribution).    

This work aims, first, to provide new means for the production of metallic microcomponents by downscaling 

metal casting. This is accomplished by using either of two different molding techniques, namely femtosecond 

laser machining or silicon microfabrication, in combination with metal pressure infiltration followed by 

solidification and, if free-standing metal samples are desired, mold leaching. Results represent an advance in 

the art of metallurgical processing but are also likely to have direct impact in microtechnology by providing 

a pathway for the production metal micro-parts with considerable freedom in terms of part geometry.  

A second goal of this work is to explore the mechanical properties of microcast metals, produced to have 

selected uniform diameters from a few to several tens of micrometer and of sufficient length to be tested in 

uniaxial tension within a scanning electron microscope. The tensile behavior of microcast silver and copper 

is thus examined by conducting displacement-controlled in-situ microtensile tests at room-temperature, 

200 °C, and 400 °C. Data are compared with bulk counterpart samples cast to have a diameter near 1 mm. 

The results provide new insights into small-scale plasticity since the influence of multiple parameters, namely 

size, crystal orientation, and temperature can be investigated in uniaxial tension within samples free of artefacts 
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introduced by FIB milling. Those tests furthermore demonstrate the capabilities of microcasting in terms of 

materials performance.  

Chapter 2 of the thesis is dedicated to outline micro-manufacturing methods and general considerations of 

crystal plasticity that are relevant to this work and place in context the process and investigations detailed in 

subsequent chapters. Chapter 3 and 4 introduce each of the two forms of microcasting developed here, 

namely metal pressure infiltration in combination with either femtosecond laser micromachining (Chapter 3) 

or lithographic silicon microfabrication (Chapter 4). The mechanical properties of microcastings are evaluated 

at room- (Chapter 5) and elevated temperatures (Chapter 6). General conclusions and perspectives for future 

development are discussed in Chapter 7.  

Supplementary videos are available for download from the Zenodo website at https://zenodo.org/ under the 

following digital object identifier (DOI): 10.5281/zenodo.7624068. 
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The purpose of the present chapter is to describe the literature that underlies topics of specific 

relevance to this thesis, namely micromanufacturing processes, their advantages, limitations and new 

areas for exploration. Attention then turns to general concepts of crystal plasticity with focus on 

confined plasticity, as a preamble to studies of the mechanical properties of microcastings presented 

in subsequent chapters. 

Microelectromechanical systems (MEMS), which are devices or components that convert a stimulus (physical, 

chemical, biological, optical, etc.) into a useful output (electrical, mechanical motion, etc.), represent a good 

example of how microfabrication techniques may have a great impact in daily life [1]. Different techniques 

have been developed in order to fabricate micrometer scale devices and, for metallic parts in particular, 

suitable fabrication methods capable of producing different shapes at a small scale might be divided into three 

groups, namely (i) those where the metal grows in layers, (ii) those where the shape is achieved by removing 

material or manipulating a form such a wire or foil and (iii) new casting techniques.  

A concise overview of available techniques for the production of metallic microstructures is given below, 

together with their limitations and influence in the final component. First, techniques employed to study 

microplasticity with limited potential for industrial application are introduced, and subsequently, fabrication 

methods enabling high production rates and/or three-dimensional (3D) microstructures are described. 

Present coverage aims to cover both the micron and submicron scale; reviews covering in depth 3D metal 

micromanufacturing at the submicron scale can be found in [2,3].  

Focused ion beam (FIB) milling is a technique initially established in microfabrication that has gradually 

evolved toward high-resolution FIB microscopes [4]. A focused beam is made of accelerated ions, normally 

Ga+; four main physical interactions are manifested when ions bombard a solid surface: (i) sputtering of 

substrate atoms, (ii) emission of secondary electrons, (iii) implantation of ions near the surface, and (iv) heating 

due to emission of phonons. The sputtering of atoms from the surface enables localized milling, allowing the 

fabrication of pieces with sub-micron resolution and with a geometry only restricted by the accessibility of 

the beam [5,6]. The sputtering rate depends on the number of ions hitting the surface (FIB current) as well 

as the nature of the material; still, essentially any material can be milled. Secondary electrons emitted from 

the materials surface can be used for high-resolution imaging; yet, nowadays “dual-beam” FIB-SEM 

instrument are conventionally employed for imaging, milling and deposition due to the increased versatility 

afforded by the presence of both beams. 
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Uchic et al. [7–9] introduced focused ion beam milling as a new method enabling the preparation of standing 

micropillars amenable to uniaxial compression testing. These pillars are produced from bulk material and 

remain linked to it, which facilitates micromanipulation (Figure 2-1a). Due to the top-down machining 

method, micropillars generally exhibit some degree of taper, generally between 2 ° and 5 °, which leads to 

a non-uniform geometry along their length and a non-uniform applied stress upon pillar compression. 

Implications of tapered pillars are inaccuracies in defining the flow stress, and the displaying of artificial work 

hardening rates, since for instance a taper angle of 4.5 ° results in stresses 55 % lower at the base with respect 

to the top of the pillar in pillars displaying usual aspect ratio values, which can for example cause yield to 

spread from top to bottom across the sample [10–12]. Further automatization of the process [8] has since 

enabled the fabrication of taperless pillars, and provides a path for proper milling of polycrystalline specimens, 

which otherwise show different milling rates depending on the crystal orientation.  

The main drawback of FIB milling is related to the damage that is induced by the beam on the machined 

materials microstructure close to the surface, due to the various modes of interaction of the machined material 

with the accelerated ions [13]. Formation of intermetallic compounds, ion implantation, creation of point 

defects, introduction of dislocation loops, and liquid metal and grain boundary embrittlement constitute some 

defects induced by FIB milling that are reported in the literature [14–21]. Annealing of FIB-milled 

components has been used to partially reduce the amount of implanted Ga ions, but this may alter the material 

microstructure, e.g., by changing the initial distribution and density of dislocations [15]. The magnitude of 

damage depends on the nature of the substrate and the milling conditions (namely incident angle and ion 

energy among others). Usually final polishing steps are conducted with low milling currents to minimize or 

remove surface damage [17]. Since the thickness of the damaged layer remains fixed to the milling conditions, 

such that the damaged material layer represents an increasing proportion of the tested volume as sample 

dimensions decrease, this intrinsically creates size effects and influences the behavior of pillars under stresses. 

Numerous studies employing various materials show that size-effects are inherent to the microscale, regardless 

of the fabrication method [22–25]; still, defects introduced by FIB directly impact conclusions drawn from 

FIB-pillars investigations, such that other fabrication methods have been proposed to overcome these 

concerns.    

Another limitation of FIB microfabrication is the milling speed, in that the manufacture of samples with 

diameters above 10 µm may take up to a day, resulting in high sample production costs. That also limits the 

fabrication of complex shapes, namely dog-bone specimens. A more recent technique, namely Xe+ plasma 

FIB (PFIB) micromachining, enables high-throughput milling for large volume characterization, enabled by 

the use of higher currents [26–28]. Furthermore, PFIB micromachining eliminates problems linked with Ga+ 

contamination in the sample and was shown to introduce less amorphization in silicon [19,28]. A comparison 

of the behavior of ultrafine-grained and monocrystalline aluminum micropillars prepared by gallium and 

xenon ion milling shows effects of the micromachining ion used on both the mechanical strength and mode 

of deformation exhibited (Figure 2-1b) [19,29]. In aluminum, furthermore, the segregation of gallium at 

grain boundaries reduces the strength of micropillars and higher doses exacerbate the drop.  
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Figure 2-1 a) A micropillar machined into a Ni3(Al, Hf) single crystal. The circle on the top surface is a fiducial mark for automated 

machining. b) Effects of the use of different ions during FIB milling on the yield strength of aluminum micropillars. a-b). Images 

reprinted from [8] and [19] respectively, with permission from Elsevier.  

Micrometric samples can be produced by means of directional solidification of a rod eutectic followed by 

selective etching of the matrix. Ingots of a eutectic alloy are molten and directionally solidified in a Bridgman 

furnace imposing a vertical thermal gradient, to create well-aligned rod-like eutectic microstructures [30–

33]. The size of each rod is determined by the cooling rate, which limits diffusion distances (i.e., the higher 

the solidification rate, the smaller the rods and their spacing). Following solidification, the eutectic alloy is 

submerged into an etchant that selectively etches away the matrix, exposing fibers as free-standing 

microsamples amenable to mechanical testing.   

Bei et al. [30,31] fabricated monocrystalline molybdenum pillars (D 360-1400 nm) out of a NiAl-Mo alloy, 

which exhibit a mechanical behavior corresponding to that of defect-free whiskers. The dislocation density 

of such pillars can be tuned by subjecting the long fibrous composite to deformation after solidification, prior 

to etching of the matrix. In addition, oriented aluminum sheets can also be produced by selective etching of 

a Al/Al2Cu alloy [33]. These fibers show a yield strength in tension that depends on both the fiber section 

and dislocation density. 

This elegant method enabled fruitful studies on microplasticity; however, it is restricted in terms of feasible 

sample chemical compositions and shapes since samples are limited to eutectic or near-eutectic compositions.  

Hot embossing or metal nanoimprinting refer to the process of reproducing a design with dies of similar 

pattern, one the negative of the other, as in forging or coining. For metals, this fabrication technique relies 

on the plastic deformation of soft and ductile metals into a structured rigid mold. Precise mold manufacturing 

at the micron scale can be achieved using widespread silicon microfabrication techniques, which are nowadays 

available for structuring silicon substrates (these techniques are detailed in following sections as we use them 
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in our work). The filling of silicon etched templates via hot-embossing has been demonstrated to fabricate 

sub-micron structures out of silver, gold and a gold-tin alloy, which if needed can subsequently be freed from 

the template by selectively etching the mold after processing [34–37].  

Forming parameters include sample set up, vacuum, applied force, temperature ramps, among others, and 

they are essential to accomplish a complete filling of cavities. For instance, a gold interlayer is deposited in 

[37] to enhance wettability before embossing a molten gold-tin alloy at 320 °C. Similarly, the imprinting of 

pure silver and gold into silicon is conducted under high vacuum at elevated temperature (400 °C) and using 

mechanical pressures in the order of 300 MPa. Since the metal embossing process occurs above the 

recrystallization temperature of the embossed metal and involves deformation, monocrystalline metallic 

microstructures can be fabricated. Micro-compression tests on pillars produced this way (with diameters D 

in the range 130–3000 nm) cross the threshold from bulk to dislocation-nucleation governed plasticity [36]. 

In addition, mechanical twinning is reported as an important deformation mechanism in sub-micron silver 

pillars, possibly triggered by preexisting twins.  

The use of silicon microfabrication enables rapid and scalable prototyping, as well as simple tailoring of 

dimensions and aspect ratios; however, nanoimprinting is limited to simple shapes because intricate (e.g., 

expanding) structures are challenging to fill. It is also restricted in terms of materials since it requires metals 

that flow at low pressure and temperatures, and that are compatible with silicon. 

Electroplating is based on the electrochemical reduction of metallic ions and their deposition on a surface. 

LIGA is an acronym from the German words ‘Lithographie, Galvanoformung und Abformung’ (Lithography, 

electroplating, molding), and refers to the combination of lithographic processes with electroplating. This 

technique, which has some common features with hot-embossing, is employed to fill by electrodeposition 

small cavities that have been previously patterned into polymeric resins, namely polymethyl methacrylate 

(PMMA) or SU-8, by lithographic processes. LIGA was first developed using X-ray lithography to generate 

high-aspect ratio components [38], but this requires expensive synchrotron sources. Alternatively, UV-LIGA, 

spawned from a collaboration between EPFL and IBM, uses SU-8, an epoxy-based resin sensitive to near-

ultraviolet light [39,40]. Nowadays, a large number of variants of the process exist, with well-established 

companies fabricating micromechanical parts.  

The conventional LIGA process is outlined in Figure 2-2a. It begins with the deposition of a seeding layer 

(i.e., gold) onto a substrate (generally silicon), and continues with a spin coating of a photoresist layer with a 

thickness close to the intended height of structures. The shape of the final components is defined in the resist 

by means of exposure (i.e., photolithography [41,42], X-rays [38], electron beam [43]) and development. 

Metal is then electrodeposited onto the substrate, and the resin is removed to expose freestanding metal 

structures.  



19 

 

The outcome from electroplating generally consists of nano-twinned or nanocrystalline microstructures that 

can be further annealed to obtain monocrystalline samples. Electroplated dislocation-containing pillars (with 

diameters D in the range 750-25 nm, Figure 2-2b) have been tested in compression or tension, exhibiting 

localized deformation and strong size-effects [23,43–46]. One of the main drawbacks when testing in tension 

is that pillars do not adhere well to the substrate, such that specific anchoring or gluing strategies are needed 

(such as focused electron beam deposition).  

 

Figure 2-2 Lithographic processes and the fabrication of pillars. a) Schematic illustration of a e-beam lithography in combination with 

electroplating. b) Copper mono- and nanocrystalline pillars of copper produced via a). c) Schematic illustration of deep reactive ion 

etching (DRIE). d) Silicon pillars obtained by lithography. a-b) Adapted from [43]. d) Adapted from [47].  

Lithographic cleanroom processes are available to etch cavities into silicon. In this case, after photoresist 

development, the pattern is transferred to the silicon generally by deep reactive ion etching (DRIE). This 

process is used to etch deep features and consists of periodically switching gases to alternately etch and protect 

the surface (i.e., SF6 and C4F6 plasmas respectively, Figure 2-2c) [48]. Silicon pillars produced in this manner 

(Figure 2-2d); when tested in compression these achieve yield strengths nearly matching ideal limits, reaching 

values significantly higher than their FIB-milled counterparts [47,49,50].  

Lithography-based techniques provide excellent dimensional control while enabling the fabrication of many 

components simultaneously and to a high level of precision; however, fabricated structures are essentially 2D 

or at most 2.5D in geometry, with the inability to fill high-aspect ratio or reentrant cavities due to clogging. 

Also, when combined with electroplating, lithography-based approaches are limited in alloy compositions 

that can be deposited, and feature comparatively low deposition rates.   

Conventional manufacturing methods such as stamping have successfully been extended to produce small-

scale metallic parts. In “microstamping”, the machine, tools and sheets are miniaturized in order to get final 
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features in the micrometer range [51]. This technique is suitable for high-volume part production with low 

unit prices, but it has several limitations. For example, the design of the component is limited to relatively 

simple 2D forms, due to the need for a sheet as a starting point, and the metal sheet should withstand critical 

deformation levels.  

Wire electro-discharge machining (WEDM) is an example of processes that involve removal at high spatial 

resolution of material from the workpiece. An electrical discharge produced between a wire and a workpiece 

generates a controlled spark that melts and vaporizes a microscopic area of the material. Dielectric fluid in 

between the two electrodes (wire and workpiece) is continuously provided in order to remove eroded 

particles and to cool down both the wire and the machined part [52]. Although WEDM is a versatile process 

due to its ability to machine a large number of materials delivering 3D shapes, the minimum conceivable 

feature is limited by the wire diameter (typically around 0.05-0.3 mm [52,53]). 

In metal-manufacturing, conventional laser cutting and ablation is for instance employed together with 

electropolishing for the fabrication of cardiovascular stents. Recently, femtosecond lasers, which are lasers 

that emit ultrashort pulses (e.g., shorter than 1 ps = 10-12s), can manufacture components of diverse materials, 

with minimal to non-existent collateral effects on the immediate surrounding to the laser-exposed region due 

to the absence of heat diffusion beyond the focal volume as a direct consequence of the combined extreme 

brevity and peak intensity of the pulse characterizing this peculiar laser-matter interaction. Several articles are 

available on femtosecond laser machining [54–57]. Worth noticing, femtosecond lasers can be nowadays 

employed for rough sectioning in-situ in the SEM in combination with FIB milling [58,59].  

The advantage of femtosecond laser micromachining of laser-transparent materials, usually fused silica, is that 

it can be used in a non-ablative regime and thanks to the ultra-high-peak power it may trigger non-linear 

absorption events (e.g., multiphoton absorptions) in the bulk transparent material. The femtosecond exposure 

may then lead to changes that are confined to a focal volume, which implies that an internal volume is 

modified without alterations of the remaining material or the sample surface. At low applied energies, when 

no ablation occurs, exposing the material to the focused femtosecond laser spot leads to structural changes 

that locally increase the refractive index and enhance the susceptibility of glass to wet chemical etching. 

Experimental evidence suggests that the structure is locally densified, in part due to a decrease in the Si-O-

Si angles, which implies the presence of a field of high-stresses around the machined region [56,60]. If in a 

subsequent step the substrate is submerged in a low-concentration etchant (typically solutions of aqueous 

diluted hydrofluoric acid (HF), potassium hydroxide (KOH), or sodium hydroxide (NaOH) [61]), the laser-

exposed regions are selectively removed at rates about 100 times faster than unexposed regions. Furthermore, 

the etching rate depends on the deposited energy or exposure dose (which is a function of the LAZ, scanning 

speed, repetition rate and energy per pulse) [54–57,60–62]. Patterned glass etching can take from one to 
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several hours depending on the area to be etched. Two main features of the process should be pointed out: 

i) the shape of the pattern is only restricted by the accessibility of the etchant and ii) surface features of the 

hollows thus carved into glass are linked with the etchant and the exposure pattern. The surface roughness 

(Ra) and typical waviness of HF-etched channels have been estimated to be in the range of 100 to 250 nm 

and 0.5 µm respectively, but they depend on the patterns writing strategy [56]. 

The method has also been used to micromachine samples for testing at the microscale. Fused silica specimens 

fabricated by means of femtosecond laser machining and tested in both compression [63] or tension [64], 

exhibit high strength in the gigapascal range (8 to 10 GPa in compression, and around 2 GPa in tension).  

When it comes to non-transparent substrates such as metals, none of the aforementioned techniques provides 

full geometrical design freedom in all three dimensions. Recent years have seen the addition of a wide range 

of novel advanced additive manufacturing processes; still, conventional powder-based printing processes are 

typically limited to the size of the powder particles (i.e., ≈ 20 µm) [65]. Novel approaches that can produce 

metal structures at the micro and/or nanoscale are based on the reduction of metal ions present in solution 

and are usually known as advanced additive manufacturing techniques, comprehensive reviews can be found 

in [2,3].  

Wu et al. [66] fabricated silver 3D structures composed of aggregations of silver nanoparticles embedded 

within a sol-gel matrix. Despite the low diameter of the silver particles (around 40-50 nm), at the end of the 

process, particles are not interconnected and hence the final structures are not electrically conductive. This 

process was extended to produce silver and gold (electrically conductive) structures on top of glass substrates 

[67]; however, it was found to be difficult to produce complex 3D shapes and the surface quality was rather 

low. A printing process based on nanoparticle dispersions followed by sintering was used to produce complex 

3D metallic architectures such as microlattices with truss elements having diameters in the range of 20 µm 

[68]. Porosity is controlled by varying the sintering conditions. Another remarkable multiscale additive 

process based on electrochemical reduction of metallic ions was recently introduced to manufacture copper 

structures [69]. The advantage of this technique relies on the fact that it is a single-step fabrication process, 

affording good surface quality and multiscale freeform capability. Electrohydrodynamic redox printing (EHD-

RP) is also a novel technique able to print metallic structures at the submicron scale [70]. This consists in the 

dissolution of a metal anode in a liquid solvent enclosed within a nozzle. By means of an applied DC voltage, 

droplets of the solvent containing metal ions are ejected and guided from the nozzle towards a substrate where 

the metal is reduced. A major advantage of EHD-RP is its capability for on-the-fly control of the chemistry 

of the deposited metal. This enables the production of chemically architected structures.  

Novel metal microprinting processes are, thus, appearing that might also have tangible technological impact 

in microtechnology; however, there are limitations associated with printed structures, such as porosity or 

microstructural features that are highly dependent on the processing conditions and might, therefore, be hard 
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to control. Exceptions are techniques based on freeform electrodeposition [69–71] that manufacture complex 

and smooth structures made of dense metal. An inherent limitation of bottom-up approaches is linked with 

the point-by-point building of structures, which renders such processes inherently slow.  

Metal casting is one of the oldest manufacturing processes and has been an essential vehicle for technological 

progress through millennia. Cast products are estimated today to be present in up to 90 % of all durable 

goods [72]. Reasons are multiple: casting affords the production of shapes with high geometrical complexity 

and is extremely flexible in terms of both fabrication volume, ranging from a single piece to mass-produced 

components, and also in terms of alloy chemistry. In addition, casting delivers nearly-net and dense products 

with a multiscale capability, meaning that large products may contain features defined at diverse scales.  

Casting comprises, in general, three stages: (i) mold manufacturing, (ii) casting of the molten metal, and (iii) 

demolding. Metal casting has resisted miniaturization down to the fabrication of micrometric components 

due to several challenges present across the three stages of the process. Some of those limitations are:  

i. Precision molding affording freeform processing at these scales is not simple and processes to create 

micrometric features in materials that withstand metal casting temperatures are scarce. In addition, 

any imperfection along the mold surface such as grain boundaries or interfaces, which are insignificant 

in conventional casting, may result in comparatively large and detrimental imperfections along the 

cast metal surface at the microscale. 

ii. Ceramic materials are generally more suitable for mold manufacturing due to high stability and lower 

reaction with metals at elevated temperatures; however, the filling of micrometer cavities in a ceramic 

mold with molten metal is not spontaneous because of the non-wetting nature of nearly all 

metal/ceramic systems, which results in capillary forces opposing the metal ingress [73].  

iii. Most materials shrink as they solidify; this volume change is usually compensated in casting by locally 

supplying liquid metal through risers or feeders in the last areas solidifying. This may be difficult at 

the microscale; furthermore, removing such small risers may introduce additional challenges when 

dealing with small components.  

iv. Demolding complex metal structures embedded in a substrate without any damage to the cast may 

be extremely difficult at small-scale, where samples are weak and, therefore, mechanical means are 

not a good alternative. 

A downscale version of investment casting is reported in the literature for the fabrication of metal components 

with sizes on the order of some hundred microns (Figure 2-3a) [74–78]. Instead of wax, a polymeric (PMMA) 

pattern is replicated in a LIGA structure and is submerged into a ceramic slurry (or investment) to reproduce 

the external shape and generate the mold. After drying, the investment is sintered and the pattern pyrolyzed 

in a subsequent step. It is clear that the investment compound has a major impact on the surface roughness 

of the casting. A mixture of a fine SiO2-power and 6 µm phosphate powder has been employed as investment. 
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Demolding is achieved by selective etching the mold; for this, a mixture of silica-phosphate powder and 

hydrofluoric acid (HF) is utilized, which restricts the process to precious metals, since they are the only to be 

resistant to such an etchant [76,77]. A modified plaster bonded investment that dissolves in water was used 

for casting alloys such as aluminum-bronze [75]. Note that sintering of powder-based investment impedes 

the definition of mold features smaller than the powder particles and leads to polycrystalline molds. Grain 

boundaries create, by capillary force equilibration, depressions along the mold surface, which can subsequently 

be reproduced by the metal and result in surface defects. The values of roughness (Ra) reported in 

microcastings produced by investment casting are reported to be between 1.13 µm and 0.27 µm [74]. To 

enhance the surface quality and prevent chemical reactions between the melt and the mold, a new 

microcasting process based on permanent molds is proposed in [79]. The negative of the piece is milled in 

two halves out of steel or graphite plates, which can be opened to extract the cast after solidification. Both 

processes, however, are highly restricted by the manufacturing of the mold since there is no process to 

machine free 3D sub-micron features and fabricating polymeric patterns by LIGA may provide, at most, 2.5D 

structures.  

When filling either investment or permanent molds, as mentioned above, capillary forces play a major role 

and need to be overcome by external pressure. The pressure (P) necessary to drive the molten metal into 

cavities of radius R can be estimated for a highly non-wetting fluid by the Young-Laplace equation (𝑃 ≈

2𝑐𝑜𝑠(𝜃)𝜎𝐿𝑉

𝑅
) where 𝜎𝐿𝑉  the surface tension of the liquid-vapor interface, which for most metals can be 

approximated as 1 Jm-2, while  is the wetting angle of the fluid on the solid being infiltrated [73]. This 

implies that pressures on the order of 2 MPa will fill cavities ≈ 2 µm wide. This simple back-of-the-envelope 

analysis only considers the effect of capillary forces in an evacuated hollow cylinder. The effect of any pressure 

within the cavity due to trapped gas can only be neglected if the mold is under vacuum or if the porosity in 

the mold allows the gas to pass through the walls. Experimental results show that the required pressure to 

completely fill rough channels can be higher, both because roughness will increase the apparent wetting angle 

in non-wetting systems, and also because higher pressures might be required to fill all asperities along the 

solid surface [74]. In the investment and permanent mold microcasting approaches detailed above the driving 

pressure was applied by centrifugal casting, in which an increase in the centrifugal forces is achieved by 

increasing the revolutions per minute or extending the radius of rotation [76]. 

Alternatively, a microcasting process that is painstaking but pushed the state-of-the-art down to smaller 

dimensions for the production of samples amenable to tensile testing has been developed within our 

laboratory (the Laboratory of Mechanical Metallurgy, LMM) at EPFL. Mold manufacturing consists of 

growing monocrystalline NaCl salt molds around organic patterns by slowly evaporating a slightly 

undersaturated water solution (Figure 2-3b). This process only occurs in the absence of external vibrations 

and the evaporation of the water bath can take up to a couple of months. Subsequently, the pattern is 

pyrolyzed by heating molds in an air atmosphere. Hollow cavities in NaCl molds are created from pyrolizable 

(polymeric) fibers and employed to cast thin aluminum wires down to ≈7 µm with an excellent surface 
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roughness of around 50 nm [80–85]. The infiltration of such cavities is conducted by gas pressure infiltration. 

For that, molds are heated up in vacuum and surrounded by metal, which when it melts seals the cavities and 

ensures a differential pressure driving the metal into the cavity when the ensemble is pressurized. This 

variation of microcasting has been used to study the deformation of metals at the microscale (Figure 2-3c). It 

is limited, however, in the shapes that it can produce and by the melting temperature of NaCl (801 °C). 

Recently, a method to fabricate salt-based structures by 3D printing, with possible features down to 100 µm, 

using resins loaded with salt particles has been introduced in [86], and employed to produce aluminum and 

magnesium lattices by metal pressure infiltration (the process was developed at ETH in Zürich and the metal 

infiltration was conducted in our laboratory). 

 
Figure 2-3 Structures produced by microcasting. a) A nozzle plate made out of a gold alloy. b) Schematic illustration of the 

microcasting process into salt molds. c) A SEM image of a magnesium wire produced by microcasting into salt mold after being tested 

in tension. a) Reproduced from [77], with permission from Springer Nature. b-c) Images taken from [81].  

The properties of metal microcomponents are directly impacted by the fabrication method, i.e., through the 

surface state, porosity, microstructure, grain size, chemical composition, together with external dimensions 

of the component. Thus, structures produced by microcasting strategies, which are introduced in the present 

work, have been evaluated by mechanical testing. Towards interpretation of results some considerations of 

crystal plasticity are detailed in what follows.     

The plasticity of single crystals has been of particular interest during the early to mid XXth century. These 

investigations spawned many of the theories employed nowadays to describe the mechanical deformation of 

metals. One of the reasons for working with single crystals is that this sidesteps the role of grain boundaries 

and also because mechanical and sometimes physical properties vary with the crystal orientation in interesting 

and insightful ways.  

When subjecting a polished crystal to uniaxial tension, it is possible to evidence the appearance of one or 

more sets of parallel fine lines along the surface of the specimen. These lines, referred to as slip lines, slip steps, 
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or slip traces, are physical steps on the surface that are usually developed from the microscopic sliding of 

crystal blocks over one another along well-defined crystallographic planes [87–89]. The planes on which slip 

occurs are called slip or glide planes, while the shear directions are known as slip or glide directions. The 

presence of slip traces implies that slip is inhomogeneous on the atomic scale and occurs in discrete systems, 

called slip systems. These systems are usually those with the closest atomic packing, and for the case of a face-

centered cubic (FCC) crystal 12 slip systems are recognized, which comprise four slip planes ({111}) with 

three slip directions in each (<110>). 

One variable playing a significant role when evaluating single crystal properties is the crystallographic 

orientation. The stereographic projection is generally used to visualize the crystallographic orientation of each 

crystal. It consists of reducing by one dimension the geometry of crystallographic planes and directions to be 

able to draw in two-dimensions (2D) three-dimensional (3D) data [90]. Planes and directions can be seen as 

great circular lines and points respectively (Figure 2-4). A standard stereographic projection usually refers to 

a stereographic projection with an important crystallographic direction or pole plane lying at its center (Figure 

2-4 b-c). In Figure 2-4c it is also possible to observe the great circles that correspond to {100} and {110} 

planes: these divide, for FCC metals, the standard projection into 24 crystallographically equivalent spherical 

triangles [89], formed in all cases with a <111>, <110>, and <100> directions at each corner of the triangles. 

This, for instance, indicates that lattice directions shown in Figure 2-4d as a1, a2 and a3 are crystallographically 

equivalent since they are located at the same relative positions inside the triangles. For straightforward 

visualization of crystallographic features, the mechanical data of single crystal deformation is therefore usually 

complemented with a stereographic triangle, in which the crystal orientation relative to the crystal rod axis 

of one or several specimens is displayed (as in Figure 2-4e). 

 
Figure 2-4. a) Stereographic projections of several planes and directions. b) A simple 100 standard stereographic projection and an 

identical projection showing additional poles c). d) Represents three equivalent crystallographic directions a1 a2 and a3 displayed in a 

specific stereographic projection. e) A stereographic triangle in which the crystal orientations relative to the crystal rod axis for 

different specimens are displayed. Images adapted from [90].    
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Metals, at intermediate temperatures, most often deform by the movement of dislocations, and slip begins 

when the shear stress reaches a specific value, usually known as the critical resolved shear stress (CRSS). The 

Schmid and Boas equation (Equation 2-1) can be used to relate a uniaxial stress (σ) state to the resolved shear 

stress (τ) along a specific slip system (s) as follows [87,90]: 

𝜏𝑠 = 𝜎 cos 𝜃 cos ∅ =  𝜎 ∙ 𝑆 Equation 2-1 

where 𝜃 represents the angle between the tensile axis and the normal to the slip plane, ∅ is the angle between 

the tensile axis and the slip direction and the product of their cosines is known as the Schmid factor (S) and 

is in the range of 0.27 to 0.5 (Figure 2-5).  

Similarly, the shear strain in the slip system (𝛾) is related to the uniaxial strain (휀 ). According to the 

conservation of energy the mechanical work of the applied stress 𝑑𝑊 = 𝜎 ∙ 𝑑휀 is equal to the work of the 

resolved shear stress along the slip plane and direction: 𝜏𝑠𝑑𝛾 = 𝜎 ∙ 𝑆 ∙ 𝑑휀, and therefore, 𝑑휀 = 𝑆 ∙  𝑑𝛾 [91]. 

Schmid showed that the flow in a single crystal initiates when the shear stress resolved on the primary slip 

system reaches a critical value that is independent of the crystal orientation but is affected by the temperature, 

chemical composition and defect content of the crystal [87,89]. The primary slip system is that with the 

highest Schmid factor, and its nature depends on the orientation of the crystal with respect to the tensile axis 

(Figure 2-5b). The number of slip systems initially activated varies as a function of the crystal orientation 

(Figure 2-5c); for FCC metals, the deformation of crystals with an initial orientation laying in the inner region 

of the stereographic triangle begins via slip in a single system, while orientations at the corners or edges of 

the stereographic triangle are prone to slip in multiple systems. When those are not coplanar (as is the case 

between [111] and [011]), this is manifested as a set of two or more intersecting slip lines visible along the 

sample surface [89]. These two situations are usually termed as single or multiple slip (or glide), respectively. 

In practice, for FCC metals, orientations that are only some degrees away from the boundaries of the 

elementary triangle may still exhibit multiple slip and evidence resolved shear stresses higher than would be 

expected for single glide [87,91].  

 
Figure 2-5 a) Schematic representation of the determination of the critical resolved shear stress (adapted from [90]). b) Representation 

of the values of Schmid factor for FCC metals as a function of the crystal orientation (Redrawn from [92]). c) Stereographic triangle 

displaying the amount of operative slip systems along boundaries for FCC metals (Redrawn from [89]). 
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During the uniaxial plastic deformation of a crystal oriented for single slip, the movement of one end of the 

sample relative to the other, which would be a consequence of shearing the crystal in any direction (Figure 

2-6a), may be prevented due to mechanical constraints if sample ends are not free to move laterally to 

accompany the motion of gliding planes [88]. If it can be accommodated (by bending or grip rotation) this 

constraint leads, in tension, to a rotation of slip planes towards the tensile axis, as schematically represented 

in the stereographic projection by the grey dashed lines in Figure 2-6c [89]. This rotation of the crystal causes 

an evolution of the Schmid factor with tensile strain. If slip initially takes place along a single glide system, 

the ensuing rotation of the crystallographic axes tends towards, and eventually reaches, the [001]-[1̅11] edge, 

where the onset of slip in a second (conjugate) slip system is initiated; thereafter, the crystal continues its 

deformation in multiple (duplex) slip. The duplex slip further rotates the crystal along the [001]-[1̅11] 

boundary towards the [1̅12] pole, which is located mid-way between the two operative slip directions. Once 

it has reached this point, the specimen finally interrupts its rotation and remains there until tensile necking 

and fracture occur [87,89]. It is important to point out that other crystals, such as hexagonal crystals (HCP) 

do not exhibit duplex slip; their rotation thus continues over large strain spans, which can produce extensive 

sample deformation by single glide, and hence extensive crystal rotation prior to fracture [88]. On the 

contrary, FCC crystals with initial orientations at the [001] or [111] corner do not rotate since the number 

of potential slip systems, 8 and 6 respectively, enable uniaxial tensile deformation along those two directions 

[91]. Here too, in practice samples oriented close to, but not at, these two corners, which are expected to 

undergo rotation, also experience from the onset similarly stable deformation with several operative slip 

system [87,91]. This area, usually referred to as the “basin of attraction” of the [001] or [111] poles in the 

literature, is larger in the case of the [111] corner.  

 

Figure 2-6 Schematic illustration of a uniaxial plastic 

deformation of a crystal. a) Shear of the crystal with a 
movement of one end relative to the other. b) Constrained 

situation due to the tensile grips. c) Rotation of the 

crystallographic axes during tensile deformation. a-b) 

Redrawn from [89]. c) Redrawn from [91]. 

 

Crystal defects influencing the deformation of FCC metals are well-known; these are detailed here; 

comprehensive descriptions can be found in [87,89,93,94]. 
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As mentioned above, in face-centered cubic systems, slip takes place along {111} planes and with <110> as 

the observed slip direction. As schematically illustrated in Figure 2-7a, the movement of the first row of white 

atoms towards the right by distance b, with b representing the Burgers vector of the dislocation (
1

2
 [1̅10 ]), 

shifts the dislocation one unit atomic spacing to the left, leaving behind a perfect crystal, as expected from a 

perfect dislocation [93]. This displacement of a dislocation in FCC crystals occurs in fact in two steps, where 

the consecutive movement of atoms in a zigzag manner reaches the same final location, as illustrated in (Figure 

2-7b). The dislocation (b in Figure 2-7a) thus dissociates into two Shockley partial dislocations (of vectors c 

and d in Figure 2-7b, of vector  
1

6
 <112>); such a dissociation is energetically favorable since, according to 

Frank’s (simplified) rule, the energy of each dislocation is proportional to the square of the Burgers vector 

[91,93] with in the present case is such that b2 < c2+d2.  

 
Figure 2-7 Schematic illustration of the movement of a dislocation in a face-centered cubic metal. a) A perfect dislocation of Burgers 

vector b. b) Shockley partial dislocations of Burgers vector c and d. c) An extended dislocation with an associate stacking fault. Images 

adapted from [90]. 

The elastic interaction between two dislocations creates a force that can be calculated by means of the Peach-

Koehler equation [93]. The repulsive force between partial dislocations leads to an increase in their separation 

distance (d) by adding additional rows of atoms to the zigzag (Figure 2-7c), creating what is known as an 

extended dislocation [90] separated by a stacking fault [87,93,94]. The stacking fault has an associated extra 

stacking fault energy (SFE or ϒ) [in Jm-2 or Nm-1], which creates an attractive force between partials 

dislocations [93]. Balancing the repulsive (Fr) and attractive (Fa) forces between partial dislocations provides 

the equilibrium separation distance between them (deq). Considering the angle between partial dislocations as 

60°, the same magnitude of the Burgers vector (
𝑎

√6
 with a the interatomic distance), and for the special case 

of v = 0 [93]: 

𝐹𝑟 =
𝜇𝑏1 ∙ 𝑏2

2𝜋𝑑
=

𝜇|𝑏1||𝑏2| cos 60°

2𝜋𝑑
=

𝜇𝑏2

4𝜋𝑑
 Equation 2-2 

𝐹𝑎 = −
𝑑(𝛾𝑥)

𝑑𝑥
= −𝛾 Equation 2-3 

𝐹𝑟 + 𝐹𝑎 = 0 →   𝑑𝑒𝑞 =
𝜇𝑏2

4𝜋𝛾
 Equation 2-4 

Equation 2-4 shows that the separation distance between partial dislocations, in other words, the width of 

the stacking fault between two Shockley partials, is inversely proportional to the SFE,  [87]. This intrinsic 

characteristic of the material, which varies significantly from one FCC metal to another, has a major impact 

on the plasticity of FCC metals, as described in following sections. The estimation of the SFE for different 

materials can be performed by measuring the width of the stacking fault in transmission electron microscopy 
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(TEM). For instance, for aluminum, copper, and silver,  is on the order of 140, 40 mJm-2, and 20 mJm-2 

respectively, which corresponds to a width of a, 5a and 7a, respectively. 

Dislocations generally glide in FCC metals along a well-defined plane, as mentioned before, but under certain 

circumstances they are able to switch plane while gliding. This is referred to as cross slip [93] (as schematically 

illustrated in Figure 2-8. For cross-slip to occur, both the dislocation Burgers vector and the dislocation line 

must be contained in the new plane; only screw dislocations may therefore undergo cross slip [90], and planes 

onto which a dislocation may cross-slip are restricted. For instance, for a screw dislocation with b =  
1

2
[1̅01] 

moving in (111), the only potential slip plane that contains its vector is (11̅1). If, for any reason, the dislocation 

prefers this latter system, it can switch glide planes. If this process repeats and the dislocation moves back to 

the original slip plane, the process is known as double cross slip (Figure 2-8a-(3)) [93]. An important feature 

of this mechanism is the new configuration created on the original system (from point b to c in Figure 2-

8a-(3)); this resembles a Frank-Read source configuration (see 2.4.5 Frank-Read and single-arm dislocation 

sources), which is able to generate new dislocations if the two arms in the cross-slip plane are pinned.  

Since the Burgers vector of a partial dislocation (
1

6
 <112>) lies only in one of the {111} slip planes, it cannot 

cross slip; yet, dislocations in FCC metals are known to cross-slip [93]. Different mechanisms exist to explain 

the cross slip of extended dislocations [95–97]. The first is the Fleischer model [98] (Figure 2-8b), which 

proposes that the leading partial, for instance b = 
1

6
 [2̅11 ] moving in a (111) plane, dissociates to create two 

new dislocations following the reaction: 
1

6
 [2̅11 ] →

1

6
 [1̅21 ] +

1

6
 [1̅1̅0 ]. The first of the new dislocations is a 

glissile partial contained in the (111̅) cross slip plane while the latter is a sessile dislocation remaining behind, 

usually known as a stair-rod dislocation [90], which is necessary for the stacking fault to move from one slip 

plane over into another. This stair-rod attracts the trailing partial and is removed when the latter arrives [90] 

(Figure 2-8b-(4)). In this model the dislocation remains dissociated during cross slip; it has been demonstrated 

that this requires more energy than an alternative scenario, which involves the temporary recombination of 

partials and is due to Escaig and Friedel. 

 
Figure 2-8 Schematic illustration of different cross slip mechanism. a) Sequence of a double cross slip of a perfect dislocation. b) 

Sequence proposed by Fleischer for cross slip of an extended dislocation. c) The Friedel -Escaig mechanism of cross slip of an extended 

dislocation. a-b) Adapted from [90]. c) Adapted from [93]. 
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The Friedel-Escaig model (Figure 2-8c), detailed in [91,93,95], comprises the formation of a point 

constriction in the stacking fault, thus creating locally a perfect dislocation able to switch slip planes and thus 

cross slip. Forming such a constriction requires extra energy; this may be the result, for instance, of dislocation 

interactions when the applied stress tends to push partials together [91]. From this model, it is evident that 

metals with a high SFE may cross slip more easily, since the distance between partials, and the work required 

to recombine them, is smaller. Therefore, the smaller the SFE is, the greater is the difficulty of dislocations 

to change plane while they glide, and hence the greater is the effect of dislocation interactions in arresting 

the dislocation [87]. The formation of constrictions being a thermally activated process, an increase in 

temperature leads to a higher probability of cross slip. The higher or lower capacity of metals to cross-slip 

drastically affects the deformation process and is detailed in following sections.  

Contrary to screw dislocations, the movement out of the glide plane of dislocations with an edge component 

is nonconservative; for a dislocation other than a screw dislocation to switch slip planes, diffusion is therefore 

required. The process is called climb and is schematically illustrated for a pure edge dislocation in Figure 2-

9a [93,95]. Climb requires removing or adding atoms at the dislocation core in order to move the dislocation 

line normal to the glide plane. This mechanism requiring diffusion, it is thermally activated [89]. Similarly to 

what occurs in cross slip, during climb the dislocation moves gradually, along a portion of its length rather 

than shifting all at once, since this would require a complete row of atoms being added or removing 

simultaneously [95]. When a small segment of a dislocation climbs, the junction created between the upper 

and lower part of the dislocation is called a jog (Figure 2-9b).  

 
Figure 2-9 a) Schematic illustration of climb in an edge dislocation. b) Jogs formation in an edge and screw dislocation, the shaded 

area represents a slip plane. c) Kinks formation in an edge and screw dislocation. d) The sessile character of a jog in a screw dislocation. 

Reprinted from [99,100], with permission from Elsevier. 

Climb is thus performed by the motion of jogs. When steps on the dislocation are produced on its slip plane, 

the junction is called a kink (Figure 2-9c). Since kinks are contained in the same slip system as the dislocation 

line, they do not interfere with dislocation glide. The case of jogs is more complex; jogs on a pure edge 

dislocation do not affect glide either. On the other hand, a jog on a screw dislocation has an edge character, 

and thus it is only capable of glide in the plane containing both its line and Burgers vector, i.e., along the axis 

of the screw dislocation (plane defined as DD’-EE’ in Figure 2-9d). Movement of the screw dislocation in 

other planes, for example towards ACC’B’, therefore requires diffusion to enable climb of the jog; hence, 
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the movement of such screw dislocations in planes other than the glide plan if their jogs will be temperature-

dependent [93]. Jogs can be produced during plastic deformation, when two dislocations intersect [93].   

When a resolved shear stress (τ) is applied to move a dislocation of Burgers vector b, the resulting glide force 

(F) per unit length of dislocation can be expressed as [93]: 

𝐹 = 𝜏 ∙ 𝑏 Equation 2-5 

 

Figure 2-10 Curved dislocation under a line tension T. Redrawn from [93]. 

A dislocation line, being a defect in the crystal, has an associated energy which is minimized by reducing its 

length. Thus, in order to increase the length of a dislocation, work has to be performed. The resulting line 

tension (T), has units of energy per unit length, and, if one assumes it not to depend on the dislocation line 

orientation and treats the crystal using isotropic linear elasticity, equals [93]:   

𝑇 = 휁𝜇𝑏2 Equation 2-6 

with 휁 ≈ 1 and where µ is the shear modulus; an appropriate value for µ in anisotropic crystals (treated here 

in the framework of isotropic linear elasticity) is the Reuss average [91,101]. Ignoring the orientation 

dependence of the linear dislocation energy, the (hence isotropic) line tension will create a force on a 

dislocation curved to radius R, which at equilibrium can be compensated by an applied shear stress (τ0). From 

a force balance in Figure 2-10 one has [91]:  

2𝑇 sin
𝜃

2
= 𝜏0𝑏𝑑𝑙 

Equation 2-6 

with 𝑑𝑙 = 𝑅𝑑𝜃 

which, if 𝑑𝜃 <<1 and sin 𝜃 ≈ 𝜃, implies: 

𝜏0 =
휁𝜇𝑏

𝑅
 Equation 2-7 

Such that the stress needed to bow a dislocation to radius R increases as R decreases. At a higher level of 

sophistication than what precedes, one can consider the fact that the value of 휁 depends on the nature of the 

dislocation: it decreases with increasing screw character of the dislocation; this causes variations in the shear 

stress given by Equation 2-7 with the orientation of the dislocation, and also causes torque terms to act on 

the dislocation line. The value of 휁 also decreases with increasing dislocation field overlap, and hence with 

both increasing dislocation density and curvature of the dislocation. In the former case 휁 is generally taken to 



32 

 

depend on the dislocation density; in the latter case, a frequently used approximation is to take the value of 

휁 to be: 

휁 =
𝑙𝑛 (

𝑅
𝑏

)

4𝜋
 

Equation 2-8 

assuming that the inner cut-off radius in calculations of the dislocation energy equals b. 

When a dislocation pinned at two points and extending from those points outside of the glide plane bows 

out under applied stress, the stress required to move it forward increases up to the point where the radius of 

curvature R of the dislocation is minimum, which is reached when R=L/2, with L the distance between 

pinning points (Figure 2-11a-(3)) [94]. Further expansion of the dislocation line from this point causes an 

unstable development since R decreases. Once the dislocation reaches the point shown in Figure 2-11a-(5), 

and assuming there is no jog formation in its expansion, the two segments m and n (having the same Burgers 

vector but opposite line sense) annihilate [94]. The resulting dislocation loop expands out, and at the same 

time, the initial dislocation segment is restored and may repeat the process. This mechanism is known as a 

Frank-Read source and is a well-known process for dislocation multiplication within crystals and, therefore, 

for the initiation of significant plastic deformation.  

In a small crystal, a similar mechanism can be identified if a dislocation is pinned at only one point and from 

there on part of the dislocation lies in a slip plane, with the resulting dislocation arm intersecting the sample 

free surface, (Figure 2-11b). In this case, under applied stress, the source pivots around its pinning point, 

taking the shape of a spiral, and by pivoting slips crystal within the glide plane that contains the pinned and 

exiting arm. Such a process of dislocation multiplication is known as single-ended source or single-arm 

source; each revolution of the arm implies a displacement equal to one Burgers vector [93]. This mechanism 

is of particular interest at the micrometer scale, and can for example be created if a Frank-Read source is 

truncated at the surface during sample micromachining for example [102–104]. 
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Figure 2-11 a) Operation of a Frank Read 
source (Reprinted from [105], with 

permission from Elsevier). b) The single-

arm source mechanism. 

 

When dislocations emitted from a source encounter a hard obstacle such as a hard-incoherent particle, a grain 

boundary or an oxide layer, they tend to pile up against it. Since these dislocations have the same Burgers 

vector, they repel each other. The resultant stress on the dislocation closest to the barrier (𝜏𝑛) can be shown 

to be equal to the total number of dislocations in the pile-up (n) times the applied stress (𝜏), so that 𝜏𝑛 = 𝑛𝜏. 

If a dislocation pile-up forms starting from a Frank-Read source, it gradually exerts a back stress on the 

dislocation source, which opposes the applied stress. This implies that, to continue plastic deformation of the 

crystal, the applied stress must increase, which might in turn activate smaller sources situated elsewhere within 

the crystal [94,106].   

The interaction between moving dislocation may result in the formation of barriers to dislocation motion, 

such as attractive junctions, jogs, Hirth locks or Lomer-Cotrell locks, to name a few. These obstacle formation 

mechanisms play a significant role in the work hardening of crystals. A convenient tool for visualizing 

dislocation reactions in FCC crystals is Thompson’s tetrahedron (Figure 2-12a). This consists of representing 

four gliding {111} systems parallel to the faces of a tetrahedron; each corner of the tetrahedron is denoted by 

A, B, C, D and the mid-points by 𝛼, 𝛽, 𝛾, 𝛿. The Burgers vector of perfect dislocations are represented by the 

edges of the tetrahedron (AB, BC, CD, etc.) while partial dislocations are defined by a line from a corner to 

the mid-point of a face that meets that corner, namely A𝛽 or A𝛾 [93].   
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Figure 2-12 a) The Thompson’s tetrahedron notation. b) The Lomer-Cotrell junction formation mechanism. Reprinted from [107] 

with permission from Elsevier.  

If slip eventually occurs on two different {111} systems, when leading partials meet at the intersection line, 

they may repeal or attract each other depending on the particular direction of the Burgers vectors. 

Considering the case in which a BC dislocation (
1

2
[101̅]) dissociates (BC→B𝛿+ 𝛿C) and moves on the (111) 

system, and at the same time, a CD dislocation (
1

2
[11̅̅̅̅ 0]) gliding on the (111̅̅̅̅ ) plane as CD→ C𝛽 + 𝛽D (Figure 

2-12b-(1)), when the leading partials 𝛿C and C𝛽 meet, the following reaction takes place as it minimizes the 

energy:  

𝛿𝐶 + 𝐶𝛽 → 𝛿𝛽 Equation 2-9 

1

6
[112̅] +

1

6
[12̅̅̅̅ 1] →

1

6
[011̅̅̅̅ ] Equation 2-10 

The resulting Burgers vector 𝛿𝛽 (Figure 2-12b-(2)) does not lie in either of the two slip planes and thus it 

represents a sessile dislocation, which exerts repulsive forces on the remaining partials B𝛿 and 𝛽D. This type 

of junction with a stair-rod sessile arrangement is known as Lomer-Cottrell lock and constitutes an important 

mechanism that provides, particularly in low stacking-fault metals a barrier to dislocation motion [93,94,108]. 

When a single crystal is tested in uniaxial tension, the experimental data are conventionally represented by 

means of the resolved shear-strain curves (Figure 2-13a). Typically, different stages can be distinguished in 

such curves, which are described by changes in the work hardening rate (WHR-𝜃)[87,109], defined as the 

slope of the curve:  

𝜃 =
𝜕𝜏

𝜕𝛾
|

𝑇,�̇�

 
Equation 2-11 

with both the temperature (T)and strain rate (�̇�) held constant throughout the tensile test. Up to five different 

stages, or domains, of deformation have been recognized to be present in FCC crystals [109–112]. A number 

of intrinsic and extrinsic parameters directly affect not only the extension and slope of the stages of 

deformation, but also the flow stress (or CRSS) of single crystals; these include the crystal structure, chemical 
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composition, crystallographic orientation, SFE, surface condition, size, deformation mode, strain rate, and 

temperature [87,109].  

 

Figure 2-13 a) The stage of 

work hardening of an ideal 

FCC single crystal 

(Redrawn from [110]). b) 
Effect of the crystal 

orientation on the 

deformation of silver crystals 

(Redrawn from [113]). 

The flow stress is often associated with the stress necessary to sustain the long-range propagation of 

dislocations through the structure of the material, which generally comprises obstacles of variable strength 

[109]. In the case of pure FCC crystals, where the lattice resistance is negligible, the flow stress is controlled 

by dislocation-dislocation interactions. When forest dislocations intersect a moving dislocation line, the latter 

will bow between intersection points to an extent dictated by the applied stress according to Equation 2-7. 

In such a scenario, the distance between forest dislocations (𝑙) can be estimated through the dislocation density 

(𝜌) as 𝑙 ≈
1

√𝜌
 and thus: 

𝜏𝑐 = 𝛼𝜇𝑏√𝜌 
Equation 2-12 

This equation, introduced by Taylor in 1934 [114], describes forest hardening. It has been shown to remain 

valid for a large range of dislocation density values, regardless of the dislocation arrangement [109]. Parameter 

𝛼  is a dimensionless number expressing the average strength of interactions between gliding and forest 

dislocations; it is known to vary slowly with the dislocation density as a result of variations in the average line 

tension. From experimental data and DD simulations, with FCC metals an appropriate value when the Taylor 

relation is written in resolved shear stress-strain coordinates is: 

𝛼 = 0.35 
ln (𝑏√𝜌𝑓)

ln (𝑏√𝜌𝑜)
 Equation 2-13 

where 𝜌𝑜 is a reference dislocation density equal to 1012 m-2 [91]. This gives for the more usual dislocation 

densities α values on the order of 0.3-0.5. 

In addition to the dislocation density, evidence of a significative impact of the crystal chemical composition 

on the CRSS and the shape of the resolved shear-strain curves has been demonstrated for FCC metals [113]. 

No major change of the CRSS for the initiation of flow with crystal orientation has been observed for fully 

annealed FCC crystals.  

Beyond the initial flow stress, once plasticity has begun, normally at least two stages of deformation are 

evidenced. Characteristics of the first three among those, namely Stage I to Stage III of FCC crystal 

deformation (relevant for the present work; Stages IV and V are for very heavily deformed metals), are: 
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▪ Stage I-Easy glide: In this stage, exhibited in crystals that initially deform in single slip, deformation 

of the crystal is accomplished with a low WHR, usually in the range of  2 10-4µ to 5 10-4µ [115]. Different 

factors influence the extension of this stage. It is evident, due to the low work hardening rate, that this stage 

of deformation is associated with a low rate of dislocation storage; dislocations move over long distances 

before interacting with obstacles. The microstructure develops low-angle walls of primarily edge dislocations 

[115–118]. The impurity content has been shown to both increase or decrease Stage I of deformation, 

depending on the nature of the impurity. When they tend to form a second phase, impurities reduce and 

may completely suppress Stage I since these obstacles create stress inhomogeneities that may trigger the 

activation of dislocations in another slip system. On the contrary, when impurities are in solid solution they 

tend to extend Stage I, decreasing the WHR of both Stage I and II of deformation [113]. The crystallographic 

orientation also represents a factor influencing the extension and rate of work hardening of this stage, which 

is ascribed to the level of activity on the secondary system. Orientations near or on the edges of the 

stereographic triangle, where more than a single slip can be operative, exhibit a minor or absence of Stage I 

deformation, Figure 2-13b [88,113]. The surface condition also affects the mechanical behavior of single 

crystals; an extensive review can be found in [118]. In particular, in the presence of an oxide layer, the rate 

of work hardening and the flow stress were shown to increase for silver [119], while the extension of Stage I 

was reduced due to dislocation pile-ups and the early onset of slip on secondary systems [118]. The crystal 

size also influences the extent of Stage I [120], with a reduction in crystal size leading to an extension of Stage 

I and a lower WHR. This has been ascribed to a lower rate of dislocation multiplication due to dislocation 

escape at the surface. Among FCC metals, those with a low SFE and low tendency for cross slip show larger 

extensions of Stage I of deformation.  

 

▪ Stage II represents, by far, that which has received most attention during the early work. The WHR 

during this stage is in the range of 3 10-3µ to 6 10-3µ [110], i.e., roughly ten times higher than in Stage I. It 

varies with the orientation, similar to what occurs in Stage I [87]. The Stage II WHR is the highest in crystals 

initially oriented close to the (001)-(111) boundary, where multiple slip systems are operative. The increase 

in RSS with deformation is ascribed to an increase in the forest dislocation density, following Equation 2-12 

[87]. The microstructure shows high dislocation densities, with a network of interacting primary and 

secondary dislocations. A predominance of widely extended and stable Lomer-Cotrell locks at low SFE or 

temperature is evidenced in this stage [87,109]. The WHR in Stage II has a mild dependence on temperature, 

and similar findings were found for its dependence on the strain rate [87,109,112]. The slight decrease with 

temperature of the Stage II WHR has been linked to the drop in elastic modulus [87]. The transition from 

Stage II towards Stage III of deformation is usually associated with the activation of cross slip; thus, metals 

with a low SFE usually display an extensive Stage II of deformation [87,109]. Furthermore, a significant drop 

in the WHR of this stage has been observed in copper crystals with diameters below 200 µm; this is explained 

by a lower rate of dislocation multiplication due to dislocation annihilation at the surface when the external 

size of the crystal is reduced [109].   
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▪ Stage III is characterized by a gradual decrease in the WHR and is associated with dynamic recovery 

[87,121]. As previously mentioned, this stage of deformation is associated with cross slip, which is responsible 

for the onset of dynamic recovery and can explain the parabolic hardening exhibited in Stage III of FCC 

crystal deformation. Its onset is usually known to be triggered by a critical stress, namely that which provides 

the driving force for constriction processes that enable cross slip [110]. This stress is in the range of 3 10-3µ, 

and decreases exponentially with temperature [109]. Models that have been proposed to describe the WHR 

of single crystals in Stage III assume that the rate of dislocation multiplication of Stage II still holds but is 

reduced by a rate of recovery that increases with deformation. A frequently used hypothesis is that the rate 

of dislocation annihilation is proportional to the dislocation density (
𝜕𝜌

𝜕𝛾
= −𝐿𝜌) [110].  

Some characteristics of the impact of temperature on the deformation of single crystal are described in 

preceding sections; yet, a few aspects merit being detailed.  

The deformation of crystals, at intermediate temperatures, usually involves gliding, interactions of dislocations 

and the rearrangement of previously stored dislocations. Gliding, in particular, involves two consecutive 

processes: its initiation and its propagation, the velocity of the plastic flow being determined by the most 

difficult step of a sequence of processes. An expression by Orowan [122] links the rate of macroscopic 

deformation (�̇�) with the (mobile) dislocation density (𝜌), the average velocity (�̅�) and the Burgers vector: 

�̇� =  𝜌𝑏�̅� Equation 2-14 

It therefore correlates an experimental variable, such as the strain rate, with characteristics of the internal 

microstructure. This equation also implies that the stress dependence of �̇�  can be related to the stress 

dependences of 𝜌 and 𝜈. Different equations associate the average dislocation velocity with the resolved shear 

stress [95,123]. Assuming that dislocation motion follows an Arrhenius form: 

𝜈 = 𝑣𝑜 exp [
−ΔG(τ)

𝑘𝑇
] 

Equation 2-15 

where the frequency at which dislocation segments overcome barriers and the average distance covered by 

this segment between barriers is contained in 𝑣𝑜, and ΔG(τ) is the change of Gibbs free energy required to 

overcome the energy barrier, assumed to depend on the shear stress (τ), while k and T are the Boltzmann 

constant and absolute temperature respectively. According to Equation 2-15 and 2-14, and defining 𝛾𝑜 =

 𝑣𝑜𝜌𝑏, at fixed dislocation density  the resulting plastic shear strain rate can be written as: 

�̇� = 𝛾𝑜 𝑒𝑥𝑝 [
−ΔG(τ)

𝑘𝑇
] Equation 2-16 

The identification of dislocation mobility mechanisms consists of determining experimentally the value of ΔG 

[95], which is the energy barrier to be overcome for the thermally activated deformation mechanism to 

operate. Even though there may be different relations for ΔG(τ), in the case of a mechanism with a constant 
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activation volume, typically a linear form in which the energy barrier can be reduced by the application of 

stress is assumed:  

∆𝐺(𝜏) = ∆𝐺𝑜 −  𝜏𝑉  Equation 2-17 

Here ∆𝐺𝑜 denotes the stress-free energy barrier and V represents an activation volume (𝑉 = −(𝜕∆𝐺/𝜕𝜏)𝑇), 

usually defined (for reasons that have to do with the physics and measurement of activation volumes) as the 

effective activation volume. An activation area (∆𝑎 = 𝑉/𝑏) is also used to refer to this quantity, on the reasoning 

that this is the more physically significant quantity [124]. In simple terms, the activation area is the area swept 

by the dislocation while overcoming, with a contribution form thermal activation, the energy barrier that 

opposes its motion. The activation volume or area vary significantly with the microscopic mechanisms 

governing plastic deformation [125]. For instance, the activation volume displays small values (on the order 

of 10 b3) for the kink pair mechanism, while somewhat larger values are obtained for dislocation-solute 

interactions, and values in the range of 1000 b3 are found for the forest mechanism [95,125]. 

Furthermore, considering a constant structure (this implying that parameters involved in 𝛾𝑜 do not change) 

[126]:  

∆𝐺(𝜏) = 𝑘𝑇 ln
𝛾𝑜

�̇�
= 𝐴𝑘𝑇 Equation 2-18 

It has been shown that, for certain values of mobile dislocation density and area swept by a dislocation in an 

activation event, 𝐴  ~21 [126]. Consequently, by combining Equation 2-17 with Equation 2-18 under this 

approximation one obtains:  

𝜏 =
∆𝐺0

𝑉
−

𝐴𝑘𝑇

𝑉
 Equation 2-19 

This equation has two main implications. First, it allows to recognize that a rapid or slow decrease of the 

stress with temperature will occur for mechanisms with a small or large activation volume respectively [95]. 

On the other hand, it implies that the flow stress of a material can be decoupled into two parts (Equation 2-

20), namely an athermal or internal stress (τ𝑖), and an effective or thermal stress (τ∗):  

τ = τ𝑖(𝛾) + τ∗(𝑇, �̇�) Equation 2-20 

The temperature-independent stress (τ𝑖 ) arises from long range stresses opposing dislocation movement 

[95,127], namely the internal stress field developed by other dislocations and the Peierls or lattice friction 

stress, the latter being negligible for FCC metals at intermediate temperatures. Then, the stress field developed 

by other dislocations is mostly athermal, yet varies with temperature but does so only through the temperature 

dependence of the shear modulus [128]. On the other hand, the thermal stress (τ∗) has a strong dependence 

on temperature, because thermal fluctuations redistribute energy and thus help dislocations to overcome 

obstacles at a level of stress lower than the stress needed at absolute zero temperature [80,129]. 

Cotrell and Stokes evaluated the influence of the temperature on the flow stress by deforming single crystals 

up to different levels of deformation at a certain temperature T1, recoding the flow stress (τT1). Subsequently, 

the crystal was unloaded, the temperature modified to T2 and the new flow stress (τT2) was measured. A 

constant ratio τT2/τT1 was found, regardless of the level of deformation (or dislocation structure). This states 

that the thermal and athermal contributions to the stress remain proportional as the microstructure evolves; 
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this is usually known as the Cotrell and Stokes, of Cotrell-Stokes, relation. Similar findings were reported for 

the strain rate at fixed stress [130].   

It is thus apparent that temperature has a major influence on the deformation of crystals, affecting not only 

the flow stress but also the rate of hardening, notably through the rearrangement of stored dislocations.   

In previous sections the crystal is assumed sufficiently large that dimensions involved be those defined by the 

microstructure (e.g., the dislocation density in the Taylor hardening law or the grain size in polycrystalline 

materials). These intrinsic microstructural dimensions govern the mechanical behavior of materials on the 

macroscopic scale, meaning in materials sufficiently large for their microstructural development not to be 

altered by free surface effects. When the external (extrinsic) dimensions of the specimen are small and 

approach the intrinsic microstructural dimensions, the mechanisms ruling deformation are generally altered; 

this is called the plasticity size effect. Size effects have been evidenced in whiskers (dislocation-free crystals), 

single- and polycrystalline thin films, and dislocation-containing micropillars. This section does not intend to 

entirely describe the characteristics of small-scale plasticity, as this has been the subject of a large volume of 

research, but to give a general overview of its main features with emphasis on questions that are relevant to 

present results. Comprehensive and extended reviews can be found in Refs [13,102,131–133].  

Over the past decades, after the introduction of a uniaxial microcompression testing method to study the 

plasticity of micro- and nanopillars produced by FIB micromachining, interest in plasticity size effects reached 

a high intensity [7–9]. Unlike the plastic deformation of a bulk metal, which takes place through what is 

measured as smooth and homogeneous flow, uniaxial tests on micro- and nanoscale metallic samples generally 

present a drastic increase in both the flow stress and its scatter, and the manifestation of a serrated stress-strain 

behavior. These characteristics are detailed in subsequent sections. 

Despite a large fluctuation among pillars of the same diameter, an increase in yield strength with decreasing 

pillar size has been demonstrated when the sample diameter D becomes roughly < 100 µm. Most studies 

focus their attention on FCC crystals, but this trend is extended to body-centered cubic (BCC), HCP, shape-

memory and high entropy alloys, and metallic glasses.  

Expressing the relationship between the yield strength (τ) and the sample diameter (D) as a power-law was 

proposed in [134] and employed by many studies to fit measured data as follows: 

τ = τ0 + A𝐷𝑛 Equation 2-21 

where τ0 is the bulk strength of the same material, A is a constant, and n is the (empirical) power-law 

exponent. After analyzing a significant amount of data, a universal power-law exponent for FCC metals of 

n≈0.6 was proposed in [134], suggesting that only a particular mechanism governs the deformation. 

Contradicting this, diverse investigations reported power-law exponents ranging over a wide range, 
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extending from 0.3 up to 1 (e.g., [14,135,136]). This suggests the presence of multiple mechanisms; also, the 

variety of exponents observed leads to question whether a power-law relationship extracted from a double-

logarithmic plot has fundamental validity. Numerous factors have furthermore been found to affect the 

observed scaling behavior, which are not explicitly considered in Equation 2-21, namely the aspect ratio 

[14,137], geometry [138], and the initial dislocation density [139,140] of samples tested.  

Different models have attempted to explain the reasons behind the increase in yield strength with decreasing 

sample diameter. Dislocation starvation [22,44] assumes that when the external size of the sample is reduced, 

dislocations that travel through the crystal will annihilate at free surface before breeding new ones. There is 

then a higher probability for dislocations to exit before multiplication at decreasing sample diameter, or in 

other words one observes a higher rate of dislocation escape, causing source depletion and the need for new 

dislocations to nucleate for deformation to continue, leading in turn to an increase in the value of applied 

stress required to deform the crystal. This model may explain the basic mechanisms involved in sub-micron 

specimens where the number of dislocations initially present is highly limited (i.e., one dislocation in a volume 

of 10 μm3 if the dislocation density is 1010 m-2). In this range, where a substantial number of dislocations exit, 

the number of mobile dislocations is exhausted due to mutual interaction and the applied stress must be raised 

to sustain deformation. This is known as exhaustion hardening [141].  

The deformation of specimens with diameters of some tens of microns is probably ruled by the collective 

behavior of dislocations and the presence of a significant density of sources. An analytical expression, 

corresponding to Equation 2-7, is developed in [142] for thin films to predict a variant of Equation 2-7giving 

the critical stress required to bow out a dislocation of length L, presented in [143] as: 

τ =
𝜇𝑏

2𝜋
 
1

𝐿
 ln (

𝑎 𝐿

𝑏
) Equation 2-22 

where a is a constant, µ and b are the shear modulus and Burgers vector respectively. In this study, L is 

reported to be between a third and a fourth of the limiting dimension, namely half the thin film thickness or 

the micropillar diameter. Parthasarathy et al. [144] propose that double-pinned Frank-Read sources, initially 

present in micropillars, rapidly evolve towards single arm dislocations due to interactions with the free surface, 

a process termed source truncation and observed in [145]. The longest single-arm-source (SAS) then defines 

the flow stress. The stress to activate such a source is similar to that required to activate Frank-Read sources 

(see Section 2.4.5 Frank-Read and single-arm dislocation sources and Equation 2-7), and is thus inversely 

proportional to a characteristic length L. An analytical expression to evaluate L is given in [144]; in samples 

containing several dislocations across the sample cross-section it is reasonable to estimate it as L ≈ D/3, as 

described earlier for thin films. From this, Parthasarathy et al. [144] propose that the critical resolved shear 

stress, as given by the SAS model, can be computed as: 

𝜏𝑆𝐴𝑆 ≈
𝛼𝐺𝑏

𝐿
+ 0.5𝐺𝑏√𝜌 Equation 2-23 

Similar expressions, which vary depending on prefactors that are adopted for either term, are reported in 

[81,146,147]. For instance, according to [81]: 
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𝜏𝑆𝐴𝑆 ≈
0.12𝐺 ln (

𝐿
𝑏

)

𝐿
𝑏

+ 0.44𝐺𝑏√𝜌 Equation 2-24 

The SAS model also predicts that, for essentially dislocation-free sub-micron pillars, the flow stress 

corresponds to the stress needed to nucleate a dislocation from the free surface. This stress differs from the 

flow stress estimated for whiskers because of surface imperfections; it is expected to equal the stress required 

to move isolated partial dislocations across the pillar [144]. Thus, the maximum CRSS possible depends on 

the stacking fault energy and is capped by 𝜏𝑆𝐴𝑆
𝑚𝑎𝑥 ≈ 𝑆𝐹𝐸/𝑏.  

The single-arm-source model has been shown to properly reflect trends in experimental data over a wide 

range of pillar sizes (Figure 2-14a) (even though in its derivation it introduces the forest contribution as a 

back stress, which is not legitimate since both the size-independent and size-dependent terms are based on 

the same Orowan bowing mechanism). Being generally applied to interpret FIB-milled nanopillar data, the 

structure of which is assumed to be unaltered during sample preparation (thus ignoring FIB-related damage), 

it assumes that the forest dislocation density does not vary with D.  

El Awady [140] analyzed the influence of the dislocation density  on the mechanisms governing the 

deformation at small scale and proposed regions for each mechanism (Figure 2-14b). In addition, a generalized 

size-dependent Taylor-strengthening law is proposed on the basis of extensive discrete dislocation 

simulations, similar to Equation 2-23, with a characteristic length scaling with both the dislocation density 

and the sample diameter, as 𝐿 = 𝐷√𝜌.  

 
Figure 2-14 a) Predictions of Equation 2-23 for Ni and Au in comparison with experimental data. b) Dimensionless flow stress as a 
function of dislocation density, colors highlight regions of different deformation mechanism c) Flow-stress versus sample-size for 

Mo(Ni,Al) microcrystals of variable initial dislocation density. a-c) Reprinted from [144] and [30], with permission from Elsevier. b) 

Image adapted from [140]. 

Bei et al. [30] also investigated the effect of the initial dislocation density on the flow stress employing 

molybdenum pillars produced without FIB milling (Figure 2-14c). Different pre-strain levels are imposed on 

several pillars and a drop in the yield strength and its scatter on subsequent loadings is reported. This is ascribed 

to the fact that dislocations must nucleate in pristine pillars, and thus a high yield strength is observed, while 

the gradual introduction of dislocations leads to bulk-like behavior with less variability and lower flow stresses. 
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Likewise, annealing heat treatments modify the initial dislocation density, reducing the number of dislocations 

available in the crystal (note that annealing is also commonly applied to remove defects introduced by focused 

ion milling; see 2.1.1 Focused ion beam milling). Experiments on annealed cast aluminum and FIB milled 

copper specimens led to report a considerable increase in yield strength with respect to their non-annealed 

counterparts [15,82]; this is attributed to dislocation source depletion after heat treatment. Beyond the flow 

stress, copper pillars experience a softening down to stress levels comparable with non-annealed specimens. 

On the contrary, cast aluminum wires do not exhibit such softening and continue their deformation with a 

highly serrated behavior.             

Unlike the flow stress, characterization at the microscale of the work hardening rate has been more occasional, 

in particular in samples free of stress gradients. Most available studies are conducted by microcompression of 

pillars, with its associated limitations (see Section 2.7.3 Testing considerations). In Ref. [141], interpretation 

places focus on the work of Gil Sevillano et al. [148] and postulates that according to percolation theory the 

work hardening rate must scale proportionally to D 1/3. WHR rate measurements are also made difficult due 

to the sudden strain-bursts, which hinder quantitative analysis. Similarly, a strong size effect is also observed 

on the work hardening rate when reducing the diameter of the pillars, particularly in the sub-micrometer 

range [139,141,149,150]. As an example, an extremely high work hardening rate is reported on copper pillars 

oriented for multiple slip with diameters below 2 µm, reaching up to 4.6 GPa with a breakdown of the 

Taylor hardening law [150]. This characteristic is explained by a change in deformation mechanism, proposed 

by different theories, in which the stress needs to be increased abruptly in order to reactivate or nucleate a 

new source after source exhaustion or extinction [139,151,152]. Instead, single crystals oriented for single slip 

with sizes in the micrometer range evidence an essentially nil WHR and an extended Stage I of deformation 

[141]. This lack of work hardening, with essentially no dislocation storage, has been described as one of the 

main mechanisms indicating the onset of confined plasticity, particularly of micrometer samples where 

dislocation annihilation leads to a stationary dislocation network rather than a dislocation-starved material, as 

is the case in sub-micrometer samples [149].  

Determining the mechanical properties at the micrometer scale differs from conventional testing due to a 

considerable number of associated challenges; still, such experiments have been practiced as far back as the 

1950s [153,154]. In-situ scanning electron microscopy and transmission electron microscopy experiments, 

together with the rapid evolution of micromechanical testing systems have assisted in overcoming several of 

the challenges, namely positioning, alignment, and sensitivity, among others. At the same time, many different 

approaches in terms of sample shape and loading conditions have been employed, many of them developed 

to study thin film [155–157]. Main techniques are nanoindentation [158,159], microbeam bending [160–
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163], compression testing [7,44,141,152], tensile testing [23,81–83,164,165], and a few other non-

conventional testing methods [166,167].   

Uniaxial compression testing of pillars consists of squeezing pillars of aspect ratio (length-to-diameter) ≈ 2.5 

: 1 with flat-punch tips, generally of diamond. Since pillars are linked to bulk material, this strategy avoids 

difficulties arising from sample manipulation. Yet, in microcompression testing it is crucial to establish the 

real contact area, to avoid any strain localization, and therefore to ensure a good alignment throughout the 

experiment [16]. Buckling or a lateral shift of the loaded surface, count among the main intrinsic limitations 

of this technique; this plays an essential role above 5 % of plastic deformation. Buckling may lead to an 

underestimation of the yield strength [13,102]. Similarly, friction forces between the punch and the pillar 

together with the fact that it is attached to the substrate at its other end prevent the lateral expansion of the 

specimen while it is compressed. This results in barreling, which causes deviations from a state of uniaxial 

stress state and also hinders a meaningful computation of work hardening rates [13].           

Most limitations exhibited by microcompression can be overcome by uniaxial microtensile testing. Kiener et 

al. [168] developed an in-situ tensile testing procedure for FIB-milled specimens, which enables the 

mechanical testing in tension of high aspect ratio specimens. The low lateral stiffness of such samples 

eliminates restrictions associated with lateral movement of the load application point, while buckling is absent 

as are constraints originated from the sample base [13,168]. These features allow the specimen to deform 

extensively in single slip [150]. A similar approach is employed to test FIB-milled gold and molybdenum 

crystals [23,169], as well as electroplated copper [23]. In uniaxial tensile testing clamping the sample and 

applying a load represent some of the main challenges. Kiener et al. [168] produced a wider region at the end 

of the specimen such that it can be grabbed by an appropriately machined mechanical grip, and reported 

lower yield strength values measured in tension than in compression [14]. A similar strategy is conducted in 

[23], where copper specimens glued to the base by amorphous tungsten are pulled out by a custom-fabricated 

tensile grip. Krebs et al. [81,84] produce much longer wires and employ glue to fixate them at either end to 

the load train of a custom-built tensile testing rig.  

The examination of the mechanical behavior of microsamples at elevated temperatures has its experimental 

difficulties, namely thermal drift, temperature calibration of both specimen and indentor/grip, temperature 

match between the two, and surface degradation to name some of the challenges [170,171]. Yet, a large 

number of investigations are now available that study the influence of thermally activated mechanisms at 

elevated temperature in the presence of strain gradients, i.e., by means of nanoindentation, on a wide range 

of materials [172–177]. Early attempts prevented oxidation by testing under a protective atmosphere, namely 

argon, but still experienced considerable thermal drift. This was improved by heating both specimen and 

indenter tip and developing different approaches to measure and match their temperatures. Uniaxial 

micromechanical studies on the behavior of materials at elevated temperatures are more occasional. Korte et 
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al. [178] carried out compression at temperatures up to 400 °C of MgAl4O4 spinel micropillars, in which it 

is possible to observe significant plasticity with increasing temperature, a linear decrease in yield strength, and 

activation volumes equivalent to those exhibited by BCC metals, which are ascribed to the lattice resistance. 

Subsequently, micropillar compression investigations at elevated temperatures have mostly focused on the 

behavior of BCC metals, initially studying tantalum [179] and molybdenum [180] due to their comparatively 

low critical temperature [181], and extending investigations to tungsten [182]. Body-centered cubic metals 

generally exhibit a weak size dependence at room temperature associated with the influence of lattice friction 

[183–185]. Above room temperature, BCC metals display a transition towards strong size dependence with 

increasing temperature due to thermally activated mechanisms (Figure 2-15a), namely an increased mobility 

of screw dislocations, which also leads to a lower yield strength. In addition, Mo micropillars manifest signs 

of significant slip at elevated temperatures [180], similar to W pillars that show a change from homogeneous 

to localized deformation with increasing temperature, and an increase in fracture toughness [182,186] (Figure 

2-15b). Equivalent results are reported for LiF FCC microcrystals [187], with a bulk strength governing the 

behavior at room temperature when no size-effects are evidenced and a size-dependence contribution which 

becomes gradually predominant at high temperatures. Silicon FIB-milled pillars also exhibit an influence of 

temperature on their deformation, showing a brittle-to-ductile transition in fracture at around 300 °C 

together with considerably lower yield strength values with increasing temperature [188]. Similar drops in 

yield strength with increasing temperature are reported on gallium nitride grown by epitaxy tested up to 

500 °C; in this study, plasticity parameters are measured through compression strain rate jump tests [189]. A 

Zr-based bulk metallic glass shows on the other hand a constant flow stress up to temperatures around 400 

°C [190]. A few microcompression studies at high temperature on FCC metals are available, namely on a 

nickel superalloy [191], nanocrystalline nickel [192], polycrystalline copper [193], and single crystalline 

annealed copper pillars [194]. No variation in the size dependence nor in the yield strength is observed on 

copper micropillars compressed at temperatures as high as 400 °C (Figure 2-15c), while the slip traces are 

more distributed at elevated temperatures; this is ascribed to the activation of extra dislocation sources at 

elevated temperature [194]. 

 

Figure 2-15 a) The effect of temperature on the size effect in tantalum (Ta) and tungsten (W) micropillars. b) A change from 
homogeneous to localized deformation in W pillars with increasing temperature. c) No signs of change in the size dependence nor 

in the yield strength exhibited in copper micropillars with increasing temperature. a-b) Adapted from [182]. c) Image from [194]. 
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Flow intermittency, or in other words a stochastic burst-like progression of plastic deformation, also 

characterizes confined plasticity. This is generally observed through the presence of either sudden strain jumps 

in load-controlled experiments or large rapid load drops under displacement-controlled conditions 

(producing a serrated stress-strain curve). These events arise from the collective motion of dislocations or 

from the activation of sources capable of generating large and rapid strain increments, which lead to those 

rapid avalanche-like, large-amplitude, slip events, leaving a surface step along the crystal surface. Statistics of 

such dislocation avalanches show that the probability (p(s)) of an event of size s follows a power-law ([195]) 

at small event sizes, potentially over several orders of magnitude, depending on the precision of measurements 

and their nature [135,149,196–205]: 

𝑝(𝑠) = 𝐴𝑠−𝜆 Equation 2-25 

where A is a normalization constant and λ is the power-law exponent. Some studies conclude that the 

existence of a power-law is linked with dislocations displaying a self-organized critical (SOC) process in 

which the structure, after deformation, rapidly evolves to a critical jammed configuration independent of the 

initial state. The collapse of such jammed configurations leads to a collective avalanche-like progression of 

deformation. The concept of self-organized critically was introduced to describe more generally dynamical 

systems that develop towards a second-order phase transition at which interaction between entities results in 

scale-invariant events [206]. The presence of a power-law distribution thus suggests a scale-free behavior of 

dislocations, with the expected formation of structures that, at diverse scales, are equivalent in statistical sense, 

similarly to fractal patterns [149,197,198,207–211]. This approach also applies in descriptions of other physical 

instabilities, namely sand piles avalanches or earthquakes [197,205,212]. Also, according to the literature, this 

power-law scaling at small event sizes is not affected by temperature [204,213]. 

The measurement of dislocation avalanche events has been performed by different methods, namely acoustic 

emission (AE) [205,207,213–215], image-based analysis [216–218], as well as analyzing the duration time or 

axial displacement during the event [201,219,220], or by examining the magnitude of the load drops 

[81,149,204].  

The energy detected by acoustic emission is associated with the release of elastic energy due to the local 

rearrangement of the dislocation network within the crystal [221]. Signal extracted by transducers is similar 

to crackling noise [222], comprising intermittent events with a broad range of amplitudes (Figure 2-16a). 

Acoustic emission investigations on ice single crystals [207,223], together with measurements of burst size 

distributions in metallic micropillars [205,215,224,225] report, similar to Equation 2-25, avalanches that 

follow a power-law distribution with a universal power-law exponent ≈ 1.6-2 independent of the material 

and temperature [213].  

A simple and direct method to assess the size of slip events is to analyze the magnitude of the axial 

displacement or load drop during an avalanche. This is done, for instance, in Refs. [80,81,197,199,201,204]. 

In this case, a universal power-law exponent for Equation 2-25 of 𝜆 ≈ 1.4 − 1.6 is reported, independently 
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of the material, sample diameter, and testing conditions. The latter does not affect the scaling behavior, but 

it influences the extent of an avalanche, being larger in load-controlled experiments than in displacement-

controlled conditions [226,227]. For BCC metals, the magnitude of strain bursts scales with the strain rate 

[228]. Slip events generally span from a few angstroms up to a few micrometers. Furthermore, diverse 

modeling methods reach similar power-law exponents [198,202,214]. 

 
Figure 2-16 a) Stress-time (blue) and acoustic emission (AE) count rate-time (top-red), as well as the cumulative number of AE counts 

vs. time (bottom-red). b) The probability distribution of energy bursts following a power-law distribution of exponent 1.6, for diverse 

loading steps. The inset shows a normal acoustic emission signal. Images adapted from [205] and [207] respectively. 

Statistical studies including large slip events generally display a truncation of the power law distribution around 

a cut-off value (sc) that limits the size of avalanches [198,200,201,204,220]. Richeton et al. [213,229] observed 

by compressing ice polycrystals that SOC breaks down in the presence of grain boundaries and that grain 

boundaries restrict the size of the avalanche at large amplitudes. They then found that the complementary 

cumulative distribution function (CCDF=P(s≥ 𝑠0)), defined as: 

 𝑃(𝑠 ≥ 𝑠0) = ∫ 𝑝(𝑠)𝑑𝑠
∞

𝑠0
 Equation 2-26 

of the experimental data could be fitted by: 

𝑃(𝑠 ≥ 𝑠0) = 𝐷𝑠−𝜅exp
 (−

𝑠
𝑠𝑐

)
𝑚

 Equation 2-27 

where a universal power-law exponent κ= 𝜆-1 characterizes the complementary cumulative distribution 

function at small slip events, D is a normalization constant and m = 1, corresponding to an exponential cutoff 

of the CCDF [81,204,229] (Figure 2-17a displays such a distribution with data from another study).  
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Figure 2-17 a) Complementary distribution function (C(s)) of the individual slip events in different FCC micropillars from 

compression experiments displaying a power-law behavior at small event sizes together with an exponential cut-off. b) The effect of 

no cross slip (NCS) in the size of displacement bursts according to simulations. c) Complementary distribution function vs. avalanche 

size for different [100]-oriented copper pillars tested at room- and elevated temperature. a) and c) Adapted from [204], b) from [81]. 

Zaiser et al. [198,200,202] proposed an alternative truncated power-law model in which the (non-

complementary, binned) probability (p(s)) shows the same scaling form as in Equation 2-27 with m = 2, 

namely 𝑝(𝑠) = 𝐴𝑠−𝜆exp
 (−

𝑠

𝑠𝑐
)

2

 (note that, since a probability p(s) with m = 2 does not lead to a complementary 

distribution truncated by an exponential as in Equation 2-27; see Appendix 1- Zaiser-Nikitas expression for 

the complementary cumulative distribution function, the two expressions differ significantly). According to 

the model introduced by Zaiser et al. [198,200,202] the cut-off value sc arises from avalanches being 

influenced by the rate of decrease in applied stress (or similarly increase in flow stress) with increasing strain 

during a strain burst. More specifically, two parallel mechanisms reduce the effective stress driving dislocations 

motion, namely (i) the intrinsic hardening (H) of the specimen due to dislocation storage or other sources of 

back-stress, and (ii) under displacement-controlled conditions the system relaxes the applied (resolved shear) 

stress with increasing strain ∆𝛾 according to ∆𝜏 = 𝑀∆𝛾, where M is the strain-based stiffness [MPa]. This 

stiffness M is linked to the system-cum-sample stiffness J [µN/µm] as reported in [81], 𝑀 =
𝐽 𝐷 𝑆

𝐴𝑜
; where D is 

the specimen diameter, S is the Schmid factor and Ao the initial sample area. Note that these expressions do 

not consider the increase in effective stress due to the decrease in cross-sectional area during/after a 

deformation. The maximum length increment (∆𝑙𝑚𝑎𝑥) that can be produced by a dislocation avalanche 

according to this model is roughly given by: 

∆𝑙𝑚𝑎𝑥 =
𝐶 𝑏 𝜇 𝑆

𝑀 + 𝐻
 Equation 2-28 

where C ≈ 5, and b and µ are the Burgers vector and shear modulus respectively.  

Cross-slip was reported as a mechanism that can induce cessation of dislocation motion, thus limiting the size 

of sudden slip events. In Ref. [81] a correlation between the increase of shear stress on the cross-slip plane 

with lower slip event sizes is observed, as well as clearly larger displacement bursts when cross slip is not 

considered in 3D discrete dislocation simulations (Figure 2-17b). For comparison, microcompression 

experiments on FIB-machined copper pillars tested at room temperature and at 400 °C exhibit no noticeable 

variations in the cut-off values [204] (Figure 2-17c). Both of these two works report an exponential cut-off 

of the CCDF, following Equation 2-27. This can be observed in [81] by a linear trend of the CCDF vs. 

event size in semi-logarithmic coordinates (such that m = 1), and was found in [204] to fit Equation 2-27 

best with m = 0.8, while being also compatible with  m = 1 [J. Alcalá, J. Očenášek private communications]. 
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In this chapter a novel microcasting technique that combines femtosecond laser micromachining 

with metal casting is introduced. The process exposed here is a truly three-dimensional 

microfabrication process. Virtually any interconnected 3D shape can be produced in etchable laser-

transparent material, and then infiltrated with a metal. In addition, the process inherits attributes 

from conventional casting, namely the fabrication of nearly-net and fully dense microstructures – 

and also some of its challenges, notably feeding solidification porosity.  

Disclaimer: This chapter contains literal reproduction of full paragraphs and figures of the following 

publication: [230]-L. Borasi, E. Casamenti, R. Charvet, C. Dénéréaz, S. Pollonghini, L. Deillon, T. Yang, 

F. Ebrahim, A. Mortensen, Y. Bellouard, 3D metal freeform micromanufacturing, Journal of Manufacturing 

Processes. 68 (2021) 867–876 to which the author has contributed. Specifically, the author conducted the 

infiltration of the molds and the characterization of components after demolding. The author also contributed 

to the design of the embedded cavities, while the femtosecond laser micromachining was performed by Dr. 

Enrico Casamenti (EC) and Mr. Sacha Pollonghini (SP). Four of the article authors (CD, RC, YB and AM) 

are inventors on awarded European and US patents, application numbers of which are: US 2018304352 - 

WO 2017081635, awarded to the École Polytechnique Fédérale de Lausanne (EPFL) [231]. Both the author 

and EC equally contributed in generating the figures and writing the first draft of the manuscript.  

In addition, Section “3.2.4 Glass-in-glass composites” contains results of the article [232] E. Casamenti, G. 

Torun, L. Borasi, M. Lautenbacher, M. Bertrand, J. Faist, A. Mortensen, Y. Bellouard, Glass-in-glass 

infiltration for 3D micro-optical composite components, Opt. Express, OE. 30 (2022) 13603–13615. The 

author worked on the strategy to infiltrate such glass and contributed to relevant preliminary experiments. 

Only basic information is reproduced here, while further findings are detailed in reference [232].  
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Process steps that lead to produce 3D structures of dense engineering noble metal with sub-micron resolution 

are detailed in Figure 3-1. As an illustration, we show the production of a micrometric classroom containing 

a series of miniature chairs and desks. Step 1 in Figure 3-1 consists in exposing quartz glass to femtosecond 

(fs) laser irradiation according to a freely designed interconnected geometrical pattern that defines the material 

to be removed by altering locally the glass structure. This alteration causes the glass to be preferentially etched 

where it has been exposed to laser irradiation.  

This glass micromachining process is based on nonlinear absorption phenomena that occur in laser-transparent 

substrates when the incoming laser beam locally exceeds a peak irradiance level (typically around the 

GW/mm2), triggering a chain of events leading to the ionization of the matter. As the effect is non-linear 

and depends on a threshold value, the effective size of the ionized volume can be smaller than both the beam 

waist itself and the laser wavelength [233–235]. In addition, given the extremely short plasma life time, the 

absorbed energy remains confined in the focal volume and no heat is transferred to the surroundings, which 

thus remain largely unaffected [236,237]. Combined with the possibility to define with high-accuracy the 

beam trajectory thanks to the use of high precision motorized stages (PI Micos with a repeatability of 200 

nm over a centimeter motion range and a micron over the full travel range), this process enables the engraving 

of arbitrary 3D-shapes made of single voxel sizes, the geometry and resolution of which depends chiefly on 

the confocal parameters and the pulse energy. In our case, the beam waist was focused to 1.9 µm and we 

used a moderately focused beam with an energy of about 240 nJ. As a result, a voxel of laser-modified volume 

has an ellipsoid shape with 1.9 µm and 8 µm on the short and long axis, respectively. Smaller voxel sizes can 

be achieved by lowering further the pulse energy. 

In Figure 3-1 step 2 wet chemical etching of the substrate preferentially removes those regions that were 

modified by the laser along a continuous path that intersects the mold free surface. The etching-rate contrast 

between pristine and modified mold material depends on the chemistry used (namely, with fused quartz, 

etching with a basic – KOH [238] – or with an acidic – HF [234,235] – solution), on the deposited energy 

(or net fluence), and on other laser-related parameters such as the laser-beam polarization or the pulse duration 

[239]. By precisely controlling the exposure and the etching steps, it is thus possible to achieve micrometric 

resolutions in the mold manufacturing. As the etching front progresses inward from the mold surface through 

the exposed pattern, the final shape of the etched volume becomes diffusion-limited and shows a dependence 

on the etching rate contrast between pristine and exposed material. This may lead to a dependence of the 

etched geometry on the time of exposure to the chemical solution, to be compensated for in the design of 

the path followed by the fs-laser beam.  



51 

 

Filling of the cavities with the metal, steps 3 to 5 (Figure 3-1), is performed by applying on the liquid metal 

external pressure sufficient to overcome capillary forces at play and force the metal to flow into the mold. 

This is achieved using pressurized gas. In experiments reported here, the metal to be infiltrated is placed on 

top of the substrate, over all exposed cavities. The chamber is evacuated, then kept under a low vacuum and 

heated up to slightly above the melting point (Tm) of the metal to be cast. Once it is molten, the metal covers 

and seals all mold entries along the upper mold surface. At this point, a non-reactive gas, typically argon, is 

bled into the chamber. As the gas pressure builds up, the pressure it exerts on the metal eventually drives the 

latter to flow into the (evacuated) cavities of the mold, filling them. Once the mold is full, mold and metal 

are cooled to solidify the metal. In doing this, particular consideration must be given to feed metal 

solidification shrinkage, a classical challenge in casting also present at the microscale. To this end, directional 

metal cooling is used; this is done by placing a chill in contact with the apparatus along the substrate side 

opposite to the metal drop. One must also avoid the formation of cracks that may appear in the brittle glass 

substrate under the action of thermal stresses associated with the difference in coefficients of thermal expansion 

(CTE) between metal (typically ~10-20 µm m-1K-1) and substrate (~0.5 µm m-1K-1). Such cracks were 

observed in some of our experiments through standard and cross-polarized optical microscopy; they are 

avoided by means of slow cooling after infiltration.  

 

Figure 3-1 Schematic of the microcasting process. The process comprises two main sequences, one being fs-laser 3D micromachining, 
and the second being metal pressure infiltration. Step 1 – a pattern defining the 3D structure is inscribed within a fused quartz substrate 

using a fs-laser. Step 2 - the substrate undergoes wet chemical etching to dissolve interconnected laser-patterned regions that intersect 

the substrate surface, thus turning the fused quartz substrate into a mold to be filled with metal. Step 3 - the fused quartz mold is 
positioned in the infiltration chamber, together with a metal load placed over the exposed cavities; the chamber is evacuated and the 

temperature is raised to melt the metal. Step 4 - pressurized inert gas pushes the metal against capillary forces, driving it to fill the 

pre-evacuated hollows. Step 5 - while maintaining the pressure, the chamber is put in contact with a chill to promote directional 

solidification. Step 6 - different final microscopic products can be obtained by varying final steps in the process. 

After solidification (Figure 3-1 step 6), a substrate-metal composite is produced. The excess metal can be 

removed to obtain a microscopic fused quartz/metal composite structure that can, in itself, be of interest in 
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microengineering device fabrication (Figure 3-1 step 6A). Alternatively, to produce a loose metal casting, the 

glass mold is dissolved in an etchant to which the metal is inert (for example, an aqueous HF solution when 

casting silver). Demolding -in the terminology of casting- can either produce miniature structures that are 

linked to a bulk metal base (Figure 3-1 step 6B), or if Steps 6A and 6B are combined, it will yield many 

separate miniature metal castings (Figure 3-1 step 6C). 

The glass molds were fabricated at the Galatea Laboratory by Dr. Enrico Casamenti and Mr. Sacha 

Pollonghini using fs-laser micromachining followed by wet chemical etching according to a process described 

in the literature [235]. An ytterbium-fiber amplifier laser (Yuzu, manufactured by Amplitude, Bordeaux, 

France) emitting 270 fs pulses at a wavelength of 1030 nm at a repetition rate of 800 kHz, with an energy of 

240 nJ (average power after the objective of about 190 mW) was used. The laser is focused in the specimen 

using a 0.4-numerical aperture objective to a measured waist of 1.9 µm at the focal point. The substrate used 

is a UV-grade fused quartz plate (Heraeus HOQ 310), 800 µm-thick, and 25 mm-square. The substrate is 

moved with linear stages (Micos - UPS 150). Following laser exposure, the specimen is etched for several 

hours in a 2.5 % HF acid bath at room temperature. In order to fit the dimensional requirements of the 

chamber used for metal infiltration, the substrates are cut into circular disks of 6 mm diameter to produce the 

molds into which the desired shapes to be injected are laser-patterned and subsequently etched. 

The setup used for pressure infiltration consists of a refractory stainless steel (UNS S31400) chamber in which 

an alumina crucible prevents contact of the steel chamber with a graphite crucible that contains both the 

mold and the metal (Figure 3-2). Once mold and metal are placed within the graphite crucible, the infiltration 

chamber is bolted shut at its top. The top of the chamber contains a carbon foil to seal the closure and is 

connected to a vacuum pump and an argon bottle through a pipe, in which a K-type thermocouple is also 

introduced in order to monitor the temperature during infiltration by placing the thermocouple tip 1 mm 

above the melt. The chamber is evacuated (usually to ~0.06 mbar) and positioned within an induction coil 

using an overhead crane. A GMF12 CELES (Lautenbach-France) induction furnace is utilized to heat up the 

ensemble, to 1000 °C in the case of silver and 1100 °C for infiltration with copper or gold. Once the target 

temperature is reached, the chamber is pressurized with an inert gas (Argon N48, typically at ~1.5 MPa for 

structures of minimum feature size exceeding 1.5 µm, or 5 MPa otherwise). Subsequently, the chamber is 

lowered until its bottom is in contact with a water-refrigerated copper chill, maintaining the pressure and 

also with the induction furnace turned on, in order to create a vertical temperature gradient to promote 

directional solidification (Figure 3-2). Once the solidification temperature is reached on the thermocouple 

reading, the chamber is cooled further and then kept at ~ 600 °C during 1h in order to relieve internal 

stresses caused by differential shrinkage between the mold and the metal (Figure 3-2). Heating is then stopped 

and the substrate-metal component is retrieved once it has reached room temperature. To produce cast metal 

structures released from their mold, in a final step the fused quartz mold is dissolved in high concentration 
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HF during approximately 12 hours. Pure silver, gold or copper, all of 99.99 wt.% purity, were utilized as 

infiltrant metals as well as a silver-copper alloy (79Ag-21Cu (wt.%)).  

 

Figure 3-2 Image of the experimental setup (left), schematic representation of the chamber (middle) and thermal cycle applied during 

infiltration (right).  

Figure 3-3 displays images of a micron-scale classroom composed of desks and chairs, all made of pure silver. 

This particular assembly demonstrates the ability of the present process to produce, at the microscale, complex 

3D structures with a shape that is not amenable to metal micromachining. The cast structures have a thickness 

near 2 µm. The similarity of chair/table pairs shows the reproducibility of the technique, and its resolution is 

shown by the micron-scale surface roughness of the mold or casting. In this illustration, to allow for 

observation in the scanning electron microscope, the fused quartz substrate was dissolved after solidification; 

this left the final metal chair and table structures linked to the silver that remained above the substrate (as in 

Figure 3-1 step 6B). Figure 3-3c and 3-3d show a close inspection of one of the chairs in two different 

perspectives, to exhibit its thickness and contours. A rough and wavy finishing of the top edge is observed. 

This feature is associated with the progressing etching front after laser machining during mold preparation 

and is later on reproduced by the metal during infiltration and solidification. Specifically, such imperfections 

are found if the etching is interrupted before the entire laser-affected region is removed. It is in fact not seen 

on the other edges of the structures of Figure 3-3 (or in subsequent figures). On the other hand, the slight 

roughness on the lateral edges of the chair (in Figure 3-3d) derives from the laser machining trajectory 

followed during mold preparation; it can be avoided by optimizing both the laser trajectory and the deposited 

energy. As shown in Figure 3-3e, the metal grain size far exceeds that of casting features, such that chairs and 

tables are essentially all monocrystalline – this parallels what was found with cast aluminum microwires cast 

using molds of grown NaCl single crystal [81]. 
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The process is also used to fabricate a set of suspended (‘H-shape’) beams made of pure gold, Figure 3-4. The 

suspended beams in Figure 3-4 have a 45 x 45 µm2 square-cross section and a length of 900 µm, demonstrating 

an aspect ratio (AR) – cross-section over length - as high as 20. Furthermore, in this experiment the AR was 

not maximized: higher values are likely achievable. Indeed, fs-laser micromachining has demonstrated AR 

values that exceed  500 with only two entrance points for the etchant [240]; it has no theoretical aspect ratio 

limit if multiple entries can be included [235]. Close inspection of the mold surface along a longitudinal cut 

through an un-infiltrated mold along the length of the suspended-beams (Figure 3-4c) reveals features typical 

of fs-laser exposed silica glass etched with hydrofluoric acid [60]: note how those are later on reproduced by 

the gold (Figure 3-4b). This demonstrates that the pressure infiltration process used here can replicate shapes 

with a sub-µm-scale resolution, similar to what is obtained in polymer molding [241]. Even though the 

overall surfaces of the suspended beams are easily correlated to features on the mold, some peculiarities can 

be distinguished in some structures (red delimited areas in Figure 3-4d). These depressions are particularly 

smooth and they interrupt surface patterns present on the fused quartz surface; hence, they may have been 

produced by metal solidification shrinkage or the presence of trapped gas.  

Figure 3-4e shows a cross section through a similar structure made of pure silver, still embedded in fused 

quartz and exposed by conventional grinding and polishing of infiltrated beams. As seen, the metal is dense, 

or in other words exempt of pores. To check that there is no significant chemical interaction between the 

mold and the metal, composition gradients near the interface of the host substrate/metal were performed by 

Energy-dispersive X-ray spectroscopy (EDS) in the scanning electron microscope operated at 10 kV (Figure 

3-4f). The X-ray intensity at the metal-silicon dioxide boundary was modeled with CASINO Monte Carlo 

software v2.5 (Sherbrooke, Canada) assuming a 10 kV electron beam, beam size 5 nm and 10000 electrons 

(Figure 3-4f). No new phase, and no traces of metal within the fused quartz host, were detected. 
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Figure 3-3 Images of a cast silver miniature classroom. (a) reveals the fused quartz substrate (i.e., the mold) after etching and before 

metal infiltration (Step 2 in Figure 3-1). In (b) the metal structure is shown after dissolution of the mold (Step 6B in Figure 3-1). (c) 

and (d) details at higher magnification the area delimited by the dashed rectangle in (b), the arrow indicates the orientation of (d) 
with respect to (c). (e) An array of 6x4 “chairs” and “desks” and inverse pole figures (IPF) of the four “desks” contained in the red 

dashed rectangle, evidencing that these, as well as the “floor” (i.e., the support), are single-crystalline metal structures. (a) Optical 

microscopy taken through fused quartz, (b), (c), (d) and (e) scanning electron microscopy (SEM) and (e) electron backscatter 
diffraction (EBSD). 
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Figure 3-4 Images of suspended beams made of gold and left connected to the bulk metal. (a) overall view of the piece after dissolution 

of the fused quartz mold. (b) SEM close-up image of a single suspended beam showing features typical of a silica glass etched with 
hydrofluoric acid. (c) SEM images of the internal surface of an etched, un-infiltrated mold cavity. In (d) a portion of the beam in (b) 

is shown to highlight likely surface casting defects in red. (e) SEM image of a cross section of a similar silver structure while it was 

still embedded in the fused quartz mold, showing that the beams are made of pore-free, dense metal. (f) Chemical composition 

analysis normal to the silver/silicon dioxide interface of the sample shown together with a CASINO Monte Carlo simulation of X-
ray intensity from a sharp SiO2/Ag boundary. 
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Local properties of the metal were measured by nanoindentation. A TI 950 Triboindenter (Hysitron® 

Corporation, Minneapolis, MN) with a load cell of 10000 µN and a diamond Berkovich indenter tip was 

used to measure both the hardness and elastic modulus of the cast from cross-sections of trusses still embedded 

in the fused quartz substrate (similar to what is seen in Figure 3-4e). Quasi-static indentations were made to 

a maximum load of 8000 µN for silver and to 3000 µN for copper, the loads being selected in correlation 

with the trusses’ cross-sections (150x150 µm for Ag silver and 25x25 µm for copper) to minimize the elastic 

influence of the substrate and to be able to indent 4 times on each specimen. The loading-holding-unloading 

sequence was of 5-2-5 seconds and the data were analyzed according to the Oliver-Pharr procedure [158].  

Table 3-1 shows values of Young’s modulus for pure silver and copper. Data yield a Young’s modulus of 84 

± 1.2 GPa for silver, and 132 ± 6 GPa for copper. These values are to be compared with 83 GPa and 128 

GPa for bulk silver and copper respectively [242,243], in accord with the observation that the microcast metal 

is fully dense. This shows that the process produces metallurgically sound metal, the flow stress of which can 

be tailored by alloying.  

Table 3-1 Measured elastic modulus (E) for silver and copper trusses produced by microcasting. STD describes the standard deviation 

measured on each sample, and orientation refers to the crystallographic orientation along which the sample was indented. 

Ag Cu 

Orientation E measured [GPa] STD <Orientation> E [GPa] STD 

1< 112> 82.4 0.8 1< 304> 135 3.0 

2< 213> 84.0 0.5 2< 101> 137 2.5 

3< 213> 84.3 0.4 3< 113> 122 2.6 

4< 213> 86.0 0.8 4< 113> 132 6.1 

5< 213> 84.5 0.8 5< 304> 134 3.6 

6< 212> 83.4 0.9    

Mean (Ag) 84   (Cu) 132  

STD 1.2  6  

Figure 3-5a exhibits an array of silver pyramids embedded in the fused quartz mold, each ending in a much 

thinner filament, 30 µm-long and ~2 µm in diameter. The remaining silver after solidification was removed 

by mechanical grinding in order to obtain, as in Figure 3-1 step 6A, a final product consisting of the 6 mm-

diameter, 800 µm-thick, fused quartz substrate containing an array of embedded silver pyramids each topped 

by this thin, antenna-like, coaxial filament. This demonstrates that the combination of laser-patterning and 

infiltration characteristic of the process provides a pathway for the production of multiscale 3D structures that 

would be difficult if not impossible to achieve by other means. As another prototype giving an example of 

the innovation potential of the technology, Figure 3-5b-d show a 3D-array of high-aspect ratio multiscale 

silver-copper alloy micro-electrodes that are left embedded in the fused quartz mold (visualized here by 

observation through the glass). The minimum distance between electrodes is about 6 µm and the total 

structure length is 5 mm (leading to an aspect ratio of the glass slit between electrodes that exceeds 800). 
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Being able to produce such arbitrarily shaped 3D highly conductive electrodes embedded in a high dielectric 

constant material host is interesting in numerous fields of microtechnology: e.g., implantable devices in 

medicine, or components for high-voltage, high-frequency electronics.   

 
Figure 3-5 (a) Optical micrograph of a silver pyramid array embedded in fused quartz, each pyramid ending with a thin antenna-like 

filament extending from its tip, illustrating the multiscale and multi-material capability of the process. (b), (c) and (d) are images of a 
row of electrode pairs embedded in fused quartz. (b) CAD model of the design (for the sake of clarity, the drawing is out of scale). 

(c) and (d) are optical micrographs of the resulting structures of 79wt%Ag-21wt%Cu alloy embedded in fused quartz. 

Figure 3-6 shows a larger, geometrically complex, 3D (Maltese cross) structure fabricated out of copper or 

silver. Figure 3-6a-c show the structure still embedded within fused quartz, whilst Figure 3-6d shows the 

self-standing structure (here made of silver) extracted out of its mold. The beams composing the truss structure 

have a diameter around 50 µm, while the entire Maltese cross fits within an area of two-by-two millimeters. 

In this larger casting, there was a higher probability for solidification to nucleate and propagate from different 

locations of the mold, leading to a polycrystalline structure. Grain boundaries are indeed revealed by the 

trough that capillary forces have created along the beams composing the structure (Figure 3-6d). This is 

confirmed by EBSD, which shows the presence of three crystals in the imaged structure, grain boundaries of 

which are consistent with the location of grain boundary grooves visible in the SEM micrograph. Figure 3-

6c shows a larger version (~4 x 4 mm) of the same design, this time infiltrated with pure copper and left 

embedded in fused quartz. 
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Figure 3-6 Complex (Maltese cross) 3D structure produced in pure silver and pure copper. a-b) optical images of a silver cross 
embedded within its fused quartz mold (a) and after demolding (b). (c) Macroscopic image of a larger version of the same design 

produced in copper, also still contained within its fused quartz mold. (d) SEM image of the silver cross in (a) and (b) after mold 

removal. The related IPF images show the presence of 3 distinct grains, whose boundaries are made visible in the SEM image by the 

typical groove they have created along the casting surface. 

As aforementioned, castings usually present surface defects, characterized by surface depressions, generally 

smooth and with a random shape, which are likely associated with solidification shrinkage. Feeding 

solidification shrinkage has been the main challenge encountered in processing, and different trials have been 

conducted with the purpose of addressing this issue. One of the methods pursued, which is classically used 

in casting, is to impose a finite temperature gradient across the thickness of the mold, to accomplish directional 

solidification and, with a proper orientation of the structure, to continuously maintain, above the area that is 

solidifying, a reservoir of liquid that feeds the change in volume at the solidification front. Another approach 

is to develop metal alloys with nearly zero-shrinkage upon solidification.   

A heat transfer model, conducted by Ms. Alejandra Slagter, of the hardware displayed in Figure 3-7a and 

used to fabricate structures shown in Figures 3-3 to 3-6 exhibits a shallow temperature gradient at the silver 

solidification temperature (∆T< 30 °C across the mold) (Figure 3-7b). The model assumes thermal 

conductance of interfaces similar to an air gap of 10 µm, the bottom of the chamber at 80 °C and the middle 

part, region heated by the induction coil, initially at 1100 °C (Figure 3-7b).  
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A new version of the infiltration chamber that aims to achieve higher temperature gradients was conceived 

(chamber v2-Figure 3-7c). This new chamber contains an actuator that enables a direct contact between a 

cold copper chill and the alumina crucible containing the mold right after infiltration (see schematic 

illustration of Figure 3-7c). A heat transfer model of this chamber design displays a three times higher 

temperature gradient across the mold (∆T≈ 100 °C) when the solidification temperature of silver is reached 

(Figure 3-7d). Yet, defects due to solidification shrinkage persisted, even though this new setup showed an 

effect of accelerated cooling, in that compared to the earlier set-up it leads to an increased number of 

nucleation points along the mold, given the presence of more grains at the base of the bulk metal.  

 
Figure 3-7 Images of the experimental setup (chamber v1 and v2) together with thermal models, a-b) First version of the chamber, 

which is lowered on top of a cooling system after infiltration, the transient thermal model shows a shallow thermal gradient. c-d) 
Second version of the infiltration chamber in which a cold copper chill is directly put in contact with the crucible right after 

infiltration, the thermal model shows a higher temperature gradient.  

Since monocrystalline salt molds open on both ends were found in earlier work on microcasting to produce 

defect-free aluminum wires, these casting conditions were replicated in the current setup. Hollow holes 

traversing the complete thickness of the fused quartz were produced by femtosecond laser micromaching and 

a new setup was developed to be able to seal such cavities and avoid flotation of the mold. Despite successful 

filling of open cavities, defects likely associated with solidification shrinkage continue to be present. 

The volume change during solidification (Vsol-Vliq) for most pure metals is negative and usually on the order 

of -3 to -10 %; however, there are elements that exhibit expansion upon solidification, namely silicon, 
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germanium, gallium, bismuth and antimuonium [244–246]. Adding alloying elements that expand upon 

solidification may counterbalance the shrinkage of the matrix and thus lead to the design of alloys that exhibit 

no change of volume during solidification. This would be of great advantage, since a full reproduction of the 

mold cavities could be achieved with no major challenges in the mold design. This has been a topic of 

research and interest for many years [245,247–249]. For instance, a commercial lead-bismuth eutectic alloy 

(known as LBE) is generally used for soldering. Here, systems based on precious metals (Au or Ag) with 

additions of germanium are investigated due to their potential applications in the present microcasting process. 

Refs. [249,250] have served as points of departure of the present work.  

A thermomechanical analyzer (TMA) is used in order to evaluate the alloy expansion-shrinkage upon 

solidification. Although this technique is generally employed to study the coefficient of thermal expansion, 

it has been adapted for this purpose by Dr. Ludger Weber in [249] in our laboratory. The setup consists in a 

hollow graphite cylinder, in which the metal sample is placed. Two graphite rods, each from one side of the 

cylinder, are in contact with the sample. The change in position ∆L of these rods is constantly measured and 

computed by the system as a function of temperature. Thus, by indicating the initial length L0 it is possible 

to obtain curves of ∆L/L0 versus temperature.  

The gold-germanium system fulfills all the requirements for being cast by microcasting due to the low melting 

temperature, negligible etching in high concentration HF (for both elements), and the absence of interaction 

with fused quartz of alloys in this binary system. The gold-germanium eutectic alloy (Au-12.5 wt.%Ge) 

exhibits a linear expansion of about 1.2-1.4 % upon solidification at around 360 °C (Figure 3-8a). Silver can 

be added to the alloy since it is able to dissolve a certain amount of germanium and to reduce the overall 

expansion, without a significative increase in the melting temperature. Two eutectic alloys were prepared; 

their compositions are, in weight percent (wt.%), 81.2Au-10.5Ge-8.3Ag (green) and 67.7Au-10Ge-22.3Ag 

(orange). Upon solidification, the alloy represented in green in the ternary diagram, exhibits a linear expansion 

in the range of 0.5 to 0.6 %, while that in orange exhibits a volume change in the range of -0.1 to 0.02 %. 

The latter then is an alloy with a nearly zero-shrinkage upon solidification, and his hence of interest. Note 

that alloys that expand upon solidification will also suppress shrinkage defects; however, the expansion may 

develop cracks in the fused quartz mold, which raises a problem when the substrate is to be kept.  
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Figure 3-8 a) Linear expansion exhibited upon solidification by the Au-Ge eutectic composition. b) A nearly-zero 

shrinkage/expansion exhibited upon solidification by the alloy 67.7 Au-10 Ge-22.3 Ag (wt.%). 

Figure 3-9 displays ‘H-shape’ beams cast in different metals and alloys. Images on the left exhibit castings still 

embedded within the fused quartz mold, meaning right after solidification. It is clear that, for the case of pure 

metals (Figure 3-9a-b), surface defects are already present before mold dissolution. These depressions remain 

the same after dissolving the substrate in HF, as shown by SEM images on the right (Figure 3-9a-b). Note 

that beams on the left do not necessarily match the area imaged on the right. Beams made of gold-germanium 

or gold-silver-germanium alloys, with an expansion or nearly-zero shrinkage after solidification present 

smooth and defect-free surfaces, both before and after mold dissolution. These observations provide 

confirmation that such defects arise from unsuccessful metal feeding and eliminates any potential local effect 

of the HF etchant in the case of pure silver and gold. Figure 3-9c-d also depict the microstructure of the Au-

Ge and Au-Ag-Ge alloys, with large germanium phases (dark regions) surrounded by a gold or gold-silver 

enriched matrix.     

 
Figure 3-9 H-shape beams, similar to those shown in Figure 3-4 still embedded within the fused quartz substrate and imaged by 
optical microscopy (left) and SEM images after mold dissolution in high-concentration HF (right). Structures made of pure silver (a), 

pure gold (b), Au-13 wt.% Ge (c) and 67.7Au-23.3Ag-10Ge (wt.%). Trusses made of silver and gold present surface defects, which 

are not evidenced in the case of the alloys due to expansion or nearly-zero shrinkage upon solidification. Note that beams on the left 

do not necessarily match the area imaged on the right. Scale bar=25 µm.   
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Large fused quartz substrates with multiscale features and overall dimensions in the millimeter range were 

femtosecond-laser machined by FEMTOprint® (Muzzano, Switzerland) and Femtika (Vilnius, Lithuania), 

two companies specialized in glass microfabrication using femtosecond lasers (Figure 3-10). Those are then 

cast using a 67.7Au-10Ge-22.3Ag (wt.%) alloy. The structures have a thickness near 0.7 mm. In this case, 

the excess of metal after infiltration is removed by conventional cutting and grinding, and the substrate is 

subsequently dissolved to obtain freestanding microstructures (similar to what is schematically shown in Figure 

3-1 step 6C). Figure 3-10c-d display defect-free castings in the millimeter scale, while still reproducing 

accurately micrometric details present in the mold, namely the feeding channels and surface roughness. Thus, 

these structures demonstrate a good example of the versatility and potential of the process, which can reach 

multiple scales maintaining its resolution.  

 
Figure 3-10 Optical images of millimeter structures. Femtosecond-laser micromanufactured molds (left) and the resulting castings 

(right) made of and alloy 67.7Au-10Ge-22.3Ag (wt.%).  
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The same casting process can be used for infiltrating other type of material than a metal into glass. Although 

it is not directly connected to the scope of this thesis, the infiltration of glass-in-glass illustrates the versatility 

of the process and its applicability beyond metals. 

Chalcogenide glass has attracted much attention in the last few decades because of their exceptionally wide 

optical transmission window in the infrared and their high nonlinear refractive index [251]. Unfortunately, 

due to their poor mechanical properties, and weak chemical and environmental stability [252,253], three-

dimensional structuring, integration, and packaging of those glasses remain challenging tasks. Current 

pathways to chalcogenide glass fabrication include the production of optical fibers and deposition processes. 

Photonic crystal fibers (PCFs) combining chalcogenide or tellurite glass into silica were produced by a 

pressure-infiltration technique, exploring both the process and optical properties of the resulting structures 

[254,255]. By this route, PCFs several centimeters long and containing chalcogenide rods down to sub-

micron diameter were manufactured [254–257]. Deposition processes such as chemical vapor deposition 

[258], physical vapor deposition followed by glass melting over etched silicon [259], sputtering [260], and 

pulsed laser deposition [261] are employed in applications for optical circuits, which require planar 

waveguides and components. Chalcogenide glass components such as lenses are currently fabricated by glass 

molding [262] and high-precision diamond-turning [263], restricting shapes to specific 3D geometries [264]. 

Recently, attempt to 3D print chalcogenide glass using the fused-deposition technique applied to fiber 

preforms in As2S3 (one of the commercially available chalcogenides) has been reported [265–267]. 

The freeform microcasting process previously introduced also enables the fabrication of arbitrary three-

dimensional glass-in-glass elements while maintaining micrometric resolution and sub-micron roughness. 

The two constitutive materials, fused silica and chalcogenide, offer a high index contrast combination, in 

geometries and size scales suited for geometrically complex 3D mid-infrared optics based on total internal 

reflection optical design principles. Figure 3-11 displays optical images of structures produced after pressure-

assisted infiltration of As2S3 chalcogenide glass into a fused silica micro-mold fabricated by femtosecond laser 

machining followed by chemical etching. The substrate used is UV-grade fused silica (Corning 7980 0F). 

Following laser exposure, the specimen is etched in a 5 wt.% NaOH bath for several hours [268]. Then the 

micro-mold is positioned in a glass crucible with the chalcogenide glass As2S3 (IRG27, from Schott) to be 

infiltrated resting on top. The crucible-glass combination is placed in a pressure infiltration furnace, and then 

brought to low vacuum (~ 0.02 mbar) while the temperature is raised to 600 °C (well above the transition 

temperature of IRG27 at 200 °C), according to values previously reported [255]. Note that, given that the 

chalcogenide glass As2S3 contains arsenic, the infiltration is a delicate process. It is important to prevent at this 

stage of the process any contamination of the furnace by arsenic that may have evaporated while the glass is 

molten. It is therefore advised to surround the molten glass with an inner enclosure within the pressure 

infiltration furnace, so as to prevent any transfer of arsenic to the furnace. Then, to force the glass into the 
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mold, a pressure of 10 MPa is applied hydrostatically with Argon gas leaked into the chamber, causing the 

molten chalcogenide glass to infiltrate the cavities underneath. Finally, the sample is cooled down while 

maintaining the pressure. Figure 3-11a shows a set of pillars with dimensions ranging from 30 to 150 µm 

laterally and from 400 to 500 µm in height. The “EPFL” letters in Figure 3-11b demonstrate the production 

of complex geometries out of chalcogenide glass at the microscale, while the long channels in Figure 3-11c 

show an aspect ratio (here defined as length over thickness) of around 80, thus demonstrating a structure that 

might be used as an infrared waveguide embedded in a fused silica substrate.  

 
Figure 3-11 Optical micrographs of different chalcogenide structures infiltrated into fused silica. (a) A set of pillars of different 

dimensions. (b) A complex 3D shape in dark and bright field illumination, and (c) overview (left) and magnification (right) of 

infiltrated channels 4 mm long and around 50 µm thick and wide (four micrographs are stitched together to form the figure). 

Trapped gas bubbles found in earlier chalcogenide glass infiltrated PCFs [254–257] are not observed here. 

Yet, we note that structures infiltrated here are not as spectacularly long as those achieved in fiber infiltration 

and that the infiltration conditions are not the same. Namely, the mold is at constant temperature (i.e., no 

thermal gradient is present as was the case with the long PCFs); also, the infiltration chamber is evacuated 

prior to melting and pressurization, so that there is no gas trapping in the present experiments. Cracks might 

on the other hand be present in the complex geometry samples of this work, given the changes in hue of the 

chalcogenide glass in Figure 3-11b. It should be mentioned that the darker lines visible in Figure 3-11a-b are 

typical surface texturing due to the laser machining followed by chemical etching of the glass mold and 

therefore likely not defects from the infiltration process. The roughness of the structures is defined by the 

femtosecond laser machining of the mold and depends chiefly on laser parameters and the writing strategy 

used. When those are optimized, an average roughness of about 100 nm can be achieved [268]. 

Metallic structures produced in this work, of size ranging from a few tens of micrometer to a few millimeters 

and with features of size down to around 2 µm, are made out of engineering metals (silver, copper and gold 

and their alloys) that are among the best electrical conductors and the most corrosion resistant metals – features 
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of interest for microtechnology in general. It will easily be appreciated that producing those structures would 

at best be difficult using existing technology, with one exception, namely local freeform electrodeposition. 

Micromachining would not carve out the space between the tables and the chairs, or between them and the 

floor of the classroom of Figure 3-3. Layer deposition processes would not, unless the part was of dimensions 

far above the voxel size, produce in-plane beams of circular cross-section such as those in Figure 3-6. 

Processes that produce rapidly porous and/or binder-containing metal structures that require subsequent 

sintering and/or debinding would be unlikely to leave the thin table or chair structures unwarped after the 

required thermal cycle. The only process that we believe could rival or surpass what is presented here is local 

freeform electroplating, as this process also produces dense metal with nearly total shape flexibility (it might, 

however, be challenged by the sharp, 90° corner, overhangs present in structures of Figures 3-3, 3-4 or 3-6). 

As with any process that aims at broad acceptance and potential industrialization, achievable production rates 

are important. In producing silica molds in larger quantities, the laser-exposure time is the main bottleneck. 

The time needed to produce the mold for samples presented here was, with laboratory tooling used in this 

study, on the order of a day for a part such as the Maltese cross in Figure 3-6. In our laboratory, etching 

represented most of this time. In a production environment, however, the etching process is low-cost and 

usually parallelized, such that it does not represent an intrinsic limitation on production rates. Casting, 

meaning pressure infiltration followed by metal solidification, is a relatively rapid process already capable of 

high production rates; it, too, can also be massively parallelized, since larger molds each containing many 

castings can be infiltrated, solidified and retrieved simultaneously. Femtosecond laser-exposure is therefore 

the rate-limiting step of the present process if production runs reach sufficiently high volumes. 

The femtosecond laser-exposure process can be seen as moving an ellipsoid-shaped interaction zone (resulting 

from a non-linear laser-matter interaction) across the glass structure to be carved; in our set-up, motion is 

driven by linear-motor moving stages. The shape and size of the laser-affected zone within the glass depends 

critically on the focusing conditions, i.e., the numerical aperture of the focusing objective as well as the laser 

wavelength and the pulse energy. With our apparatus, at the finest level of focusing, we can produce an 

ellipsoid of diameter ~ 2 µm on its short axes and length 8 µm on the long one. The velocity of the motorized 

stages is coupled to the laser pulse repetition rate to optimize the etching rate, as this depends strongly on the 

deposited energy (or dose, typically expressed in J mm-2) [239]. Exposure parameters are set by several 

considerations. On one hand, thermal diffusion beyond the LAZ should be avoided; this limits the repetition 

rate to a maximum of about one MHz, which is the onset for thermal accumulation in fused silica [269]. An 

optimal deposited energy value of ~ 10 J mm-2 (for HF 2.5 %vol. etching) is reported to achieve the highest 

etching contrast between laser affected zones and pristine material. Considering a repetition rate of 900 kHz, 

the maximum optimal writing speed is ~ 15 mm s-1 [239]. This is a very high value, such that operationally 

it is inertia, and in turn the achievable acceleration of the motorized stages used here (maximum acceleration 

of ~ 50 mm s-2) that will limit the maximum attainable speed for µm-scale patterns to values well below the 
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above limit. This adds a dependence of the maximum average glass pattern printing velocity on the intricacy 

of the pattern. For example, to pattern the structures in Figures 3-3 and 3-6, the average speeds of stages 

were ~ 1.0 and ~ 1.45 mm s-1, respectively; however, these values are defined by technical limitations of the 

setup. Other commercial motorized stages can reach accelerations of around 10 m s-2. This would result in 

average writing speeds of ~ 14.1 and ~ 20.1 mm s-1 for the previous examples. We thus take a few tens of 

mm s-1 as the upper limit of scanning speeds attainable with the present process.  

Additional features of the process are also to be noted, on both fronts of limitations and potential. Pressure 

infiltration is, as expected, capable of intimately replicating nanometric features. The minimum channel size 

that can be infiltrated is ruled by the pressure required to overcome the molten metal surface tension that 

opposes its flow into tiny mold cavities. This is given by the Young-Laplace equation [73], according to 

which the capillary pressure differential roughly equals the metal surface tension divided by the channel width. 

Surface tensions of most metals are on the order of 1 J m-2; hence, a pressure of 10 MPa, which is technically 

achievable, should drive metal into features as fine as 100 nm. This is in keeping with the observed fidelity 

with which the infiltrated metal reproduces the carved glass structure in samples of this work.  

The present process is therefore chiefly limited in terms of resolution by the controllable size of the LAZ 

which, due to the non-linear nature of the process by which it is formed, can itself be significantly smaller 

than the optical waist at the focus of the laser beam (in our case ≈ 1.8 µm at a laser wavelength of 1030 nm) 

as illustrated elsewhere [270]. In its versions presented here, the minimum features size of the process is of 

about 2 µm; however, for these reasons, this may be reduced in future work. For example, an additional 

approach to reduce the laser beam waist further, and in turn, the size of the laser affected zone, is to use 

shorter wavelengths, for instance by frequency doubling or tripling common Ytterbium-based laser sources, 

reaching out to the UV exposure regime.  

A limitation of the present process is that it is a priori not amenable to process alloys that contain elements, 

the oxide of which is more stable than silica (for example aluminum, titanium or magnesium) or to process 

metals with melting temperature higher than the mold annealing temperature, ~ 1200 °C for fused quartz. It 

also tends to produce large-grained structures, which has advantages (e.g., high conductivity) and 

disadvantages (e.g., absence of grain boundary hardening or the formation of visible grain boundary grooves 

along the metal surface; see Figure 3-6d). The process is also well suited for the production of multiscale 

structures (as in Figures 3-5 and 3-10) and it offers, when making multiscale structures, scope for efficiency 

gains in production if laser parameters are dynamically adjusted during printing. One could indeed 

dynamically alter lens parameters (for example by using a spatial light modulator) and beam energy, so as to 

vary both the laser spot shape and size while maintaining optimal exposure conditions. This possibility might 

largely increase the volumetric speed and so provide opportunities for the more rapid production of multiscale 

structures. For example, just by tuning the beam energy, the ellipsoidal LAZ can vary from ~ 1 to ~ 2.5 µm 
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and from ~ 8 to ~ 20 µm in short and long axis dimensions, respectively; this corresponds to an order of 

magnitude (dynamic) change in voxel volume [270]. 

Building on the extensive survey of metal freeform microfabrication that is given in Ref. [2], the production 

speed of the microcasting process presented here is compared, using figures for voxel size and estimated peak 

printing speed given above, with alternative 3D metal freeform manufacturing techniques in Figure 3-12. 

Specifically, in Figure 3-12a, the fabrication speed is normalized by the voxel size, which is in essentially all 

such processes assumed to be a cylinder with a diameter equal to the dimension read in the horizontal axis. 

Assuming a roughly equiaxed cylinder, one can obtain estimations of the volumetric production rate (for a 

more detailed description we refer to [2]). As seen, comparing feature sizes and production rates of the present 

process with current alternatives places it in the top right corner, showing that it stands out in terms of 

achievable production speeds. Such higher fabrication rates should enable the industrialization of the process 

and the large-scale production of 3D components. In parallel, Figure 3-12b displays a measure of the metal 

microstructural soundness, namely the ratio of measured to theoretical elastic modulus, for different 

techniques, using in this graph data and graph formats from Ref. [271], to which we have added data for our 

samples. 

The pronounced porosity, and thus large spread in elastic properties, exhibited by most of the structures 

obtained by current micron-scale additive micromanufacturing processes other than local electroplating 

underlines a major advantage of the microcasting process, namely the metallurgical soundness of the structures 

that it produces. For example, the electrical or thermal conductivity in metal structures produced by the 

present process will be as high as in the same pristine bulk metal (or higher given the absence of grain 

boundaries), enabling micro-components and devices with optimal electrical or thermal performance. This is 

a feature that the present process only shares with electrodeposition, a process capable of finer resolution than 

the present process, albeit with far lower achievable production rates. 
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Figure 3-12 (A) Qualitative comparison of achievable production speeds with alternative 3D freeform metal microfabrication processes 

(Redrawn from [2]): Direct Ink Writing (DIW), Electrohydrodynamic Printing (EHD printing), Laser-Assisted Electrophoretic 
Deposition, Laser-Induced Forward Transfer (LIFT), Meniscus-Confined Electroplating, Laser-Induced Photoreduction, Focused 

Electron/Ion Beam Induced Deposition (FEBID/FIBID), Cryo-FEBID. (B) Comparison of measured elastic modulus normalized 

by theoretical elastic modulus obtained by different techniques on silver and copper structures: DIW (shear thinning), DIW 

(Newtonian), LIFT (ink), LIFT (melt), Meniscus-confined electrodeposition (MCED), Confined electro-deposition in liquid 
(FluidFM), Electrohydrodynamic Redox Printing (EHD-RP).  Error bars represent measured standard deviation. (Redrawn from 

[271]).  

Moving forward, a few remaining challenges will have to be addressed for the present process to be improved 

or for it to enter commercial production. As seen, the pressure infiltrated metal reproduces with precision 

even minute details, below 100 nm in size, along the inner mold surface, see Figure 3-4; thus, improving the 

roughness of the molds is the next step in producing even smoother micro-cast products. A challenge, 

omnipresent in metal casting, is feeding solidification shrinkage of the metal. At the macro-scale there are 

well-known recipes to this end, directional solidification towards a riser being one of the main approaches. 

In present experiments, with the current setup and with the structures analyzed, the sole action of directional 

solidification was found not to be sufficient to move such defects out of the substrate. The development and 

use of nearly-zero shrinkage alloys was on the contrary found to enable the fabrication of defect-free structures 

in a wide range of scales. In addition, Figure 3-10, with substrates received from companies specialized in 

femtosecond laser machining, demonstrates that complex and millimeter-wide structures can be 

accomplished. This fills the gap in fabrication of components, since millimeter pieces cannot be produced by 

conventional casting and it would require long manufacturing times if any of the current microfabrication 

technique was to be employed. Finally, mastering the inner microstructural development of micron-scale cast 

metals and alloys is an area where much remains to be learned. 

As shown in Figure 3-11, the process also enables the fabrication of three-dimensional chalcogenide structures 

in fused silica with micrometric precision. As a proof of concept, As2S3 is employed; microstructural 

examination confirms the consistency of material properties before and after the infiltration. The resulting 

silica-chalcogenide composites offer a high index contrast combination over a broad spectrum, with the silica 

mold acting as a mechanically and chemically resistant support and protection for the chalcogenide glass. This 

experimental result opens to innovative designs and further integration in the context of broadband photonics 
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by offering a means to produce sub-mm components such as 3D waveguides, tapered or not, lenses, etc. all 

embedded in a robust silica substrate, that itself may contain additional features such as fluidic channels [272–

275] or mechanical elements [276,277]. Still, we have not explored how high the glass-forming ability needs 

to be for the resulting infiltrated glass to always be amorphous in structures such as those of this work. We 

thus believe that there is scope to transpose the same concept to other glass systems, both within and outside 

the chalcogenide family, provided similar limitations with respect to the ones impose when casting metals, 

namely lack of reactivity and working temperatures below the softening point of fused silica. 

We have demonstrated that geometrically complex interconnected multiscale components up to a few 

millimeters in size and freely shaped to micrometric resolution can be made of fully dense metal or 

chalcogenide glass via a novel, freeform manufacturing process that combines fs-laser glass micromachining 

with pressure casting. The process is reproducible and suited for metals or ceramics that melt below roughly 

1200°C and are inert in contact with silica; this includes silver, copper, gold and their alloys. We have also 

demonstrated that the process has the potential for higher large-scale production rates compared to existing 

technology for the freeform manufacturing of dense parts with micrometric precision. The resulting 

glass/metal or glass combinations enable new device architectures for applications in a wide range of areas in 

microtechnology. Alternatively, by mold dissolution, this process fills a gap in microfabrication because it 

gives the ability to turn, as is done at the macro-scale, to casting when monolithic metallic or glass parts of 

high geometrical complexity are to be produced.  
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In this chapter, a second novel manufacturing technique that produces micron-scale shaped 

structures made of silver or copper is introduced. The method is restricted to 2D or 2.5D part 

geometries, and combines silicon photolithographic etching with metal casting by pressure 

infiltration. We demonstrate the production of various structures including monocrystalline tensile 

specimens, of diameter selected in the range from 2.5 µm to 13 µm, whose mechanical properties 

are tested and discussed in following chapters.  

Disclaimer: This chapter contains literal reproduction of full paragraphs and figures of the publication [278] 

L. Borasi, S. Frasca, K. Nicolet-Dit-Felix, E. Charbon, A. Mortensen, Coupling silicon lithography with 

metal casting, Applied Materials Today. 29 (2022) 101647 to which the author has contributed. Specifically, 

the author contributed in the conception of the process, conducted the infiltration of the molds, and 

characterization of components after demolding. The micromanufacturing of the silicon wafer was performed 

by Dr. Simone Frasca at the EPFL Centre of MicroNanoTechnology (CMi-EPFL). 

 

Metal casting has the advantage of providing a dense component and affords considerable freedom in terms 

of both part geometry and alloy chemistry. There are challenges to be overcome if one is to scale metal 

casting down to micrometric part production, yet this is possible, as seen by the method to produce freeform 

shaped 3D castings presented in Chapter 3 Freeform Microcasting. Lithography is the current workhorse 

approach to micromanufacturing because it reproducibly provides excellent dimensional control while 

enabling the fabrication of many components simultaneously. Although lithography is nominally designed to 

fabricate 2D structures, relatively simple (generally multiple-layer composed) 2.5D shapes can also be 

produced, either by layering patterned materials or alternatively by modifying available layer etching and 

deposition methods [279,280]. Lithography-based techniques are often used to produce metallic components 

for microtechnology; a good example of this is given by the LIGA process introduced in Chapter 2 Literature 

Review, in which metal is plated into cavities produced to nanometric precision by photon- or electron-

beam lithography [40,43,281,282]. Thus, a combination of both processes should provide an interesting and 

easily scalable approach to fabricate relatively simple structures out of metal.  
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The process is presented in what follows. It is depicted in Figure 4-1: its starting point is a wafer-like silicon 

piece that will be transformed, by means of conventional lithography adapted to produce highly anisotropic 

etching, into a mold that can be filled with molten metal.  

As a first step, one or more surfaces of a silicon single-crystal are covered by a mask, namely a material that is 

more resistant, i.e., has a smaller etching rate than silicon when exposed to the etchant used to pattern the 

silicon piece (Figure 4-1). The chip is then processed by photolithography and development, to imprint the 

shape of the final components into the mold using anisotropic etching techniques. Usual methods to this end 

include deep reactive ion etching, cryogenic etching, or ion beam etching [283]. Note that Steps 7 to 9 are 

only necessary to produce a particular mushroom-like shape (micropillars with large heads) that is detailed in 

following sections and used for tensile testing.  

Once desired structures are patterned and etched into the silicon wafer, an intermediate isolating layer of 

silicon oxide, or other material that is inert in contact with the molten metal to be cast, is either grown by 

transforming the outer silicon layer by chemical reaction, or deposited by conventional conformal coating 

techniques, such as atomic layer deposition or low-pressure chemical vapor deposition (Figure 4-1 step 10). 

This layer is inserted to prevent chemical reaction between the molten metal (the infiltrant) and silicon during 

the infiltration process: without this layer silicon dissolves in the infiltrant, given its finite solubility in molten 

silver or copper and the high atom mobility characteristic of temperatures in excess of the melting point of 

those metals. Materials that can protect silicon from the molten metal are ones that remain solid during casting 

and are chemically stable when in contact with both the molten metal and silicon. Moreover, when a free-

standing metallic structure is the desired final product, this layer should be leachable using an etchant in which 

the metal is inert: SiO2 fulfills all of those requirements if the cast metal is of silver or copper. 
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Figure 4-1 Schematic illustration of the process, which combines a first stage of lithographic microfabrication based on DRIE (a) with 

metal pressure infiltration (b). (c) displays the possible final products that the process can produce. Steps 7 to 9 are added to produce 

a particular mushroom-like shape (micropillars with large heads) that allow mechanical testing in tension.  

As aforementioned, at the micro-scale the filling of mold features with molten metal is not spontaneous 

because it is generally opposed by capillary forces. To push the liquid metal into all open cavities of the mold, 

an external pressure is therefore applied (Figure 4-1 step 12). This produces a silicon mold coated with an 

outer layer of ceramic material that itself contains infiltrated solid metal. This component can be used as such, 

or further processed to retrieve small free-standing shaped parts of metal alone. For instance, after removing 

mechanically excess metal remaining from solidification, the silicon can be dissolved using an etchant in 

which the metal and the isolating layer are inert, or have a substantially lower etching rate in comparison 

with silicon, such as KOH. The component thus produced has the previously patterned shape and is 

composed of a metallic core partially surrounded by a ceramic layer (Figure 4-1 Product 3). Alternatively, if 

the metal alone is to be used, the protective ceramic layer can be also dissolved, as was the silicon, in a 

subsequent step (Figure 4-1 Product 4).   
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In order to produce 2.5D structures, it is possible to either carry out consecutive steps of coating, 

photolithography, pattern transfer to the mask (when necessary) and anisotropic etching, or it is possible to 

exploit aspect ratio dependent etching (ARDE [284], a property of deep reactive ion etching), as was done 

in Ref. [285]. By patterning hole arrays of identical pitch but different diameters, it is in this way possible to 

achieve different depths of etching in just one etching step (Figure 4-2). This effect, when followed by a 

quick isotropic etch to “merge” the holes together, is capable of creating complex 2.5D structures in just one 

lithographic sequence. 

 
Figure 4-2 Schematic illustration of the microfabrication of multilevel structures via a single photolithography sequence. The last step 

of protective layer deposition ensures a ready-to-fill, multilevel silicon mold. 

The mold manufacturing was conducted by Dr. Simone Frasca at the Centre of MicroNanoTechnology 

(CMi-EPFL). The process starts from standard 100 mm, 525 µm thick wafers of P-doped <100> oriented 

crystalline silicon. The <100> orientation is the standard Si crystal orientation used in electronics- and 

MEMS-based processes, for which all the processes described below were already optimized in our 

cleanrooms; this being noted however, there is to our knowledge no reason why another crystalline 

orientation could not be used. We grew a 2-µm thick layer of SiO2 by thermal oxidation of the wafer surface; 

this layer was afterwards used as a hard mask. To pattern the SiO2 layer, after thermal dehydration we spin-

coated AZ ECI 3007 positive photoresist at 6000 RPM to reach a homogeneous coating thickness of ca. 600 

nm. The photoresist was exposed by i-line photolithography (λ = 365 nm) and then developed by AZ 726 

MIF, an organic solution based on TMAH. After development, the pattern was transferred to the SiO2 layer 

by means of fluorine plasma etching in an SPTS APS dielectric etcher, using a He/H2/C4F8 gas mixture 

plasma. The patterns were then etched into Si by means of deep reactive ion etching in an Alcatel AMS200 

silicon etcher. The process developed in the AMS200 is a modified Bosch process [286] consisting of 

alternating steps of SF6, C4F8 and O2 plasmas respectively to etch, coat and clean throughout the process, 

optimized in previous work to ensure good verticality and a high aspect ratio [287].  

Variations in the fabrication of structures shown here are all in the microfabrication stage of the process, while 

infiltration procedures remained the same. Experimentally, this is conducted with the silicon substrate at the 

bottom of a graphite crucible, where the metal seals the cavities when molten. The procedure and setup are 
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detailed in Sections “3.1.1 Experimental implementation of the process” and “3.2.3.1 Trials to impose larger 

thermal gradients”. 

After solidification, the substrate-metal composite (as in Figure 4-1 step 13) is immersed into a 60 % KOH 

solution at ~ 60 °C for approximately 12 hours or until no trace of silicon is observed along the sample 

surface.  

Mushroom-shaped metal structures amenable to tensile testing that were produced by coupling silicon 

lithography with metal casting are presented in Figure 4-3. The lithographic process that was used here 

included steps 7 to 9 of Figure 4-1 to produce the larger mushroom-like bulges at the top of the micropillars. 

Unless otherwise noted, a ~1 µm SiO2 layer was thermally grown over the patterned Si wafer prior to 

infiltration. After infiltration, solidification and etching, the exposed cast structures remain linked to the excess 

of infiltrant metal that lined the silicon mold surface before filling its cavities (Product 2, Figure 4-1). The 

infiltrant volume is always far greater than the total cavity volume of the mold since this facilitates subsequent 

manipulation and imaging of the casting, as well as mechanical testing, and furthermore makes the infiltration 

process simpler and more robust. Figure 4-3a-b display an array of 2.5D mushroom-like structures made of 

pure silver: those long, slender structures ending with a wider cap serve both for demonstration of process 

capabilities (because they would be hard to produce from the Si mold by metal deposition or by pressing 

solid metal) and for tensile testing, as we show below. Top and lateral cross-sections, after metallographic 

polishing, of silver still embedded in the silicon mold can be observed in Figure 4-3c, together with the 

elemental distribution maps for silicon, oxygen and silver acquired by energy dispersive spectroscopy (EDS). 

It is clear that the metal is pore-free and that chemical interaction between the metal and the silicon mold 

was prevented by the silica interlayer.  
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Figure 4-3 Cast micro-structures produced by means of the proposed process. a) An array of 2.5D mushroom-like silver structures 

with a diameter of ~9 µm and an aspect ratio of ~5. b) An array of 2.5D mushroom-like copper structures with a diameter of ~9 

µm and an aspect ratio of ~5. c) Top and lateral cross section of a silver structure along with the elemental distribution maps for 

silicon, oxygen and silver. 

With the present approach one can also produce structures of metal coated with a ceramic, given that the 

etching rate of silicon in KOH exceeds greatly the etching rate of some ceramics (e.g., Si etches in KOH 

about 140 times faster than silica) [288]. Figure 4-4 shows structures consisting of a silver core surrounded by 

a ceramic layer (Figure 4-1, Product 1). Figures 4-4a-c exhibit 2.5D pillars with a diameter of approximately 

5 µm and an aspect ratio of ∼7.5. These structures, as shown by the FIB-milled top cross section and the 

elemental distribution maps displayed in the inset of Figure 4-4c, consist of a pore-free, dense silver core 

surrounded by a silicon nitride layer 470 nm thick, which features a sharp interface with the metal. These 

architectures were produced by depositing, via low pressure chemical vapor deposition (LPCVD), a silicon 

nitride coating over the silicon substrate (at step 10 in Figure 4-1) prior to pressure infiltration with silver 

followed by silicon dissolution in KOH.  
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Figure 4-4 SEM images of cast silver micropillar structures (from low to high magnification), covered by a ∼ 470 nm silicon nitride 

layer. Micropillars have a diameter of 5 µm an aspect ratio of ∼ 7.5. A FIB-milled top cross section of a single pillar with the elemental 

distribution maps for silver, silicon and nitrogen is displayed in c). 

Figure 4-5a-b show an example of a multilevel silicon substrate after patterning and thermal oxidation. Figure 

4-5c-d present a free-standing multilevel silver gear that was cast into a similarly patterned Si mold, after 

which excess silver along the mold surface was removed by grinding before mold dissolution (Figure 4-1, 

Product 4). As shown by electron backscatter diffraction (EBSD) in the inset of Figure 4-5c, the gear is 

monocrystalline. Large metal grains were found in all microcomponents produced by the present process: 

castings were either monocrystalline (this being by far the most frequent case) or composed of only a few 

grains.  

In patterning multilevel structures such as these, the use of a single photolithography sequence (Figure 4-2) 

speeds up mold fabrication and prevents misalignment problems; however, the segmentation of different 

sections into arrays of holes has an impact on the final surface roughness of the substrate, and therefore defines 

the precision to which finer features are produced. This is because part voxel resolution and surface roughness 

are commensurate with the radius of the holes, in the mold and hence in the final metal structure, given that 

pressure infiltration faithfully replicates mold features. This can be seen in higher magnification images of the 
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silicon mold (Figure 4-5b) and of the cast metal gear surface (Figure 4-5d): an array of holes finer than those 

used here would therefore have to be used in industrial microgear production. Figures 4-5e-f represent a 

system of small gears, made of silver-copper alloy (Ag-9 wt.%Cu), still linked to the bulk metal.  

Provided reaction between the metal and silicon is either inoperative (because it is too slow or because silicon 

is stable in contact with the infiltrant) or can be prevented (as demonstrated here via silica coating), essentially 

any alloy can be used since it suffices to pre-alloy the metal before infiltration to obtain the desired 

composition. 

 
Figure 4-5 a-b) Multilevel silicon substrate produced by a single photolitography sequence. b) A binocular image of the resulting 

free-standing multilevel silver gear produced after infiltration and separation of the mold in a), where the inset is an EBSD grain 

orientation map showing that the wheel is monocrystalline. d) SEM image of the free-standing multilevel silver gear showing that all 
small details present on the substrate b) are fully reproduced thanks to pressure infiltration. Rectangles drawn in a) and c) indicate the 

area of interest in the following image. e-f) SEM images of gears made of silver alloyed with 9 wt.% copper (which are here still 

attached to the bulk metal). 
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Results show that 2D and 2.5D dense metal microcomponents can be produced in large numbers out of pure 

silver or copper by means of a process that uses lithographic silicon nanofabrication to manufacture molds 

into which molten metal is cast. Structures with sizes ranging from 2.5 µm up to a millimeter, including 

structures with high aspect ratios and strongly reentrant geometries, can be produced by this approach, unlike 

other metal shaping processes that replicate silicon lithography structures. This method inherits attributes 

from both lithography and casting, namely excellent dimensional control, high reproducibility, full density, 

the possibility to alloy with great freedom the infiltrant alloy composition, and a capacity to replicate 

essentially any continuous shaped hollow. A proof-of-concept alloy, namely silver-copper, is demonstrated 

here. Among other advantages of the process is the fact that it uses currently widespread silicon 

microfabrication facilities, and the fact that an isolating silica layer contouring the mold surface is easily 

produced and has been shown to provide the chemical stability necessary to enable casting at high 

temperatures with weakly-oxidizing engineering metals such as silver and copper. Unless the patterned silicon 

mold is to form part of the final component, reutilization of the silicon substrate, as can be done in other 

processes (such as nanoimprinting) [34,35], is not possible here because the mold has to be dissolved to free 

the metallic pieces; however, silicon volumes utilized here are small, and given that many closely spaced 

castings can be produced with a single thin wafer, this should not be much of a limitation. 

The approach to create patterns on a substrate in the process presented here holds similarities with the LIGA 

process in that it produces both 2D and 2.5D structures, however, there is a difference in that in metal mold 

production LIGA patterns the photoresist while we pattern silicon. Methods based on patterning of a 

photoresist offer the possibility to fabricate inclined structures [42,279], which is not possible on silicon, 

because strongly directional, anisotropic plasma etching of silicon can only occur in one direction, namely 

towards the RF bias power source. Still, microfabrication of silicon does provide the possibility to achieve 

multilevel 2.5D structures in a single sequence. Moreover, filling cavities by metal casting is substantially 

faster than electroplating, offers a different variety of possible metals or alloys, and enables a wider range of 

2.5D structures since high aspect-ratio and re-entrant structures generally cannot be filled by electroplating. 

Some aspects regarding size limitations for the process introduced here should be noted. Photolithography 

was conducted in this work using a flood-illuminated mask (no direct writing); this provides for a rapid 

lithographic step but limits the size resolution to ≈1 µm. Lithography can, however, reach nanometric 

resolution, for instance by means of e-beam lithography, while pressure infiltration can infiltrate features far 

smaller than 1 µm if the pressure is sufficient (the Young-Laplace equation, 𝑃 ≈
𝜎

𝑅
, implies that pressures on 

the order of 10 MPa, which can be produced industrially, will infiltrate features 100 nm wide). The main 

limitation to the production of nanometric structures is thus in mold dissolution and manipulation of dissolved 

metal structures, particularly if freestanding structures are to be produced. 
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The level of part shape flexibility afforded by lithographic etching processes is limited when compared with 

an alternative microcasting approach that uses femtosecond laser micromachining of silica to produce the 

molds [230]; however, the present molding process has the advantage of delivering smoother metal surfaces 

with higher in-plane resolution. In addition, since each individual step in the process, namely lithography, 

casting and chemical demolding, is easily parallelized, the present process is likely to be economical since it 

is possible to manufacture a large number of components in a single fabrication sequence. Another attractive 

feature of the present process is that the etchant used here, namely KOH, is less aggressive than HF; this 

opens up high-precision microcasting to metals and alloys that are attacked by HF but not by KOH.  

The large metal grain size found here parallels what has been reported for other metal microcasting processes 

[81,230], or for solid state metal forming coupled with silicon lithography [34,36]. This may prove a limitation 

in some cases, given the potential for inhomogeneous deformation that comes with single or large-grained 

metal structures; on the other hand, an absence of grain boundaries within the metal reduces the propensity 

for time-dependent deformation including creep, and produces metal with a greater electrical conductivity. 

Among other structures, the process can produce mushroom-like samples, shown in Figures 4-3 and 4-4, 

that are amenable to micro-tensile testing; it thus provides a new pathway for the production of micron-scale 

mechanical test specimens. From an industrial applications standpoint it provides a way to produce, with 

massive parallelization, conductive structures out of strong metal for the MEMS industry; examples are 

antennas, electrodes, and photonic crystal structures such as metasurfaces. 

In summary, the present approach pushes the limits of micromanufacturing, since it enables the production, 

out of dense metal, of a wide range of shapes with good surface definition and at high production rates. Any 

2.5D component made of pure metal or alloy that melts at a temperature below the melting point of silicon 

(1414 °C) can, in essence, be fabricated if one can identify a ceramic layer that can be coated onto silicon 

and is inert with the metal in question. This barrier can serve not only to prevent dissolution of the silicon 

by the molten metal but it can also, after properly conducted metal infiltration and silicon etching, act as a 

thin protective coating around the metal in the final product, raising for example its modulus or surface 

hardness. All steps in the process can be highly parallelized and are already practiced industrially; as such, the 

process presented here has tangible potential for industrial impact. 
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In this chapter, the mechanical behavior of monocrystalline 2.5D microcastings made of silver or 

copper, of diameter selected in the range from 2.5 µm to 13 µm, is investigated by means if in-situ 

tensile tests on samples produced by the process described in the previous chapter. 

 

Disclaimer: This chapter contains literal reproduction of full paragraphs and figures of the publication [278] 

L. Borasi, S. Frasca, K. Nicolet-Dit-Felix, E. Charbon, A. Mortensen, Coupling silicon lithography with 

metal casting, Applied Materials Today. 29 (2022) 101647, and of a manuscript to be submitted, entitled 

“The Effect of Size, Orientation and Temperature on the Deformation of Microcast Silver Crystals” to which 

the author has contributed. Specifically, the author contributed to the conception of the process, and 

conducted the infiltration of the molds, the characterization of components after demolding and contributed 

to the data curation and data analysis together with Prof. Andreas Mortensen. Dr. Simone Frasca conducted 

the microfabrication of silicon substrates.    

 

An array of cylindrical mushroom-shaped structures is prepared by the microcasting process described in more 

detail in Ref. [289] and Chapter 4 Coupling Silicon Lithography with Metal Casting. The process combines 

silicon-based mold microfabrication with pressure infiltration and is summarized in Figure 5-1. In summary, 

once lithographic steps are performed, to prevent chemical reaction between silicon and molten metal during 

the infiltration process, wafers are subjected to thermal oxidation in air in order to create a protective SiO2 

layer (~1 𝜇m) on the walls of the patterned holes. Finally, wafers are diced for separation into substrates of 

area ~ 9x9 mm2.  

Once it is manufactured, each 9x9 mm2 mold is pressure infiltrated with pure molten silver (Figure 5-1 step 

2) at ~ 1000 °C using argon gas (~ 15 bar). A detailed description of the hardware and infiltration cycle that 

were used can be found in Chapter 3 -Section “3.1.1 Experimental implementation of the process”. After 

solidification, mold and metal are immersed into a 60 %KOH solution at ~ 60 °C (Figure 5-1 step 3) for 

approximately 12 hours or until no trace of silicon or SiO2 is observed. This step selectively dissolves the 
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mold, leaving all microstructures exposed and linked to a bulk (roughly 1 cm wide) solidified button of metal 

(Figure 5-1 step 4). Pure silver or pure copper (99.99 wt.%) granules are used during infiltration. Copper 

microstructures containing 1 wt.%Si were produced by a partial reaction of the mold with the copper, leaving 

alloyed wires along the remaining area, presumably due to localized fracture of the silicon dioxide during that 

particular infiltration experiment. In addition, SixNy-coated silver structures, such as those introduced in 

Chapter 4, Figure 4-4 are produced by removing samples out of the KOH once the silicon is etched away 

and before dissolution of the oxide, given the etching contrast between these two. Most data are for silver; 

however, a few copper specimens are also tested to validate both the fabrication process and testing procedure.       

 
Figure 5-1 Schematic illustration of the microcasting process combining silicon-based microfabrication and pressure infiltration, 

together with an array of resulting cast silver microstructures suitable for tensile testing. 

To prevent the deformation of samples having a diameter below 5 µm, which are delicate and easily deformed 

during handling and processing, a cylindrical four-wall shield is added around every single wire. This avoids 

bending or other deformation of the wire that may be caused by capillary or viscous forces during mold 

dissolution, cleaning or drying (Figure 5-2). The four sides of this shield are then bent away from the wires 

before testing, giving access to grip the microwire. This is done simply by compressing the walls of the ring 

with the micromechanical system before gripping and testing the sample. 

 
Figure 5-2 An array of specimens with a diameter of 2.5 µm protected by an outer shield. a) Top view of the bulk showing multiple 

cylinders. b) A cylindrical sample with an outer shield. c) A close image of a cylindrical structure with a diameter of 2.5 µm. 
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Each pressure-infiltrated casting contains several thousand (~ 8000) randomly oriented thin cylindrical silver 

monocrystals linked to bulk silver of dimensions around 9x9x1.5 mm3 in size. Mushroom-shaped tensile 

micro-specimens have a selected uniform diameter (either 13 µm, 8 µm, 3.7 µm or 2.5 µm) with an aspect 

ratio (length divided by sample diameter) kept in the present experiments between four and ten and are 

evenly distributed in a square array with a mutual spacing of 100 µm. The surface quality, as well as the 

sample diameter and length, are examined by scanning electron microscopy (Zeiss® GeminiSEM 300; 

Oberkochen, Germany) prior to testing.   

Since the grain size of the bulk silver button is on the order of a few millimeters and since the same grains 

extend through both the Ag button and the microsamples, many neighboring wires have the same crystal 

orientation. Figure 5-3 presents a schematic illustration (not to scale) of an array of six tensile specimens 

linked to bulk metal, together with an EBSD image of an actual sample showing grains on the bulk metal 

surface. As seen, metal grains are in the millimeter range. Note that each colored area on the EBSD image 

contains many small dark spots; those mark the position of individual tensile specimens: as shown 

schematically, the dark region around each wire is the consequence of signal shading caused by the “head” 

of the pillars. Since each tensile specimen is a prolongation of the underlying bulk crystal to which it is 

attached, it is evident that many microtensile specimens with the same crystal orientation are obtained in each 

casting.  

The crystallographic orientation of both the wires and the underlying substrate are analyzed for each casting 

by means of electron backscattering diffraction (EBSD). This is performed with a Zeiss® Gemini450 

(Oberkochen, Germany) scanning electron microscope (SEM) equipped with a symmetry CMOS and 

operating with the Aztec acquisition and data treatment software (Oxford Instruments, UK). The precise 

crystallographic axes are obtained by means of the ARPGE software [290].  

 
Figure 5-3 A schematic illustration (not to scale) of an array of tensile specimens linked to bulk metal, showing the shadowing of 

specimens during EBSD analysis (left). EBSD image of a bulk showing multiple grains with sizes on the order of the millimeter and 

with several tensile specimens on each grain (right).   
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In the case of silver, for comparison of microsample data with the behavior of macroscopic samples, 

considerably larger monocrystalline silver wires, of diameter in the millimeter range and of high aspect ratio 

(>10), are also produced by pressure infiltration using fused silica capillary tubes as a mold. The process is 

outlined in Figure 5-4. It begins by placing capillary tubes within a graphite crucible together with silver 

pellets. The ensemble is then heated under vacuum (~ 0.06 mbar) in order to melt the silver. The liquid then 

seals all evacuated tube entries (Figure 5-4 step 1). Subsequently, argon gas is bled into the chamber to increase 

the pressure until a level of ~5 bar to create, similar to what was previously mentioned for the microcasting 

process, a pressure differential that drives the liquid upwards, filling the tubes (Figure 5-4 step 2). Once the 

metal has filled the glass molds, the silver is directionally solidified by placing the infiltration chamber on top 

of a water-refrigerated copper chill. After solidification, the silver is removed from the crucible and tubes are 

cut and immersed in high-concentration hydrofluoric acid (46 %) in order to selectively dissolve the fused 

quartz (Figure 5-4 step 3) and obtain a free-standing monocrystalline silver wire (Figure 5-4 step 4).  

The surface quality, diameter, and orientation of those larger crystals are also evaluated by means of SEM and 

EBSD. 

 
Figure 5-4 Schematic illustration of the pressure infiltration of fused quartz capillary tubes together with an image of a silver wire cast 
by means of that method (D = 1 mm). 

In-situ SEM uniaxial tensile experiments are performed on micropillars by means of a FT-NMT04 

Nanomechanical Testing System (FemtoTools, Buchs, Switzerland). All tests are carried out at a nominal 

strain rate of 10-3 s-1 in intrinsically displacement-controlled mode (i.e., with a stiff load train and without the 
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need for a force feedback loop), using a linear piezo-scanner. This stage is coupled with microforce sensing 

probes based on microelectromechanical (MEM) systems. These silicon probes have a specific keyhole-shaped 

grip with a sensing load of up to 200 mN. Since the width of the mouth of those grips is initially 5 µm, it is 

widened by means of FIB milling for probes used to test bigger pillars. The setup is tilted ~ 15° with respect 

to the sample stage in order for the electron beam to access the wires and allow imaging during testing. 

The resolved shear stress (RSS-𝜏) is calculated from the stress (𝜎) and Schmid factor (S, relative to the wire 

orientation) as  =    S, considering the measured diameter and wire orientation, under the assumption that 

the wires deform along the slip system that experiences the highest resolved stress. All elastic contributions 

from both sample and load train are subtracted from the total displacement to compute the load point 

displacement (∆l) corresponding to purely plastic strain. In doing so, the machine cum wire compliance is 

assessed as the inverse of the slope of the linear loading portion along force-displacement curves for each test. 

The plastic shear strain is then computed as 𝛾 = ∆𝑙/(𝑙0. 𝑆). 

Data are collected at 96 kHz, while all resolved shear stress vs. shear strain plots are produced using data at 1 

kHz. To this end, raw data are reduced by merging data points using Origin (Pro) Version 2021 software 

(OriginLab Corporation, Northampton, MA, USA).  

Experiments are stopped when necking is observed, or just before sample fracture to avoid having to clean 

the grip after testing. Complete datasets can be found at 10.5281/zenodo.7373750 and 

10.5281/zenodo.6641562. All videos in the Supplementary material are accelerated by a factor of 15. 

Separately cast macroscopic single crystals one millimeter in diameter are tested ex-situ at room temperature 

by means of an RSA 50 tensile test machine (Walter+Bai A.G.; Löhningen, Switzerland) at a nominal strain 

rate of 10-3. Data are collected and treated as described above for microwires.   

All tested samples are monocrystalline and results are therefore plotted in terms of resolved shear stress versus 

resolved plastic shear strain. Representative curves of resolved shear stress vs. resolved plastic shear strain at 

room temperature are presented in Figure 5-5. This includes representative curves of macroscopic (Ø 1mm) 

crystals cast from the same silver metal (Figure 5-5a) as well as results from in-situ testing of micro-specimens 

of various diameters (13 µm, 8 µm, 3.7 µm or 2.5 µm) and crystal orientations (displayed within the 

stereographic triangle inset) (Figure 5-5b-e). Two experiments were performed for each combination of 

orientation, diameter, and temperature, since results were shown to be reproducible, such that their average 

did not vary significantly when performing more tests (as seen for green and purple curves in Figure 5-5c).  

Representative sample surface features of slip in these displacement-controlled small-scale uniaxial 

experiments are displayed in Figure 5-6. 
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Figure 5-5 Resolved shear stress vs. shear strain curves at room temperature of: a) wires in the millimeter range (D = 1 mm), b) D = 

13 µm microwires, c) D = 8 µm (with four curves in green and five curves in purple), d) D = 3.7 µm, e) D = 2.5 µm.  
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Figure 5-6 Representative in-situ scanning electron microscopy images of microcastings with different sizes and crystal orientation 

after tensile testing at room temperature. Points within stereographic triangles indicate the initial crystal orientation with respect to 

the tensile axis. 
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In addition to silver specimens, the mechanical behavior of copper (Figure 5-7a), copper alloyed with 1 wt.% 

silicon (Figure 5-7b), and silver coated with silicon nitride (Figure 5-7c) is tested. SEM images given in the 

insets show specimens after loading. 

 
Figure 5-7 Representative results from in-situ SEM tensile testing of single-crystalline structures. a-b) show curves of resolved shear 
stress (RSS) vs. plastic shear strain for: a) copper microwires D = 9 µm and D = 2.5 µm, b) copper and alloyed (1 wt.%Si) copper 

specimens D = 9 µm. c) shows stress-strain curves of silver micropillars surrounded by a silicon nitride layer. 
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Principal characteristics of the tensile deformation of microcast face-centered cubic crystals produced via the 

present process can be listed as follows:  

1 –Although there are sample-to-sample variations in the collected signal, the reproducibility of tensile 

properties is sufficiently good for the influence of parameters such as the sample orientation or diameter to 

be measured. 

2 – The critical resolved shear stress (CRSS) for initial yield is predominantly determined by the sample 

diameter; it increases as the sample diameter decreases. 

3 – The rate of work hardening, and the strain-dependent flow stress after deformation, are predominantly 

influenced by the orientation of the crystal. Samples with (or close to) a <111> crystal orientation display a 

finite and gradually decreasing work hardening rate (𝜃 =
∆𝜏

∆𝛾
), while samples oriented for single slip (namely, 

those with a crystal orientation lying within the stereographic triangle, which is the case for a majority of the 

samples), show little or no work hardening within experimental uncertainty.  

4 - All tested microcastings are ductile: the extent of resolved shear plastic deformation before fracture reaches 

at least ~50 % (tensile elongations are from 0.27 to 0.5 of the resolved shear strains, depending on the crystal 

orientation); however, they show less deformation before fracture than do bulk counterparts. Final rupture is 

by strain localization and ductile rupture, with localized crystal thinning proceeding in some samples very far 

before the final rupture of the sample (Supplementary video 1 provides an example of this). 

5 – Plastic deformation proceeds with a high degree of intermittency, concomitant with the formation of 

localized, often high-amplitude (micrometric), slip steps along the gage length surface. Their formation is 

associated with load drops sufficiently strong to be visible on the tensile test curves. Large slip steps are seen 

to form gradually, for all samples, by successive glide events along the same direction and in the same location. 

Distributed steps, for crystals initially oriented for single slip, are usually observed along the primary system 

until advanced deformation, corresponding to > 30% plastic shear strain, after which glide activation of the 

secondary slip system occurs. The initiation of glide on a secondary glide system, evidenced in the inset SEM 

images or in videos by the presence of localized slip steps on new glide planes, frequently assists localization 

of deformation and necking (e.g., Supplementary video 2).  

6 - None of the silver or copper castings examined by EBSD after tensile testing exhibited indications of 

twinning as a deformation mechanism (see, for instance, the inverse pole figure displayed in the inset of 

Figure 5-7b).  

7 - The addition of 1 wt.% silicon to copper increases the CRSS from ≈30 to ≈40 MPa (Figure 5-7b) for 

wires of diameter 9 µm without a substantial reduction in ductility. Comparing samples of pure Cu and Cu-
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1wt.%Si oriented for single slip, one can notice that more pronounced and localized slip steps are observed 

on samples that contain silicon (See supplementary videos 2 & 3, together with Figure 5-7).  

8 - Silver specimens coated with silicon nitride (Figure 5-7c) show elastic loading, up to comparatively high 

tensile (not resolved) stress (≈ 400 MPa), followed by sudden unloading. The sharp stress drop is associated 

with local rupture of the ceramic layer at the corner marking the transition between the pillar and its head. 

This leaves the metallic wire at that location exposed and bearing the load by itself (See supplementary video 

4), causing a localization of deformation in the metal near that region, followed by rapid failure.  

Tensile samples produced in this way are single-crystalline and free of surface alterations that come with the 

use of focused ion beam milling (FIB), which is commonly used in microsample fabrication and produces 

samples with a surface that has been modified by gallium ion-implantation [17–19]. Compared with other 

FIB-free microsample fabrication methods, which include selective etching [31,32,291], hot-embossing 

[34,36], electroplating [43,45,46], microcasting into single-crystalline salt molds [81,82] or into femtosecond 

laser micromachined glass, together with silver nanocube precipitation [138,292,293], the present process has 

as its main virtue that it produces simultaneously many samples of micrometric (yet not nanometric) diameter. 

Among test specimen weaknesses, it must be noted that, despite their low taper angle (<1°), given the high 

gage section aspect ratio (>10 for D = 2.5 µm), the difference between the area at the base and that at the 

head of the specimen is not negligible (the cross-sectional area is augmented by ≈ 80 % from top to base in a 

sample with a 1° taper and an aspect ratio of 10). Given this variation in cross-sectional area, it is interesting 

to note that tensile failure did not occur systematically in the region near the head of the column in (uncoated) 

fully metallic samples. Similarly, although sometimes the first glide steps appear near the sample heads and 

spread out from there throughout the length of the wire towards its base (see Supplementary video 1), this 

was not systematically observed. Stochastic factors that operate in micron-scale metals are thus as important 

as the stress level in dictating the onset or localization of plastic deformation within metallic structures 

produced by microcasting.  

As mentioned above, the resolved initial yield stress is primarily a function of the diameter of the tensile 

micropillars and depends less on their orientation. Figure 5-8 plots the yield stress of the present microcrystals, 

defined as their CRSS at a plastic strain of 2 % and made dimensionless by division with the shear modulus 

of the metal, µ (as mentioned in previous sections, an appropriate value for µ in anisotropic crystals is the 

Reuss average [91,101]- µAg-bulk = 25.6 GPa and µCu-bulk = 48.3 GPa) [91,294], plotted versus the burgers 

vector b (= 2.88 Å and 2.55 Å for Ag and Cu, respectively) [295] divided by the micropillar diameter D. 

The plot also contains tensile yield data from microcast pure aluminum from Ref. [81]. 
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Figure 5-8 a) The yield stress of the present microcrystals defined as their CRSS at a plastic strain of 2% and made dimensionless by 

division with the shear modulus of the metal, together with similar data for aluminum redrawn from Ref. [65]. Solid and dotted lines 

represent values predicted for silver and aluminum respectively by Equation 5-1, while the dashed line refers to the value predicted 
by its first (SAS) term, with L=D/3 and N = 16.4 in Equation 5-4. b) Resolved room-temperature shear stress made dimensionless 

by division with the shear modulus vs. b/D of silver microcastings (this work), together with data for silver from the literature 

[36,138]. The solid grey line is the same as that in (a). 

The line in the graph is the yield stress predicted by the expression: 

 =SAS+forest =  (b /L) +  bf1/2 Equation 5-1 

for the flow stress of a thin FCC crystal containing a density f of forest dislocations, the deformation of 

which is governed by the motion of a SAS dislocation of length L through the dislocation forest.  is given 

as [81,103,296]: 

𝛼1 = 0.12 ln (𝐿
𝑏⁄ ) Equation 5-2 

This simple model has been found to give overall good agreement with both the output of discrete dislocation 

simulations of small crystal deformation [81,297] and experimental data for microcast Al, Ag, and Cu 

[81,82,289] or FIB-carved micropillars of various metals [20,144,146,182,298]. Given that the present 

samples are clearly not dislocation starved and in keeping with previous work [81,139], we take L = D/3. If 

anything, this will slightly overestimate the contribution of the first term in Equation 5-1.  

The second term on the right-hand of Equation 5-1 corresponds, according to the derivation in Ref. [144], 

to forest hardening (forest). According to Equation 2-13 in Section “ 

2.4 Dislocations in face-centered cubic metals”   can be considered as: 

𝛼2 = 0.35 
ln (𝑏√𝜌𝑓)

ln (𝑏√𝜌𝑜)
 Equation 5-3 

where o is a reference dislocation density equal to 1012 m-2 [299].  
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As seen with the dashed line in Figure 5-8a, even with L = D/3, the first term (𝜏𝑆𝐴𝑆) underpredicts the 

observed rate of increase of the flow stress with decreasing D. This observation has been reported before 

[81,82,297], and suggests that in the present samples there is an additional factor that increases the flow stress 

as D decreases. A likely mechanism comes from the fact that present samples have cooled in their mold from 

the melting point of the metal (i.e., silver) to room temperature. Prior to mold dissolution and tensile testing, 

the metal was therefore subjected to thermal mismatch stresses, induced by the growing difference, with 

decreasing temperature, in thermal contraction between the mold and the cast metal. If resulting thermal 

stresses are relieved by the emission of dislocations, as is the case for metal matrix composites [300], replicated 

microcellular aluminum [301], or hot-embossed silver micropillars [36], then there will be a contribution to 

the forest dislocation density from geometrically necessary dislocations that have been emitted in the silver 

microsamples to compensate for this differential shrinkage. One can therefore expect that f be, in present 

samples, the sum of:  

(i) a scale-independent, density 𝜌𝑓,0 of dislocations characteristic of bulk silver cast under present conditions. 

This we estimate from the CRSS of the 1 mm diameter castings (or 100 µm for the case of Al), 𝜏𝑏𝑢𝑙𝑘 =

𝛼2𝜇𝑏𝜌𝑓,0
1/2, and 

(ii) a scale-dependent density 𝜌𝑓,𝐷 of dislocations emitted to compensate for differential thermal shrinkage 

between the silicon mold and the silver microcasting:  

𝜌𝑓,𝐷 = 𝑁
∆𝛼∆𝑇 

𝑏𝐷
 Equation 5-4 

where ∆ is the difference in thermal expansion coefficient between silicon and silver, and ∆T is the thermal 

excursion experienced during cooldown from casting temperatures. Fitting this equation to data (Appendix 

1) yields a value of parameter N equal to 16.4 for Ag and 1.7 for Al. For silver the value is a little high; for 

both, however, it is for both of a realistic magnitude. For copper, with only two sizes investigated data were 

insufficient to credibly deduce a value for N. 

Writing 𝜌𝑓 = 𝜌𝑓,0 + 𝜌𝑓,𝐷 , with 𝜌𝑓,𝐷  from Equation 5-4 and with the above values for N one obtains the 

continuous and dotted lines in Figure 5-8a for silver and aluminum respectively. Equations 5-1 to 5-4 thus 

capture, using reasonable values for all parameters, trends in the present data.  

Present data are overall consistent with predictions of Equation 5-1, despite its assumptions (such as simply 

adding hardening contribution from forest dislocations to those resulting from proximity of source pinning 

points to a free surface despite the fact that both mechanisms operate similarly and simultaneously), exception 

made for microcast silver data at the lowest values of D investigated, namely for D ≤ 3 µm, Figure 5-8a. A 

similar upward deviation of the flow stress from predictions of a single-arm dislocation source hardening 
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expression close to that in Equation 5-1 was also found for nickel at D ≤ 5 µm by Norfleet et al. [146] and 

for microcast aluminum at D ≤ 7 µm [81,82].  

If one looks at the magnitude of the initial yield CRSS (instead of its dependence on D), one finds that 

resolved yield stress values for cast copper of this work exceed those reported in the literature for FIB-milled 

tensile specimens of the same size (30 MPa for FIB-milled tensile specimens of diameter close to 3 µm, 

compared with 50 MPa for present samples of diameter 2.5 µm) [168]. The difference might reflect (i) a 

difference in initial dislocation density, which could be raised in microcast samples by differential thermal 

contraction during sample cooldown in the Si mold, and/or (ii) an effect of gallium implantation in samples 

that were produced by FIB milling (a higher strength was similarly observed in lithographically-produced 

silicon pillars compared with their FIB-milled counterparts [47,49]).  

Focusing on silver, Figure 5-8b adds data from other studies of the deformation of microscale silver, all of 

which are for D < 2.5 µm (b/D > 1.15 10-4). Literature data are highly scattered; also, they differ according 

to each sample type and thus point to the importance of processing on the properties of microscale metals. 

Recrystallized hot-embossed pillars (for which resolved shear stress were deduced here assuming a Taylor 

factor of 3 [36]) and also pristine precipitated nanocubes, evidence a higher rate of increase in flow stress with 

b/D than is predicted by Equations 5-1 to 5-4: a transition at b/D ≈ 10-4 from source-control to dislocation 

nucleation control of the flow stress is a possible reason for this, since both structures are ones in which the 

initial dislocation density is likely far lower than in microcastings. Also, hot-embossed pillars contained grain 

boundaries and twins, which may also have raised the yield stress compared to the present, single-crystalline 

twin-free samples. Pillars FIB-milled from nanocubes [138] (inverted cyan triangle) present a lower yield 

stress and a lower rate of increase of stress with decreasing size than do other samples. This is likely because 

the flow stress of those samples is that of a composite of relatively dislocation-free metal surrounded by a layer 

of material containing defects that were introduced during FIB milling, which likely eases the nucleation of 

slip across the softer core.  

Alloying copper with 1 wt.% silicon increases, in samples oriented for easy glide, the CRSS from roughly 30 

to 40 MPa. This illustrates the potential of alloying for the strengthening of microcast metal components 

noting, however, that precipitation hardening is likely to be a better approach to this end. No influence of 

the silicon addition on the rate of work hardening can be noted. The flow stress displays in this alloyed sample 

a greater degree of fluctuation than it does for pure copper. This might be related to the known role of silicon 

in lowering the stacking fault energy of copper, influencing in turn mechanisms that trigger and/or terminate 

strain jumps [81,302,303]. 

Microcast silver coated with silicon nitride demonstrates the potential of coated structures to sustain 

considerably higher stresses than their metallic counterparts: dividing the load drop experienced by the 

samples upon fracture of the coating by its cross-sectional area returns peak stress values in the ceramic that 
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exceed 1 GPa. Following the failure of the coating, the sample flow stress falls to a far lower value, in the 

range 100-150 MPa if stress is computed with reference to the total sample cross-sectional area. This rises to 

the range from roughly 150 to 250 MPa if the load is divided only by the metal cross-sectional area. The 

CRSS at initial yield of microcast silver of roughly similar diameter (4 µm) is on the order of 28 MPa (Figure 

5-5), corresponding to a tensile yield stress in the range of 56 to 100 MPa depending on the initial crystal 

orientation (the Schmid factor is in the range 0.27-0.5). This difference between the coated metal flow stress 

right after the rupture of the nitride coating and the uncoated metal yield stress gives a rough measure of the 

interfacial strength of the metal/ceramic interface if we assume that the two apparent tensile yield stresses 

differ by a hydrostatic stress equal to the lateral metal/ceramic interfacial tensile stress. This gives an interfacial 

tensile strength on the order of 100 MPa, denoting a relatively strong bond between the silver core and 

silicon nitride coating.  

Upon tensile deformation, microcast silver and copper samples display typical attributes of microsample 

plasticity, namely intermittency and a size-dependent flow stress. Resolved stress-strain curves furthermore 

exhibit the strong dependence on crystal orientation that is typical of macroscopic face centered cubic (FCC) 

single crystals [91,109,304]. Thus, for both silver and copper, samples oriented for multiple slip show far 

higher rates of work hardening than do samples oriented for single slip, Figures 5-5 and 5-7. There are also 

attributes of microsample plasticity in the orientation-dependent deformation of the present micropillars, 

notably a far greater extent of Stage I, aka easy glide, deformation than one observes in bulk crystals [81–

83,118,304]. 

Samples of Ag or Cu oriented for multiple slip generally show homogeneous deformation, with less visible 

and multiply oriented slip steps. Failure of those samples is by necking and ductile rupture. Castings oriented 

for single slip exhibit more localized slip, with clearly visible, often rather large, parallel slip steps, as seen on 

right-hand pictures of Figure 5-6 and consistent with data for aluminum in Ref. [81] or copper in Ref. [305].  

The dimensionless rate of work hardening (𝜃), defined as 𝜃 =
𝑑𝜏

𝑑𝛾
  was calculated by taking for each tested 

sample the slope of a straight line fitted through resolved stress-strain data between 𝛾 = 0.1 and 𝛾 = 0.3. 

Results are plotted in Figure 5-9 for each sample tested versus the sample diameter D together with an 

indication, by means of color, of the sample orientation on the stereographic triangle. As seen, the 

dimensionless work hardening rate depends strongly on crystal orientation and less so on sample diameter. 

This reflects the dominant importance, in the work hardening of these FCC metals, of dislocation interactions 

across different glide planes. Usual values measured in bulk FCC crystals are 𝜃 ≈ 3 10-3µ to 10-2 µ for Stage II 

and 𝜃 ≈ 10-4 µ to 5 10-4 µ for Stage I (easy glide) [109,112,306,307]. Present data for microcast samples oriented 

near <111>, which display from the onset of deformation shallower and multiply oriented slip steps 

characteristic of multiple slip, give 𝜃𝐼𝐼  in the range from 1.4 to 2.7 10-3 µ for silver, and ≈ 1.25 10-3 µ for 
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copper, i.e., slightly below the usual range for FCC crystals or, more specifically, the work hardening rate 

measured on bulk silver crystals (≈ 3.1 10-3 µ). This observation parallels results obtained in Ref. [109], where 

the work hardening of copper crystals was found to decrease for wires of diameter falling below D = 200 

µm. It has as its most obvious reason a reduced rate of dislocation accumulation due to dislocation escape 

through the surface. Samples oriented for single slip and showing a single set of parallel slip steps show work 

hardening rates so low as to not be distinguishable from zero as a result of the highly intermittent nature of 

plastic flow in such orientations. The best one can therefore conclude for samples oriented for easy glide is 

that data are not incompatible with hardening rates generally observed in Stage I of FCC crystal deformation.  

 

Figure 5-9 The dimensionless rate 

of work hardening(𝜃), defined as 

𝜃 =  
𝑑𝜏

𝑑𝛾
 adimenzionallized by the 

shear modulus µ vs. sample 

diameter of silver (circles and +) 

and copper (squares and X) 
microstructures. The color of each 

point corresponds to the initial 

sample orientation on the 
stereographic triangle. Horizontal 

dotted lines give average values for 

samples respectively oriented for 

single (SS) or multiple slip (MS). 

 

In-situ SEM microtensile tests performed on microcast silver and copper specimens lead to the following 

conclusions: 

(i) The yield stress of silver microcastings is affected by D, while no evident effect of the crystal 

orientation is observed, irrespective of the sample size. 

(ii) The flow stress predicted by the single arm source analytical expression in Equation 5-1 underpredicts 

the observed rate of increase of the flow stress with decreasing D if one only considers the effect of 
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single arm source length L. The discrepancy is explained if the forest dislocation density includes a 

scale-dependent population of geometrically necessary dislocations, the likely source of which is 

compensation for differential thermal shrinkage between the silicon mold and silver microcastings 

during cooldown after casting and solidification. 

(iii) The rate of work hardening depends chiefly on the crystal orientation, with wires oriented for single 

slip presenting an extended easy-glide stage, and microcastings oriented for multiple slip deforming 

as expected directly in Stage II but with a lower work hardening rate than their bulk counterparts. 

(iv) Samples oriented for multiple slip deform homogeneously while localized deformation and 

discernible slip steps are evident on crystals oriented for single slip, particularly when D < 5 µm. 

Post-test examination reveals an absence of twins. 

 

  



97 

 

In this chapter, displacement-controlled in-situ tensile tests at elevated temperatures (200 °C and 

400°C) are conducted on silver microstructures; results are compared with data from the previous 

chapter as concerns yield and work hardening, while features of intermittent plasticity are entirely 

shown and discussed here.  

Disclaimer: This chapter contains literal reproduction of full paragraph and figures of a publication entitled 

“The Effect of Size, Orientation and Temperature on the Deformation of Microcast Silver Crystals”, which 

is in the process of submission to a refereed journal and to which the author has contributed. Specifically, the 

author contributed in the conception of the process, conducted the infiltration of the molds, characterization 

of components after demolding and was part of the data curation and data analysis, together with Prof. 

Andreas Mortensen. Dr. Simone Frasca fabricated the silicon substrates.  

 

A full description of the sample preparation, experiments and data curation are provided in Section “5.1 

Materials and Methods”. All tests are carried out at the same nominal strain rate of 10-3 s-1 as at room 

temperature, in intrinsically displacement-controlled mode and using the same testing apparatus fitted with a 

high-temperature stage (FT-SEM-HT04, FemtoTools), which enables tensile tests at elevated temperatures. 

This stage is coupled with microelectromechanical (MEM) system based microforce sensing probes (FT-

S200’000-HT) that feature integrated tip heating. This enables temperature matching between sample and 

tip before testing, so as to ensure isothermal conditions along the sample length. Cooling of the equipment 

is achieved by a solid copper heat sink, which is coupled with an active fan, ensuring the integrity of the 

equipment and a constant signal noise floor even at high temperatures.  

Plastic deformation at the microscale generally displays an intermittent series of load drops (or strain bursts in 

load-controlled testing systems). Raw data are collected at 96 kHz. The signal is filtered by means of a moving 

average filter with a window size of 250, applied twice. A detailed description of the implementation of this 

type of filter for the analysis of intermittent deformation can be found in Ref. [80]. To evaluate the standard 

deviation on the load signal, tests in which the microforce sensing probe is compressed against a silver matrix 
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and held during 10 s show that, after filtering, the standard deviation on the load-signal remains consistently 

below 4 µN, regardless of the test temperature.  

Drops in the load signal are extracted using Python v4.0 (Python Software Foundation). A drop in the load 

signal is taken to start when the difference between two consecutive points is positive; it ends when this 

difference becomes negative. Since this definition would also include any downward variation of the signal 

due to noise, the load drop is only considered and recorded as such if its amplitude exceeds 15 µN, which is 

close to four times the measured standard deviation of the load-signal. In addition, during a drop any 

intermediate upward fluctuation in load of extent below 20 (96 kHz) datapoints, thus lasting less than ≈ 0.2 

ms, is viewed as inconsequential and considered to be part of a single strain burst event. When a detected 

drop in load complies with these requirements, its amplitude, duration, onset, end time and end force are 

recorded.  

 

Figure 6-1 plots resolved stress-strain curves for wires of diameter 13 µm, ~8 µm, 3.7 µm and 2.5 µm, for 

specific crystal orientations, at room temperature (RT), T = 200 °C and 400 °C. These temperatures 

correspond for silver to homologous temperature T/Tm values (where Tm is the melting point) of 0.24, 0.38 

and 0.54 respectively. As seen, no sample shows a strong alteration of the shape of its resolved stress-strain 

curve at any of these temperatures, while the flow stress, the apparent rate of work hardening and the strain 

to (ductile) failure all decrease as T increases.  

The work hardening rate (WHR), defined as  = d/d is, given the highly jagged shape of the curves 

collected from microcast samples, hard to compute, variable, and low for samples that are initially oriented 

for single slip. For castings oriented close to the <111> corner of the stereographic triangle,  is better defined 

and computed for each tested sample as the slope of a straight line fitted through resolved stress-strain data 

between  = 0.1 and  = 0.3. Results are reported in Table 6-1.   
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Table 6-1 Work hardening rate (), defined as  = d/d, for castings oriented close to <111> corner as a function of diameter and 

temperature. 

D [µm] 
Temperature 

[°C] 
 [MPa] Reference 

Bulk (D1 mm-yet not <111>) RT ~75 Chapter 5 

13 

RT 50-62 

Fig. 6-1a 200 40-42 

400 10-15 

8 

RT 63.5-67 

Fig. 6-1d 200 37-56 

400 15-16 

3.7 

RT 53-72 

Fig. 6-1f 200 25.5-26 

400 10-12 

2.5 

RT 44-52 

Fig. 6-1k 200 26.5-47 

400 1-30 

Table 6-2 Summary of the influence of temperature on microcast tensile sample slip traces along the sample surface classified according 

to the sample diameter and initial crystal orientation. 

D ≥ 7 µm D ≤ 4 µm 

Single Slip 

(Figure 6-1b-c & e) 

Multiple Slip 

(Figure 6-1 a & 

d) 

Single Slip (Figure 6-1 g-i, j & l) 
Multiple Slip 

(Figure 6-1 f & k) 

Spacing of slipped regions 

increases with increasing T 

(Figures 6-2 a-d 

Supplementary videos 5,6&7) 

No evident 

alteration as T 

increases 

(Supplementary 

videos 8,9&10) 

Slipped regions gradually narrow and are 

further spaced apart with increased T, leading 

to a concentration of deformation along 

selected single slip planes (Figures 6-2 e-f and 

i-j and Supplementary videos 11,12&13) 

Onset of strain localization, 

still on multiple slip systems, 

increases with increased T 

(Figures 6-2 g-h and 

Supplementary videos 

14,15&16) 
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Figure 6-1 Resolved shear stress vs. plastic shear strain for wires of D = 13 µm, D ~ 8 µm, D = 3.7 µm and D = 2.5 µm, with 
particular crystal orientations, at room temperature (RT-blue), 200 °C (orange) and 400 °C (red). Inset shows the sample orientation 

within the stereographic triangle, with the color referring to that of the room temperature curve in Figure 5-5 of Chapter 5). 

The influence of temperature on general wire deformation characteristics is summarized in Table 6-2. Present 

tests being conducted in-situ in the SEM, one can observe the evolution of slip steps along the sample surface 

(albeit at a lower frequency of observation than load drop recordings). Figure 6-2 displays images of 

microcastings after tensile testing at 200 °C and 400 °C, to be compared with those reported in Chapter 5, 

Figure 5-5 and Figure 5-6.  
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Figure 6-2 Representative SEM images of 

microcastings with different sizes and crystal 

orientation after tensile testing at 200 °C (orange 
image border) and 400 °C (red image border). 

Point within stereographic triangles indicates the 

initial crystal orientation with respect to the tensile 
axis, with the color referring to that of the room 

temperature tensile curve in Figure 5-5 of Chapter 

5. 
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Strain bursts, characteristic of confined plasticity, are amply present in the deformation of the microcast 

samples, Figure 6-1. Quantification of their magnitude has been conducted in the literature by various means: 

by acoustic emission [205,207,213–215], image-based analysis [218], by analyzing their duration time, by 

recording the axial displacement during each event [201,219,220], or as in the present work, by measuring 

the magnitude of the load drop [81,149,204]. The magnitude of each corresponding resolved slip 

displacement can then be deduced as: 

𝑠 =
∆𝐹 𝐾

𝑆
 

Equation 6-1 

where K is the system compliance [µm/µN], ∆F is the measured load drop and S is the Schmid factor for the 

active glide system(s) [81,204].  

Measured distributions of the strain burst (resolved) displacement amplitude s in the slip plane and direction 

are plotted in Figure 6-3 as complementary cumulative distribution functions (CCDF) P(s), giving the 

emission probability of a strain burst of amplitude greater than s, with s ≥ smin taken to equal four times the 

signal noise level of the present micro-mechanical system. smin varies in the range 1.5-6 nm because it depends 

on S and on K. Complete datasets can be found at 10.5281/zenodo.7373750. 

 

Figure 6-3 Complementary cumulative distribution function of slip events as a function of temperature (RT-blue; 200 °C-orange; 

400 °C-red) for D13 µm, D3.7 µm and D2.5 µm plotted in log-log coordinates. Insets display linear portions of the CDF at small 

event sizes. 
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Data in Figure 6-1 confirm what was reported earlier for the room-temperature deformation of microcast 

metal tensile samples [81,82,289], namely that:  

(i) reducing the sample diameter D raises the critical resolved shear stress (CRSS) for initial yield, 

with little evident effect of the crystal orientation on the CRSS, while 

(ii) past yield the crystal orientation influences strongly the work hardening rate of the material and 

hence its flow stress, with a clear separation between samples initially oriented for single or for 

multiple slip.  

We extend here those observations to 200 and 400 °C. Unlike what has been concluded for the 

microcompression of copper pillars [194], the strength of present silver samples decreases with increasing 

temperature (Figure 6-1). The decrease reaches, at 400 °C, ≈ 40 % of the room-temperature CRSS, in 

overall good agreement with data reported for bulk silver crystals [308]. The low difference in initial yield 

strength between castings oriented for single or multiple slip is maintained at elevated temperature.  

Figure 6-4 displays the measured CRSS, made dimensionless by division with the shear modulus of silver, µ, 

for each of the three temperatures, plotted versus the ratio of the burgers vector b to the sample diameter D. 

As in Section “5.3.1 Yield” of Chapter 5, the shear modulus µ is the Reuss average. This gives µ = 25.6 GPa 

for silver at room temperature [299], with a variation as a function of temperature that is given in Ref. [309]. 

The ratio b/D is computed at room temperature by taking b = 2.88 Å [295] and is assumed not to vary since 

both lengths increase similarly upon heating (the linear thermal expansion coefficient of the sample is roughly 

the same as that of the average interatomic bond length). 

Figure 6-4 shows that, exception made for the finest (D = 2.5 µm) samples deformed at room temperature, 

division of the resolved flow stress by µ brings all data points within the same range. The temperature 

dependence of the flow stress that is observed in Figure 6-1 can thus entirely be attributed to variations in 

the stiffness of atomic bonds. The implication is that between 20 and 400 °C the mechanisms that govern 

plastic flow are likely the same and that there is no visible influence of thermally activated phenomena, such 

as the propensity for cross-slip or for dislocation release from locks, on the yield stress of microcast silver for 

all except D = 2.5 µm room-temperature data. 
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Figure 6-4 Ratio of the critical resolved shear stress 

(CRSS) at a plastic strain of 2% to the shear modulus 
µ of silver at the corresponding temperature vs. b/D, 

with D the tensile specimen diameter, for the tensile 

deformation of microcast silver at all three 
temperatures. Vertical crosses are datapoints from 

individual samples; larger diagonal crosses are averages 

of those points for each value of temperature and 
sample diameter. Data points are also given for cast 

crystals 1 mm in diameter of the same pure silver 

(points close to b/d=0). Solid and dashed lines 

represent values predicted by the single arm source 

model, introduced in Section “5.3.1 Yield”. 

Post-test EBSD examination of silver microcast sample surfaces reveals a uniform crystal orientation 

throughout the gauge length, with no sign of twins. Plastic deformation of the present microcast samples is 

thus entirely driven by slip. This is similar to what is reported for nanopillars of gold (of SFE similar to that 

of silver) [44,22], but differs from observations on polycristalline silver pillars produced by hot embossing: 

these contained preexisting twin boundaries produced during recrystallization after embossing, such that their 

deformation was driven by both dislocation slip and twinning [36].   

Slip steps in microcast silver samples (particularly for D > 8 µm) are small in comparison with large slip traces 

observed in microcast aluminum of similar size (6 to 25 µm), also tested in tension [81,82,310]. Two 

explanations for this difference can be advanced. The first is that present tests were conducted with a far stiffer 

load train than were tests of Ref. [81,85]. This leads the resolved shear stress to decrease much faster during 

a strain burst in the present silver samples than in microcast aluminum tensile tests (see next section). The 

second explanation is linked to the presence of a nanometric oxide scale on the cast aluminum wires. This is 

known to create a barrier to dislocation escape along the sample surface [82,83]: gliding dislocations therefore 

need to pile up at the oxide-aluminum interface before they collectively break the oxide layer and escape 

through the surface, explaining in turn why slip steps may tend to be larger in aluminum than in a noble 

metal such as silver.  

In microcast crystals oriented for multiple slip, as the temperature increases, 𝜃II decreases, and in crystals 

oriented for single slip with D ≤ 3.7 µm even changes sign, (Figure 6-1). Variations of 𝜃II with temperature 

are stronger than the rate of decrease of elastic moduli, unlike data for low-SFE bulk FCC single crystals, 

which tend to vary with temperature in proportion with µ [311]. Comparing work hardening rates with the 
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evolution of stiffness, one finds that multiple slip values at room temperature, which are roughly centered 

around 𝜃II,RT ~ 60 MPa, correspond to 𝜃II,RT ~ 2.3 10-3 µ, (with µ ~ 25.6 GPa at room temperature), while 

𝜃II,400 °𝐶 ~ 15 MPa represents 8.4 10-4 µ, given that µ ~ 17.7 GPa at 400 °C. 𝜃II thus decreases faster with 

increasing temperature than does µ. The same can be said for samples oriented for single (Stage I) glide, given 

that 𝜃I is found to even change sign as the deformation temperature is raised, Figure 6-1. Thus, unlike the 

yield stress, the observed variation of 𝜃 with temperature suggests that there is an evolution, with increasing 

T, in mechanisms that govern dislocation accumulation within the present samples. One explanation for this 

can be found in the fact that, as the deformation temperature rises, so does the contribution of intermittent 

deformation (of amplitude above the present measurement threshold) to the overall microcast sample 

deformation. This is shown by computing the sample elongation caused, over each tensile test, by summation 

of all detected sudden strain burst events, where the elongation (∆𝑙) due to each sudden event (s) is given by 

∆𝑙 = 𝑠. 𝑆 (with S being the Schmid factor). The result, given in Table 6-3, shows the percentage of the total 

elongation that can be attributed to detected strain burst events in samples oriented for single slip. Although 

the variation with D at fixed temperature lies within scatter, it is evident that the contribution of intermittent 

deformation to the overall sample elongation increases with increasing temperature. That an increased 

proportion of larger amplitude strain bursts comes with a lower average recorded rate of work hardening 

suggests that strain bursts in microcast crystals lead on average too little, or no, dislocation accumulation. Such 

is, for instance, the case if a significant fraction of strain bursts results from the repeated operation of single 

arm sources.  

Table 6-3 Contribution of (recorded) intermittent deformation to the overall sample elongation in samples oriented for single slip. 

 % of deformation due to sudden events 

D [µm] RT 200 °C 400 °C 

13 
16-18 ~31 33-56 

12-15 35-40 44-52 

3.7 

8-11 11-18 33-38 

37-40 50-54 58-67 

37-40 ~44 60-85 

2.5 
~19 20-35 ~49 

21-26 28-38 ~50 

Increasing the temperature causes no change in the operative slip systems (Figure 6-2) but, similar to the 

effect of a decrease in D and in line with a greater proportion of slip occurring in bursts as T rises, this 

increases slip localization, Table 6-2 and Figure 6-2. As a result, individual slip steps along the sample surface 

are larger after deformation at elevated temperatures (this is visible if one compares Figure 5-6 and Figure 6-

2). The ensuing localization of slip in selected regions of the samples may be sufficient to rotate significantly 

the glide plane towards the tensile axis, causing a new source to be activated in a different non-deformed 

region, such that the wire continues to deform instead of fracturing in shear. More localized deformation also 
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comes with a reduction in area where the sample deforms; this likely contributed to the negative  values 

displayed in some experiments (Figure 6-1). 

It has been amply documented that the complementary cumulative probability distribution of strain burst 

amplitudes recorded in the deformation of small-scale samples follows, in a range of amplitudes just above 

the noise level and below a cut-off value (sc) that limits the size of avalanches, a power-law distribution such 

that 𝑃(𝑠)  ∝  𝑠−𝜆, where 𝜆 is an exponent predicted by mean field theory to equal 1/2 [198,200,201,204,220]. 

This is tested in Figure 6-5, which plots P(s) versus s-1/2 (this plot has the advantage that it gives equal weight 

to each data point, unlike the more usual plots of log (P(s)) versus log(s), which bundle low-intensity drops 

into the upper left-hand corner of the plot as the one shown in Figure 6-3). As seen, exception made for 

some of the 400 °C data, the curves are linear or nearly so over a range of the CCDF that extends immediately 

above smin from P(s)= 1 to a value of P(s) situated between 0.25 and 0.5. Between one-half and 75 % of 

recorded bursts thus agree with the lower-intensity power-law regime predicted by mean-field theory. It is 

furthermore seen that, for a given sample, the slope of the line in this power-law regime remains the same at 

all three temperatures. This, in turn, suggests that dislocation mechanisms that govern strain bursts remain 

the same between 20 and 400 °C, similarly to what is found for the yield stress (see Section “6.3.1 Yield”). 

 
Figure 6-5 Plots of measured complementary cumulative distribution functions (CCDF) P(s) for samples of different size and 

orientation tested at three different temperatures, plotted versus the inverse square root of the resolved strain burst amplitude s. A 

straight line corresponds to 𝑷(𝒔)  ∝  𝒔−𝟏/𝟐. 

At burst amplitudes exceeding roughly s = 0.01 µm, P(s) deviates from this power-law, Figure 6-5. Plotting 

now the same data in semi-logarithmic coordinates, Figure 6-6, one obtains relatively straight lines at higher 

strain burst amplitudes for nearly all samples. In the higher-amplitude, cut-off, regime, data thus conform 

with a simple exponential decay of the CCDF. The same result was found for microcast aluminum in Ref. 
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[81], ice crystals [213,229], and also for a high-entropy alloy in Ref. [220] (Eq. 2 and Fig.3 in [220]). An 

exponential decay of the CCDF also agrees with what was observed for copper and aluminum nanopillars in 

Ref. [204] (J. Alcalá and J. Ocenasek, private communication: the best fit with data is found with n = 0.8 in 

Eq. 3 of Ref. [204]; however those data are also compatible with n = 1). In other words, our data and those 

of three other studies conform with: 

𝑃(𝑠)  ∝ 𝑠−0.5 𝒆
−(

𝑠
𝑠𝑐

)
 Equation 6-1 

This expression and present data are at variance with the more usually adopted cutoff expression given in 

Refs. [198,200,312], namely  

𝑑𝑃(𝑠)

𝑑𝑠
 = 𝑝(𝑠) ∝  𝑠−1.5 𝒆

−(
𝑠
𝑠𝑐

)
2

 
Equation 6-2 

since, unlike present data, in semi-logarithmic coordinates the relation in Equation 6-2 does not produce a 

linear CCDF (Appendix 1- Zaiser-Nikitas expression for the complementary cumulative distribution 

function).  

 

Figure 6-6 Complementary cumulative distribution function of slip events (CDF) as a function of temperature (RT-blue; 200 °C-

orange; 400 °C-red) for D13 µm, D3.7 µm and D2.5 µm plotted in log-linear coordinates. A straight line corresponds to 𝑷(𝒔)  ∝

 𝒆
−(

𝒔

𝒔𝒄
)
. 

Another observation that emerges from Figure 6-6 is that recorded strain burst amplitudes are all smaller than 

0.1 µm and are thus well below the size of observed slip steps in deformed samples oriented for single glide. 

The implication, which was confirmed by in-situ observation of the sample surfaces during tests, is that the 

largest slip steps along deformed crystals oriented for single glide are the result of a sequence of several far 
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smaller strain burst events along the same plane, an observation that was also recently reported for slip in FCC 

high-entropy alloy nanopillars [220]. In consequence one must exert caution when equating final slip step 

amplitudes along the surface of a deformed sample with burst event amplitudes. 

Equation 6-1 reduces to 𝑃(𝑠)  ∝  𝒆
−(

𝑠

𝑠𝑐
)
 when s exceeds the cut-off value sc. Values for sc, computed by a linear 

fit (as in Refs. [81,204]) of data for P(s) > 0.1 in the semi-logarithmic plots in Figure 6-6 are presented in 

Table 6-4 for each sample size and orientation. Assuming that larger slip events are generated by the operation 

of a single arm source, their amplitude then corresponds in present samples to a characteristic number of arm 

turns 𝑁 (= sc/b) that is in the range from 20 to 60 (Table 6-4).  

Plots in Figure 6-6 show that, within experimental uncertainty, the slope of lines in each plot, and therefore 

the characteristic burst size distribution, does not vary much with temperature. Since the same observation 

holds for the power-law regime of burst intensities, one can conclude that across the entire range of measured 

strain burst amplitudes there is no sign of a change in the underlying mechanism as the temperature varies 

from 20 to 400 °C. In this regard, present data again agree with findings in Ref. [204] for FIB-milled copper 

nanopillars oriented for multislip, also tested between 20 and 400 °C using a rigid strain-controlled 

nanoindentation apparatus, where 𝑁 values were in the same range, 𝑁 = 4 to 44, and did not vary significantly 

with temperature.  

Microcast aluminum wires produced �̅�  values in the range of 300 to 900 [81]. We can propose two 

explanations for this large difference between sc values measured here for silver (or in Ref. [204] for copper 

nanopillars), and values for microcast aluminum [81]. The first takes the view that larger strain bursts are 

mainly produced by a rotating single-arm source. This is consistent with the fact that large strain bursts were 

observed generally to come with the growth of large slip steps at a few well-defined locations. In that view, 

a strain burst event distribution that obeys 𝑃(𝑠)  ∝  𝒆
−(

𝑠

𝑠𝑐
)
 is the signature of a single-arm source (SAS) that 

operates with a constant probability 𝒆
−(

𝑏

𝑠𝑐
)
 that its operation will remain active after each turn of the arm. 

The probability that the SASs stop at any given turn is then on the order of 1- 𝒆
−(

𝑏

𝑠𝑐
)

= 0.025 ≈ (
𝑏

𝑠𝑐
), which 

is here roughly ten times higher than was found for aluminum. A potential explanation for this could be that, 

because the stacking fault energy is far lower in silver (and copper) than in aluminum, the propensity for lock 

formation is far higher, leading to a far more frequent blockage of SAS activity in low stacking fault FCC 

metals by interference from cross-cutting dislocations.  
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Table 6-4 Average cut-off values of the CCDF for different sample sizes and temperatures, from the slope of curves in Figure 6-6. 

D [µm] Temperature sc [µm] �̅� 
Crystal 

orientation 

13 

RT 0.011-0.015 41-52 

 

200 °C 0.0149-0.155 51-53 

400°C 0.009-0.011 34-39 

13 

RT 0.009-0.0116 32-40 

 

200 °C ≈0.012 ≈42 

400°C 0.0085-0.009 29-32 

3.7 

RT 0.01-0.016 35-55 

 

200 °C 0.05-0.096 19-33 

400 °C 0.01-0.011 34-39 

3.7 

RT 0.006-0.0082 22-28 

 

200 °C 0.006-0.0075 22-26 

400 °C ≈0.008 ≈28 

2.5 

RT ≈0.0126 ≈44 

 

200 °C 0.012-0.015 42-52 

400 °C ≈0.0169 ≈59 

2.5 

RT ≈0.0138-0.019 ≈48-66 

 

200 °C ≈0.012 42 

400 °C ≈0.008 ≈30 

The second explanation that can be proposed for the difference between data for microcast aluminum and 

silver can be found in the proposal by Zaiser and Nikitas [200] that the mechanism limiting the size of a 

dislocation avalanche is the decrease, with the progression of slip, in the effective stress that drives dislocations 

during a slip event. From results of a continuum model for slip avalanches (with periodic boundary 

conditions) [200,312], Zaiser et al. predict that : 

𝑠c =
C𝑏𝜇

𝑀 + 𝐻
 

Equation 6-3 

where C ≈ 5 [200], H is the work hardening rate and M the system-cum-sample rigidity (meaning the inverse 

of the load train and sample compliance). In present experiments H is far smaller than M, while M is given 

by the measured stiffness J displayed by the force-displacement curve, according to 𝑀 =
𝐽𝐷𝑆2

𝐴0
 with S the 

Schmid factor, Ao the cross sectional area of the tensile sample and D the sample diameter (see Section 2.2 in 

the Supplementary Material of Ref. [81]). Parameters for some experiments are given in Table 6-5, together 

with sc values predicted by Equation 6-3. The equation proposed by Zaiser et al. overestimates data 

somewhat, but gives values for sc that are of the right order of magnitude, regardless of the testing temperature, 

for both the present samples and for aluminum data of Ref. [81], where the largest avalanche sizes were an 

order of magnitude higher than here, as was the load train compliance (see Section 2.3 in the Supplementary 

Material of Ref. [81]). The Zaiser-Nikitas equation thus proves, across both studies, to be a reliable predictor 
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of the slip burst cut-off amplitude sc (even though the burst size distribution observed here and in Ref. [81] 

do not have the form given by Zaiser et al. [198,200,312]). 

Table 6-5 General parameters of tested microcastings showing sample diameter, testing temperature, stiffness (J), machined stiffness 

(M) from Ref. [200], measured work hardening rate (H), cutoff predicted by Equation 6-3 (𝒔𝐜 predicted), and sc from Figure 6-6 (𝒔𝐜 

measured). 

Sample 

diameter 

[µm] 

Testing 

Temperature 

[°C] 

J 

[µN/μm] 

M 

[MPa] 

H 

[MPa] 

𝒔𝐜  

predicted (Eq. 

6-3) 

[µm] 

𝒔𝐜  

measured 

[µm] 

13 RT 24100 500 7 0.084 0.015 

13 RT 20700 429 7 0.097 0.0143 

13 200 19700 408 - 0.085 0.012 

13 400 17700 367 - 0.080 0.011 

3.7 RT 8300 647 - 0.066 0.016 

3.7 200 7200 561 - 0.052 0.0096 

3.7 400 6300 491 - 0.070 0.011 

2.5 RT 4500 444 - 0.096 0.015-19 

2.5 200 4200 414 - 0.071 0.012 

2.5 400 4000 394 - 0.075 0.008 

In our view, the present data do not allow us to go further in interpretation without entering speculation. 

Let us therefore simply note that the two views, of a SAS that operates with a constant probability of ceasing 

activity, and dislocation flow that ceases due to a decrease in the effective stress driving dislocation motion 

during a strain burst, are not mutually incompatible. Suppose for instance that the probability for a new burst 

to be triggered (for whatever reason) at a given SAS while the sample is reloaded after cessation of the previous 

strain burst at that source, be constant. If the stress at which the SAS ceases to function remains the same, 

then a steady burst initiation probability upon reloading will translate, upon SAS activation and consequent 

sample unloading, into a SAS that has at each turn a constant probability of stopping. This view, analogous 

to that of a helical spring that is wound an evenly distributed random number of turns before it is released to 

stop at the same spring tension value, will also produce a burst size CCDF that has constant probability of 

stopping at any given turn, translating into an exponential burst size CCDF. If then the probability of a burst 

being triggered while reloading is only a function of stress, then the load point displacement corresponding 

to each strain burst, and hence sc, will be proportional to the load train compliance, as predicted in Equation 

6-3.  
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In-situ SEM uniaxial tensile tests are conducted at 20 °C, 200 °C and 400 °C on cast micron-scale samples 

of single-crystalline silver, evaluating the effect of sample diameter D, orientation, and temperature T on the 

flow stress, work hardening rate, strain intermittency, and deformation characteristics. Main conclusions are:  

(i) The yield stress of silver microcastings is affected by both D and T, while no evident effect of the 

crystal orientation is observed irrespective of the sample size. The decrease of the yield stress at 

elevated temperatures can fully be attributed to the concomitant decrease in shear modulus. This 

suggests that the mechanisms that govern the initiation of plastic flow in microcast silver are likely 

the same from 20 °C up to 400 °C.  

(ii) A substantial decrease in the work hardening rate is found with increasing the deformation 

temperature. This decrease exceeds that of the shear modulus, brings the rate of work hardening near 

zero at 400 °C and is accompanied by a higher contribution of intermittent deformation to the 

overall sample elongation. 

(iii) Increasing the temperature brings no change in the operative slip system(s) but leads to deformation 

gradually narrowing and concentrating in just a few pronounced slip bands. 

(iv) Large slip steps along deformed crystals oriented for single glide are the result of a sequence of several 

smaller strain burst events along the same plane.  

(v) Resolved intermittent strain burst amplitude complementary cumulative distributions display at low 

burst amplitudes the power-law distribution expected from mean-field theory, while at higher burst 

amplitudes the distribution agrees well with an exponential cumulative distribution, in line with data 

in Refs. [81,204,213,220,229].  

(vi) Burst amplitude cutoff values do not vary, within scatter, with either D or T, agree with data in Ref. 

[204] for copper between 20 and 400 °C, are an order of magnitude lower than was measured at 

room temperature for aluminum in Ref. [81], and agree with the expression proposed by Nikitas 

and Zaiser [200].  
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In the present work, structures made of silver, copper, gold and their alloys, from several to a few micrometers 

in size, demonstrate that metal casting offers a tangible path into the field of microtechnology. Downscaled 

versions of this ancient process fill a gap in microfabrication because they give the ability to turn, as is done 

at the macro-scale, to casting when shaped monolithic metallic microparts are to be produced. Two 

alternative manufacturing techniques are employed during the stage of molding, namely femtosecond laser 

micromachining and silicon microfabrication. Capillary forces preventing the liquid metal to flow in narrow 

cavities are overcome by pressure infiltration, whereas demolding is accomplished by chemical dissolution 

(i.e., selective etching). Microcasting inherits attributes from its counterpart in the macro scale, namely 

excellent dimensional control, high reproducibility, full density, the possibility to alloy with great freedom 

the infiltrant alloy composition, and a capacity to replicate to high precision essentially any continuous shaped 

hollow, which can be reproduced with a resolution finer than 100 nm. Microcasting additionally offers a 

novel route towards the production of samples of metal of micrometric dimensions that are amenable to 

mechanical testing; in this work this opportunity is exploited towards the characterization of micron-size 

metals in uniaxial tension.  

Some of the main conclusions to come out of this work are summarized in what follows.  

Fused quartz or monocrystalline silicon substrates are attractive molding materials for microcasting because of 

the absence of grain boundaries in the mold, and the existence of shaping processes for each of those materials. 

The fabrication of molds via femtosecond laser micromachining provides essentially full freedom of design of 

interconnected three-dimensional structures made of metal, that are either freestanding or embedded in the 

mold material. This freeform manufacturing approach opens up the possibility to fabricate geometrically 

complex structures, difficult or even impossible to produce by other means, and at comparatively attractive 

rates by comparison to bottom-up approaches. The process is shown to produce structures of dense metal 

that replicate with high precision hollow shapes created by femtosecond micromachining; however, 

challenges exist. One is the formation of cracks in the glass substrate, after solidification and during cooling. 

These cracks develop due to the action of thermal stresses associated with the difference in coefficients of 

thermal expansion between metal and substrate, especially when casting larger, millimetric structures. Another 

challenge is the elimination of surface porosity linked with solidification shrinkage. This was addressed in this 

work by the development of nearly-zero solidification shrinkage alloys, which are shown to enable the 

fabrication of defect-free structures over a wide range of scales, free of surface defects associated with 

solidification shrinkage.   

https://www.sciencedirect.com/topics/engineering/glass-substrate
https://www.sciencedirect.com/topics/engineering/coefficient-of-thermal-expansion
https://www.sciencedirect.com/topics/engineering/coefficient-of-thermal-expansion
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Mold fabrication using single-crystalline silicon wafers, previously etched by conventional lithographic 

processes and coated with an intermediate layer, enables the use of conventional cleanroom processes to 

pattern micrometric structures; geometries are however confined to 2D or 2.5D designs. Thus, the level of 

part shape flexibility afforded is limited when compared with femtosecond laser micromachining of silica. 

Lithographic processes are, however, widespread and provide excellent dimensional control, high 

reproducibility, and the possibility for all steps in the process to be highly paralleled, leading to very high part 

production rates. In addition, it is shown that this approach introduces a new pathway to efficiently produce 

a large number of micron-scale specimens that are amenable to tensile testing while being free of artefacts 

that come with conventional FIB-based microsample fabrication. This process thus has the potential to also 

be of interest to the micro- and nano-scale testing community. 

After infiltration and solidification, demolding is achieved by chemical dissolution, either by use of 

hydrofluoric acid or of potassium hydroxide to selectively dissolve fused quartz or silicon, respectively.   This, 

together with the requirements imposed by the need for chemical stability between mold and metal at casting 

temperatures, narrows the list of metals that can be microcast via these processes to relatively noble metals 

and alloys. Given that such alloys are good conductors of heat and electricity, are chemically stable in usual 

working environments and can be made to have attractive mechanical properties, the two microcasting 

approaches developed in this work have the potential to find application in MEMS technology.  

Monocrystalline microwires of aspect ratio > 4.5 were produced via microcasting, with a diameter as small 

as 2.5 µm. The mechanical response of microcast silver or copper, either bare or coated with ceramic, is 

investigated by conducting in-situ tensile tests under the scanning electron microscope at room- and elevated 

temperatures. In summary it is found that: 

▪ The yield stress of microcastings is affected by both size and temperature, while no evident effect of 

the crystal orientation is observed irrespective of the sample size.  

▪ Yield stress values at room- and elevated temperatures agree with the single arm source model such 

that their temperature-dependence is governed by variations in the shear modulus, and provided 

that the density of forest dislocations comprises a scale-dependent component likely resulting from 

thermal mismatch stresses during sample cooldown after solidification.  

▪ The rate of work hardening of microcastings is, as in bulk crystals, strongly influenced by the initial 

crystal orientation while exhibiting lower values than their bulk counterparts, in both Stage I and 

Stage II of deformation. 

▪ The decrease of this lowered work hardening rate with increasing deformation temperature exceeds 

that of the elastic modulus, and is accompanied by a higher contribution of intermittent deformation 

to the overall sample elongation. 



115 

 

▪ The statistics of strain burst amplitudes agree with an exponentially truncated power-law 

distribution, with the power-law exponent expected from mean-field theory and a cutoff amplitude 

that depends little on sample diameter or test temperature. 

The potential of microcasting has certainly not been fully uncovered here and several topics remain for future 

investigation. These include research on processing, microstructure and deformation; suggestions for work 

that would complement the work presented here are introduced in what follows.  

Given that metal pressure-infiltration is shown to fill with great accuracy sub-micron cavities or surface 

features, molds with finer and smoother features including nanometric structures could be explored. Such 

molds can be fabricated via e-beam lithography or by downscaling, with a finer laser spot size, the 

femtosecond laser machining of fused silica. Similarly, further development of femtosecond laser machining 

to pattern alternative materials, namely sapphire or silicon, could open the process to cast other metals, or to 

demold by means of other etching media.  

So far, monocrystalline randomly orientated microcast structures are obtained; however, alternatives to 

control the crystal orientation (i.e., by strategically placing a seed crystal) or to fabricate nanocrystalline 

structures (i.e., by coating cavities with a nucleation agent) could be investigated. It should be noted, 

however, that the latter could lead to the formation of grain boundary grooves along the metal surface if 

grain boundary regions are not properly fed with liquid metal during solidification. 

Surface defects likely associated with solidification shrinkage have been the main processing challenge faced 

in this work. This issue was addressed by the development of specific alloys for microcasting, with particular 

requirements with respect to the melting temperature, reactivity and volume contraction upon solidification. 

Much more remains to be learned and achieved on this front. Nearly zero solidification shrinkage alloys are 

produced by adding elements such as germanium or silicon, which usually are prone to lower the mechanical 

properties, in particular by reducing the elongation to fracture. Thus, mastering and tailoring the chemical 

composition and material microstructure of such alloys are areas for future development, as is the pursuit of 

other approaches towards feeding solidification shrinkage in microcast metals and alloys.  

Finally, in terms of processing, in this work demolding is performed by chemical dissolution, currently 

employing aggressive solutions. Strategies that allow to extract differently (or faster) microcastings out of their 

host substrate could expand the process to metals and alloys that are currently not feasible because they are 

degraded during mold removal.   

The straightforward production of several monocrystalline metal microstructures by microcasting opens up 

the possibility for numerous studies in microplasticity. Microcasting enables to easily modify the metal 
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chemical composition within the range of metals that presently can be microcast using processes developed 

here. On can, for instance, investigate different strengthening mechanisms for microscale metallic 

components, namely i) the effect of solid solution elements on yield and plastic flow of small-sized samples, 

ii) the effect of precipitates, their size, distribution, or iii) the plasticity of microcast high-entropy alloys.  

In addition, since many wires with the same crystal orientation and size are obtained via the silicon-based 

lithographic process, tests at different strain rates or stress relaxation tests can be performed to investigate 

activation volumes and the kinetics of plastic deformation or strain burst initiation. Similarly, the effect of 

different initial dislocation densities could be studied (i.e., by annealing and/or cooling the casting down into 

nitrogen before demolding).  

Eventually, since the deformation of crystals has been largely considered over the last decades, enabling the 

fabrication of microcast bicrystals could benefit the micro- and nano-scale testing community towards the 

analysis of confined plasticity in the presence of grain boundaries.     
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A series of events of intensity (s) ranging from 0.002 up to 0.12 µm separated by steps of 0.0005 were given 

an occurrence probability (p(s)) of:  

𝑝(𝑠) = 𝐾𝑠−1.5exp ([−
𝑠

𝑠0
]

2

) 
Equation A1 

with s0 given four values in the range from 0.1 to 0.16. The resulting plots of probability (p(s)) are shown in 

double logarithmic coordinates in Figure A1.1.  

Data were then integrated numerically with Python, to yield the CCDF P(S≥s):  

𝑃(𝑆 ≥ 𝑠) = ∫ 𝑝(𝑠). 𝑑𝑠
∞

𝑠

 
Equation A2 

After normalization by its maximum value so that P(smin)=1, the resulting CCDF P(S≥s) is displayed in Figure 

A1.1 in linear, logarithmic and semilogarithmic coordinates.  

 

Figure A1.1 a) The probability of size events p(s) according to the Zaiser-Nikitas expression. b-d) the complementary cumulative 

distribution function CCDF P(S>s) obtained after integration of Zaiser-Nikitas expression plotted with linear, linear, logarithmic and 

semilogarithmic coordinates respectively. 
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Figure A1.1d shows that Equation A1 does not produce, in semi-logarithmic coordinates, a linear CCDF. 

This is not unexpected: integration of p(s) as given in Equation A1 according to Equation A2 to produce the 

corresponding CCDF does not yield an exponential function. Using Mathematica (Wolfram Alpha LLC, 

Champaign US) the corresponding CCDF is given as:  

𝑃(𝑆 ≥ 𝑠) = ∫ 𝐾𝑠−1.5exp ([−
𝑠

𝑠0
]

2

) . 𝑑𝑠
∞

𝑠

=
0.5 (

𝑠2

𝑠0
)

0.25

Γ [−0.25,
𝑠2

𝑠0
 ]

𝑠0.5  
Equation A3 
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Figure A2.1 is a plot of the dislocation density suggested by Equation 5-4 of the main text, namely {[ - 

1(b /L)]/[2 b µ]}2, plotted versus b/D with L = D/3, with   kept at a constant value of 0.25 for silver 

(appropriate for dislocation densities in the vicinity of the range relevant to present data, namely 1014 m-2), 

and containing data at room- and elevated temperatures. There is significant scatter in the data, but if one 

sets aside outlier data from room temperature tests of the finest (D = 2.5 µm) tensile bars, points roughly 

delineate a straight line with a finite positive slope and a positive intercept with the ordinate axis. The line in 

Figure A2.1 is a least-squares fit through the data, with f,o = 1.44 1013 m-2 corresponding to the intercept of 

the line with the ordinate axi. This gives N = 16.4 since ∆ = 1.6 10-5 K-1 if one takes ∆T = 700 K under 

the assumption that vacancy-driven silver deformation ceases during cooldown roughly around 700°C. A 

similar procedure was performed for Al microwires using data from Ref. [81] and assuming  ∆T = 300 K, 

with ∆ = 2.1 10-5 K-1. This yielded N = 1.7. 

 

Figure A2.1 Estimated dislocation density from Equation 5-4 assuming α1 = 0.25 vs. b/D. Vertical crosses are datapoints from 

individual samples; larger diagonal crosses are averages of those points for each value of temperature and sample diameter. Data points 
are also given for cast crystals 1 mm in diameter of the same pure silver (points close to b/D = 0). The straight line is a least-squares 

fit through data points and corresponds to N=16.4 in Equation 5-4. 
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