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Abstract 
 

The project aims to validate some recent theoretical developments on the deformation twinning nuclea-

tion mechanism in HCP metals through small-scale mechanic experiments. To this end, a systematic 

investigation of the mechanical response of pure magnesium single crystals has been conducted by stud-

ying the singular and reciprocal effects of orientation, strain rate, and temperature on the accommodation 

mechanisms of deformation twinning at the microscale. Through in-depth analyses of different misori-

entation relationships between initial and reoriented crystals, as well as the characteristics of several 

three-dimensionally-reconstructed parent-twin interfaces, unconventional twin features that deviate 

from the classical shear-based model were identified, promoting a new interpretation of the deformation 

twinning mechanism. In particular, it is discussed how the formation of twins is accompanied by a 

mechanism for which the interface between the parent and twin is not a mirror plane: the deformation 

cannot be therefore described by a shear tensor, questioning the centenary shear theory of twinning. 

A full understanding of how changes in the twinning mechanism affect the stress/strain curves is also 

presented. The latter were used for the experimental determination of strain rate sensitivity, activation 

volume, and activation energy for twinning; parameters typically used to classify the nature of the de-

formation mechanisms. It is observed that, in contrast to what is being reported at the macroscale in 

polycrystalline magnesium, the critical stress for twinning nucleation and the post deformation crystal-

lographic characteristics of the twin boundaries are sensitive to changes in temperature and strain-rate.  

Furthermore, the transition from a twinning-dominated to a slip-dominated plastic deformation is re-

vealed to occur with increasing temperature, although twinning becomes again predominant by increas-

ing strain rate. By loading the crystal from different crystallographic directions, the orientation depend-

ent ductility of the material is also discussed. It is shown that basal slip activity favours the twin 

propagation with consequent higher probability of twin-twin interactions. An in situ uniaxial testing 

setup allowing high-resolution Electron Backscatter Diffraction acquisitions during deformation was 

fine tuned to measure, in some cases, the sequence of events that lead to the formation and propagation 

of twins induced by microtensile testing. 
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Sommario 
 

Attraverso esperimenti meccanici su piccola scala, il presente lavoro di tesi mira a validare alcuni dei 

recenti sviluppi teoretici relativi al meccanismo di gemellaggio (noto con il nome di ''twinning'') che 

avviene durante il processo di deformazione dei metalli a struttura esagonale compatta. A tal proposito, 

viene presentata un'indagine sistematica della risposta meccanica di monocristalli di magnesio puro, con 

particolare riferimento agli effetti individuali e reciproci dell'orientamento, della velocità di deforma-

zione e della temperatura sul meccanismo in esame. Attraverso un'analisi approfondita dei diversi gradi 

di orientazione tra i cristalli iniziali e quelli riorientati, nonché della morfologia tridimensionale di varie 

interfacce delimitanti il confine tra il grano genitore ed il suo gemello, sono state identificate caratteri-

stiche gemellari non convenzionali, ovvero non conformi alle evidenze sperimentali previste dalla teoria 

classica del gemellaggio. In particolare, viene discusso come la formazione dei grani gemelli sia accom-

pagnata da un meccanismo per il quale l'interfaccia tra il grano genitore ed il suo gemello non r un piano 

di simmetria reticolare: la deformazione non può quindi essere descritta da un tensore di taglio, mettendo 

in discussione la teoria classica del gemellaggio, promuovendone una nuova interpretazione. 

Viene inoltre posta particolare attenzione sull'analisi dell'influenza dei cambiamenti nel meccanismo di 

gemellaggio sulle curve di deformazione. Quest'ultime sono state utilizzate per la determinazione spe-

rimentale dei parametri tipicamente utilizzati per classificare la natura dei meccanismi di deformazione: 

sensibilità alla velocità di deformazione, volume ed energia di attivazione. Contrariamente a quanto 

riportato su scala macroscopica, per il magnesio policristallino, la sollecitazione critica per la nuclea-

zione dei gemelli e le caratteristiche cristallografiche post-deformazione dei bordi dei grani gemelli sono 

fortemente sensibili alle variazioni di temperatura e velocità di deformazione. In particolare, si osserva 

come l'aumento della temperatura induce la transizione da una deformazione plastica mediata dal ge-

mellaggio ad una per scorrimento di piani reticolari, sebbene la prima torni ad essere predominante con 

l'aumento del tasso di deformazione. Sollecitando la struttura cristallina da diverse direzioni cristallo-

grafiche, si esamina inoltre il comportamento duttile del materiale in funzione dell'orientamento. Si mo-

stra infine che l'attività di slittamento basale favorisce la propagazione dei grani gemelli, con una con-

seguente maggiore probabilità di interazione tra gli stessi e successiva instaurazione di alti stress locali 

deleteri per l'integrità del materiale. Per favorire una analisi accurata della sequenza di eventi che por-

tano alla formazione e alla propagazione dei grani gemelli durante prove di microtrazione, un nuovo 

setup sperimentale è stato messo a punto per consentire acquisizioni per diffrazione da retrodiffusione 

elettronica ad alta risoluzione durante la deformazione del campione. 
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Introduction 

 

Magnesium (Mg) is the lightest structural metal and the 8th most abundant element on earth, with a 

density (∼ 1.74 g/cm3 for pure Mg), which is 66% that of aluminium (Al), 39% that of titanium (Ti) and 

23% that of steel, and is recognized as the best candidate to cope with the compelling need for low-cost, 

lightweight, energy-efficient and environment friendly structural materials. Defined as the next-genera-

tion lightweight metallic material [1], Mg and its alloys additionally show higher strength-to-weight 

ratios compared to other conventional materials, nontoxicity, biodegradability, excellent biocompatibil-

ity, high castability and an outstanding recyclability of 100% [2]; properties that explain the massive 

worldwide interest since the 1960s. 

Unfortunately, compared to the application potential associated to their exceptional innate characteris-

tics, Mg and its alloys do not always own a sufficient ductility, thus machinability, required to achieve 

desired component shapes and configurations [3,4]. A regrettable lack of large-scale applications espe-

cially in the automotive manufacturing has prompted numerous researchers to focus on the understand-

ing of the complex deformation mechanisms of these alloys and seeking for alternative solutions [5]. 

Accordingly, microstructure control and optimization of grain size and structure, second phase fraction 

and distribution, and texture have extrinsically improved the ductility via delaying the fracture. How-

ever, for enhancing the intrinsic ductility, the type of deformation modes accommodating the plasticity 

and their critical resolved shear stress (CRSS or τCRSS) should be modified through targeted alloying 

strategies [6]. A solution for improving the ductility in Mg may be found by reducing the high elastic 

anisotropy of its crystal structure that causes and entails the contrast in τCRSS between the different avail-

able deformation modes. The number of easily activated slip systems is in fact often insufficient to 

accommodate homogeneous plastic deformation under conventional loading conditions (room temper-

ature, RT, and low strain rates) and mainly responsible for the observed low isotropic ductility. Even 

though non-basal slip softening and basal slip hardening through solid solutions are undoubtedly con-

sidered to be the milestone for better ductility in Mg, the HCP crystal structure itself shows anyway a 

lack of the five independent easier slip systems that, according to Von Mises criterion, are needed to be 

activated to fully accommodate plastic deformation. Consequently, deformation twinning (DT) repre-

sents an important additional mechanism that takes place in HCP crystals. 

The competition between slip and twinning in accommodating the plastic deformation of HCP metals 

ranks among the most complex and difficult to reconcile. For instance, unlike cubic structures, the c/a 

ratio of HCP systems strongly influences the field of atomic displacements that is established inside the 

material during the deformation, affecting therefore the type of operative deformation modes as well as 

their τCRSS such that keeping the same loading direction with respect to the crystal orientation does not 

necessarily produce the occurrence of the same slip or twinning mode in two different HCP crystals. As 

a consequence of different mechanical responses, collective conclusions on the behaviour of HCP metals 
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represent a long-standing challenge and have not yet been drawn. Owing to its close-to-ideal c/a ratio 

(Mg: 1.623; ideal: 1.633), the study of the twinning mechanism in Mg can represent a starting point for 

a thorough understanding and generalization of it. 

Deformation twinning has several significant, complex and twofold effects on materials behaviour. On 

one hand, it accommodates plasticity helping the material to release the global and locally accumulated 

strains that build as a consequence of an externally applied deformation, and facilitating the activation 

of other deformation modes due to the lattice reorientation of the twinned regions. Serving the function 

of grain boundaries (GBs) in hindering to the dislocation motion via formation of twin boundaries (TBs), 

deformation twinning leads to an increase in the strength and strain hardening of the material via dy-

namic Hall-Petch and Basinski mechanisms [7,8]. On the other hand, the high residual stress concentra-

tion at the intersection of two twins or between twins and GBs can lead to crack nucleation [9–13]. 

Being the main mechanism that governs the plasticity, the overall mechanical properties of Mg alloys 

depends upon the dominant twinning mode and the entity of these deleterious and non-deleterious com-

petitive effects. It was also suggested, for example, that pre-twinning can also be a simple and feasible 

strategy to improve the mechanical properties of Mg alloys [8,14–19]. Thus, understanding deformation 

twinning is a crucial scientific issue to open up new avenues for engineering and the strategic design of 

HCP alloys. 
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Statement of the problem 

 

Due to the nature of the HCP crystal structure, anisotropic approaches have been used for studying the 

plastic deformation of Mg to predict the textural development and mechanical response of the material 

during deformation processes. In particular, the non-trivial prediction of the heterogeneous, non-linear, 

directionally-dependent microscopic mechanical response of Mg, under conventional and unconven-

tional deformation conditions, requires a thorough understanding of the different deformation mecha-

nisms that accommodate the plasticity; among all, deformation twinning. The mechanisms of lattice 

distortion and atomic displacements during deformation twinning are however not well understood. The 

usual theories based on shear matrices or on coordinate displacements of dislocations fail to explain a 

number of experimental results cumulated during the last decades. For instance, the former is not able 

to explain some of the unclassical twin observations often reported in literature, and the latter cannot 

satisfactorily account for the very high velocity observed for twin nucleation and propagation. In the 

last ten years, alternative theories that respect the displacive character of deformation twinning have 

been developed for answering many fundamental questions that remain unsolved, such as: how do the 

atoms move during twinning? How is the crystallographic lattice distorted? How is this distortion ac-

commodated by the surrounding matrix? How can it induce high stress and possible cracking and what 

are the most deleterious twinning modes? How can the twin interface affect the kinetics? Which twin-

ning modes and twinning variants are created in a stress field? What is the resulting macroscopic defor-

mation? Why does size effects apply for twinning? Is twinning temperature and strain rate dependent? 

Why are there experimental evidences of the breakdown of the invariant plane strain condition of twin-

ning, which is at the basis of the centenary shear-based theory of twinning? 

Because deformation twinning is a localized, ultrafast and stochastic event that, in principle, relies on 

exceptional points in the microstructure where intense local stresses and certain types and density of 

dislocations coincide in time and space, the manipulation or isolation of a twin nucleation event for 

direct visualization has proven technically challenging. Consequently, the validation of the different 

proposed models can be based on direct observations of the crystallographic characteristics of the twin 

domains and their variation/evolution under different testing conditions, but only after the twin for-

mation. After 150 years of investigations, a clear picture of the sequence of events that accompany the 

formation of a twin from its incubation period to a nano, micro and eventually macro-size twin is how-

ever still missing. 

Understanding the basis of nucleation, propagation and growth mechanisms of an individual twin re-

quires the systematic study of the changes in twin characteristics (2D and 3D morphology, misorienta-

tion and rotation axis with respect to the initial crystal) induced by a controlled variation of a specific 

testing parameter (e.g. strain rate), keeping invariant the other contouring conditions (e.g. temperature, 

loading direction and initial grain size and texture). It is well known that GBs constraints, pre-straining 
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conditions, stress concentrations, residual stresses, grain size and textural variations in polycrystalline 

specimens represent the major cause of uncontrollable initial conditions and source of additional com-

plexities that may lead to differences between experimentally observed and theoretically predicted twin-

ning features and consequent material behaviours. To bolster the fundamental comprehension of defor-

mation twinning, targeted experiments on suitably oriented single crystal Mg at the microscale need to 

be performed, allowing to unveil the progressive evolution and dependence of the twin characteristics 

on specific testing parameters obtained by correlating differences in mechanical behaviour with differ-

ences in the developed crystallography. This, in turn, indispensably needs the carrying out of experi-

ments where the choice of the load directions with respect to the crystal orientations favours, in principle, 

the investigation of a selected mechanism, i.e. deformation twinning in the case of this dissertation. The 

advanced development of testing and characterization techniques is thus necessary. 
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Outline 
 

The various aspects of this work are presented as follows. Chapter 1 recalls the fundamentals of twinning 

and its crystallographic model based on a 150-year-old theory of shear. The concepts of twinning shears 

and twinning modes are introduced, together with the mathematical description used to predict these 

features. As simple shears would involve unrealistic stresses, recently developed homogeneous and het-

erogeneous twin nucleation models are discussed, together with the current debate on the mechanism of 

twin nucleation in HCP metals. Chapter 2 introduces the experimental tools used in this work to inves-

tigate deformation twinning in Mg at the microscale. A brief description is given of the sample prepa-

ration procedures and the micromechanical techniques used during the project, including the method of 

experimental data processing. Chapters 3, 4 and 5 present a systematic experimental campaign that aims 

at investigating the changes in the crystallographic characteristics of twinning induced by a controlled 

variation of specific testing parameters, such as temperature and strain rates and loading direction. The 

mechanical response of single crystal micro-structure is systematically correlated with micro and nano-

structural observations in order to investigate the mechanism of deformation twinning in Mg. Chap-

ters 3, 4 and 5 are separated according to the loading direction: [0110], [2110], and [0001], respec-

tively. The experimental campaign discussed in Chapter 6 is however devoted towards the rationale of 

the poor machinability and formability of Mg and its alloys. In particular, Chapter 6 presents the inves-

tigation of the residual stress fields in the vicinity of twin-twin interactions, known to be high local stress 

concentration regions from which cracks nucleate, as well as understanding how twinning growth de-

pends on the operability of specific deformation slip modes, like basal slip. Chapter 7 provides a final 

discussion, putting our experimental results in perspective to the most recent work that has been pub-

lished in the last four years, i.e. contemporarily to the present work. It presents the actual state of the art 

of the understanding of deformation twinning and yet unsolved debate on twinning nucleation and prop-

agation. Chapter 8 ensues, reporting the main conclusions from the present thesis. 

Note that Chapters 3, 4, 5 and 6 are readapted versions of published or submitted articles. 
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1. Literature review 

 

Hexagonal-close-packed (HCP) metals deform by two mechanisms: the glide of dislocations on slip 

planes and evolution of deformation twinning [20–22]. Slip and twinning are both restricted to evolve 

on particular crystallographic planes and directions in a given crystal. However, the two mechanisms 

differ in several aspects (Figure 1-1a). During slip the dislocations glide on the precise slip planes, se-

lectively activated with respect to the loading direction and τCRSS, and the crystallographic orientation of 

the lattice above and below the gliding plane is the same, both before and after the deformation. Twin-

ning, however, occurs through a homogeneous shape deformation of a region of a crystalline body in 

such a way that the resulting product structure (twin) is identical to the initial (parent) but oriented 

differently. In particular, the twinned region is the part of the parent crystal that underwent a reorienta-

tion of the lattice with respect to a specific crystallographic plane, the invariant twin plane, across which 

a mirror symmetry is established between the two crystals. Additionally to that, slip occurs in distinct 

atomic spacing multiples on relatively widely spread planes, whereas the atomic displacement for twin-

ning can be less than the interatomic separation and every atomic plane is involved in the deformation. 

Being the mechanism accommodating a large portion of the plastic deformation in HCP under the most 

variety of loading conditions due to a low amount of easy slip systems, it is instructive and necessary to 

report the main concepts of the centenary theory of deformation twinning. 

 

 

Figure 1-1: Slip vs twinning (a). (b) An illustration of the atom movements during 1 6⁄  <111>{112} 
twinning in BCC crystals. The plane of the drawing is {110}. K1, K2, η1, η2, 𝝀 and P define the invariant 
twin plane, its conjugate, the shear direction, its conjugate, the rotation axis and the plane of the shear 
(where the shear vector lies), respectively. After the shear, K2, η2 become K'2, η'2. Figure taken from 
[23]. 
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1.1 Crystallographic shear theory of twinning 

 

The characteristic of deformation twinning according to which the twin and the parent (also called ma-

trix) are to remain in contact, implying that the deformation must be an invariant plane strain [24–27], 

is based on the experimental observations of planar interfaces. As the two crystal structures remain 

identical and thus there is no volume change between them, differently to martensitic transformation, 

deformation twinning was mathematically described as a simple shear, in full agreement also with the 

fact that the lattice can be deformed at high speed by a military (collective and coordinated) motion of 

the atoms [26]. Consequently, the classical displacive shear theory of twinning proposed by Mügge in 

1881, recently reviewed by Duparc [28], introduces the concepts of shear planes K1 (the invariant plane), 

shear directions η1 (i.e. the invariant direction), and their conjugates K2 and η2 (the undistorted but rotated 

plane and direction, respectively) (Figure 1-1b). Even if four elements characterize a twinning mode, 

knowledge of either K1 and η2 or of K2 and η1 is sufficient. For instance, if K1 and η2 are known, indi-

cating with l, g and m respectively the unit vectors parallel to the η1 direction, the η2 direction and the 

normal to the twinning plane written in the basis vectors associated with the unit cell, the shear direction 

η1 and the amplitude s of the shear can be expressed as [26]: 

𝜼1 = 𝑠 𝐥 = 2(𝐦 − (𝐠 ∙ 𝐦−𝟏)𝐠) (1.1) 

and  

𝑠2 = 4((𝐠 ∙ 𝐦)−𝟐) − 1) (1.2) 

Note that usually m is also called k1. The deformation gradient tensor S associated with the shear-based 

theory of deformation twinning can be then expressed as: 

𝑺 = 𝑰 + 𝑠(𝐥 ⊗𝐦) (1.3) 

with I the identity matrix. It must be pointed out that for deformation twinning in single lattice structures 

with only one atom in the primitive unit cell, the simple shear suffices to describe the twin transformation 

process as it carries all atoms into their correct final positions [26]. In particular this applies for face-cen-

tered-cubic (FCC) materials such as copper and its alloys, nickel, aluminum alloys, cobalt-iron alloys, 

as well as body-centered-cubic metals (BCC) such as iron and its alloys, iron-beryllium alloys, niobium, 

molybdenum and molybdenum-rhenium alloys [15-26]. Differently, when two atoms constitute the 

primitive unit cell, as for HCP, the atoms that are not located in the lattice nodes are not placed in the 

correct position by the simple shear, inevitably requiring the introduction of atomic shuffling [26] (Sec-

tion 1.1.2). Thus, due to the nature of the HCP crystal structure, deformation twinning in HCP metals is 

a shear-shuffle mechanism. From this fundamental concept, Bilby and Crocker in 1965 [24] built a 

general theory of deformation twinning where the orientation relations between the two lattices are not 

specified in terms of a shear but as proper or improper rotations: 

1- reflection in K1 
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2- rotation of 180° about η1 

3- reflection in the plane normal to η1 and 

4- rotation of 180° about the direction normal to K1 

This more rigorous treatment was then largely used to predict the possible twinning modes in crystal 

structures [25]. Twin of Type I are those obtained by (1) and (4), characterized by rational indices of K1 

and η2; twins of Type II are those obtained by (3) and (4) in which K2 and η1 are rational. Compound 

twins however are twins where all the four elements are rationale, obtained by any of the four classical 

orientation relations. With the proposed general definition, the relevant twinning theory for lattices is 

reported in matrix notation in the next section. At first, considerations of atomic shuffling will be ex-

cluded, but discussed later. 

 

1.1.1 Transformation matrices for twinning 
 

To mathematically describe the crystallography of deformation twinning, i.e. reorientation process of a 

crystal from an initial (parent) p to a twinned t configuration, three matrices can be introduced [41]: the 

distortion matrix F, the coordinate transformation matrix T, and the correspondence matrix C: 

- F gives the image x′ of a vector x by a linear distortion: x′ = F · x. The displacement field is 

given by x′ − x = (F − I) · x where I is the 3×3 identity matrix. In other words, F tells how the 

crystallographic basis of the parent base is distorted. The matrix can be calculated in practice 

considering the vectors of the initial parent basis (ap, bp, cp) transformed by the distortion into 

new vectors: ap → a′p, bp → b′p and cp → c′p. The distortion matrix F is the matrix formed by 

the images a′p, b′p and c′p expressed in the initial orthonormal (preferable for cubic structures) 

or hexagonal (preferable for HCP) basis: (a′p, b′p, c′p)/Bhex
p in the latter case. The distortion ma-

trix therefore is simply expressed by writing in column the coordinates of a′p, b′p, c′p in the basis 

Bhex
p. (Note: it is obvious that the orthonormal basis Bortho can also be used for HCP structures 

but the calculation could be more laborious). 

- Tp  t allows the change of the coordinates of a fixed vector between the parent and twin or-

thonormal (for cubic structures) or hexagonal (for HCP) bases: Tp → t = [Bhex
p → Bhex

t] for HCP. 

In practice, this matrix is calculated from the orientation relationship between the parent and its 

twin experimentally obtained from diffraction-based techniques. 

- Ct  p can be determined considering that it represents the images of the parent basis vectors by 

the distortion, a′p, b′p and c′p, expressed in the twin basis: (a′p, b′p, c′p)/Bhex
t. Ct  p can be also 

calculated by using the coordinate transformation matrix and the distortion matrix: 

 Ct  p = (a′p, b′p, c′p)/Bhex
t = Tt → p (a′p, b′p, c′p)/Bhex

p = Tt → p F 
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With the definitions given above, the correspondence matrix Ct  p = Tt → p F is thus useful to express in 

the twin basis the coordinates of the image by the distortion of a generic vector x written in the parent 

basis: 

𝒙
/𝐵ℎ𝑒𝑥
𝑡

′ = 𝑪𝑡→𝑝  𝒙/𝐵ℎ𝑒𝑥
𝑝  (1.4) 

If x* would ba a vector of the reciprocal space then: 

𝒙
/𝐵ℎ𝑒𝑥
𝑡

∗′ = (𝑪𝑡→𝑝)∗  𝒙
/𝐵ℎ𝑒𝑥
𝑝

∗ = (𝑪𝑡→𝑝)−𝑇𝒙
/𝐵ℎ𝑒𝑥
𝑝

∗  (1.5) 

Considering n the vector normal to a crystallographic plane (defined by the Miller indices h, k, l, when 

expressed in the 3-index notation), n* in the reciprocal space is then a vector whose components are h, 

k, l. Thus, as deformation twinning must be an invariant plane strain with K1 and η1 the invariant twin-

ning plane and direction respectively, for a given twinning mode (e.g. K1, η2) expressed by a well-de-

fined correspondence matrix it can verified that 

𝜼𝟏/𝐵ℎ𝑒𝑥
𝑡

′ = 𝑪(𝑲𝟏𝜼𝟐)
𝑡→𝑝 𝜼𝟏/𝐵ℎ𝑒𝑥

𝑝 = 𝜼𝟏/𝐵ℎ𝑒𝑥
𝑝  (1.6) 

and 

𝒏𝑲𝟏 /𝐵ℎ𝑒𝑥
𝑡

∗′ = (𝑪(𝑲𝟏𝜼𝟐)
𝑡→𝑝)

∗
 𝒏𝑲𝟏 /𝐵ℎ𝑒𝑥

𝑝
∗ = 𝒏𝑲𝟏 /𝐵ℎ𝑒𝑥

𝑝
∗  (1.7) 

«Plane strain» implies that Eq. (1.6) is also valid for all the crystallographic vectors v that lay on the 

invariant twin plane and thus that fulfil: ℎ𝑣1 + 𝑘𝑣2 + 𝑙𝑣3 = 0. This evidences a fundamental aspect: no 

in-plane distortion takes place along K1 as a vector in the parent remains the same vector in the twin. 

 

(Important consideration: it is crucial to observe that the last statement is valid within the shear-based 

theory of twinning because K1 is defined as a mirror plane. It will become clearer at a later stage of this 

dissertation that equivalent correspondence matrices can be obtained as a result of a distortion matrix 

that does not correspond to a simple shear, and that therefore does not necessarily leave K1 invariant.) 

 

It is worth noting that slightly differently to what is reported by Bilby and Crocker [24] where the dis-

tortion matrix is the second rank tensor S, i.e. F = S, representation of the shear, here, for the sake of 

completeness, F has to be intended more generally as a continuous distortion matrix that describes the 

trajectory of the atoms throughout the entire transformation. Thus, the elements of F assume values that 

vary depending on the intermediate stages of the process [41]. At the final state, when the twin process 

is completed and the twin crystal is formed, F becomes equal to S and thus C = T S (to be used in 

Eq. (1.6) and Eq. (1.7)). Note that the general expression C = T F can also be used for describing more 

widely a generic displacive/martensitic phase transformations. 

Using the correspondence matrix, alternatively to Eq. (1.2), the magnitude of the shear can be also cal-

culated as: 
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𝑠2 = 𝑇𝑟(𝑪𝑻𝑮𝑪𝑮−𝟏) − 𝑑𝑖𝑚 (1.8) 

where G represents the metric tensor and dim is equal to 3 in the 3D space. 

The peculiarity of twinning resides however in the limited possible shear vectors that can restore the 

lattice of the initial phase in a new orientation such that the positions of the atoms in the two crystals 

can be related by an isometry. Accordingly, only specific twinning modes can be formulated, for each 

of which a mirror correspondence exists between the parent and the twin. Additionally, the condition 

that the parent and the twin have the same volume ensures that S, T and C are unimodular, i.e. have 

determinants of ±1. A further mathematical restriction is that the transformation matrix should fulfil 

T·TT = I. These requirements, together, drastically restrict the list of correspondence matrices and thus 

possible twinning modes [42]. Among the numerous modes given by the shear based twinning theory, 

only those with the lowest shear amplitude are considered to be realistically operative, analogously to 

the concept for which an operative slip mode is usually characterized by the closest packed plane and 

direction of the structure. However, extending this statement to the case of HCP crystals (but not only), 

shuffling may be as important as the magnitude of the shear in controlling the operative twinning modes, 

therefore only those with the lowest shear amplitude are considered to be realistic. 

 

1.1.2 Atomic shuffling in HCP 
 

Following the classical description [26], if a parent lattice vector w parallel to η2 is projected along the 

normal to the twinning plane, the magnitude of its projection is equal to qd, where q is an integer repre-

senting the number of lattice planes K1 of spacing d that are traversed by w. The field of atomic dis-

placements induced by the action of shearing and shuffling is repeated in the lattice at each successive 

group of q planes. For Type I twins, if q is even, the lattice points located in the plane p = q/2 as well as 

those in p = q are directly sheared to their twin positions; lattice shuffling is however required in the 

other cases in order to reproduce a mirrored configuration of the parent grain across the K1 plane. The 

illustration of atomic shuffling taking place in our different twin modes in an HCP metal is given in 

Figure 1-2a. It is worth to mention that atoms undergo shuffling in order to reach their corresponding 

twin sites following a scheme that does not generally define atomic motions uniquely: different shuffling 

paths can be indeed drawn (Figure 1-2b). The mathematical approach used to identify the magnitude of 

shuffling is based on the vectorial subtraction of the vectors of the parent atoms transformed by the shear 

to the vector images of the parent atoms obtained by the correspondence matrix [26]. 
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Figure 1-2: Atomic shuffles associated with (i) {1121}, (ii) {1012}, (iii) {1122} and (iv) {1124) twin-
ning shears in titanium (a). (b) Possible shuffling mechanisms in the twinning of a double lattice struc-
ture: (i) parent, (ii) Type I twin, (iii) possible Type I shuffle, (iv) alternative Type I shuffle. Figures 
taken from [26].  

 

1.2 Twinning modes in HCP 
 

The four most commonly observed twin modes in HCP metals are listed in Table 1-1 (from [20]). Ns 

and Nt represent respectively the number of atoms shuffling and the total number of atoms per unit cell.  

Unlike cubic structures, the c/a ratio (also named γ) of HCP systems strongly influences the possible 

deformation modes such that keeping the same loading direction with respect to the crystal orientation 

does not necessarily produce the occurrence of the same slip or twinning mode in two different HCP 

crystals. A direct evidence of it can be seen in the dependency of the magnitude of the shear on γ (Ta-

ble 1-1) plotted in Figure 1-3 where a positive/negative slope represents a contraction/extension along 

the c-axis in the occurrence of the associated twin mode. In the practical range of 1.5 < γ < 1.9, the 

{1011} and {1122} are "compression" or "contraction" twins and the {1121} is an "extension" twin. 

As the direction of the shear stress reverses at γ = √3 , the {1012} is a "compression" twin for metals 

with γ > √3 and an "extension" twin for the rest. It is worth noting that for a given γ (thus, for a given 

HCP metal), the slope associated to a twin mode reported in Table 1-1 is well-defined, meaning that 

reversing the shear direction does not lead to the occurrence of the same twin mode. This concept (not 

necessarily extendable to all the twin modes and crystal structures) is named "unidirectionality of twin-

ning". Consequently, the high anisotropy of twinning between different HCP metals can be easily seen 

by compressing the HCP unit cell of Mg and zinc (Zn) along their respective c-axes: the {1012} twin 

mode will be a possible twin mode in Zn but not in Mg (see Figure 1-3) where, however, the {1011} 

would be in principle possible. Additionally to that, the same type of twin mode in two HCP metals 

might have big differences in the magnitude of the shear stress required for twinning, leading therefore 

to variations in the value of the τCRSS. Among other things, it is easy to imagine how changes in γ lead to 

different atomic shuffling of the internal atoms, further complicating the attempt to generalize the de-

formation twinning behaviour of HCP materials. For instance, Figure 1-3 reports the active (green dot) 
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and not-active twin modes (red squares) based on experimental observations. It can be observed that, 

although the values of γ between Mg, cobalt (Co) and rhenium (Re) are very similar, the {1012} exten-

sion twin mode occurs and additionally predominates the plastic deformation only in Mg. However, 

despite the much higher value of shear stress associated, the {1121} extension twinning has been highly 

reported in Re and Co, contrarily to Mg. This small consideration is intended to raise awareness of the 

complex and intriguing behaviour of HCP metals. 

 

K1 K2 η1 η2 λ Nt Ns/ Nt q s 

{1012} {1012} ±⟨1011⟩ ±⟨1011⟩ ±1/3⟨1210⟩ 8 3/4 4 
|𝛾2 − 3|

𝛾√3
 

{1011} {1013} ⟨1012⟩ ⟨3032⟩ 1/3⟨1210⟩ 32 7/8 8 
4𝛾2 − 9

4𝛾√3
 

{1122} {1124} 1/3⟨1123⟩ 1/3⟨2243⟩ ⟨1100⟩ 12 2/3 6 
2(𝛾2 − 2)

3𝛾
 

{1121} (0002) 1/3⟨1126⟩ 1/3⟨1120⟩ ⟨1100⟩ 8 1/2 2 
1

𝛾
 

Table 1-1: Crystallographic elements and parameters of compound twin systems in the HCP structure. 

Table taken from [20]. 

 

 

Figure 1-3: Twinning shear as a function of c/a ratio in HCP crystals. Filled green circles denote readily 
active twinning modes and red open squares denote less active twinning modes. Labelling of each twin 
system indicates the K1 and K2 twinning planes and the η1 and η2 invariant twin directions. Figure rea-
dapted from [43]. 
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In Mg, two types of c-axis twins are commonly observed: {1012} and {1011}, "extension" and "com-

pression" twins (TTW and CTW), respectively. With the main purpose of facilitating the understanding 

of future results illustrated in this dissertation, it is instructive to use the mathematic notions previously 

described for illustrating the crystallographic calculation associated to the {1012} twin, extendable ap-

propriately to other twin modes. 

 

1.2.1 The {1012} twin mode 
 

 

Figure 1-4: The {1012} mode. (a) Coordinate system used. (b) Representation of the mirror symmetry 
across the (0112) plane. (c) View along the rotation axis (the [2110]) 

 

Consider Bortho
p the orthonormal basis characterized by the unit vectors x, y, z and Bhex

p the hexagonal 

basis of vectors a1, a2, c, as in Figure 1-4a. Define Hhex = [Bortho
p → Bhex

p] the coordinate transformation 

matrix between the two bases, such that: 

𝑯ℎ𝑒𝑥 =  

(

 
 
1 −

1

2
0

0
√3

2
0

0 0 𝛾)

 
 

 (1.9) 

a vector u or a matrix A expressed in the hexagonal basis can be therefore expressed in the orthonormal 

basis using Eq. (1.10) and Eq. (1.11): 

𝒖𝑜𝑟𝑡ℎ𝑜 = 𝑯ℎ𝑒𝑥  𝒖ℎ𝑒𝑥  (1.10) 

𝑨𝑜𝑟𝑡ℎ𝑜 = 𝑯ℎ𝑒𝑥  𝑨ℎ𝑒𝑥𝑯ℎ𝑒𝑥
−1  (1.11) 

Among the family of {1012} twin planes and ⟨1011⟩ twin directions, the following calculation refers 

to the twin mode represented in Figure 1-4, where K1 = (0112), η1 = [0111] and η2 = [0111]. As it is 

more intuitive to work in 3-index notation rather than the usually adopted 4-index notation in HCP 

structures, the three becomes: K1,hex = (012), η1,hex = [121] and η2,hex = [121]. Reminding that l, g and 

m respectively represent the unit vectors parallel to the η1 direction, the η2 direction and the normal to 

the twinning plane written, in this case, in the orthonormal basis associated with the unit cell, one finds 

that using Eq. (1.10) and after normalization: 
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𝐥 =
1

√𝛾2 + 3
[0,√3,𝛾] (1.12) 

𝐠 =
1

√𝛾2 + 3
[0, √3, −𝛾] (1.13) 

m, however, can be calculated considering the cross product between the unit vector λ = [100] (repre-

senting the rotational axis across which the parent lattice rotates to reach the twin configuration, see 

Figure 1-4c) and l, as both lay on the twin plane. Thus: 

𝐦 = 𝛌 × 𝐥 =  
1

√𝛾2 + 3
[0, 𝛾, −√3] (1.14) 

The amplitude s of the shear can be expressed as: 

𝑠2 =
𝑟2

ℎ2
= 4((𝐠 ∙ 𝐦)−𝟐) − 1) =  (

𝛾2 − 3

𝛾√3
)

2

 (1.15) 

where r and h are defined in Figure 1-4c. Because a twinning shear is a simple shear, the displacement 

r that each atom undergoes is proportional to the distance from the atom to layer q = 0. The deformation 

gradient tensor S, expressed in the orthonormal basis, will be: 

𝑺𝑜𝑟𝑡ℎ𝑜 = 𝑰 + 𝑠(𝐥 ⊗𝐦) = 𝑰 + 𝑠 (
1

𝛾2 + 3
[

0

√3
𝛾

] [0 𝛾 −√3])

=

(

  
 

1 0 0

0 1 +
(𝛾2 − 3)

(𝛾2 + 3)
−
√3(𝛾2 − 3)

𝛾(𝛾2 + 3)

0
𝛾(𝛾2 − 3)

√3(𝛾2 + 3)
1 −

(𝛾2 − 3)

(𝛾2 + 3) )

  
 
  

(1.16) 

that in the hexagonal basis would become: 

𝑺ℎ𝑒𝑥 =

(

 
 
 
 
1

(𝛾2 − 3)

2(𝛾2 + 3)
−
(𝛾2 − 3)

(𝛾2 + 3)

0 1 +
(𝛾2 − 3)

(𝛾2 + 3)
−
2(𝛾2 − 3)

(𝛾2 + 3)

0
(𝛾2 − 3)

2(𝛾2 + 3)
1 −

(𝛾2 − 3)

(𝛾2 + 3))

 
 
 
 

  (1.17) 

For an ideal HCP structure, γ = √
8

3
 (not very far from 1.624 associated to Mg). The magnitude s of the 

shear in the case of Mg would be ~ 0.129. 

Following [24], the correspondence matrix C can be calculated as: 

𝑪 = −𝑰 + 2(𝐠 ⊗ 𝐦)/(𝐦 ∙ 𝐠) (1.18) 

Based on this, the correspondence matrix of (01̅12) TTW referred to the HCP coordinate system re-

ported in Figure 1-4a, will be: 
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𝑪ℎ𝑒𝑥
𝑡→𝑝,(01̅12) 

= (

1 −1/2 1

0 0 2
0 1/2 0

) (1.19) 

The global invariance of the (01̅12) twin plane (i.e. (01̅2)) can be verified using Eq. (1.7) as follows: 

[
ℎ
𝑘
𝑙

]

/𝐵ℎ𝑒𝑥
𝑡

= 𝑪ℎ𝑒𝑥
𝑡→𝑝−𝑇

 [
0
−1
2

]

/𝐵ℎ𝑒𝑥
𝑝

= (
1 0 0

−1/2 0 1/2
1 2 0

) [
0
−1
2

]

/𝐵ℎ𝑒𝑥
𝑝

= [
0
1
−2

]

/𝐵ℎ𝑒𝑥
𝑡

 (1.20) 

Note that the mirror symmetry of the parent and twin lattices across the (01̅12) plane is confirmed by 

the determinant of the correspondence matrix being -1. This implies the use of the right-hand rule for 

the parent coordinate systems and the left-hand rule for the twin coordinate systems (Figure 1-4). Fig-

ure 1-4b illustrates the twin coordinate system defined by mirror symmetry of the parent coordinate 

system across the considered twin plane. 

The absence of in-plane distortion can be investigated using Eq. (1.4) by analyzing the images of two 

independent vectors initially lying along the twin plane, such as the [100] and the twinning shear direc-

tion [121]. 

[
𝑢
𝑣
𝑤
]

/𝐵ℎ𝑒𝑥
𝑡

= (

1 −1/2 1

0 0 2
0 1/2 0

) [
1
0
0

]

/𝐵ℎ𝑒𝑥
𝑝

= [
1
0
0

]

/𝐵ℎ𝑒𝑥
𝑡

; [
𝑢
𝑣
𝑤
]

/𝐵ℎ𝑒𝑥
𝑡

= (

1 −1/2 1

0 0 2
0 1/2 0

) [
1
2
1

]

/𝐵ℎ𝑒𝑥
𝑝

= [
1
2
1

]

/𝐵ℎ𝑒𝑥
𝑡

 

(1.21)  

As the vectors lying along the twin plane remain invariant (image vector coincides with the vector in 

the parent basis), no in-plane distortion occurs during the twinning process. Therefore, the conventional 

parent-twin interface (the twin boundary, TB), due to strain compatibility conditions, is expected to 

develop along the (01̅12) invariant twin plane, K1 (Figure 1-4a). 

To obtain the misorientation between the twin and the parent, it is necessary to calculate the coordinate 

transformation matrix: 

𝑻ℎ𝑒𝑥
𝑝→𝑡 

= 𝑺ℎ𝑒𝑥    𝑪ℎ𝑒𝑥
𝑡→𝑝,(01̅12) −1

=

(

 
 
 
 
 
1 −

1

2
(
(𝛾2 − 3)

(𝛾2 + 3)
+ 1) 1 +

(𝛾2 − 3)

(𝛾2 + 3)

0 −
(𝛾2 − 3)

(𝛾2 + 3)
2 (1 +

(𝛾2 − 3)

(𝛾2 + 3)
)

0
1

2
(1 −

(𝛾2 − 3)

(𝛾2 + 3)
)

(𝛾2 − 3)

(𝛾2 + 3) )

 
 
 
 
 

 

(1.22) 

In order to determine the rotation matrix, the matrix 𝑻ℎ𝑒𝑥
𝑝→𝑡 

 must be composed with the mirror symmetry 

𝑴ℎ𝑒𝑥  across the basal plane and then be expressed in the orthonormal basis. The result will be: 
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𝑹𝑝→𝑡 = 𝑯ℎ𝑒𝑥𝑴ℎ𝑒𝑥
𝑏𝑎𝑠𝑎𝑙𝑻ℎ𝑒𝑥

𝑝→𝑡 
𝑯ℎ𝑒𝑥

−1

=

(

 
 
 

1 0 0

0 −
(𝛾2 − 3)

(𝛾2 + 3)

√3

𝛾
(1 +

(𝛾2 − 3)

(𝛾2 + 3)
)

0 −
𝛾

√3
(1 −

(𝛾2 − 3)

(𝛾2 + 3)
) −

(𝛾2 − 3)

(𝛾2 + 3) )

 
 
 

 
(1.23) 

with 

𝑴ℎ𝑒𝑥
𝑏𝑎𝑠𝑎𝑙 =  (

1 0 0
0 1 0
0 0 −1

) (1.24) 

The matrix 𝑹𝑝→𝑡 represents a rotation around the a-axis of angle ArcCos(−
(𝛾2−3)

(𝛾2+3)
), equal to 86.3° for 

Mg (γ = 1.624), as typically reported. 

The same calculation can be applied to the {1011} twin mode, also particularly important in Mg. The 

correspondence matrix in the case of (0111) CTW will be: 

𝑪ℎ𝑒𝑥
𝑡→𝑝,(01̅11) 

= (

−1 1/4 1/4
0 −1/2 3/2

0 1/2 1/2
) (1.25) 

characterizing a twin misoriented from the parent by a 56° rotation across the crystallographic a-axis 

[44]. 

More than only applying the crystallographic definitions of twinning, it is interesting to illustrate the 

precise trajectory that each atom makes during the {1012} parent → twin transformation process, show-

ing the entity of the classically proposed shuffling that complete the twinning process after the action of 

the shear. Hereafter, Figure 1-5a reports the field of displacements with the smallest and most probable 

shear and shuffle magnitudes illustrated by Khater, Serra and Pond [45], even if it involves shuffles in 

the –η1 direction. Arrows in black indicate the shear components and those in blue indicate the shuffle 

components: for the even planes, including the composition plane (i.e. layer 0), the shuffle trajectories 

are parallel to ±z whilst on odd planes are parallel to ±y. It is interesting to point out that atomic posi-

tioning in layer 0 of the parent and the twin do not coincide, as indicated by the dashed zigzag green and 

yellow lines, requiring at the TB some "structure shuffles" perpendicularly to the twinning plane (Fig-

ure 1-5a). Generally, structure shuffles are defined as relative translations of the atoms during a twin 

operation [26]. From this, it was advanced the possibility that the twinning plane cannot be invariant 

throughout the twinning process and thus a breakdown of the invariant plane strain condition seems 

occurring in the transient state of the transformation. The concept of a final but not absolute invariance 

of the twin plane, largely discussed in literature [46–48], is not contemplated in the classical shear the-

ory. More will be discussed in the following sections about the unclassical aspects of twinning. Regard-

less of it, Figure 1-5 shows that the competition of shear and shuffles transforms the parent basal plane 

into the twin prismatic, (0002)𝑝  → (101̅0)𝑡 , and the parent prismatic in the twin basal, 
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(101̅0)𝑡 → (0002)𝑝, particularly characteristic in the {1012} twin. A Transmission Electron Micros-

copy (TEM) image of the {1012} twin is illustrated in Figure 1-5b. 

 

 

Figure 1-5: (a) Dichromatic complex of the {1012} twin with the displacements of atoms decomposed 
into shear (red) and shuffles (blue). (b) TEM image of a {1012} TB in Mg. Figures taken from [45]. 

 

Even though the shear theory is extremely useful to mathematically describe the deformation twinning 

mechanism in all the crystal structures, important considerations have been raised about the practical 

impossibility of a pure shear mechanism at the base of twinning. 

 

1.3 Alternatives to the shear theory 
 

The most important drawback of the shear theory resides in the fact that, in order to twin a perfect 

crystal, the collective shear displacement of the atoms would imply a magnitude of shear stress in the 

same order of the shear modulus µ, which is higher than anything that has been experimentally measured 

[45,49–51]. Dislocations are thus required for any shear deformation (gliding, twinning, and martensite). 

In FCC metals, especially those with low stacking fault energies, {111}⟨112⟩ twinning mode is prom-

inent in deformation performed at low temperatures and high strain rates (HSRs) [52,53]. As the 

{111}⟨112⟩ twinning system is coplanar with the {111}⟨110⟩ slip system, twinning can be explained 

by the motion of Shockley partial dislocations with (a/6)⟨112⟩ Burgers vector on successive planes. 

Differently, the most common {1012} twinning mode in HCP metals is not coplanar with any slip 

systems (Figure 1-6): (0001 )⟨1120 ⟩ for basal <a> slip, {1010 }⟨1120 ⟩ for prismatic <a> slip, 

{1011}⟨1120⟩ for pyramidal <a> slip, {1011}⟨1123⟩ for pyramidal I <c+a> slip, and {1122}⟨1123⟩ 

for pyramidal II <c+a> slip. This implies that deformation twinning in HCP cannot be derived as for 

FCC from successive glide of partial dislocations. How does it then take place? 

Surprisingly, despite the massive computational and experimental efforts carried out by the scientific 

community for explaining how twinning occurs in HCP metals at each stage of the process (nucleation, 

growth and thickening), a long-standing scientific debate regarding which precise mechanism takes 
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place and governs the atomic movements during the parent → twin transformation still exists, particu-

larly for the early stage of the process [47,54]. The few existing twin nucleation models for HCP metals 

presented to date can be classified as either homogeneous or heterogeneous nucleation models. Homo-

geneous nucleation refers to a nucleation process that does not directly result from the presence of a 

defect and heterogeneous nucleation refers to one that does. In particular the former describes defor-

mation twinning as a collective movement of the atoms without involving dislocations [46,55,56], the 

latter focuses on the key role of special TB dislocations called twinning dislocations (TD, Section 

1.3.1.1) in mediating the twinning processes [54,57–59], similarly to what occurs in FCC metals. Com-

mon features between the models are nevertheless the requirement of large stresses or stress concentra-

tions in the region of the nucleation event and an energy balance between the applied work, TB energy, 

and strain energy produced by the twin shear. Being a localized, stochastic and ultrafast mechanism, the 

major cause of the standing dispute concerning the description of the precise twin mechanism in HCP 

resides in the technically challenging direct visualization of the sequence of events leading to the for-

mation of embryonal nano-twins (twin nucleation) that subsequently enlarge reaching the macroscopic 

scale-size (twin growth). 

 

 

Figure 1-6: Deformation modes in HCP Mg: (left) basal, prismatic, and pyramidal slip systems and 
(right) tension and compression twinning systems. Red, orange and green arrows indicate <a>, <c> and 
<c+a> type dislocations. The black arrow represents the direction of the twinning shear. Figure taken 
from [60]. 

 

In what follows, a brief overview of the three main different developed twinning nucleation theories 

(topological, hard-sphere displacive and pure-shuffle) is given. Because the conception of some theories 

is motivated by the necessity of explaining unexpected experimental results ("unclassical" twin features, 
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i.e. characteristics that do not follow the crystallographic twin morphology described by the shear the-

ory), to help the reader to better contextualize the reasoning behind the models, some of the "unclassical" 

twin features experimentally reported will be presented and discussed simultaneously. 

 

1.3.1 Twin nucleation theories in HCP metals 

 

1.3.1.1 Topological model 

Since twinning occurs at stresses comparable with those for slip, it seemed reasonable that dislocations 

are the cause of deformation twinning [61]. However, the absence of coplanar twin and slip systems 

required alternative presuppositions on the initiating defect and led to the introduction of "twinning 

dislocations" (TDs), also known as "disconnections". The concept of a TD in HCP crystals was firstly 

graphically introduced in an early work by Thompson and Millard [62], and later in other works by 

Kronberg [63], Westlake [64] and Serra et al. [65]. Later, Pond and Hirth [66] defined a TD, at least for 

the understanding of twinning mechanism, as a line defect having both a dislocation and step character. 

The height of the step is dependent on the type of dislocation and consists of n crystallographic planes. 

When n is greater than 1, the distortion caused by a single twinning dislocation is not restricted to a 

single plane but affects n of them such that the glide of a TD will involve glide on each of the n planes 

along with some small corrective shuffling that places atoms in the correct twin positions. A more de-

tailed conceptualization of the TD as "zonal dislocation" (as it distorts more than one lattice plane) 

proposed by Mendelson [57,58] for HCP metals, substitutes the homogeneous lattice shear by a hetero-

geneous mechanism made of movements of regularly spaced dislocations that transform the lattice of 

the initial phase into a mirrored configuration, together with some corrective atomic shuffling. The dis-

location-based transformation later popularized by Christian [67], affirms that non-planar dissociation 

reactions of lattice dislocations lead to the generation of glissile TDs on their respective planes [58] and 

therefore to the formation of a twin nucleus. The dislocation dissociation at a defect site such as a GB 

or an individual dislocation was considered to be more likely [57,58,62,68]. For completeness, a brief 

review of the dislocation dissociation mechanism extensively discussed in Ref. [26,57–59,69] is pro-

posed hereafter for the case of HCP metals. 

The dissociation configurations in HCP are non-planar and consist in a TD, denoted bt, either pure edge 

or screw, and a stair rod dislocation br lying between the slip plane of the original slip dislocation that 

has dissociated and the twin plane (Figure 1-7). Note that, within the framework of the topological nu-

cleation model, bt indicates the norm of the Burgers vector of the TD, with bt given by ns'[𝜂1], where s' 

is determined by the shear necessary to create a twin lamellae of arbitrary thickness n [69]. The TD for 

the twin mode {1012} has a 2-layer thick step height [58] (n=2), η1 corresponds to the [1011] direction 

and the value of s' is 0.064. The Burgers circuit reproduced in the dichromatic pattern of Figure 1-8a, 

illustrates the step produced by one TD in the {1012} TB. To take place, the dissociation obeys three 
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rules: (i) the locus of the TD line must coincide with the line of the intersection of the slip plane and 

twinning plane; (ii) the Burgers vector of the TD must provide the necessary shear for twinning; (iii) the 

resolved force on glissile partials must be repulsive. In other words, (i) means that the dissociating slip 

dislocation b must have the appropriate character and orientation, suggesting that twin nucleation will 

be probabilistic in nature; (ii) means that at least one of the reaction products of the dissociation is a TD, 

thus partial, which lies on the twinning plane. Note that the dissociation reaction can generate more than 

one TD. When two are generated, the term symmetric dissociation refers to TDs belonging to two dif-

ferent or to the same variant of a specific twin type, whilst asymmetric dissociation to TDs lying on 

different twin types (Figure 1-7c). 

 

 

Figure 1-7: Crystallographic directions and planes for (1012 ) twinning dislocation nucleation from 
non-planar dissociation of (a) edge <c> and (b) mixed <c+a> dislocations. The zone axis lies at the 
intersection of the initial dislocation glide plane (light grey) and the (1012) twin plane (dark grey). The 
orientation of the Burgers vector defines the dislocation characters to be edge for <c> and mixed for 
<c+a>. The dislocations are dissociated into a glissile TD on the twin plane, leaving behind a sessile 
stair rod dislocation at the zone axis. (c) Schematic of the dissociation of a slip dislocation into twinning 
dislocations (top), and first partial dislocation loop on the first twinning plane (bottom). Figures taken 
from [59,69]. 
 

In the representation in Figure 1-7c one can see that the TD(s) is(are) imagined to propagate as a stable 

twin loop(s). Once generated it expands from the stair rod by moving along d, while L remains constant 

(Figure 1-7b). The important feature to address to TDs, according to this heterogeneous model, is the n-

layer thickness. The value of twin step character n can be known solely through molecular simulations 
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and the analytical treatment regarding its correlation with the twin shear value has been mathematically 

explained by Mendelson [57] in 1969. 

 

 

Figure 1-8: Disconnection in {1012} TB. The vector FS is the Burgers vector of the disconnection re-
produced in the dichromatic pattern (a). The {1012} TB is indicated by red dashed line. Projection 
in <1210> direction. (b-d) High resolution TEM images illustrating the existence of TDs in Zn (b), Co 
(c), and Ti (d). Figures taken from: (a) [47]; (b) [70]; (c) [71]; (d) [72]. 

 

Capolungo and Beyerlein [59] used the described three dimensional model for analysing nucleation twin 

by dissociation of basal and prismatic <a> dislocations. For an individual <a> slip dislocation it was 

found that it is not energetically possible to form a {1012} stable twin loop. Along this line, it was 

computationally observed by Wang et al. [73] that the 2-layer thick twin lamellae in Mg is generally 

unstable. Since the TD for the {1012} twin mode has a 2-layer thick step height, Wang concluded that 

any type of pole mechanism leading to nucleation of a single TD is not likely. Therefore, for the heter-

ogeneous model of twinning nucleation, multiple TDs should be produced by dissociation. Alternative ly 

to that, Capolungo and Beyerlein [59] observed that the addition of even a small pile-up of N slip dislo-

cations, or of any suitable defect arrangement, can provide the necessary stress for the dissociation of 

the lead dislocation into a stable twin fault loop. From this, they conjectured that the dependence of the 

stable twin nucleation on slip dislocation pile-ups suggests that the twin nucleation mechanism itself 

could be rate-dependent and particularly favoured when thermally-activated dislocation glide is re-

stricted (e.g. under HSR and low temperature conditions) as dislocation pile-ups are more prone to form. 

More generally, location of high stress concentration would act as a precursor to the formation of a 

stable twin nucleus. 
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Yet, since the {1012} common twinning mode is produced by deformation along the c-axis, it can be 

also expected to compete more favourably with any non-basal slip whose Burgers vector has a compo-

nent in the c-direction [74]: <c> and <c+a>. Consequently, Ghazisaeidi and Curtin [69] have evaluated 

the dislocation-assisted twin nucleation mechanism in Mg by dissociation of <c> or <c+a> slip disloca-

tions. The crystallographic orientation of dislocations considered in the reactions is shown in Fig-

ure 1-7a,b. In both cases, the line direction is given by the intersection of the slip (light grey) and twin 

planes (dark grey) and the Burgers vectors define the dislocation characters to be edge for the <c> and 

mixed for <c+a>, respectively. From this study, they report that the most energetically favourable dis-

sociation leads to three TDs, i.e. to a 6-layer or thicker twin nucleus. Furthermore, as a result of their 

work, it was considered that dislocation-assisted mechanisms for twinning in Mg, initiating from lattice 

dislocations with large Burgers vectors, are physically feasible, and therefore twin nucleation from grain 

boundaries is not necessarily the dominant mechanism of twinning in Mg. 

Despite the large amount of computational works done to address all the different aspects of the dislo-

cation-assisted twin formation in HCP metals, the nucleation mechanisms and atomic structures of twin 

nuclei that have been postulated to result from the aforementioned dissociation reactions have not been 

experimentally validated. This, however, does not imply that the existence of TDs is fictitious. Indeed, 

the 2-layer step TD in the {1012} TB illustrated in Figure 1-8a has been confirmed via high-resolut ion 

TEM (HR-TEM) in the case of Co, Ti and Zn. Nevertheless, it is questionable whether TDs become 

predominant in the deformation twinning process only after the twin nucleation, i.e. twin growth. 

To summarize, the topological model still uses the concepts of the shear-based theory of twinning, help-

ing to overcome the incongruences between the experimental and theoretical shear values. However,  

direct observations of the origin of twin embryos through TDs (e.g. the dissociation mechanism at the 

root of their nucleation that induces the twin formation) have never been reported. Additionally to that, 

as dislocations and plasticity are the results of irreversible mechanisms, the topological theory is unable 

to explain the de-twinning mechanisms observed in FCC or HCP metals, as well as how deformation 

twins can grow at velocities close to the speed of sound. How it is possible that coordinate arrays of 

dislocations can move so fast? In the same order of ideas, why decreasing the temperature favors defor-

mation twins if twinning is generated by dislocations? Alternatives to the topological theory have been 

thus developed and are described below. 

 

1.3.1.2 Hard-sphere displacive model 

C. Cayron [75] proposed an alternative theory about twinning nucleation, known as "hard-sphere dis-

placive model". It does not take into account disconnections. Dislocations are indeed thought not to be 

the cause of the twinning distortion but its consequence, hence they are defects let at the interface and 

created to locally accommodate the deformation caused by the lattice distortion. This approach, based 

on the assumption that atoms are hard spheres, shares with the shear theory the concept of homogenous 
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distortion in order to preserve the displacive nature of the transformation. Additionally to that, the cur-

rent model uses many other arguments of the shear theory as well as its mathematical formulation: the 

lattice distortion is linear, a correspondence exists between the parent and the daughter crystals and this 

correspondence is given by the stretch part of the distortion obtained by polar decomposition. However, 

differences reside in the atomic movement as the atoms do not simply move along straight lines but 

rather undergo continuous rotation while remaining in contact (Figure 1-9). Indeed, the main discord-

ance between this model and the classical shear-based theory is that the shear matrix S is inappropriate 

to catch the transient stages of the distortion mechanism and is therefore replaced by the more general 

“angular distortive” matrix, named F (finally explaining its initial introduction in Section 1.1.1). 

But what about shuffling? It is almost redundant to specify that shear and shuffles are concomitant. 

Nevertheless, for the understanding the deformation twinning mechanism, the shear theory first de-

scribes the formation of the sheared lattice and only then defines the shuffles, however not uniquely. 

Differently, the hard-sphere displacive model here defines distinctively all the atomic trajectories in a 

one-step process as a consequence of the hard-sphere hypothesis. 

 

 

Figure 1-9: Hard-sphere displacive model of TTW in Mg. The overall mechanism can be modelled 
mathematically by two steps: atomic displacements associated with a stretch distortion (Bain compo-
nent); compensation of the obliquity ξ of the {1012} plane by applying a contra-rotation. (a) Crystal 
structure. (b) Initial, intermediate and final position of atoms. (c) Schematic view on the plane 
OYZ = (2110)p of the tilt ξ of OV around the a-axis. (d) Evolution of the ratio of distances OV′/OV 
proving that, even if the tilt ξ is corrected, the plane cannot be maintained fully invariant. (e) Change of 
volume ratio V′/V during TTW, as function of the parameter κ = Sin(η), varying from κs = 0 (start) 
to κf = 1/3 (finish). η is defined in (a). Figure taken from [46]. 

 

With the adopted description of the twinning mechanism [46], the mathematical formulation of the 

transformation can be obtained by polar decomposing the distortion matrix in (i) a pure crystal stretch 

(Bain-like distortion but also called here tetragonal transformation, see Figure 1-9c and Figure 1-10), 
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represented by a symmetric matrix, and (ii) a rotation that continuously maintains untilted the twin plane, 

thus compensating the rotation of the direction OV (Figure 1-9c and Figure 1-10). Tetragonal defor-

mation and compensating lattice rotation have to be intended to occur simultaneously. 

 

 

Figure 1-10: Scheme of interrelation between twinning simple shear on {1012} plane and basal-pris-
matic tetragonal deformation. Black rectangle is the projection of HCP unit cell in <a> direction (AB is 
the trace of basal plane and BC is the trace of prismatic plane). Due to twinning shear on {1012} plane, 
the black rectangle is deformed into green one. Basal-prismatic tetragonal deformation deforms black 
rectangle to the red one. Red and green rectangles have the same shape, but different orientation. Figure 
taken from [47]. 

 

By calculating the determinant of the distortion matrix, function of the continual angular distortion 

κ = sin(η), Cayron observed that indeed a change of the unit volume and of the distance OV along the 

twin plane take place (as already pointed out at the end of Section 1.2.1), meaning that simple shear 

matrices are not the most appropriate tool to describe the continuous trajectories of the atoms. The max-

imum volume change for {1012} twin was calculated to be ~3% (Figure 1-9e). Notably though, at 

completed distortion, the hard-sphere displacive model can describe the twin crystal as if a simple shear 

has occurred. 

Since twinning is not modelled by shear matrices, a criterion to predict the twinning mode that will 

occur for different loading directions was proposed, substituting the Schmid’s law. The interaction work 

Wint of a unit volume of a material that deforms by mechanical twinning under an external stress field Γ 

is given by the product 

W𝑖𝑛𝑡 = 𝜞𝑖𝑗𝓔𝑖𝑗  (1.26) 

with the deformation matrix directly calculated from the distortion matrix F by 

𝓔 = 𝑭 − 𝑰 (1.27) 

Thus, equal stress field Γ but different F leads to different Wint. The interaction work Wint is then com-

parable with the interaction work calculated with the complete distortion shear matrix Ws (used in the 

classical shear-based theory and dislocation theory). Cayron however pointed out that by using Wint 

instead of Ws it could be possible to explain some cases of “anomalous” twinning  in polycrystalline Mg 

(i.e. twin modes formed under unfavourable Schmid factor) without addressing the cause by using the 

difference between the local stresses and the global ones. 
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Note that the non-Schmid factor behaviour [76] in HCP metals is extensively discussed in literature and 

remains to certain extent elusive. Although some authors affirm that {1012} twinning obeys the Schmid 

law [77], there are some evidences of {1012} twin formation with low Schmid factor [78–80]. It was 

proposed that the reason for this particular and stochastic behaviour of twinning lies in the different 

nucleation mechanisms; in particular on the nature of initial heterogeneities, precursors of twinning, and 

their spatial organization in the crystal. In this context: Beyerlein et al. [81] suggested that the accurate 

prediction of the twin variants requires to treat the twin nucleation in a probabilistic manner rather than 

by a deterministic approach based on the Schmid law; Wang et al. [82] addressed the twin nucleation 

by slip transfer concluding that twins activated by this mechanism always have the highest value of 

slip-transfer parameter despite the very low global Schmid factor, in agreement with the experimental 

work conducted by Guo et al. [83]. 

 

1.3.1.3 "Pure-shuffle" (or better "unit cell reconstruction") 

Before introducing the aspects of the theory, it is important to recall the definition of shuffle. 

Delaey [84] reports: “A shuffle is a coordinated movement of atoms that produces, in itself, no lattice 

distortive deformations but alters only the symmetry or structure of the crystal; a sphere before the 

transformation remains the same sphere after the transformation” and that “…are small enough not to 

alter significantly the kinetics and morphology of the transformation”. This means that a "pure-shuffle" 

transformation, by definition, should regard a transformation that does not significantly change the lat-

tice. As it is quite difficult to imagine that deformation twinning mechanism takes place without lattice 

distortive transformations, the idea of “pure-shuffle” in twinning is unclear a priori. The large use of the 

term "shuffling-dominated" mechanism in the literature has become also extremely misconceiving in 

the case of twinning. Nevertheless, the pioneers of the "pure-shuffle" model in twinning [85] willingly 

used the term "pure-shuffle" to firmly stand out a transformation that requires no shear to be accom-

plished (see publication entitled "twinning with zero twinning shear" [86]). In the continuation of this 

description, the basis of the theory are shown; however the term "unit cell reconstruction"(UCR), intro-

duced more wisely later [56], should be preferably used, avoiding any wrong interpretation of the term 

shuffle itself. 

The UCR model describes deformation twinning as a homogeneous process that does not require the 

introduction of disconnections throughout the entire twin process (nucleation and growth): "the par-

ent → twin transformation involves no definable dislocations at the TB and the twin orientational rela-

tionship can be established purely by local atomic rearrangements, directly constructing the twin lattice 

from the parent lattice" [85]. 

The conception of UCR theory was inspired by two main aspects that emerged when analysing the case 

of the {1012} twin in Mg. 
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1- If one considers that the twinning plane remains invariant throughout the transformation, then 

the twin lattice must remain distorted; however, if it is desirable to correct the lattice distortion 

by moving the atoms of the twin to the correct positions, then the  twinning plane can no longer 

be invariant (Figure 1-11). (Note: this is not different to what already discussed in Sec-

tion 1.3.1.2 and to what Figure 1-5a illustrates). 

  

Figure 1-11: Three dimensional analysis of the lattice transformation. The parent and twin are shown in 
red and blue lattices, respectively. (a) The shaded (101̅2) plane is shared by the parent and the distorted 
twin lattice. Shuffles must occur to adjust the distorted twin lattice to the correct HCP lattice. For this, 
the shaded twinning plane cannot remain invariant. (b) Shuffles in the <12̅10> projection view. The 
yellow arrows mark the atomic shuffles. The dashed lines denote the trace of the twinning planes. It is 
visible that the twinning plane must be distorted by the shuffles, irrespective of the misorientation angle. 
Misfit strains are indicated by ∆d. Figure taken from [86]. 

 

2- Under the external compressive stress along the <101̅0> direction, i.e. a1+2a2 axis (experienced 

in the material as an indirect tension along the c-axis), the presence of "unclassical" basal/pris-

matic twin interfaces (BP/PB interfaces) has been experimentally observed, though which a 90° 

misorientation is established between the parent and the twin along the a-axis [56]. The latter is 

different from the 86.3° misorientation expected by the classical theory of twinning (Fig-

ure 1-12a). Li et al. [56] thought that the UCR process, accomplished through the atomic dis-

placement field illustrated in Figure 1-12b, can explain the actual 90° TB deviating from the 

classical invariant twin plane, denying that the {101̅2} twin nucleation mechanism could be 

obtained from a homogeneous shear triggered by the formation of TDs. 

3- As the requirement of the existence of a mirror plane is indeed not fulfilled when the parent and 

twin lattice differ by a 90° misorientation, the concept of "twinning as a mirror symmetry" itself 

became questionable. However, when the 86.3° misorientation is satisfied, very often TB trace 

does not macroscopically follow the expected invariant twin plane trace (the latter also known 

as coherent twin boundary, CTB). Note that TBs that do not macroscopically coincide with CTB 

are defined as incoherent TBs. Furthermore, even when the TB appear macroscopically coherent 

and an 86.3° misorientation is determined, BP/PB serrations are also commonly locally ob-

served [86–88]. Note that TBs characterized by CTB and BP/PB interfaces are defined as 

semi-coherent TBs (sCTBs). Differently, CBP defines a parent-twin interface composed by 
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CTB and BP/PB across which a 90° misorientation is established [89]. Figure 1-12a-f illustrates 

some of the above-mentioned "unclassical" twin features experimentally observed. 

 

  

Figure 1-12: Unconventional twinning features. (a) Schematic illustration of the conventional (86.4°, a) 
twin (left) and the unconventional (90°, a) twin geometries (right). For the (90°, a) twin, the reoriented 
lattice does not hold a rigorously crystallographic (rational) orientational relationship with the parent 
lattice as expected for twinning. A and A' do not coincide. (b) Possible transformation route via shuffling 
atomic rearrangements for the formation of the (90°, a) twin. (c-e) TEM observations of the (90°, a) 
twin characterized by basal/prismatic interfaces. (f-h) TEM observations a semi-coherent TB. (i) TEM 
images showing large deviations of the TB trace from the CTB trace (incoherent TB). Figures taken 
from [56,90–92]. 
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From these observations the authors of the UCR model conclude [86]: "Because a twinning mode cannot 

have multiple values of s (to justify all the different deviations from the CTB condition [91]), s should 

always be zero, irrespective of the misorientation angle". Therefore, the breakdown of the invariant 

plane strain condition and the observation of various parent-twin misorientations can be entirely ex-

plained by considering twinning as a mechanism purely mediated by collective atomic rearrangements 

(Figure 1-12b) that can be adjusted to accommodate different deviations. Note that the occurrence of 

the 90° "twin" was reported during compressive loading at low strain rates (10-3 s-1) in 200 nm diameter 

pillars [56] and was interpreted as a tetragonal Bain-like distortion of the HCP crystal structure that 

takes place under high-stress loading conditions. In term of the atomic mechanism for lattice reorienta-

tion, it was mentioned that neither the well-known pole mechanism [62] nor the disconnection mecha-

nism for deformation twinning can explain the nucleation and structure of the TB observed in their work, 

fuelling the debate on the homogeneous or heterogeneous nature of twinning nucleation in HCP. 

 

1.3.2 Ongoing debate at the beginning of the thesis 

 

A large amount of scientific articles have been and are still being published in response to the last de-

scribed model and to justify the occurrence of the 90° "twin", making it very difficult for all those who 

are novices in the field to understand what is the concept behind the twinning nucleation mechanism in 

HCP. Here, are reported some of the latest most important comments. 

On one hand Cayron affirms [75]: "It is difficult to imagine that the atoms can move independently of 

the lattice in which they are contained. This would be possible with a big lattice containing many 

largely-spaced atoms of small size, but is completely impossible with a hard-sphere model, in which the 

atoms are in contact, as proved by the calculations of [46]. When the atoms move, the lattice is distorted, 

and vice versa. There is no possibility of elastically accommodating atomic displacement in the unit cell 

while maintaining the unit cell dimension." However he observes that: "Despite the possible confusion 

raised by the term “shuffle”, we can notice that this model is probably not so different from the hard-

sphere model we propose. Indeed, the trajectories of the atoms shown in" Figure 1-12h "seem to be the 

same as those shown in" Figure 1-9b. 

Ostapovets, on behalf of the "supporters" of the topological model, reports [47]: "… the relevance of 

twinning disconnections take place on the basis of the mentioned experiments. The faceting of twin 

boundaries can be understood as “pile-up” of disconnections gliding in parallel planes. Moreover, the 

disconnection cores themselves often contain a short segment of one of the frequently observed facets. 

Consequently, the phenomenon of significant twin boundary inclination from the invariant plane fits the 

idea of disconnection growth mechanism. The breakdown of “invariant plane condition” on such facets 
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is the natural consequence of the dislocation nature of disconnections". He continues: "… the orienta-

tion of the product can be slightly different from the situation when the invariant plane condition is 

satisfied. In this case, a rigid rotation of the product relative to the classical position occurs. Replace-

ment of shear twinning deformation by tetragonal Bain deformation," (the UCR mechanism), "does not 

lead to physically new type of deformation and it is equivalent to change of coordinate system". 

 

Summarizing, the main scientific disagreements between the "shear-dominated" (TD mechanism) and 

"shuffling-dominated" mechanisms can be listed in the following points: 

For the "shear-dominated" mechanism: 

1- The existence of TDs has been experimentally proven, leaving no space for debates such "the 

corresponding Burgers vector is zero", as some authors claimed [85,86]. 

2- The shuffling process does not contribute to the {101̅2} twinning shear at thus contradicts the 

classical shear-based twinning theory [26,93]. The shear nature of twinning cannot be neglected 

from the numerous macroscopic observations where the TB coincide with the invariant twin 

plane. 

3- The explanation of the formation of CTBs cannot be provided by a "shuffle-dominated" mech-

anism as it is not confined in the invariant twin plane, contrarily to the dislocation nature of 

TDs. 

4- Incoherent TBs can be explained by the interaction of the growing interface with lattice dislo-

cations [51,65,94–97]. 

5- Plastic shear was shown to reduce the elastic energy of the twin/parent system in HCP crystals, 

whilst that has not been reported to occur in a shuffling-dominated mechanism [98,99]. 

 

In favour of the "shuffle-dominated" mechanism: 

1- The "shear-dominated" mechanism cannot explain the establishment of parent-twin misorienta-

tions that are not conform to those reported by the shear-based theory of twinning. 

2- {101̅2} twinning has been observed to be reversible during cycling loading (de-twinning mech-

anism); however, TD-controlled TB migration is irreversible because the shear-based theory of 

twinning imposes that twinning is polarized (or unidirectional).  

3- The "shuffle-dominated" mechanism can accommodate large deviations of the TB from the in-

variant twin plane while maintaining the non-classical parent-twin misorientation of 90°. 

4- Contrarily to the TD-assisted twin growth, the collective (but non–random) rearrangement of 

the atomic positions resulting in a reorientation of the HCP crystal is naturally compatible with 

the ultrafast (might be supersonic [100,101]) nature of deformation twinning. 
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Regardless of which theory is valid, it is quite interesting that a twin can form without the establishment 

of a mirror plane, condition that is at the basis of the twinning theory [24]. Thus, one cannot ignore that 

a fundamental piece is missing to build the general theory of twinning in HCP. The topological model 

is widely accepted in literature, however, the nucleation of twin embryos through dissociation of lattice 

dislocations into TDs has never been observed experimentally. Also, the disconnection theory is usually 

re-adapted to justify various results from HR-TEM by the aid of molecular dynamic simulations; Men-

delson [58] indeed demonstrated that even with strict crystallographic requirements, the number of pos-

sible slip dislocation dissociations producing glissile TDs is large (~80). Yet, any theory should be 

judged by its predictions. A universally accepted theory is indeed a theory that should predict the char-

acteristics of the twins in advance, not explain them after they appear; and this is what the community 

is seeking today for the strategic engineering of HCP alloys through the mechanism of deformation 

twinning. To conclude, it is conceivable that twinning in HCP involves both the homogeneous and het-

erogeneous mechanisms, and the community should not discard the possibility of their mutual im-

portance. Along this line, very wisely, Wang et al. [55] recently claimed that due to the unneglectable 

existence of the 90° twin reported by Liu et al. [56], {101̅2} twin nucleation may be indeed mediated 

by "pure-shuffling", whilst the {101̅2} twinning growth requires the nucleation of TDs. This however 

raises other questions: if shuffling triggers the twin formation, why can a twin not be grown through it? 

How can the two mechanisms be related? 

The final chapter of this thesis (Chapter 7) provides the current understanding of deformation twinning 

in HCP metals, combining the results of this work with very recent striking discoveries from literature.  

 

1.4 Size, orientation, strain rate and temperature effects on deformation twin-

ning in Mg 

 

Section 1.3 aimed to raise awareness about the complexity of deformation twinning in HCP and the 

state-of-the-art of twinning theory at the time this project started. Although part of the motivations be-

hind the experimental campaigns that will be illustrated in Chapters 3, 4 and 5 relates to the aspects 

discussed above, the novelty of the thesis project also lies in the systematic investigation of the mutual 

effects of orientation, strain rate and temperature on the mechanical response of Mg at the microscale, 

with particular regards on the deformation twinning mechanism. 

From this point on, it must be reminded that the response of the materials at the microscopic scale (of 

interest in this dissertation) requires a different level of accuracy than the analysis of the behaviour of 

the material at the macroscopic scale. In particular, in single microcrystals, together with the effect of 

size in affecting the mechanism accommodating the plasticity, the orientation of the hexagonal structure 

with respect to the loading direction itself selectively activates deformation modes (slip and twinning), 

each of which has a different dependence on temperature changes and externally applied strain rate. This 
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undoubtedly falls on the mechanical response of the material. A literature review on the effects of size, 

orientation, deformation rate and temperature on deformation twinning in Mg will be therefore reported 

in this section. 

Because the direct measurements of the stress using micromechanical testing rig represents the tool for 

providing insight into the nature of slip and twinning activity, it is necessary to draw attention to some 

aspects. At the microscale, the extraction of material properties from the stress-strain curves (such as 

the yield stress) requires a higher level of sensitivity, especially in the case of soft metals like Mg where 

relatively low forces are sufficient to induce plastic deformation. Moreover, the level of difficulty in-

creases when specific quantities, as well as their variability, are directly attributed to complex defor-

mation modes, like twinning. It is indeed crucial to carefully specify how the twinning yield stress (𝜎𝑡) 

is usually defined. For twinning in particular, the major complexity resides in experimentally decoupling 

the singular twin and slip contributions to the plastic flow and characterizing the critical resolved shear 

stress for twinning itself (𝜏𝑡), especially when altering the testing parameters (such as size, temperature 

and strain rate) as the local stresses and defect structures from which twins nucleate can consequently 

vary [58,59,73,102,103]. Since the occurrence of slip during plastic deformation can act as a concentra-

tor of stresses and trigger the onset of a twin nucleus, the activation of the primary twin variant may 

therefore depend on the rate sensitivity of slip, particularly when slip is the easiest deformation mode. 

This, in turn, limits the assessment of the individual sensitivity of embryonic twin nucleation on the test 

variables. Therefore, with the current state-of-the-art techniques the precise stress values tied directly to 

twin nucleation at the atomic scale cannot be pulled out for evaluating the stress value at which twinning 

takes place. Consequently, the onset of the parent→twin transformation has usually been taken in cor-

respondence to: 

- the first detected load drop (peak stress preceding the load drop) in displacement-controlled 

testing mode [83,104,105]; 

- the first detected strain bursts in load-controlled testing mode [23]. 

 

1.4.1 Size and crystal orientation effects 

 

Twinning has been reported to exhibit size effect [106]. In particular, size effect on the stress for twin-

ning nucleation was reported to induce twinning suppression [107,108]. In this regards, it has been 

shown that at smaller scales, due to the reduced amount of pre-existing sources ("promoters") for twin-

ning formation, the stress required to twin increases drastically [109,110], favouring the predominance 

of slip over twin in mediating the plasticity [106]. Indeed, although the size effect also occurs for dislo-

cation slip [111,112], in microscale structures, the nucleation of multiple dislocations creates pile-up 

arrays providing the energetic contribution via stress concentration required for the embryonic twin for-

mation. In nano-scaled samples, these arrays are less favourable as dislocations become mobile and their 
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gliding across the entire structure accommodates the deformation [106,107,113]. Therefore, it is as-

sumed reasonable that a critical size exists below which twin appearance is suppressed [114,115]. In 

titanium at RT and for strain rates in the order of 1×10-4 s-1, the size value of {112̅2} twin suppression 

is found to be ~1 μm [106]. 

Nevertheless, whether a size-dependent-twinning suppression mechanism occurs in Mg or not needs to 

be clarified. Yu et al. [108] reports: "Micropillar compression results for single-crystal Mg oriented for 

twinning showed no twinning in samples from approximately 2 μm to 10 μm in diameter. Both Lilleodden 

[116] and Byer et al. [117] tested pure Mg single-crystal pillars with the same [0001] crystal orientation 

and reported pyramidal and <c> type dislocations in the deformed pillars, but no twins. The size regime 

where the deformation twinning vanished in Mg is larger than that observed in Ti". They continue: "it 

was also observed [118] that deformation twinning reoccurred during compression of Mg pillars in 

extremely small samples oriented for deformation twinning with diameters of approximately 200 nm ".  

In this last case (Ref. [118]) however, the pillars were loaded along the direction perpendicular to [0001]. 

Thus, it is extremely important to remember that, even if Yu et al. [108] suggest that twinning in Mg 

may vanish within a specific size range at the microscale, deformation twinning is unidirectional in HCP 

systems and their conclusion may therefore be misleading. Indeed, other studies on pure Mg with struc-

ture sizes ranging from 0.4 to 20 μm in diameter, reported that plastic deformation is predominantly 

adapted by {101̅2} twinning when micropillars are compressed along the [21̅1̅0] axis [105,107,119], 

i.e. perpendicularly to the [0001] direction as in Ref. [118]. In this case, the size effect was only associ-

ated with a stress increase for twin formation ("smaller is stronger"). Based on experimental evidence, 

this suggests that no intrinsic critical size exists for twinning suppression in Mg and that rather the 

loading direction plays an important role in the transition from a twinning-dominated to a slip-dominated 

mechanism and vice versa [120]. deformation twinning however forms in [0001] compression in ex-

tremely small Mg pillars with diameters of approximately 200 nm [121], but it must be specified that 

the nucleated twin system corresponds to the {101̅1}, which, being a CTW, is indeed expected to form 

in c-axis compression. Differently to the {101̅2}, the {101̅1} twin mode is reported to have a higher 

critical resolved shear stress compared to pyramidal slip [122], explaining the reason behind its absence 

during [0001] compression at the microscale. Nevertheless, via molecular dynamic simulations, Sim et 

al. [107] show that during [101̅0] compression (indirect c-axis extension), twinning in Mg was sup-

pressed at extremely small sizes, below 120 nm (see Figure 1-13a). Contrarily, via molecular dynamic 

simulations, Zu et al. [123] and Zhang et al. [124] reported the formation of embryonic twins 90° miso-

riented with respect to the parent crystal during c-axis extension, leaving the debate of twin suppression 

fairly unclear. Yet, the further understanding of the different size-dependent-twin suppression mecha-

nisms in Ti and in Mg necessitates a more detailed investigation on the nature of the triggering mecha-

nism at the basis of twin nucleation (during the incubation period) in different HCP metals. 
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1.4.1.1 Size effect on the yield strength 

To evaluate the size effect on {101̅2} twinning, the yield stress at which twinning occurs is usually 

plotted as a function of pillar size. In general, the size effects are observed to follow a power-law rela-

tionship of the form 𝜏𝑐𝑟𝑠𝑠  ∝ 𝑑
−𝑛 . Because the formation of the first embryonic twin is usually preceded 

by the orientation dependent slip activity, the power-law exponent (n) in single microcrystals needs to 

be specified with regard to the loading direction. Note that d represents the grain/specimen size. The 

graph representing the directional-dependent size effect in Mg is illustrated in Figure 1-13 (from [107]).  

 

Figure 1-13: (a) CRSS for prismatic slip, single twin growth (at yield, circles), and twin-twin interaction 
(at 4% strain, squares), versus microcrystal diameter. (b) CRSS (calculated at the yield point) of micro-
compression samples oriented to deform by TTW versus microcrystal diameter. Figures taken from 
[107]. Data points for Kim taken from Ref. [111]. 

 

According to the "stimulated slip" model proposed by Yu et al. [106], the size effect is caused by the 

decrease in the number of dislocations, which can act as promoter of twinning, which decreases with 

sample size [105]. Consequently, higher stresses are needed for twinning nucleation compared to that 

for dislocation source operation because the length scale of dislocation pile-up and dislocation junction 

formation scales with the crystal size. Simultaneously, the effect of the increased surface area leads to a 

change in the dislocation density within the specimen. At the smallest sizes, the effect of easy nucleation 

and escape of dislocations at the surfaces [125] can also contribute to the predominance of deformation 

by slip. 

 

1.4.2 Strain rate effects 

 

In HCP metals, deformation twinning is favoured at higher strain rates as the requirement for faster 

response of the material raises the stress to a level that facilitates twin nucleation [126]. That is, the 

amount of stress heterogeneities associated with the increase in strain rate is higher [105,125] and rep-

resents a significant factor for twinning formation. Indeed, even the sudden small increase in strain rate 

from 10-4 s-1 to 10-2 s-1 was reported [105,125] to lead to a noticeable increase in dislocation density as 
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the rate of dislocation nucleation is greater than the loss in deformation rate. The higher activity of 

dislocations influences the probability of dislocation pile-up and dislocation junction formation, which 

in turn trigger deformation twinning. Also, the higher perturbations of local stresses generated at higher 

deformation rates, induce the activation of dislocations with higher Peierls stresses, increasing the prob-

ability of nucleation of embryonic twins from multiple different dislocation sources, and causing a pro-

liferation of twins with consequent change in the mechanical response of the material. Therefore, the 

strain rate sensitivity of deformation twinning is not dictated by that of a specific deformation mode 

since the type of activated slip systems varies with strain rate. Furthermore, at the microscale, the strain 

rate (and also temperature) effect on twinning depends on the testing orientation [127–129]. In facts, 

although TTW has been usually reported to be temperature and strain rate insensitive during the loading 

of polycrystalline specimen [126,130–133], differences in the flow behaviour can be observed in single 

crystals. In polycrystal bulk Mg, the local effects of interaction between easily activated basal slip and 

GBs lead to twin nucleation [134–139]. Thus, the strain rate insensitivity of basal slip can be expected 

to entail the strain rate independent behaviour of twinning, explaining the experimental observations 

reported from polycrystalline samples [126,130–133]. A thorough understanding of the effect of strain 

rate on the τCRSS values of twinning and of other deformation modes in Mg, however, requires targeted 

experiments on suitably oriented single crystals at the microscale. To this end, due to the technologica l 

limitations and challenges, no experimental study seems to have been reported in literature that corre-

lates differences in the micromechanical response of pure Mg structures with differences in the devel-

oped microstructure/twin crystallography, from quasi-static to shock loadings. The experimental works 

performed in this thesis and described in Chapters 3, 4 and 5 aim at covering this particular research 

area, revealing the directionally-dependent strain rate sensitivity of deformation twinning and the con-

sequent changes in the crystallographic characteristics of the twin domain (misorientation, interface, 

rotation axis etc…) with respect to the parent crystal. 

 

1.4.3 Temperature effects 

 

The understanding of the effect of temperature on the mechanical response of Mg is of primary im-

portance in predicting a forming temperature at which the optimum balance between ductility and 

strength can be achieved, and has been a major research topic in the last years [130,140–146]. The graph 

in Figure 1-14 illustrates the temperature sensitivity of the different deformation modes obtained by 

investigating the behaviour of polycrystalline and single crystalline bulk Mg specimens. 
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Figure 1-14: Variation of the critical resolved shear stress with temperature of slip and twinning systems 
in Mg. Figures taken from [130]. 

 

It can be observed that the critical resolved shear stresses of prismatic <a> and pyramidal <c+a> slip, 

and {1011} and {1013} twin systems decrease with increase in temperature from 293 K (25 °C) to 

723 K (450 °C), the latter corresponding to 0.78 times the melting temperature Tm of Mg (923 K). Con-

trarily, no noticeable change can be observed for basal slip and {1012} twin. As a conceptual idea, 

increasing temperature hence represents a way to reduce the ratios of the stresses needed to activate 

non-basal deformation modes in Mg and other HCP materials, and an alternative to increase the ductility 

of the material by reducing the gap between the τCRSS of basal slip and that of other slip systems. Note 

that the small variation of twinning stress at temperatures above 273 K may support the fact that twin 

nucleation is not thermally activated but rather occurs at places of high stress concentration. The varia-

tion of the twin stress at lower temperature is however still matter of investigation. Once nucleated, there 

are evidences that over an appreciable temperature range, twins can grow faster than slip can propagate 

[26,147]. Nevertheless, contrarily to what occurs at higher deformation rates, for a given strain level and 

strain rate value, high temperature conditions facilitate dislocation motion and require lower stresses for 

further plastic flow [130], reducing the build-up of localized high stress regions and consequently the 

amount of plasticity accommodated by deformation twinning. Indeed, at ca. 423 K (150 °C) and under 

quasi-static conditions, the transition from a twinning-mediated to slip-mediated plasticity has been ob-

served [142], as the increase  of non-basal slip activities provides sufficient slip systems for arbitrary 

shape change [148]. Despite the importance of quantifying the competitive nature of dislocation-medi-

ated and twinning plasticity at the microscale, the study of changes in the mechanical behaviour of Mg 

induced by the variation of the externally supplied kinetic energy under high temperature conditions, is 

still a largely unexplored field in material science. The lack of in-depth analysis in this regards motivated 

the experimental work illustrated in Chapter 4 of this dissertation. In particular, Chapter 4 discusses the 

mechanisms accommodating plastic deformation in pure Mg single-crystal micropillars, by combining 

the effects of high temperature and HSR together. The ranges of T and 휀̇ covered are 293 - 573 K and 

10-3 s-1 – 100 s-1, respectively. The results that will be presented reinforce and expand the understanding 

of the material's behaviour.  
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Research objectives 

 

As extensively discussed in Chapter 1, experimental measurements to understand the mechanisms of 

twin nucleation, propagation and thickening have been inconclusive in the past, in part because of the 

considerable variations of the mechanical response with texture, grain size, alloying elements, strain 

path, material processing, and experimental set up. Attempts to provide experimental results that prove 

or explain the various models have been based on electron microscopy observations of the particular 

postulated mechanisms together with the variation of the material behaviour as a function of external 

variables such as temperature, strain rate, and (especially for single crystals) loading direction. The mac-

roscopic approach represents the simplest and most direct way to address the material response but has 

the disadvantage of not being able to capture the precise triggering mechanisms that occur during the 

twin incubation period in bulk deformed samples. Observation at the micro- and nano-scale, however, 

often allows for greater precision in the study of specific mechanisms, allowing the linkage of atomistic 

simulations and experiments. Because deformation twinning is only interpreted by post-mortem exper-

imental evidence, due to its high velocity of evolution, the search for alternative explanations of the 

unconventional twinning behaviours described in the previous chapter requires a thorough experimental 

study of one-to-one comparison between changes in the mechanical response of the material and changes 

in the crystallographic features of the twin domains induced by a controlled variation of a specific testing 

parameter. 

Of all the unanswered questions about the deformation twinning mechanism, the most important one 

concerns obtaining a complete understanding of how the atoms move. At the beginning of this project,  

it was thought that if dislocations are used in the theory of twin nucleation, it follows that they must 

have exceptionally high mobility to justify the speed (close to the one of sound) at which highly coor-

dinated atomic displacements occur. Experimental evidence has been sought that, to be explained, re-

quires a new understanding of the mechanism underlying deformation twinning. By conducting ad-

vanced technological in situ experiments on suitably oriented single crystals of pure Mg at the 

microscale, the combination of results obtained during this thesis project and those published simulta-

neously over the last four years, provide valuable new insights into the mechanism that governs the 

formation of twins. 

In particular, the goal of the project is to address and confront aspects of the shear, disconnections, and 

hard-sphere displacive theories. Several characteristics of twin formation and propagation were investi-

gated through microcompression and microtensile experiments using the in situ micromechanical facil-

ities at Empa (Thun, Switzerland). To trace the mechanism of initial lattice motion and understand its 

effects, the different types of twins, the misorientation between the initial and the reoriented crystals, 

and the characteristics of several twin interfaces were studied in detail. This was made possible using 

Scanning Electron Microscopy (SEM), three-dimensional reconstructions of the shapes and distributions 
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of the twin performed by combining post-mortem high-resolution Electron Backscattered Diffraction 

(HR-EBSD) and Focused Ion Beam (FIB) tomography, Transmission Electron Microscopy (TEM), and 

other diffraction-based techniques (Transmission Kikuchi Diffraction (TKD), X-ray Diffraction (XRD), 

etc…). In addition to the effect of local stress state and Schmid factor on twin nucleation, strain, lattice 

distortion, and residual stresses were also investigated. Moreover, the dislocations around the twin lath 

and at its tip have been detected by in situ HR-EBSD, helping to understand how they are distributed 

and how they contribute to the twin formation and progressive evolution. As plastic instability in Mg is 

strongly associated with the localization of plastic deformation and propagation and interaction of de-

formation twins, the stress and dislocation fields at the location of twin-twin interactions are also inves-

tigated. 

The study has been planned according to a specific logic. In particular, the thesis chapters have been 

subdivided based on the loading direction: compression along the [0110], [2110], and [0001] axis, on 

which Chapters 3, 4 and 5 are based, respectively; and tension along the [0110] and [0001] crystallo-

graphic direction, described in Chapters 5 and 6. Thus, the first part of the present work focused on the 

investigation in compression, the second in tension. Unconventional loading conditions have been em-

ployed throughout the study. In particular, micropillar and microtensile have been performed at several 

temperatures from -90 to 300°C and with strain rate up to ~600 s-1 using the different modules of the 

Alemnis indenter. To investigate the occurrence of non-classical twinning characteristics, reported under 

high-stress conditions, changes in the kinetic response of the material driven by increasing the externally 

applied strain rate were indeed suspected to affect the twinning process and consequently the evolution 

of the twinning interface of a particular twinning mode, reconcilable to a different mechanism of ac-

commodating the deformation. The increase in strain rate, resulting in a higher perceived internal stress 

state, was also used to trigger the activation of different twin systems. In addition, for the first time, this 

work reports how plasticity is accommodated in single-crystal pure Mg micropillars at various temper-

atures and strain rates, expanding the understanding of the singular and combined effects of the strain 

rate and temperature sensitivity of specific activated deformation modes on the material response. The 

in-depth analysis of the changes in the material behaviour induced by the simultaneous variation of 

externally supplied thermal and kinetic energy, which still represented a largely unexplored field in 

material science, especially at the microscale, was suspected to reveal the transition points between the 

twin-dominated to slip-dominated plastic deformation and vice versa. Experimental determination of 

strain rate sensitivity, activation volume, and activation energy for twinning and slip is also reported and 

used to classify the nature of the deformation mechanism. In particular, for twinning, a lower twin acti-

vation volume (or energy) can be then related to a localized event such as dislocation motion leading to 

twin formation, while a higher activation volume (or energy) means that more atoms are involved in the 

event. 
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In conclusion, this work further expands the understanding of deformation twinning in Mg, aiming at 

providing valuable experimental references for computational models that attempt to reproduce the ma-

terial behaviour at the small scale, as well as for application purposes for which the integrity of the 

material needs to be preserved at cryogenic or elevated temperatures and under quasi-static or shock 

compressions loadings. 
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2. Experimental methods 

 

This section is intended to illustrate the specific methodologies utilised in this work from sample fabri-

cation to testing and extraction of material properties. 

 

2.1 Material sourcing and treatment 

 

 

Figure 2-1: Dimensions of the specimens used in this thesis work. (a-b) Same single crystal sample 1 
(SX1) used in two perpendicular orientations; (c) Single crystal sample 2: SX2. (d-e) Polycrystalline 
samples 1 and 2 (PX1, PX2). 

 

The material studied in the present thesis is 99.999% pure Mg, provided by Princeton Scientific Corpo-

ration (PSC, Easton, USA) in the fully single-crystalline state and by GoodFellow (UK) in the polycrys-

talline state (99.99% pure). In particular, two single crystals (SX1 and SX2) of different crystallographic 

orientations, as shown in Figure 2-1, have been purchased. Sample SX1 was used in the works illustrated 

in Chapters 3 and 5 (Figure 2-1a,b), whilst SX2 in the experimental campaign discussed in Chapter 4 

(Figure 2-1c). The main difference between SX1 and SX2 lies in the sample thickness. As SX2 was 

used for investigations carried out under cryogenic and elevated temperature conditions, a thickness of 



 

 

42  

1 mm was considered appropriate for reducing the heat loss caused by the temperature gradient between 

the sample holder and the top surface of the specimen where the structures (micropillars and microtensile 

bars) were fabricated. The EBSD technique was used to check the crystallographic orientation of both 

single crystals by mapping specific pre-polished (down to 1 µm) surfaces. 

 

 

Figure 2-2: Simulated grain growth microstructures and corresponding textures at different time incre-
ments matching the experimental annealing times employed in Ref. [149]. (a,f) initial microstructure; 
(b-e) anomalous grain growth behaviour at 220 °C; (g-j) uniform grain growth at 350 °C. The colour of 
GBs indicates their relative mobility (red is maximum, purple is minimum). (k) The variation of mean 
grain diameter D with annealing time t, along with the fit reported in the equation in the insert, for 
different temperatures. The initial grain size, D0, rate constant, k, and grain growth exponent, n, are all 
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free parameters of the fitting. (l) Plot of the natural logarithm of k vs. 1/T, along with the linear fit,  
showing the grain growth activation energy Q = 115 kJ mol−1. Figure taken from [149,150]. 

 

The as received polycrystalline samples PX1 and PX2, respectively used for the experimental investi-

gations described in Chapter 6 and  

 

 

 

 

 

 

 

 

 

 

 

 

Appendix  have been heat treated for 7 days at 400 °C to relieve internal stresses. Two types 

of grain growth con be distinguished in Mg: normal grain growth (NGG) and abnormal grain growth 

(AGG). The first one refers to when the average grain size continuously increases with the annealing 

time and the grain size distribution remains self-similar, i.e. the shape of the size distribution does not 

change; the second one to when the grain size distribution will vary significantly in terms of height and 

width. AGG is also termed secondary recrystallization because only few grains grow rapidly and con-

sume the rest of the microstructure. As a result, a combined distribution of fine and coarse grain sizes is 

typically observed during this process. The transition temperature from NGG to AGG has been found 

to be around 300 °C Figure 2-2a-j, justifying the value of the annealing temperature used in this work. 

The annealing time has been however chosen to be relatively high for ensuring a higher average grain 

size, as suggested by the experimental data illustrated in Figure 2-2k,l. The EBSD map that shows the 

microstructure of a 99.999% pure polycrystalline Mg sample heat treated at 400 °C for 7 days (as 

adopted throughout this work) is illustrated in Figure 2-3. Note that the EBSD map has been captured 

from the top surface of the specimen after Plasma FIB milling (30keV, 100nA) (FERA3, FEI, Tescan) 

performed at ETH University (Zurich, Switzerland). 
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Figure 2-3: EBSD map revealing the microstructure after annealing (7days, 400 °C). Strong (0001) tex-
ture along perpendicular to the top surface of the sample denominated PX1. Note that ND is perpendic-
ular to the paper. 

 

For allowing the fabrication of micropillar and microtensile structures at the top-edge of the specimen, 

the samples have been initially grounded and polished: grinding was performed by using progressively 

finer SiC paper from 320 down to 4000 grit; polishing with 5 to 1 µm diamond suspension ensued, then 

a 0.04 µm colloidal silica polish (dilution with H2O) for 5-10 min, a rinse with ethanol, and a final 

ultrasound clean in acetone to remove any traces of SiO2. Nevertheless, adopting the described recipe 

was not appropriate for obtaining a pristine state of the material. Figure 2-4a and Figure 2-4b illustrate 

the EBSD maps correspondent to the top surface (xy plane) and front surface (xz plane) of the sample 

(note that the two maps are not related to the same region). As it can be observed, after mechanical 

grinding and polishing, a significant portion of the material reported flaws and sign of deformations 

induced during surface preparation processes, with a damaged layer thickness of about 50-100 µm. To 

preserve the microstructure obtained from the annealing process, all the samples have been therefore 

electro-polished at 12 V with a refrigerated (10 °C) electrolyte comprised of 85 wt.% of ethanol, 5 wt.% 

of HNO3 and 10 wt.% of HCl. Figure 2-4c illustrates the associated microstructure. 

 

 

Figure 2-4: Surface damage induced during sample preparation. (a-b) EBSD map of mechanically 
grinded and subsequently polished surfaces. (c) EBSD map from an electro-polished sample. 
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2.2 Microscale experiments 

 

In the last decades, micropillar compression and microtensile testing have been extensively used to im-

pose specific stress states to micro- and nano-scale testpieces in order to determine properties related to 

crystal plasticity such as the τCRSS for individual slip or twin system activation. In fact, in combination 

with the EBSD techniques for orientation analysis, it is possible to fabricate, via FIB milling, micropil-

lars or microtensile structures with a desired crystallographic orientation, allowing selective activation 

of slip or twin systems upon loading with a flat punch on a nanoindentation rig. Generally, the fabrica-

tion of pillars frequently interests regions and grains of the material that are located in the centre of the 

sample surface. Nevertheless, even though not in favour of a fast productivity, the fabrication of square 

cross sectional pillars within grains located at the top edges of the specimen (Figure 2-5) may be pre-

ferred as it permits multiple EBSD acquisitions of the same pillar surface before, during and after the 

deformation. 

 

2.2.1 FIB protocols for sample preparation and crystal orientations investigated 

 

Attentive care during specimen preparation is crucial as fabrication processes can drastically influence 

mechanical properties [151]. In the figures that follow (Figure 2-6 and Figure 2-7), the recipes for the 

fabrication of both micropillar and microtensile testpieces are graphically illustrated as well as SEM 

images of some structures fabricated in the present study (Figure 2-8); an overview of the crystal orien-

tations investigated in this work ensues, together with the τCRSS values extracted from previous works 

performed under conventional loading conditions in bulk Mg, and Schmid factors of the main slip and 

twin systems (Figure 2-9). 
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Figure 2-5: Overview of the stages for single crystal pillar preparation. (a) Selection of grain with suit-
able orientation along sample edge using EBSD. (b) FIB milling of pillar under perpendicular beam 
impact. (c) Milling off pillar top normal to the compression axis. Note that the grain identification phase 
is redundant in the case of single crystal samples. Picture taken from [152]. 

 

 

Figure 2-6: Sketch of the detailed FIB milling protocol for the micro-pillar specimen geometry. (a) Mg 
bulk sample showing the region where the pillars will be fabricated, front sample edge. (b,g) Top milling 
and (c–f) frontal milling. Rough millings with 4 nA, 30 keV ion beam conditions were used for steps 
(b-c). Hiding features were used to avoid FIB imaging in the area designated for the pillars, reducing 
gallium (Ga) contamination and defect generation. In steps (d-f), the specimen is rotated by 3° and a 
polishing toward the surface is performed so that the taper resulting from the previous FIB process is 
reduced in the gauge section. Step (d) allows removing the taper of the top pillar surface for a better 
parallel condition between the pillar top and the flat punch. Steps (e-f) allow removing the lateral taper. 
The current used for steps (d-f) was 200 pA, 30 keV. (g,h) Final steps performed from the top surface 
with 2° tilting angle for removing 200 nm of the back and front surfaces, i.e. contaminations and cur-
taining that might form in the previous steps. Here the milling was performed using 20 pA and 15 keV 
allowing a gentle polishing. 
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Figure 2-7: Tensile bar realization procedure using Xenon (Xe) and Ga+ FIB. Description of the steps 

are summarised in (a)-(h). Figure taken from [153]. 

 

 

Figure 2-8: SEM images of micropillars (a) and microtensile bars (b). 
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Figure 2-9: Graphical summary of the project. The chapters have been subdivided relatively to the load-

ing direction. (a): [1010], (b): [1210], (c): [0001], (d): [1010], (e): [0001], (f): 5° off from the [0001]. 

SEM images combined with EBSD maps are shown, together with the specimen name (SX1, SX2, PX1) 

based on Figure 2-1. Below, a table containing the values of the critical resolved shear stress, Schmid 
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factor (𝑚𝑆𝐹 ) and consequent yield stress (σy) for the different loading conditions. References: A [140]; 

B [154]; C [145]; D [155]; E [105]; F [156]; G  [157]; H [158]; I [159]. Note that ND is perpendicular 

to the paper. 

 

2.2.2 In situ micromechanical testing 

 

The first reason for using micropillar or microtensile geometry is to study plasticity in small volumes. 

By performing tests in situ, both stress-strain behaviour and observations of deformation and failure 

mechanisms can be acquired simultaneously. To perform these tests, the displacement-controlled 

nanoindentation setup (Alemnis AG, Switzerland) shown in Figure 2-10a has been used in this work. 

The displacement of the tip is actuated with a piezoelectric transducer (coupled with a linear spring to 

ensure displacement in one axis only) which is compensated for piezoelectric relaxation with a strain 

gauge for feedback, and that imposes a set displacement to the sample. The resulting force is measured 

through a load cell placed underneath the sample itself. The displacement piezoelectric actuator has a 

range of 20 or 40 μm (range is bidirectional so can be used for both compression and tension) with a 

noise floor standard deviation of 0.3 nm, whilst the load cell has a maximum force that can vary from 

0.5 to 4 N, depending on the model used, with a root mean square noise from 4 to 30 μN. By varying 

the input voltage amplitude to the piezoelectric actuator, a predefined displacement profile (or velocity 

profile) or, consequently, a precise strain can be induced in the tested structure. In simple loading cases, 

such as tension or compression, constant or variable strain rate testing is straightforward to achieve by 

simply varying the imposed displacement rate. Nevertheless, to accurately impose a desired strain rate, 

the frame compliance must be taken into account before choosing the appropriate displacement rate. 

The machine compliance, generally named the load-frame compliance, includes the loading column 

along with any additional compliance associated to the other mounting components. The most adopted 

and accepted way to determine the load-frame compliance involves the analysis of unload curves of 

materials with well-known elastic modulus, like fused silica [160,161]. 

A variety of tip geometries can be used for nanoindentation measurements (three- or four-sided pyra-

mids, spherical, conical), however, flat punches and small-scale grippers are required for micropillar 

compressions and microtensile tests, respectively (Figure 2-10b,c). The nanoindenter configuration de-

veloped by Alemnis gives the possibility of deforming microtensile bars by using a proper silicon grip-

per (Figure 2-10b) fabricated by photolithography. The intermediate components (connector) that cou-

ples the silicon gripper and the indenter head is shown in Figure 2-10b. 

Most of the hurdles related to micromechanical testing reside in the extreme accuracy and attention 

required during sample fabrication and components assembly. In brief, sample-tip alignment and sample 

geometry have to be optimal. Indeed, a misfit between the specimen and the gripping surfaces will cause 

unwanted bending [162], as well as uneven contacts between flat punch and the pillar top surface; the 

misalignment between the testing apparatus and the specimen can induce significant errors and has been 
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found to be one of the most critical factors in micromechanical testing [162–164]. Figure 2-10f,g illus-

trate an example of a good alignment during micropillar and microtensile tests. It is also extremely 

crucial that the specimen geometry (Figure 2-6 and Figure 2-7) includes smooth transition zones to avoid 

premature failure due to stress concentrations. 

 

 

Figure 2-10: Micromechanical testing rig. Alemnis setup used throughout the thesis work (a). Main 

components are labelled in the figure. (b-c) Illustrations of the nano-gripper and flat punch tip used for 

micropillar compression and microtensile testing. (d) Schematic representation of the two testing modes. 

(e) 70° tilted SEM image suitable for in situ EBSD during microtensile testing. (f-g) Ideal alignment of 

gripper-tensile bar (f) and pillar-flat punch (e) before the execution of the test. 

 

2.2.2.1 Micropillar compression 

Micropillar compression refers to a testing mode characterized by a constant area of contact between 

the tip and the top pillar surface maintained throughout the duration of the experiment that produces a 

relatively uniaxial and uniform stress-strain field in the tested volume [165]. Compared to nanoindenta-

tion or cantilever bending tests, micropillar compression allows for an easier estimation of the elastic 

and post-yield properties of a material at the micrometre scale. The engineering stress and strain in the 

pillar can be calculated by: 
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𝜎 =
𝐹

𝐴
   ;     휀 =

∆𝑙

𝑙0
 (2.1) 

where F is the measured force, A is the cross-section area of the pillar, usually posed equal to the aver-

aged of the different values measured at the top and bottom of the pillar due to tapering effects, ∆𝑙 is the 

pillar displacement, and 𝑙0 is its initial pillar height. As for conventional macroscale compressions, mi-

cropillar compressions also requires small correction for load-frame compliance, together with a sink-in 

compliance for pillars which rest on a similar substrate material. The former is calculated by conven-

tional indentations on fused silica; the latter is however particularly important to correct the effect of the 

pillar acting as a flat punch and (elastically) deforming the substrate during compression, and strongly 

depends on the geometry of the substrate. When the pillar is cylindrical and is fabricated on a substrate 

of the same properties (especially valid for single orientation microcrystals), the ratio of sink-in dis-

placement 𝑙𝑠𝑖𝑛𝑘−𝑖𝑛 to the tip displacement 𝑙𝑚𝑒𝑎𝑠𝑢𝑟𝑒𝑑  can be determined by: 

𝑙𝑠𝑖𝑛𝑘−𝑖𝑛

𝑙𝑚𝑒𝑎𝑠𝑢𝑟𝑒𝑑
= (1 +

2

𝜋(1 − 𝜐2)
(
𝑙0

𝑎𝑐
))

−1

 (2.2) 

where ν is the Poisson’s ratio of the sample material and 𝑎𝑐  denotes the radius of the contact area be-

tween the sinking pillar and the substrate. In the case of the pillar having a larger radius at the base of 

the pillar, a corresponding contribution is added to enlarge the effective flat punch area [163]. Finally,  

∆𝑙 can be therefore calculated from the tip displacement 𝑙𝑚𝑒𝑎𝑠𝑢𝑟𝑒𝑑  using the modified Sneddon correc-

tion [163] by: 

∆𝑙 = 𝑙𝑚𝑒𝑎𝑠𝑢𝑟𝑒𝑑 − 𝑙𝑠𝑖𝑛𝑘−𝑖𝑛 = 𝑙𝑚𝑒𝑎𝑠𝑢𝑟𝑒𝑑 (
2𝑙0𝑎𝑐

𝐴(1 − 𝜐2 ) + 2𝑙0𝑎𝑐
) (2.3) 

Ultimately, for elevated and cryogenic temperature tests, a "drift hold period" at 1/10th of the maximum 

load is used during unloading to measure any thermal displacement drift. This is generally corrected 

using a linear fit of displacement to time and added in Eq. (2.3). By performing micropillar compression 

on Si (100), Wheeler et Michler [166] illustrate the significant difference between corrected and uncor-

rected stress-strain curves (Figure 2-11a). 
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Figure 2-11: (a) Young’s modulus of (100) silicon showing corrections to microcompression data. 
Figure taken from [166]. (b) Different pillar geometries: (left) cylindrical Mg pillar; (right) square Mg 
pillar fabricated at the edge of the sample. 

 

In the case of square-cross sectional pillars fabricated at the top edge of the sample, Eq. (2.3) may not 

be accurate. Indeed, as the geometry of the substrate may differ depending on the adopted milling pro-

cedure (Figure 2-11b), the elastic deformation of the substrate during compression changes, and thus 

does ∆𝑙. In this case, the strain measurement in the gauge section of the specimen can be achieved by in 

situ non-contact strain measurement methods performed during or after the deformation. For monitoring 

the total strain during the deformation, Digital Image Correlation (DIC) and Differential Digital Image 

Tracking (DDIT) are ideal methods, as the SEM, FIB, or Atomic Force Microscope (AFM) can be used 

as image sources during the test, allowing to additionally capture the deformation morphology [151]. 

However, during shock compressions, where multiple strain measurements cannot be sequentially done, 

the strain is measured after the test using the same mentioned image techniques. 

 

2.2.2.2 Microtensile tests 

Microtensile testing, or micro-tension, refers to a testing mode characterized by a constant surface of 

contact between the gripper and the shoulders of the tensile structure (T-bar, or Tb) (Figure 2-10f) main-

tained throughout the duration of the experiment that produces a uniform stress-strain field in the strain 

gauge of the sample. Contrarily to micropillar compression, the complex tri-axial strain field that devel-

ops underneath the surface of contact between the gripper and the sample does not interest the strain 

gauge of the sample, where a uniaxial stress state is rather established. As a consequence, this method 

allows an easier and more accurate extraction of the material properties. However, compared to the other 

existing micromechanical testing modes, a greater amount of experimental hurdles must be overcome 

to perform a proper tensile test that allows to obtain precise mechanical property measurements [151]. 

Most of the difficulties reside in the sample fabrication, mounting and gripper alignment. All the three 

steps require a maximum precision as, being a "double surface of contact" testing method, small misa-

lignments in x, y or z axes can compromise the test. 

As for the extraction of the engineering stress and strain, Eq. (2.1) can be used, where F is the measured 

force, A is the cross-section area of the strain gauge, ∆𝑙 is the strain gauge displacement 𝑑𝑔𝑎𝑢𝑔𝑒 , and 𝑙0 

is its initial strain gauge length 𝑑𝑔𝑎𝑢𝑔𝑒,0. Accurate tensile testing requires direct strain measurement in 

the gauge section of the specimen; in small-scale testing, this can be achieved by non-contact strain 

measurement methods (DIC, DDIT, etc…). Nevertheless, in the absence of such measurement methods, 

the determination of the displacement value in the gauge section necessitates an alternative analysis. 

The displacement applied with the piezoelectric transducer and measured with a real time controller 

based on high performance control loop (𝑑𝑡𝑜𝑡) corresponds to the sum of the deformations of the sample 

and the tensile setup (system): 



 

 

53  

𝑑𝑡𝑜𝑡 = 𝑑𝑠𝑦𝑠𝑡𝑒𝑚 + 𝑑𝑠𝑎𝑚𝑝𝑙𝑒  (2.4) 

In particular, the mechanical components contributing to machine compliance are shown in Fig-

ure 2-12a,b, and can be analogously though as a set of springs in series that describes the stiffness of the 

whole mechanical system 𝑘𝑡𝑜𝑡  as a function of the respective subsystem stiffness 𝑘 [153]. From here, 

the following relationships can be written: 

1

𝑘𝑡𝑜𝑡
=

1

𝑘𝑠𝑎𝑚𝑝𝑙𝑒
+

1

𝑘𝑠𝑦𝑠𝑡𝑒𝑚
=

1

𝑘𝑔𝑎𝑢𝑔𝑒
+

1

𝑘𝑠𝑢𝑏𝑠𝑡𝑟𝑎𝑡𝑒
+

1

𝑘𝑠𝑦𝑠𝑡𝑒𝑚
 (2.5) 

with 

𝑘𝑠𝑎𝑚𝑝𝑙𝑒 = 𝑓𝑠𝑎𝑚𝑝𝑙𝑒(∆𝑡, ∆𝑤)𝑐𝑠𝑎𝑚𝑝𝑙𝑒𝐸𝑥 = 𝑓𝑠𝑎𝑚𝑝𝑙𝑒(∆𝑡, ∆𝑤)𝑘𝑠𝑎𝑚𝑝𝑙𝑒
0  (2.6) 

𝑘𝑔𝑎𝑢𝑔𝑒 = 𝑓𝑔𝑎𝑢𝑔𝑒(∆𝑡, ∆𝑤)𝑐𝑔𝑎𝑢𝑔𝑒𝐸𝑥 = 𝑓𝑔𝑎𝑢𝑔𝑒(∆𝑡,∆𝑤)𝑘𝑔𝑎𝑢𝑔𝑒
0  (2.7) 

where 𝐸𝑥  represents the elastic modulus of the material along the direction of loading, named x, 𝑐𝑠𝑎𝑚𝑝𝑙𝑒  

and 𝑐𝑔𝑎𝑢𝑔𝑒  indicate geometric constants, and 𝑓𝑠𝑎𝑚𝑝𝑙𝑒(∆𝑡, ∆𝑤) and 𝑓𝑔𝑎𝑢𝑔𝑒(∆𝑡, ∆𝑤) represent geometry 

correction factors that express sample and gauge stiffness changes in the case of geometrical deviations 

induced by changes in thickness (∆𝑡) and width (∆𝑤) from the standard dimensions. The coefficients (i) 

𝑐𝑠𝑎𝑚𝑝𝑙𝑒  and (ii) 𝑐𝑔𝑎𝑢𝑔𝑒  are found by monitoring the displacement at (i) A and B, and at (ii) C and D 

(Figure 2-12c) through finite element simulations for materials of different moduli, using the standard 

dimensions illustrated in Figure 2-12d. From [153], 𝑐𝑠𝑎𝑚𝑝𝑙𝑒  and 𝑐𝑔𝑎𝑢𝑔𝑒  have been determined to be 

0.398 µm and 0.750 µm, respectively. Note that 𝑐𝑔𝑎𝑢𝑔𝑒  is higher than 𝑐𝑠𝑎𝑚𝑝𝑙𝑒  as the gauge deforms to 

a lesser extent compared to the entire sample (gauge and substrate). 
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Figure 2-12: Schematic representation of the mechanical components contributing to machine compli-
ance: frame, substrate, gauge section, and gripper (a). The stiffness of the whole mechanical system can 
be treated as a function of the respective subsystem stiffness (b). (c-d) Finite element model and nor-
malized von Mises stress distribution σ/σmax in the tensile sample. A: substrate bottom; B: tensile bar 
top; C: gauge section bottom; D: gauge section top. Red arrows indicate the position of maximum stress 
σmax, as well as the center of the gauge section. Dimensions are expressed in µm. Figures readapted from 
[153]. 

 

Using Eq. (2.6) one can determine the actual elastic modulus of the tested material. In particular: 

𝐸𝑥 =
𝑘𝑠𝑎𝑚𝑝𝑙𝑒

𝑓𝑠𝑎𝑚𝑝𝑙𝑒(∆𝑡, ∆𝑤)𝑐𝑠𝑎𝑚𝑝𝑙𝑒
=

1

𝑓𝑠𝑎𝑚𝑝𝑙𝑒(∆𝑡, ∆𝑤)𝑐𝑠𝑎𝑚𝑝𝑙𝑒
(
1

𝑘𝑡𝑜𝑡
+

1

𝑘𝑠𝑦𝑠𝑡𝑒𝑚
)

−1

 (2.8) 

Note that 𝑘𝑡𝑜𝑡  is given by the linear regression of the unloading slope of the force-displacement data 

whilst 𝑘𝑠𝑦𝑠𝑡𝑒𝑚  can be obtained by performing the microtensile tests on reference specimens, for which 

the Young's modulus along the loading direction is well-known. To this end, Si (100) is generally used.  

From this, the displacement of the gauge section can be determined as follows: 

𝑑𝑔𝑎𝑢𝑔𝑒 = 𝑑𝑡𝑜𝑡 − 𝑑𝑠𝑢𝑏𝑠𝑡𝑟𝑎𝑡𝑒 − 𝑑𝑠𝑦𝑠𝑡𝑒𝑚  (2.9) 



 

 

55  

Considering that only the gauge deforms plastically and all the other components deform elastically, 

one can write: 

𝑑𝑔𝑎𝑢𝑔𝑒 = 𝑑𝑡𝑜𝑡 − 𝐹 (
1

𝑘𝑠𝑢𝑏𝑠𝑡𝑟𝑎𝑡𝑒
+

1

𝑘𝑠𝑦𝑠𝑡𝑒𝑚
) = 𝑑𝑡𝑜𝑡 − 𝐹 (

1

𝑘𝑡𝑜𝑡
+

1

𝑘𝑔𝑎𝑢𝑔𝑒
) (2.10) 

and hence, using Eq. (2.7): 

𝑑𝑔𝑎𝑢𝑔𝑒 = 𝑑𝑡𝑜𝑡 − 𝐹 (
1

𝑘𝑡𝑜𝑡
+

1

𝑓𝑔𝑎𝑢𝑔𝑒(∆𝑡, ∆𝑤)𝑐𝑔𝑎𝑢𝑔𝑒𝐸𝑥
) (2.11) 

Dividing 𝑑𝑔𝑎𝑢𝑔𝑒  by 𝑑𝑔𝑎𝑢𝑔𝑒,0 one can obtain the value of the engineering strain. 

Nevertheless, Eq. (2.11) is applicable for materials and/or sample geometries for which the main defor-

mation process takes place at values of F greater than a certain value. Indeed, at low forces (≤ 3 mN in 

the case of the Alemnis setup used in the current thesis), the system compliance shows a non-linear 

behavior and thus improved compliance correction method based on analytical solutions needs to be 

employed, as later introduced by the same author of Ref. [153]. In the case of Mg, where the plastic 

deformation can occur at values of load lower than 3 mN, the following described correction becomes 

necessary. 

 

Figure 2-13: Schematics of the specimen geometry for the compliance correction calculations. 

 

In principle, tensile structure can be divided in three parts: bottom (substrate plus fillet), gauge and top 

(fillet plus rigid head). The deformation in each of the sections can be calculated using the classical 

equation: 
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휀 =
𝐹

𝐸 𝑡 𝑤(𝑥)
 (2.12) 

In which w is function of the vertical position (x). By integrating the different displacements associated 

with the bottom and top fillets and gauge regions, one finds the elastic components of the displacements: 

𝑑𝑡𝑜𝑝_𝑓𝑖𝑙𝑙𝑒𝑡 = ∫
𝐹

𝐸𝑡

√3
2
𝑅

0

(
𝑑𝑥

𝑤𝑡_𝑓(𝑥)
) = ∫

𝐹

𝐸𝑡

√3
2

0

(
𝑑𝑥

𝑤 + 2𝑅 − 2√𝑅2 − 𝑥2
) (2.13) 

𝑑𝑏𝑜𝑡𝑡𝑜𝑚_𝑓𝑖𝑙𝑙𝑒𝑡 = ∫
𝐹

𝐸𝑡

𝑅

0

(
𝑑𝑥

𝑤𝑏_𝑓(𝑥)
) = ∫

𝐹

𝐸𝑡

√3
2

0

(
𝑑𝑥

𝑤 + 2𝑅 − 2√𝑅2 − (𝑅 − 𝑥)2
)  (2.14) 

𝑑𝑔𝑎𝑢𝑔𝑒,𝑒𝑙 =
𝐹 𝑙

𝐸 𝑡 𝑤𝑔
 (2.15) 

Yet, considering that only the gauge deforms plastically, it can be written: 

𝑑𝑔𝑎𝑢𝑔𝑒 = 𝑑𝑔𝑎𝑢𝑔𝑒,𝑝𝑙 +𝑑𝑔𝑎𝑢𝑔𝑒,𝑒𝑙 = 𝑑𝑡𝑜𝑡 −𝑑𝑠𝑦𝑠𝑡𝑒𝑚 (𝐹) − 𝑑𝑏𝑜𝑡𝑡𝑜𝑚_𝑓𝑖𝑙𝑙𝑒𝑡 − 𝑑𝑡𝑜𝑝_𝑓𝑖𝑙𝑙𝑒𝑡 (2.16) 

At low forces, 𝑑𝑠𝑦𝑠𝑡𝑒𝑚(𝐹) is function of the applied force and can be expressed by polynomial fits. 

Nevertheless, when twinning occurs, Eq. (2.16) must take into account the change in the elastic modulus 

caused by the lattice reorientation, which aligns a different crystallographic direction along the loading 

axis. As the twin grows with the applied deformation, the contribution of the two elastic moduli varies. 

The progressive reorientation of the crystal (with strain) induces a variation in the elastic component of 

the strain due to the asymmetry of the HCP crystal. All these additional complexities introduce uncer-

tainties in the strain values calculated by Eq. (2.11) or Eq. (2.16) and explain the need of using non-

contact methods for direct strain measurement in the gauge section of the specimen during small-scale 

testing. To cope with this, the estimation of the strain values in this work is combined with and corrected 

by post-mortem SEM measurements. 

 

2.2.3 High strain rate module 

 

The susceptibility to plastic instability of metals and alloys is strongly dependent on the strain rate sen-

sitivity of the material [167]. In Mg, plastic instability is mostly caused by localization of deformation 

and propagation and interaction between deformation twins [10,11,168–172]. Thus, the study of the 

changes in the deformation twinning mechanism with strain rate is crucial for understanding the me-

chanical behaviour of the material, especially for applications where reliability and mechanical integrity 

under shock conditions are paramount. To allow the investigation of the strain rate sensitivity of twin-

ning in Mg, at the microscale, the Alemnis high-dynamic in situ nanoindenter has been used in this study 

(Figure 2-14). 
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Figure 2-14: Schematic of the Alemnis high strain rate nanoindenter. Figure taken from [173]. 

 

The quasi-static compression tests at strain rates below 1/s are conducted using piezoelectric actuation 

at slow speeds and a strain-gage-based load cell, as mentioned in Section 2.2.2. For higher strain rates, 

the setup employs a piezoelectric actuator that is powered using a high-voltage & high-speed amplifier, 

capable of inputting high voltages (up to ±175 V) across a variety of time scales with very high slew 

rates (∼350 V/μs) [173]. This allows the piezoelectric actuator to move with a speed up to ∼3 mm/s. 

The strain gauges embedded in the piezoelectric actuator are specially designed for detecting these high-

speed displacements with a resolution of ~15 nm. The displacement voltage signals are detected using 

a data acquisition board capable of fast sampling, up to 50 thousand samples per second. The load cell,  

also a piezoelectric sensor, outputs a charge in response to a change in force. The amplified load signal 

from the charge amplifier is obtained using an oscilloscope to acquire a non-aliased signal thanks to its 

ultrahigh sampling rates, up to ∼2.5 giga-samples per second. The load and the displacement signals are 

then time synchronized to obtain a proper load-displacement curve, later converted to a stress-strain 

curve using the cross-sectional area of the structure and the procedure described in previous sections. In 

the HSR testing setup, the diamond flat punch is mounted on the piezoelectric load cell unless specified 

otherwise. 

 

2.2.3.1 Strain rate sensitivity, activation volume and activation energy 

From the stress-strain curves, the experimentally derived thermodynamic parameters describing the 

strain rate sensitivity of individual deformation modes are the engineering strain rate sensitivity of the 

flow stress for a given level of strain and temperature and the apparent activation volume. 

There are various ways to define the strain rate sensitivity. An engineering definition assumes a power-

law strain rate hardening 

𝜎 = 𝐾 (휀̇)𝑚  (2.17) 

such that the strain rate sensitivity exponent (m) is written as [174] 

𝑚 =
𝜕𝑙𝑛𝜎

𝜕𝑙𝑛휀̇
|
𝑇,𝜀

 (2.18) 

where 휀̇ is the imposed strain rate, and K is a material constant. 
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Note that Eq. (2.18) can be used for determining the strain rate sensitivity exponent from stress-strain 

curves obtained under constant strain rate conditions (constant strain rate method, CSRM). Nevertheless, 

other methods can be used for determining m, such as: stress relaxation method (SRM) [175,176] and 

strain rate jump test (SRJ) [177–179]. The SRM can be employed when the tests are carried out in 

displacement-controlled mode at the same temperature but at different values of strain rate, and consists 

in ceasing the tests at a fixed value of displacement. By analysing the decay in load as a function of 

time, m is calculated as: 

𝑚 =
𝜕𝑙𝑛𝜎

𝜕𝑙𝑛(−�̇�)
|
𝑇,𝜀

 (2.19) 

The SRJ method, however, consists in monitoring the changes in the material response induced by sud-

denly changing the strain rate during loading, allowing the extraction of the strain rate sensitivity expo-

nent of the material in one test only. The m value is then based on the logarithmic ratios of stresses and 

strain rates before and after a stain rate jump: 

𝑚 =
𝜕𝑙𝑛(𝜎2 𝜎1⁄ )

𝜕𝑙𝑛(휀2̇ 휀1̇⁄ )
|
𝑇,𝜀

 (2.20) 

where �̇�2 is the jumped stress on the jumped strain rate curve, �̇�1  is determined from the specific 

stress-strain curve, 휀2̇ is the jumped strain rate, and 휀1̇ is the original strain rate. 

In this work, a constant strain rate method (CSRM) is employed and m can be obtained from Eq. (2.18), 

derived from the empirical Eq. (2.17). 

By employing the concept of thermally-activated plastic flow, the rate-controlling deformation mecha-

nism in metals is given by [180,181]: 

휀̇ = 휀0̇𝑒𝑥𝑝(−
∆𝐺(𝑇, 𝜏)

𝑘𝐵𝑇
) (2.21) 

where 𝑘𝐵 is the Boltzmann constant, T is the temperature, 휀̇ is the strain rate, 휀0̇ is a pre-exponential 

constant or a characteristic strain rate, ΔG is the Gibbs free energy of activation for the stress-assisted, 

thermally activated process. From experiments, however, one can obtain the “activation energy” Q for 

the dislocation movement. The measured value Q is the heat of activation (or activation enthalpy) for 

the dislocation movement since [181] 

𝑄 ≡ −𝑘𝐵𝑇
2
𝜕𝑙𝑛(휀̇ 휀0̇⁄ )

𝜕𝑇
 (2.22) 

From Eq. (2.22): 

𝑄 = −𝑇  𝑉
𝜕𝜏

𝜕𝑇
 (2.23) 

where V, the activation volume, is defined as the volume of a material involved in the process of over-

coming the energy barrier during deformation, and hence related to the area swept by dislocation seg-

ments during a single thermally activated process at a constant temperature. 
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From Eq. (2.22) and Eq. (2.23): 

𝑉 = 𝑘𝐵𝑇
𝜕𝑙𝑛휀̇ − 𝜕𝑙𝑛휀0̇

𝜕𝜏
|
𝑇
 (2.24) 

Now, the shear stress τ, and its components, are related to the normal stress σ and its corresponding 

components through the von Mises criterion, which in the case of pure shear stress becomes τ=σ/√3.  

Also, through Eq. (2.17), 

𝜕𝑙𝑛휀̇

𝜕𝜎
|
𝑇
=
1

𝑚𝜎
 (2.25) 

Merging the last considerations into a final equation, one finds: 

𝑉∗ = √3𝑘𝐵𝑇
𝜕𝑙𝑛휀̇

𝜕𝜎
|
𝑇
=
√3𝑘𝐵𝑇

𝑚𝜎
 (2.26) 

Experimentally, using the CSRM, the SRM and SRJ tests the apparent activation volume 𝑉∗ can be 

calculated from the following equations: 

(𝐶𝑆𝑅𝑀)   𝑉∗ = √3𝑘𝐵𝑇
𝜕𝑙𝑛휀̇

𝜕𝜎
|
𝑇,휀

 (2.27) 

(𝑆𝑅𝑀)   𝑉∗ = −√3𝑘𝐵𝑇
𝜕𝑙𝑛(1 + 𝑡 𝐶⁄ )

𝜕𝜎
|
𝑇,휀

 (2.28) 

(𝑆𝑅𝐽)   𝑉∗ = √3 𝑘𝐵𝑇
𝜕𝑙𝑛(휀̇2 휀̇1⁄ )

𝜕𝜎
|
𝑇,휀

 (2.29) 

where, in Eq. (2.28), 𝜕𝜎 is the derivative of the stress fall as a function of relaxation time t, and C a time 

constant. Solving for 𝜏 by integration of 𝜕𝜏 and 𝜕𝑇 in Eq. (2.23), the linear relationship of the 𝜏𝐶𝑅𝑆𝑆  

with logarithmic temperature is described by the equation below [182]: 

𝜏𝐶𝑅𝑆𝑆 = − 
𝑄∗

𝑉∗
𝑙𝑛𝑇 + 𝑝 (2.30) 

where V* is the apparent activation volume at each temperature, and p is a fitting parameter. Q* can 

then be extracted from the slope by applying the apparent activation volume obtained from the test that 

has been employed. It is also important to observe that experimentally detected changes in the 𝜏𝐶𝑅𝑆𝑆  

have to be intended as changes in the effective stress component of the flow stress, i.e. 𝜏𝑒  (or 𝜎𝑒). The 

latter represents the thermal component of the total stress and accounts for the stress needed to overcome 

the short-range barrier responsible for the temperature and strain rate dependence. Indeed, in general, 𝜏 

is composed by 𝜏𝑒  and 𝜏𝑎𝑡ℎ , where the latter describes the long-range elastic interaction of mobile dis-

locations with the microstructure (GBs and forest dislocations), which decreases very slowly with in-

crement of temperature due to the variation of crystal elastic constants; thus most of the time defined as 

the athermal component. Again, from experiments, the increase value in the flow stress can be consid-

ered completely associated to that of the effective stress. 

https://www.sciencedirect.com/topics/engineering/activation-volume
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Note that the apparent activation volume V* and the activation energy Q* measured from experimental 

data through the previous equations, are different from the true activation volume V and the true activa-

tion energy (Q) in Eq. (2.23) and Eq. (2.24), which are a physically significant parameter in interpreting 

the “true” deformation mechanism. However, they coincide only when 휀0̇ remains constant for different 

tests. The reason why 휀0̇ can change is because it is directly related to the number of thermally-activated 

dislocations [181], which in turn might change during the tests. Nevertheless, the consistency of 휀0̇ can 

be checked by calculating ΔG at given 휀̇ through Eq. (2.21). 

Indeed, following Schoeck [181], by using experimentally determinable parameters, ΔG can be ex-

pressed as: 

∆𝐺 =
𝑄 + 𝑇

𝜕𝜇
𝜕𝑇
𝜎
𝜇
𝑉

1 −
𝑇
𝜇
𝜕𝜇
𝜕𝑇

 (2.31) 

with µ the shear modulus, function of temperature. Using V* (and thus Q*) in Eq. (2.31), one can check 

whether 휀0̇ remains constant or not. The eventual discrepancy is named Ω [180], defined as the ratio 

between the true and apparent activation volumes. 

 

2.2.4 Elevated and cryogenic temperature modules 

 

After years of Empa internal development in collaboration with Alemnis AG, the current micromechan-

ical technology allows testing of samples from −140 °C to over 1000 °C [183–185]. The majority of the 

systems capable of non-ambient testing are however still limited to custom-modified laboratory devices.  

In this work, under quasi-static loading conditions, micromechanical testing at non-ambient tempera-

tures was undertaken on the same Alemnis nanoindenter design shown in Figure 2-10a but customized 

for elevated and cryogenic conditions (Figure 2-15) by using independent sample and compression tip 

heating/cooling systems. Contact thermal drift occurs due to heat flow at the contact, and it is propor-

tional to magnitude and direction of heat transfer. The possibility of temperature monitoring of the in-

denter allows for faster matching of the sample and indenter temperatures during the frame stabilization 

period. This allows significant time savings over the displacement drift tuning approach, which requires 

absolutely stable system before the displacement drift can be measured [166]. Under shock compres-

sions, the tip heating/cooling circuit is however dismounted. 

For sub-ambient temperature testing, a cold finger connected to the sample and tip holders by copper 

braids is cooled by circulating nitrogen from a 25 liter dewar outside the vacuum chamber. After stabi-

lization, the thermocouples inserted in the tip and sample holders are used to measure a baseline tem-

perature. Independent thermal management of the indenter and the sample was used to minimize tem-

perature differences and thereby drift. Local cooling, thermal isolation of the cold regions, and a closed 

loop frame temperature control reduce frame drift, noise, and the need for a temperature-dependent 
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calibration. The frame compliance is determined by unloading stiffness from multiple indents on fused 

silica. After the tests, the temperature of the top surface where the pillars are located is measured by a 

thermocouple touching the surface itself. 

For elevated temperature testing, all the information related to the system design can be found in 

[166,186–189]. 

 

 

Figure 2-15: In situ indenter customized for quasi-static experiments at (a) high temperature, (b) sub-am-
bient temperatures. Figure in (a) taken from [186]. 

 

2.2.4.1 Additional consideration: oxidation process 

Carrying out experiments on pure Mg at elevated temperature requires extreme precautions for the reli-

ability of the test. In presence of oxygen, indeed, Mg oxide (MgO, magnesia) forms, representing the 

dominant component of the oxidation reaction. MgO has a number of features that make is useful for a 

variety of applications: it is applicable as a catalysis support in the combustion of methane; it is used as 

heat-capacity standard due to its chemical stability and high melting point (2850 °C); it can be used as 

high-temperature insulator in the form of compacted powders of fused magnesia, as well as temperature 

sensor in form of thin film produced by combination of magnetron sputtering and atmospheric oxidation 

at 500 °C; when fabricated via plasma electrolytic oxidation, MgO films are known to improve the 

bonding strength of painted layers applied on their surface, thus improving the substrate corrosion re-

sistance [190]. However, MgO does not provide protection to Mg-based alloys or pure Mg against 

high-temperature exposures in oxidizing environments. The high surface reactivity of Mg at room and 

elevated temperatures represents indeed a critical drawback in its application expansion as Mg and its 

alloys are extremely sensitive to environmental factors and experience severe damage. The kinetics and 

mechanism of high temperature oxidation of Mg depend on several factors, like exposure temperature, 

time, pressure and prior vacuum heat treatment, and, in the case of single crystalline Mg, on the crystal-

lographic orientation (Figure 2-16) [190,191]. In air, for example, the thickness of the oxide layer on a 

heat treated crystal at 300°C for 115 hours reaches values of ca. 0.1 µm after only 3 minutes of exposure 
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time at 400-500 °C, decreasing to 0.05 µm at 200 °C or by changing the prior heat treatment (Fig-

ure 2-16a,b) [190,191]. In vacuum, at RT, the thickness of the oxide layer is however significantly re-

duced to ca. 1 nm after 10 minutes (Figure 2-16c), likely increasing with increasing temperature. 

 

Figure 2-16: Variation of the oxide film thickness in Mg alloys versus exposure time. (a) Oxidation 
kinetics of Mg-9%Al-1%Zn alloy in air at the different indicated temperatures. (b) Dependence of oxi-
dation kinetics on prior vacuum heat treatment of single-crystal samples measured at 400°C, 2.5 Torr 
oxygen pressure. (c) Growth of oxide on high-purity magnesium single crystals as a function of exposed 
crystal plane. Oxygen pressure: 2.5 Torr. (d) Oxidation kinetics of Mg-2.63at.%Al alloy at temperature 
of 31 °C and indicated oxygen pressures. Figures taken from [190,191]. 

 

In the figure that follows (Figure 2-17a) it is reported an SEM image of a Mg micropillar that was ex-

posed in air to high temperature conditions for a short period of time due to unwanted short-circuit 

occurred while installing the high-temperature nanoindentation module. Also, due to bad vacuum in-

duced by the presence of an impurity in the sealing system (O ring-lid) of the vacuum chamber used 

throughout the present work to store the samples (Figure 2-18), a severe oxidation process occurred on 

Mg tensile structures after 3 days in air, as shown in Figure 2-17b. 
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Figure 2-17: SEM images of an oxidized micropillar (a) and of two tensile bars (b). 

 

To cope with the experimental difficulties deriving from the severe oxidation process, Mg samples were 

placed under vacuum by means of suitable portable and stationary devices (vacuum chambers and 

pumps) shown in Figure 2-18. 

 

 

Figure 2-18: Vacuum devices used for sample storage to reduce the possibility of oxide formation. 

(a-b) Portable devices: (a) vacuum pump; (b) vacuum chamber. (c) Stationary vacuum chamber con-

nected to a turbo-pump (not visible). 

 

2.2.5 In situ EBSD setup 

 

Being a surface technique, HR-EBSD is suitable for combination with nano-mechanical testing to take 

full advantage of the high spatial resolution on small-scale sample geometries as well as to capture the 

sequence-of-events that accompany the deformation processes. The application of HR-EBSD to in situ 

micro-compression has been previously reported on gallium arsenide (GaAs), Ti micropillars and tung-

sten (W) microcantilevers [83,164,192,193]. During this work (see Chapter 6), in situ HR-EBSD acqui-

sition during microtensile testing was also made possible through an accurate fine-tuning of the pre-ex-

isting experimental setup. 

The experimental setup requires a specific sample geometry and stage positioning inside the SEM in 

order to allow for in situ EBSD during loading (Figure 2-19a-f). In particular, the final position of the 

sample needs to be such that the incident electron beam meets the surface of the structure, interacts with 

the material and the resulting backscattered electrons have a line-of-sight path to reach the entire EBSD 
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detector. This condition cannot be fulfilled by milling an annular cavity into a polished surface (Figure 

2-11b-left) as the trajectories of the backscattered and diffracted electrons are blocked by the surround-

ing material of the specimen. In order to avoid such shadowing effect, the structures must be fabricated 

accordingly, and preferably at the edge of the specimen (Figure 2-11b-right and Figure 2-19a-f). 

In terms of intrinsic geometrical constraints induced by the EBSD technique, the electron beam must be 

perpendicular to the loading axis and must include an angle of 20° with the surface of the structure in 

order to generate a diffraction pattern of maximum intensity on the EBSD detector screen. The 70° tilt 

is provided by a pre-tilted base (pedestrian) placed beneath the frame on which the sample holder and 

the indenter are mounted (Figure 2-19g). The EBSD detector, with a diameter of about 40 mm, has to 

be inserted close to the specimen at an angle roughly perpendicular to the incident electron beam (Fig-

ure 2-19). As a direct consequence of these requirements, space restrictions may reduce the possibility 

of achieving optimal working distance (WD), resolution and image quality. Computer-Aided Design 

(CAD) has been used in this work to visualize the disposition of the components inside the SEM (Fig-

ure 2-19h) and to aid in the modification, analysis and optimization of a new design allowing to achieve 

14 mm WD during the test inside the Tescan Lyra3 FIB-SEM (compared to the previous 18 mm achiev-

able [83,164,192,193]), avoiding any contact with surrounding detectors and pole pieces. A new exper-

imental setup was hence fine-tuned and used in the work of Chapters 5 and 6. 
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Figure 2-19: In situ EBSD setup. Schematic view of the in situ configuration inside the SEM chamber 
for micropillar (a) and microtensile (d) testing concurrently with HR-EBSD acquisition. SEM images 
acquired before, during and after the tests in (b,c) micropillar compression and (e,f) microtensile testing 
modes. (g,h) Re-designed frame for tensile/compression/bending tests and in-situ HR-EBSD. (g) SEM 
chamber view. (h) CAD representation. 

Before the beginning of the tests, the sample and the indenter stage were accurately aligned in such a 

fashion to simultaneously perform micro-mechanical tests, visualize the experiment and acquire diffrac-

tion patterns using either a DigiView EBSD detector (EDAX, NJ, USA) and OIM Data Collection v7, 

or a Symmetry detector and Aztec 4.2 software (Oxford Instruments, UK), with 20kV, 10-15nA beam 

conditions and a 100-150 nm step size. All the tests have been performed in displacement-controlled 

mode allowing for interrupted holds at various displacement steps (Figure 2-20a) to collect and record 

(for off-line analyses) diffraction patterns under loaded conditions. The precise displacement values at 

which the EBSD maps were acquired, were decided during the execution of the test by real-time obser-

vation of the load-displacement curves. Note that both carbon contamination, due to recurrent scanning 

of the same surface, and significant straining, drastically reduce the quality of the pattern, allowing a 

limited number of subsequent map acquisitions (Figure 2-20b). The full displacement gradient tensors 

https://www.sciencedirect.com/topics/materials-science/diffraction-pattern
https://www.sciencedirect.com/topics/materials-science/diffraction-pattern
https://www.sciencedirect.com/topics/materials-science/electron-backscatter-diffraction
https://www.sciencedirect.com/topics/engineering/displacement-controlled-test
https://www.sciencedirect.com/topics/engineering/displacement-controlled-test
https://www.sciencedirect.com/topics/engineering/displacement-gradient
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and geometrically necessary dislocation (GND) distributions can be calculated from each EBSD scan  

using cross correlation software CrossCourt 4.0 (BLG Vantage, UK) that allows determination of elastic 

strains and rotations with high strain sensitivity (~ 10− 4) and high angular resolution (~ 0.006°) [194–

196]. 

 

 

Figure 2-20: Stress-strain curves (later discussed in Chapter 6) from microtensile tests during which in 

situ HR-EBSD maps have been acquired. The bold black load drops correspond to the location of the 

successive HR-EBSD maps. (b) EBSD patterns recorded at different strain levels during the test illus-

trating a significant quality degradation induced by the high level of deformation and carbon contami-

nation generated by multiple scans. 

 

2.2.6 Post mortem 3D EBSD 

 

For the 3D EBSD measurements, the Tescan Lyra3 FIB-SEM was used. For this, the EBSD camera and 

the FIB gun are mounted in a way that sample rotation is not necessary between the FIB grazing inci-

dence milling position and the EBSD mapping position. This setup is advantageous because after stage 

movement an additional time would be needed to reduce stage drift (and hence inaccurate FIB slicing 

or drift during EBSD mapping). Thus, the deformed micropillars and microtensile bars were investigated 

in a specially designed configuration that allows rotation-free consecutive FIB slicing and EBSD map-

ping by an Oxford camera. Figure 2-21 shows the geometry of the sample slicing process. FIB slicing 

was done with an ion beam of 30 kV, 100-500 pA (the precise value is specified in the different chap-

ters). EBSD measurements were recorded by OIM Data Collection v7, and analysed using OIM Analysis 

v7. For the cross-correlation based HR-EBSD analysis BLG Vantage CrossCourt v4 was used, that is 

based on Wilkinson's evaluation method [195]. After the HR-EBSD evaluation, Photoshop CC 2017 

was used to manually align the slices by changing the visibility of one slice over the other. Amira v5.2 

software was used to create the 3D reconstructions from the 2D maps. 

https://www.sciencedirect.com/topics/engineering/elastic-strain
https://www.sciencedirect.com/topics/engineering/elastic-strain
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Figure 2-21: Geometry in the Tescan Lyra3 FIB-SEM, where the chamber is designed to completely 
eliminate sample movement during 3D EBSD measurements. A schematic illustration of the orientation 
of the microtensile bars during the FIB slicing/EBSD mapping process is shown in the insert. Dashed 
lines represent hypothetic FIB slices. Figure readapted from [197]. 

 

2.2.7 Extraction of the material properties for slip and twinning in Mg 

 

The extraction of material properties, such as the yield stress, from micro-compression and microtensile 

testing requires a different level of attention [152]. Also, higher levels of strain rate increase significant ly 

the complexity in deriving precise quantities from the stress-strain curves [198,199], especially in soft 

metals, like Mg, where relatively low forces are sufficient to induce plastic deformation. Contrary to the 

strain bursts denoting the onset of twinning in load-controlled testing mode [23], load drops define the 

occurrence of twinning in displacement-controlled compressions due to the reduction of the elastic 

stored energy by generation and propagation of twin boundaries [83,104]. The CTB energy 𝛾CTB  term 

is usually expressed as 𝛾CTB = 𝐶µ𝛿2 where C is a constant, µ the shear modulus and δ the boundary 

mismatch linearly proportional to the thickness of the twin [200]. Although the magnitude of the drop 

increases with the twinned volume, analogously to the strain bursts [23], the former quantity cannot be 

used for estimating the actual volume of the nucleated twin, especially at HSRs, as the highest sampling 

rate achievable may not be sufficient to capture the extreme absolute values of the load drop. This and 

a lower signal-to-noise ratio imply that higher uncertainties should be considered in the extraction of the 

stress values at higher strain rates. As for all the tests performed in this work at ε̇  ≥ 10 s-1, the flow stress 

exhibits oscillations due to the resonance of the system [189]. To improve the signal-to-noise ratio, a 

centered rolling average smoothing procedure with specific data point windows has been adopted, and 

specified when necessary in the following chapters. 
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2.2.7.1 Data collection in quasi-static conditions 

For an automated, faster and consistent analysis of multiple stress-strain data, a custom Matlab script 

(R2018a, The Mathworks, USA) was used. In compression, in displacement-controlled mode, and in 

the case of absence of twinning, the yield stress can be determined with the 0.2% plastic deformation 

yield criterion, as the stress strain curve appears continuous with no load drops (discontinuity points).  

When occurring, twinning is however identified as a load drop greater than a certain percentage of the 

maximum load; the peak stress preceding the first load drop is considered as the twinning yield stress.  

In tension, however, the occurrence of both slip and twinning produces a load drop in the material re-

sponse. Depending on the primary deformation mode that accommodates and initiates the plasticity, the 

peak stress preceding the first load drop is considered as either the yield stress for twinning or for slip. 

An in-house code has been written for helping to measure and visualize the load drops (Figure 2-22). 

 

 

Figure 2-22: Stress-strain curve recorded during micropillar compression at low strain rates (10-3 s-1). 
The load drops can be associated with twinning activity and noise depending on their magnitude. Set-
ting a load threshold greater than the amplitude of the noise, the load drops associated with twinning 
are identified. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
NOTE: MatLab codes, Origin files and Excel calculation sheets are available in the ''(G:) Abt206'' 
folder in the Empa (Thun) server.  
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3. Evolution of the deformation twinning mech-

anisms from low to high strain rate in Mg dur-

ing <1010> micropillar compression 

 

From the manuscript published in: 

Materials and Design, (2022) 

DOI: 10.1016/j.matdes.2022.110646 

 

The key aspects of twinning in Mg are discussed extensively in Chapter 1, and briefly recalled here. For 

the crystallographic shear-based theory of twinning, the most commonly observed {101̅2} twin in Mg 

can be described in its final state as an 86.3° rotation of the parent grain across the crystallographic a-

axis (also addressed here as (86.3°, a) twin), resulting from a complex shear-shuffle mechanism [26]. 

As the primitive unit cell contains more than one atom (two for HCP), shear and atomic shuffling are 

both necessarily involved to restore the crystal lattice in a mirrored configuration, as the simple shear 

does not suffice to carry all the atoms into their correct final position [54]. The conventional parent-twin 

interface (the TB), due to strain compatibility conditions, is expected to develop along the {101̅2} in-

variant twin plane, K1, across which a mirror symmetry is established, in agreement with the shear-based 

theory of deformation twinning. Nevertheless, although the invariant plane condition gives the simplest 

possible solution for the interface between parent and twin crystals, this condition has been experimen-

tally reported not to be necessarily fulfilled and other type of interfaces have been detected. Indeed, 

major controversies have arisen from numerous experimental observations of "unconventional" twin-

ning features presented as counterexamples of the centenary classical theory (discussed in Section 1.3), 

such as: the occurrence of non-invariant parent-twin interfaces [201], like the prismatic-basal (PB/BP) 

serrations [86–88]; the finding of 90° misoriented parent-twin interfaces across the crystallographic a-

axis interpreted as a proof of an unfulfilled classical simple shear [56,202]; the "non-Schmid factor" 

behavior  of twinning [78] and other "anomalous" aspects [47,91]. 

As deformation twinning is only interpreted by experimental evidence, the huge amount of different 

experimental results needs to be reorganized to build a clear picture of the unconventional characteristic 

of twinning in Mg. The changes in twinning mechanism that cause the appearance of unclassical twin 

features is best addressed by systematic studies focusing on the dependence of deformation twinning on 

a specific parameter (e.g. strain rate), keeping the other conditions (temperature and loading direction) 

invariant. For instance, the change in kinetic response of the material induced by increasing the exter-

nally applied strain rate may affect the twin transformation process and, consequently, the structure of 

https://doi.org/10.1016/j.matdes.2022.110646
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the TB of a particular twinning mode, reconcilable with a different mechanism of accommodating the 

distortion. Similarly, however, it can also be suspected that the increase in strain rate, leading to a higher 

perceived internal stress state, may trigger the activation of different twin modes. As the 90° "twin" 

discussed in Section 1.3.1.3 has been reported to form in high-stress environments [56], to investigate 

further the widely debated mechanism behind this particular "twin" and especially to progressively com-

pare the nature of the deformations from quasi-static to shock compressions at RT, a micropillar com-

pression study on single-crystal pure Mg has been performed over seven orders of magnitude of strain 

rate (휀 ̇), ranging from 10-3 to 500 s-1. 

At small scales and under high strain rate (HSR) loading, the processes accompanying deformation 

twinning can be expected to be strongly influenced by both the high-stress environment and by changes 

in the kinetic compatibility of lattice distortions when a rapid transition of the atoms' positions is exter-

nally imposed. A description of the evolution of the mechanisms accompanying deformation twinning 

is therefore presented below, illustrating important aspects for the fundamental understanding of twin-

ning in HCP metals. Furthermore, from a scientific point of view, the experimental determination of 

HSR properties at the microscale allows approaching the one to one comparison between atomistic sim-

ulations and experiments, which is extremely relevant to address rapid deformation mechanisms, such 

as mechanical twinning. 

 

3.1 Materials and Methods 

 

3.1.1 Experimental preparation 

 

Sample SX1 (Figure 2-1 and Figure 2-9 in Section 2.1) was used for squared pillar fabrication using Ga+ 

FIB (Tescan, Lyra3). The square cross-section pillar dimensions (5×5×10 µm3) were chosen so that a 

width-to-height aspect ratio of 1:2 was achieved. The pillar taper, caused by inherent limitations of the 

FIB milling procedure, was found to be on average 1-2° and the surfaces showed almost no curtaining 

artifacts. Details on the measures taken to fabricate the structures and minimize the potential FIB arti-

facts are shown in Figure 2-6 in Chapter 2. The pillar top was used to measure the area from which the 

engineering stress was calculated. Stresses and strains (σ, ε) are nominal. The pillars were fabricated at 

the front surface of the bulk sample, allowing for EBSD acquisitions before and after the deformation. 

The structures were then compressed with a nanoindenter fitted with a 20 μm diameter flat punch. The 

micromechanical tests were conducted using a dedicated in situ Alemnis AG nanoindenter setup for 

quasi-static and HSR conditions [189] mounted inside a SEM (Philips XL30). The setup employs a 

piezo-electric load sensor at strain rates ≥1 s-1 and a standard strain gauges-based load cell below (see 

Chapter 2). 
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3.1.2 EBSD acquisitions and 3D EBSD reconstructions 

 

All EBSD maps were acquired inside a field emission gun (FEG) SEM (Tescan, Lyra3) with a Symmetry 

detector and Aztec 4.2 software (Oxford Instruments, UK), under 20 kV, 10 nA beam conditions and a 

100 nm step size, using a 2×2 binning (622×512 px2). As EBSD is a surface technique, the three dimen-

sional reconstruction of the shape and distribution of the twins formed upon loading was performed by 

coupling post mortem 2D EBSD acquisitions with FIB tomography in a static setup [104,197] (Chap-

ter 2). The 2D EBSD maps were captured after every FIB slice of 200 nm from the front surface through 

the thickness of the pillars. FIB slicing was done at 30 kV and 100 pA. After the EBSD evaluation, 

Photoshop CC 2017 was used to manually align the slices by changing the visibility of one slice over 

the other. The Amira v5.2 software was then used to form the 3D reconstructions from the 2D maps. 

 

3.1.3 TKD and TEM analysis 

 

To investigate and analyze the atomic structure of the different TBs, several deformed pillars were lifted 

out and furtherly thinned down to ~100 nm. The [2̅110] direction (the a-axis), being the rotation axis of 

the {101̅2} twin, was selected to be the zone axis (Z.A.). The atomic resolution images were acquired 

using a ThermoFischer Themis 200 G3 spherical aberration (probe) corrected TEM operating at 200 kV. 

A double tilt sample holder was used to achieve various zone axis conditions. The dislocation types 

were determined based on diffraction contrast analysis criteria (see Table A-1 of Appendix A) by ana-

lyzing the bright-field (BF) and weak-beam dark-field (WBDF) images. In some cases, the TEM thin 

foils were mapped using the TKD technique to provide an overview of the parent and twin domains 

viewed from the lateral side of the pillars. For this, an electron beam of 30 kV and 10 nA was used. It is 

important to note that any in-plane rotation of the parent crystal in the TEM or TKD images shown in 

this article is simply the result of the manual positioning of the foil in the microscopes. 

 

3.2 Results 

 

Several pillars were compressed along the [01̅10] crystal direction in displacement-rate controlled mode 

for each strain rate condition, from 10-4 s-1 to 500 s-1. The coordinate system used in this work is reported 

in Figure 3-1a. The σ-ε curves related to the in situ tests can be found in Figure 3-2 respectively. The 

initial sample orientation was checked for all the structures using EBSD (Figure 3-1b) ensuring an ori-

entation accuracy of ~0.5°. This specific orientation was selected for favoring TTW formation induced 

by the stretch of the crystal along the c-axis [74]. 
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3.2.1 {101̅2} twin morphologies vs strain rates 

 

Thermodynamically speaking, the energy that needs to be given to the system to induce twinning nucle-

ation has to overcome the energy associated with the formation of a new interface, the TB. Thus, once 

reaching the critical resolved shear stress for twinning (𝜏𝑡), the overall energy of the system is reduced 

through energy dissipation. In displacement-controlled conditions the twin transformation process leads 

to a significant load drop in the σ-ε curves, as observed in a recent work [104]. Additionally, upon twin 

nucleation and under a continuously applied deformation condition, the predominance of the twin prop-

agation process in accommodating the plastic deformation is usually manifested by a plateau of σ, where 

a small increase in stress results in a significant increase in strain [119,130]. 

 

Figure 3-1: (a) Overview of the experimental configuration adopted, together with an SEM image of an 
undeformed pillar. (b) EBSD map and related {21̅1̅0} pole figure showing the initial crystallographic 
orientation. RD: Rolling Direction, TD: Transversal Direction. (c) Secondary electron images of some 
pillars deformed within the three different strain rate regimes. The images have been saturated so that 
the parent domain appears darker, the twin domain brighter. A change in the parent-twin interface incli-
nation is visible in Regime II. Some respective EBSD maps are shown (parent domain in red and twin 
domain in blue, as per legend). Eventual slight discordances between the EBSD maps and correspondent 
SEM images are due to FIB polishing performed after unloading to improve the EBSD quality. The 
inverse pole figure (IPF) color code in all maps indicates the crystal orientation in the out-of-plane di-
rection (normal direction, ND). ND corresponds to the z-axis in (a), TD to the x-axis and RD accord-
ingly. All scale bars correspond to 2 µm length. 

 

The changes observed in the microstructures (progressively described in this chapter) and consequently 

in the mechanical responses (Figure 3-2 and Figure 3-3) at different strain rates allow to define three 

different regimes: 

Regime I (low strain rates), 휀 ̇ ≤  10−2  𝑠−1; Regime II (mid-strain rates), 10−2  𝑠−1 < 휀̇ <  10 𝑠−1; Re-

gime III (HSRs), 휀 ̇ ≥  10 𝑠−1  (see Figure 3-3). 
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- In Regime I, the onset of the plastic deformation (yield stress, σy) is observed by a stress plateau 

(black arrows in Figure 3-2) usually followed later by a significant load drop (twin transfor-

mation process, green arrows in Figure 3-2) at larger deformation. It is important to point out 

that the magnitude of the load drop associated to the twin occurrence strongly depends on the 

initial volume of the crystal that undergoes the parenttwin transformation. Especially at low 

strain rates, this can vary according to the complex local strain field that develops in the first 

few-hundred nanometers underneath the pillar-indenter contact surface. Nevertheless, from Fig-

ure 3-2 it appears that deformation by twinning mainly manifests at ~3% of strain. After the 

evolution of the twin domain, the σ-ε curves show a continuous strain hardening likely induced 

by the activation of harder slip systems inside the twin domains (Figure 3-4), as well as 

twin-twin, dislocation-twin, and dislocation-dislocation interactions [117,203–205]. The pole 

figures (PFs) obtained from the EBSD maps reveal consistently the formation of one {101̅2} 

twin variant, the (01̅12). In the classical definition of twins, this implies that the TB develops 

following the twin habit plane geometry (blue-colored) as shown in Figure 3-1a, which trans-

lates to a TB that appears 0° and 46.8° inclined to the horizontal direction when viewed in the 

xy and yz planes, respectively (see Figure 3-1c and Figure 3-4). 

- In Regime II, unlike Regime I, it appears that the twin nucleation (load drop) establishes the 

onset of plastic deformation (red arrows in Figure 3-2). The yield stress is then measured ac-

cordingly. The σ-ε curves report a significant stress plateau right after the elastic regime, fol-

lowed by strain hardening. This suggests that upon nucleation the twin propagation process 

accommodates most of the plastic deformation. Here, additionally, the majority of the TBs de-

viate from the (01̅12) twin plane in the xy plane, as shown in Figure 3-5a, appearing inclined to 

the horizontal direction. The same result was systematically observed at mid-strain rates on the 

xy surface of other pillars (Figure 3-1c). This particular twin feature can be caused either by 1) 

the change in the {101̅2} twin process from Regime I to Regime II that eventually leads to the 

development of an "unclassical" (01̅12) TB or 2) the activation of other twin modes. Interest-

ingly, initial analysis of the EBSD measurements showed that the twins were characterized by 

an 86.3° rotation around the a-axis, as for the {101̅2} twin. One would then reasonably suppose 

that despite the "unconventional TB", 1) is more likely than 2). Further considerations will be 

presented later. 

- In Regime III, the spatial geometry of the emerging twin variant commutes once more at HSR 

as shown in Figure 3-1c. From the analyses of TEM images and TKD orientation maps (see 

Figure 3-6, Figure 3-7 and Figure 3-8), the TBs in the yz plane appear highly incoherent and a 

consistent 90° misorientation was observed across the parent-twin interfaces. Here, at a strain 

rate of 10 𝑠−1 , a stochastic material response shown by variable yield stress values was detected, 

compared to that in Regime I and II (Figure 3-2 and Figure 3-3). Notably, at 휀 ̇ > 10  𝑠−1 , the 

oscillation frequency of the system begins to appear in the material response (Figure 3-2). This 
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is especially critical in soft metals as Mg, where the plasticity occurs within few-hundred MPa, 

limiting the precise extraction of the yield stress as the actual material behavior is overwhelmed 

by the resonant frequency of the system [189]. Consequently, the yield stress values have been 

measured by the averaged curve from the recorded data points (Figure 3-2), as usually adopted 

[173,198,206], and higher error bars have been considered accordingly (Figure 3-3). Most im-

portantly though is that, despite the calculated yield stress values have undoubtedly higher de-

gree of uncertainty due to the significant complexity of the experiment, no remarkable incre-

ments of σy are however seen at HSRs. To further correlate the nature of the deformation and 

the microstructural evolution to the mechanical response of the material, TEM observations 

have been performed. 

The interpretation of the accommodating twin processes in the three regimes is presented hereafter. 

 

 

Figure 3-2: Stress-strain curves at the different imposed strain rates. Two or more pillars were tested in 
each condition. A higher number of pillars have been used for HSR testing (Regime III). At ε̇ > 10 s-1, 
the flow stress starts exhibiting oscillations due to the resonance frequency of the system [189]. The 
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material response is overwhelmed by the oscillation amplitude, not allowing a precise extraction of the 
material properties. Adjacent average smoothing procedure every 5 and 35 data points for 50 and 500 s-1 
respectively has been therefore adopted. Sampling rate: 100 kHz and 1 MHz, respectively. 

 

 

Figure 3-3: Yield stress vs strain rate. Regimes I, II, and III are defined based on the change in material 
response. 
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Figure 3-4: Frontal (xy plane) and lateral (yz plane) view of a 7% strained pillar deformed at ε̇ = 10-3 s-1 
(Regime I). The reference system is associated with that in Figure 3-1a. (a) EBSD map on the front 
surface. (b) TKD map showing the twin and parent phases. (c) Pole Figures related to the EBSD map in 
(a) showing the occurrence of (01̅12) twin. RD: Rolling Direction (along y), TD: Transversal Direction 
(along x). (d-f) BF and WBDF TEM images for the pillar shown in (b). Because of TTW, the crystal 
undergoes a crystallographic reorientation that places the c-axis almost parallel to the loading direction. 
With proceeding strain, subsequent accommodation of plastic deformation can occur through activation 
of secondary (harder) deformation modes, particularly in the twins themselves, where <c+a> disloca-
tions were detected (black arrow) (e). (f) In the parent domain, limited basal slip activity is detected, 
however, due to the zero Schmid factor imposed by the chosen orientation, it does not result to be the 
main mode of deformation. The twin interface appears to conform to the classical (01̅12) twin plane 
geometry. The crystal misorientation was found to be 86.4° around the a-axis (see the diffraction pat-
tern), in line with that for conventional {101̅2} twins. 
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Figure 3-5: (a) EBSD map of a 5.2% strained pillar deformed at ε̇ = 1 s-1 (Regime II) showing a 30° 
inclined TB in the xy plane. Scale bar: 2 µm. BF (b) and WBDF (c-e) images inside the parent domain 
associated with the (0002), (01̅10) and (011̅1) diffraction spots. The character of the activated disloca-
tion types was investigated in Region II based on diffraction contrast analysis criteria (requiring the use 
ofTable A-1) and is discussed in Section 3.3.4. 

 

 

Figure 3-6: TKD maps (lateral views) of three structures deformed in Regime III. The reference system 
is associated with that in Figure 3-1a. Twin domain in blue and parent domain in red. (a-c) As can be 
observed from the TKD maps, almost all the structures' volumes have undergone a crystallograph ic 
reorientation from the parent into the twinned domain. The majority the TBs are characterized by 90° 
BP interfaces that grow locally very incoherently. (d,e) Selected Area Diffraction Patterns associated 
with the regions highlighted by the dashed squares in (a) and (b). 
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Figure 3-7: TEM image showing the microstructure of a 3.5% strained pillar deformed at ε̇ = 10 s-1 (Re-
gime III). (a) TKD map illustrating the higher twinned fraction volume compared to the 3D recon-
structed pillar deformed at mid strain rates for the given strain. (b) Deviation of the TB. (c,d) BP inter-
faces characterize also the TBs of inner twins. Dislocation pile-ups are visible inside the remaining 
parent domains (b,c). (e) The TB deviates in the proximity of the dislocation pile-up. Less slip activity 
is visible compared to that at mid-strain rates. The parent-twin interfaces mostly grow incoherently. 

 

 

Figure 3-8: Twin interfaces at HSRs. (a) Bright Field TEM image of the parent and twin domains inside 
a compressed structure. (b) Magnification of a region of the TB showing a step-like configuration char-
acterized by the presence of PB/BP serrations. The inclination of the TB does not coincide with what is 
expected for the invariant twin plane (denoted in the figure as TP). (c) Selected Area Diffraction Pattern 
(SADP) taken across the TB revealing that the {101̅2} diffraction spots are separated instead of over-
lapping with each other. A 90° lattice misorientation between the basal and prismatic plane of the twin 
and parent phases is thus established. All undefined scale bars correspond to 20 nm length. 
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3.2.2 Three dimensional {101̅2} twin geometry at low and mid-strain rates 

 

For sake of clarity, it is decided to use in this work a recently adopted vocabulary [207] used to distin-

guish two particular projections of the twin domain: the "Bright Side" (BS) and the "Dark Side" (DS), 

representing the view along λ (the x-axis) and the view along η1 (the shear direction), respectively. The 

BS of the {101̅2} twin in Mg has been widely investigated as it contains the k1 and η1 directions of 

propagation, of high interest for understanding the motion of TDs on alternating K1 planes. On the con-

trary, despite recent exceptions [104,208–212], the DS has not yet been sufficiently investigated exper-

imentally as such projection is reported to be, in principle, "crystallographically unobservable" [207]. 

Here, however, the spatial evolution of the twin grains of some deformed structures is assessed through 

a 3D EBSD reconstruction (Figure 3-9, Figure 3-10 and Figure 3-11), shedding light on the morphology 

of the twin domain from both the BS and DS at the microscales, resulting from different strain rate 

compressions. In particular, a special attention is dedicated to Regime I and Regime II to delve into the 

changes of the twin morphology described before. It is important to point out that the 3D domains ob-

tained in both regimes are of high interest as 1) their growth has not been affected by the presence of 

GBs; 2) they belong to "adult" twins, revealing how the facets expand as the twins become larger. The 

latter point is often questioned as molecular dynamic (MD) simulations are limited to twin volumes of 

few thousand nm3 and the HSR tests on bulk Mg [213] develop twins of thousand μm3. Hence, eventual 

changes in the twin shapes depend on and can be addressed to the different character and mobility of 

the lattice dislocations and the possible activation of other slip/twin modes caused by the changes in the 

kinetics of atomic rearrangements and consequent evolution of the facets that constitute the twin domain.  



 

 

80  

 

Figure 3-9: Post-mortem reconstruction of a pillar deformed in Regime I (a) and II (b). The 3D geometry 
was obtained from the combination of successive 2D EBSD mapping and FIB milling tomography 
[104]. Upper snapshots: Parent and twin domains; Bottom: twins only. All scale bars correspond to 2 
µm length. 

 

 

Figure 3-10: Three dimensional view of the twin domains in pillars deformed in (a) Regime I and (b) 
Regime II. (c-d) Bright Side (BS) and Dark Side (DS) views associated to the (01̅12) twin, i.e. along 
λ = [2̅110] and η1 = [011̅1]. All undefined scale bars correspond to 2 µm length. 



 

 

81  

 

 

Figure 3-11: Pillar deformed in Regime II. (a) Front and lateral view upon the 3D reconstruction of the 
whole pillar. (b) Twin domain reconstruction. The transversal evolution of the twin appears 32° inclined 
with the horizontal. The progressive lateral view of the pillar is illustrated. The 3D reconstruction reveals 
once more that the lengthwise twin interface propagation takes place on the (01̅12) twin plane along the 
[011̅1] crystal direction, whereas the transversal growth follows the [1̅100] direction on the (1̅1̅22) 
pyramidal II order plane geometry. The overall twin interface develops along the (1̅1̅23) plane. All scale 
bars correspond to 2 μm. 

 

Figure 3-10a and Figure 3-10b illustrate the obtained distribution of the nucleated twin crystals in two 

compressed pillars (respectively of Regime I and II) observed from three viewpoints around the longi-

tudinal axis. The 3D reconstructions show that the twin domain develops along the (01̅12) twin plane 

in Regime I (Figure 3-10a). This is confirmed by the inclinations of the TB in the xy and yz planes with 

the horizontal, 0° and 46.8° respectively. The classical {101̅2} TTW thus governs the plastic defor-

mation at low strain rates. The corresponding BS and DS views are illustrated in Figure 3-10c. In Regime 

II, the systematic 26°-32° inclination of the TB (visible in the xy twin plane as shown in Figure 3-5a, 

Figure 3-10b and Figure 3-11) is well maintained throughout the thickness of the structure (along z). 

However, in the yz plane, the TB shows a 46.8° inclination with the horizontal, parallel to the trace of 

the (01̅12) twin plane (see Figure 3-10d). The 3D reconstruction thus reveals similar twin shapes in the 

BS view between the two regimes but different twin evolutions when observed from the DS view (Figure 

3-10c-d). 
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3.3 Discussion 

 

3.3.1 Twin mechanism at low strain rates 

 

In Regime I, the stress plateau and the strain hardening precede the onset of the twin mechanism (Fig-

ure 3-2). This suggests that the formation of a twin nucleus of finite size occurs upon the activity of <a> 

dislocations underneath the pillar-indenter contact region, similar to what has been largely observed in 

Mg during direct and indirect c-axis extension at low strain rates [104,105,205]. The pillar tapering of 

~1-2° makes the top-back edge of the structures the principal twin initiation site (see Figure 3-10a). As 

the resolved shear stress along τ the [011̅1] twin direction is positive, the predominance of the (01̅12) 

twin variant is thus justified. The twin growth proceeds to maintain the original (01̅12) coherency (see 

Figure 3-10a and Figure 3-10c). 

 

3.3.2 Twin mechanism at mid-strain rates 

 

From the 3D reconstruction (Figure 3-10b and Figure 3-10d), the Miller indices associated to the crys-

tallographic twin plane along which the twin interface evolves correspond to the (5̅ 5̅ 10 14) plane. By 

considering slight misalignment of the sample, this likely corresponds to the (1̅1̅23) plane, 30° and 46.8° 

inclined in the xy and yz plane respectively. Very interestingly, the parent and twin crystals show over-

lapping projections in the {1̅1̅23} PF (Figure 3-12a). As the increase in strain rate may result in the 

activation of different twin modes [50], the misorientation, rotation axis, and the 3D geometry of the K1 

habit plane of other twin systems were investigated and compared to the characteristics of the twin in 

Regime II. However, by using the classical crystallographic theory of twinning [24] to predict possible 

twinning modes of type I, II, or compound, no clear correspondence was found. This implies that the 

changes in the twin shape can be addressed solely to a different (01̅12) twin process from Regime I to 

Regime II. Thus, although the twin habit plane does not coincide with the detected TB surface, the 

correspondence matrix C [26,41] related to the nucleated twins still corresponds to the one for (01̅12) 

twins (see Eq. (1.19) in Chapter 1). Nevertheless, a different way of accommodating the distortion must 

take place. It is worth noting that during the (01̅12) twinning process the (01̅12) plane remains fully 

invariant and no in-plane distortions occur (see Eq. (1.21) in Chapter 1). Also, the (1̅1̅23) is transformed 

into a plane of the same family in the twin domain (in general not true). Indeed, during the TTW process, 

the (1̅1̅23) plane becomes the (1̅21̅3̅) plane in the twin basis: 

[
ℎ
𝑘
𝑙

]

/𝐵ℎ𝑒𝑥
𝑡

= 𝑪ℎ𝑒𝑥
𝑡→𝑝−𝑇

 [
−1
−1
3

]

/𝐵ℎ𝑒𝑥
𝑝

= (
1 0 0

−1/2 0 1/2
1 2 0

) [
−1
−1
3

]

/𝐵ℎ𝑒𝑥
𝑝

= [
−1
2
−3

]

/𝐵ℎ𝑒𝑥
𝑡

 (3.1) 
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In addition, albeit the shear direction remains invariant, in-plane distortion along the (1̅1̅23)p plane oc-

curs during TTW, contrarily to what occurs along the (01̅12) plane. Indeed, considering the image by 

correspondence of two directions in the (1̅1̅23)p plane, i.e. [121] and [1̅10]: 

[
𝑢
𝑣
𝑤
]

/𝐵ℎ𝑒𝑥
𝑡

= (

1 −1/2 1

0 0 2
0 1/2 0

) [
1
2
1

]

/𝐵ℎ𝑒𝑥
𝑝

= [
1
2
1

]

/𝐵ℎ𝑒𝑥
𝑡

;  [
𝑢
𝑣
𝑤
]

/𝐵ℎ𝑒𝑥
𝑡

= (

1 −1/2 1

0 0 2
0 1/2 0

) [
−1
1
0

]

/𝐵ℎ𝑒𝑥
𝑝

= [
−3
0
1

]

/𝐵ℎ𝑒𝑥
𝑡

 

(3.2)  

The [121] is transformed into a direction of same family. The [121] direction (shear direction) is thus 

invariant. However, the [1̅10] direction is transformed into a direction of a different family, which 

proves that this does not remain invariant. 

As simple consideration of twinning shear on the (01̅12) plane and associated shuffles do not suffice to 

fully describe the twin formed in Regime II, the overall twin shape must be the outcome of a competitive 

process dependent on the mobility of newly activated dislocations that accommodate the 

(1̅1̅23)(1̅21̅3̅) in-plane distortion. It is worth to remind that the only difference between Regime I 

and II is the increase in 휀̇. With the rise in strain rate, the higher applied speed of the indenter is accom-

panied by a faster response of the specimen that results in high axial compression stresses [214]. The 

latter becomes suitable for mobilizing the dislocations with the highest activation stress (Peierls stress) 

[145,215,216], i.e. <c+a> dislocations on the parent pyramidal planes [157,217]. In the xy plane, the 

lateral inclination of the upper TB (Figure 3-10a) is close to that of (1̅1̅22) slip plane (Figure 3-12c), 

meaning that the activity of <c+a> dislocations on the (1̅1̅22) pyramidal II order plane might have ac-

tively affected the twin mechanism. The competition of TDs and pyramidal slip (Figure 3-12c, Figure 

3-12d) could therefore assist the (1̅1̅23)(1̅21̅3̅) in-plane lattice distortion, establishing a new parent 

twin interface. As the twin nucleus expands, pyramidal slip activity provides a potential favorable strat-

egy to facilitate and balance the lattice distortions generated at the TB during the twin propagation, 

resulting in an "unclassical" parent twin interface. The rationale to the changes in the TB geometry may 

reside in an interfacial energy minimization via pyramidal slip activity. In a general but non-quantitative 

way, atomistic modellings were reported to agree with the continuum results indicating the feasibility 

of the pyramidal <c+a> dislocation assisted twinning mechanism under an applied load [69]. In other 

words, the TB develops along the plane containing the [1̅100] and [011̅1] crystal directions (p and η1), 

i.e. the (1̅1̅23) plane (Figure 3-12d). In support of this, the appearance of the "unclassical" TB is ac-

companied by a change in the strain rate sensitivity (m) and a reduction of the apparent activation volume 

(𝑉∗) from 50𝑏𝑎
3  to 2𝑏𝑐+𝑎

3  when <c+a> dislocations become mobile (see Section 3.3.4for details). The 

smaller activation volume suggests that the slip-assisted (01̅12) twin growth by the aid of <c+a> dislo-

cations becomes preferable and consequently prevalent under higher applied stress fields. Additiona lly, 
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the growth perpendicular to the K1 plane appears slower than along the other two directions of propaga-

tion, leading to the curved-like twin shape shown in Figure 3-10b, schematically reproduced in Figure 

3-12b. 

 

 

Figure 3-12: (a) {1̅1̅23} pole figures showing parent-twin projections. (b) Schematic reconstruction of 
the twin surface. (c) Representation of the (01̅12) twin (blue), (1̅1̅22) pyramidal II (green) and (1̅1̅23) 
plane geometries. The latter intersects the atoms marked as A, B, and C. (d) TDs glide on the corre-
sponding twin plane along η1 inducing the lengthwise propagation. The lateral twin propagation is sus-
pected to be mediated by <c+a> dislocations as p corresponds to a gliding direction of dislocations lying 
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on the (1̅1̅22) plane. (e) View of the three dimensional parent-twin domains of a pillar deformed in 
Regime II. Scale bar, 2 µm (f) HR-TEM image from the [2̅110] zone axis (also λ, thus BS view of the 
twin) illustrating a TB constituted by the alternation of PB/BP and CTB interfaces. The Selected Area 
Diffraction Pattern shows the (01̅12) overlapping diffraction spots between the parent and the twin 
crystals establishing the crystallographic twin plane and the rational orientational relationship for 
{101̅2} TTW. Scale bar, 2 nm. 

 

The changes in the twin growth can be visible only thanks to the 3D reconstruction. Indeed, if one would 

solely investigate the BS view, the high-resolution (HR) TEM image (Figure 3-12e and Figure 3-12f) 

reveals that the forward twin propagation (along η1) leads to semi-coherent TBs, mostly characterized 

by the alternation of PB/BP interfaces and coherent-TBs (CTB), as usually observed [218] (see also 

Section 1.3.1.3). The investigation of the DS of the twin is hence crucial for understanding the twin 

process. This work, therefore, opens new aspects on deformation twinning that will require future ex-

periments and simulations that focus on the precise atomic rearrangements not only in the BS view of 

the twin. So far, from this qualitative analysis, the appearance of the non-classical (1̅1̅23) TB cannot be 

explained with the classical theory of twinning and, due to geometrical considerations, it is thus propose 

that <c+a> dislocations play a crucial role in accommodating the twin processes in HCP metals, allowing 

the {101̅2} twin growth along a non-invariant twin plane. This work hence brings out new interpreta-

tions of some already reported anomalous twin features. 

 

3.3.3 Twin mechanism at high strain rates 

 

The detailed post-mortem investigations performed on the developed twin domains of several pillars 

deformed in Regime III revealed that the majority of the TBs are characterized by PB/BP interfaces that 

establish a parent-twin lattice correspondence of 90° (Figure 3-6 and Figure 3-8). This induces to a 

deviation from the classical 86.3° misoriented interface [219]. In this configuration, unlike in Regime I 

and II, the (01̅12) twin planes are not parallel in the twin and parent domains, as evidenced by the 

Selected Area Diffraction Pattern (SADP) acquired across the TB showing that the (01̅12) diffraction 

spots are separated (Figure 3-8c). Therefore, the classic rational crystallographic orientational mirror 

symmetry and consequently a crystallographic twin plane are no longer established. Additionally, the 

TB traces show an angular deviation (β) from the (01̅12) twin plane that varies continuously (Figure 

3-7 and Figure 3-8b). As the common axis between the two crystals coincides with the a-axis, a (90°, a) 

twin type forms. The latter was already reported in nano-pillar compressions at low strain rates (10-3 s-1) 

and suggested to result from a prismatic-basal stacking rearrangement that takes place through a collec-

tive atomic movement eventually leading to a 90° reorientation of the HCP unit cell [56,220] (see Figure 

3-13). 
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Figure 3-13: ParentTwin transformation at HSRs. A 90° lattice misorientation between the basal and 
prismatic plane of the twin and parent phases is established and schematically reproduced in (a). (b) 
Schematic of the atomic movements, readapted from Ref. [56] of the main text, required to accomplish 
the transformation from the parent (red) to the twin (blue) unit-cell. In particular, the yellow and violet 
colored spheres represent the atoms that belong to the adjacent parent and twin unit cells, respectively. 

 

At HSR, the accommodation of significant global strain must occur at the microscopic grain-scale within 

a very short time. Accordingly, different ways of accommodating the parenttwin transformation may 

occur under shock-loading compared to that under quasi-static conditions [220], requiring a more coop-

erative movement of a large number of atoms similar to a displacive-like transformation, as suggested 

by the increase in activation volume (see Section 3.3.4). Recently it was observed that at low strain rates, 

but under high-stress conditions, the prismaticbasal plane conversion in Mg occurs only at the first 

stage of the twin process (twin embryo of few nm3), leading to a 90° misoriented interface between the 

parent and twin lattices [202]. Subsequently, the twin propagation mechanism was reported to continue 

through the advancement of CTBs formed in a second stage by the rearrangement of dislocations at the 

PB/BP interfaces, re-establishing the classical lattice correspondence [202] and finally linking mutual 

observations of (90°, a) and (86.3°, a) twins. In this work, however, the TBs illustrated in the TEM 

images belong to “adult” twins rather than embryonal. Thus, as the only difference from the other re-

gimes lies in the applied 휀̇, this work shows that a kinetically limited growth of {101̅2} CTBs cannot 

accompany the imposed and required fast twin evolution. Consequently, at HSR the entire twin process 

appears to be adopted by prismaticbasal conversion, and hence (90°, a) twin. The formation of TBs 

characterized by alternating PB/BP serrations with different segment lengths could explain the growth 

of incoherent TBs. Importantly, when gliding planes are nearly parallel between two neighboring mis-

oriented grains, slip transmission for dislocations across TBs is easier and strongly affects the textura l 

evolution of the material [172]. Stress concentrations at TB-slip interaction sites may be also more easily 

relieved, limiting pile-up stresses, multiple twin nucleation events and formation of cracks. Interactions 

of TBs comprised of interfaces CPB (90° PB/BP semi-coherent) would also influence the feasibility of 

twin-twin interpenetrations and formations of "double twins". 
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Contrarily to what observed here, during shock loading in bulk Mg alloys [56,218] the 86.3° misoriented 

PB/BP parent-twin interfaces have been observed. One can however argue that, in the case of bulk sam-

ples where a laterally “constrained” environment surrounds the twin domains, the interface strains gen-

erated by a 90° parent-twin misorientation are estimated to be too high and need to be reduced by a 

crystal rotation of 3.7° eventually leading to the invariant plane strain condition, not necessarily required 

in freestanding pillars. In the latter case indeed, the prismaticbasal transformation from the pillar up-

per surface is driven by normal compression while the basalprismatic transformation is accommo-

dated by relaxation due to free surfaces. The unconventional (90°, a) and the conventional (86.3°, a) 

twins thus likely derive from the same initial distortion (see Section 3.3.3.1) that takes place at the first 

stage of the twin mechanism, differing in a second stage only by a minor obliquity correction compen-

sated by small lattice rotations [46]. It is worth reminding that the disconnections and disclinations are 

the dislocation arrays that locally accommodate respectively the translation and rotational parent-twin 

misfits at the TB [221,222]. Therefore, the final character of the TTW domains in bulk samples formed 

at HSR loading results from the cooperation of prismaticbasal transformation and subsequent rear-

rangement of interfacial defects, analogously to the dual-step mechanism recently observed in HCP 

metals at low strain rates [202], leading to parent-twin misorientation angles between 86.3° and 90°. 

 

3.3.3.1 Distortion matrices for (90°, a) twin and (86.3°, a) 

The unconventional (90°, a) twin is very similar to the classical TTW (86.3°, a). Indeed, it has the same 

correspondence and only differs by a rotation of 3.7°. It can be checked by using Eq. (1.19) and Eq. (1.4) 

that the a1 + 2a2 axis of the parent crystal is transformed into the c-axis of the twin, and the c-axis of the 

parent is transformed into the a1 + 2a2 axis of the twin (see also Figure 3-14): 

[
0
0
1

] = (

1 −1/2 1

0 0 2
0 1/2 0

) [
1
2
0

]          ;         [
1
2
0

] = (

1 −1/2 1

0 0 2
0 1/2 0

) [
0
0
1

] (3.3) 

 

 

Figure 3-14: Hexagonal coordinate systems for the parent and the twin crystals. 

 

The coordinate transformation matrix T p  t and the distortion matrix F p → t for (90°, a) twin associated 

with the chosen coordinate system are: 
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(3.4) 

The distortion matrix associated with the (90°, a) twin can be mathematically associated to a pure stretch. 

𝑭ℎ𝑒𝑥
𝑝→𝑡,90°

 becomes indeed a symmetric matrix when transformed into orthonormal basis: 

𝑭𝑜𝑟𝑡ℎ𝑜
𝑝→𝑡,90°

= 𝑯ℎ𝑒𝑥  𝑭ℎ𝑒𝑥
𝑝→𝑡,90°

𝑯ℎ𝑒𝑥
−1  (3.5) 

with 𝑯ℎ𝑒𝑥 = [𝑩𝑜𝑟𝑡ℎ𝑜 → 𝑩ℎ𝑒𝑥 ] the coordinate transformation matrix between the two bases given in 

Eq. (1.9). Note that 𝑭ℎ𝑒𝑥
𝑝→𝑡,90°

 can usually also be reported as 𝑼ℎ𝑒𝑥
𝑝→𝑡

 in case of a pure crystal stretch. 

The (90°, a) twin does not fulfill the classical invariant plane strain condition for the (01̅12) plane of 

the classical TTW (86.3°, a). Indeed the distortion matrix associated to the (90°, a), different to that 

reported in Eq. (1.17) associated with the (86.3°, a) twin, does not leave the (01̅12) plane invariant. 

From 𝑭ℎ𝑒𝑥
𝑝→𝑡,90°

, the distortion matrix for the classical extension (01̅12) twin can be however calculated 

by applying an obliquity correction 𝑹3.7° that restores the invariant plane condition, as if TTW were a 

dual-step mechanism (which appears actually experimentally confirmed). Following the mathematical 

description adopted by Cayron [46]: 

𝑭ℎ𝑒𝑥
𝑝→𝑡,(01̅12)

= 𝑹3.7° 𝑭ℎ𝑒𝑥
𝑝→𝑡,90°

 (3.6) 

The distortion matrix that relates the parent and twin crystals when the process of (01̅12) twin is com-

pleted would then be: 
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(3.7) 

where 𝜑 =  √1 −
(𝑐 𝑎⁄ )2

3
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The characteristic of the twin can be checked by calculating the rotation matrix R p → t as in Eq. (1.23). 

One can check that the matrix R p → t represents indeed an 86.3° rotation around the [2̅110] axis (a-axis), 

as for the classical (01̅12) twin. 

By a dual step mechanism (pure stretch + obliquity correction), the classical (01̅12) twin is therefore 

obtained and justifies the co-existence of both (90°, a) and (86.3°, a) twins. The unconventional (90°, a) 

(observed here) and the conventional (86.3°, a) twins (observed in bulk Mg), resulting from high-speed 

loadings, derive from the same initial distortion matrix 𝑭ℎ𝑒𝑥
𝑝→𝑡,90°

, differing only by a minor obliquity 

correction compensated by small lattice rotations. Differently from Ref. [46], here, the intermediate 

mechanism that induces the obliquity correction is not specified as this could take place through the aid 

of dislocations or being fully elastically accommodated. Identifying these intermediate mechanisms is 

extremely challenging due to the speed at which it occurs and would require even further advancements 

in the acquisition frame rate during in situ TEM experiments. 

 

3.3.4 Strain rate sensitivity and apparent activation volume 

 

The changes in the crystallographic morphology of the twin grains is reflected also in the changes in the 

material behavior observed by investigating the variations of m and 𝑉∗  at the yield point (Figure 3-15) 

by using Eq. (2.18) and Eq. (2.27) in Chapter 2.2.3.1. As σy defines the onset of the plastic deformation, 

variations in the m and V* are therefore expected to result from changes in the initial mechanism ac-

commodating the plastic deformation. 

 

Figure 3-15: (a) Variation of the strain rate sensitivity (m) value with strain rate. (b) Activation volumes 
in m3 and as a function of b3, with b being the magnitude of the different lattice dislocations in Mg. 

 

For 휀 ̇ ≤  10−2  𝑠−1 , the applied low-speed deformation allows the development of complex strain fields 

beneath the tip-pillar contact region. As basal slip have the lowest 𝜏𝐶𝑅𝑆𝑆  [140], their activation can be 

triggered even by small crystal deviations. The nucleation of twin embryos can be subsequently induced 

by the high-stress field at the defect sites such as dislocation pile-up and prior basal/prismatic dislocation 
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slip activities [105], acting as a precursor to the formation of a stable twin nucleus [59]. Therefore, the 

activation volume of the incipient plasticity can be expressed as 50𝑏𝑎
3 . Despite the basal plane being 

parallel to the loading direction, small basal slip can also be activated inside the parent grain due to the 

bulging effect of the pillar. However, in the grains that have reoriented by twinning, the activation of 

<c+a> dislocations is favored [223], witnessed by the detected dislocation loops in Figure 3-4. 

At 10−2  𝑠−1 < 휀̇ <  10 𝑠−1 , the activation of <c+a> dislocations becomes possible due to the higher 

compressional stresses. The analysis of the BF and WBDF images reported in Figure 3-5b-e shows 

indeed that, despite the lower achieved strain compared to Figure 3-4, several <c+a> dislocation com-

ponents have been activated. This is accompanied by a variation of m (Figure 3-15a), a reduction of the 

V* to 2𝑏𝑐+𝑎
3  (Figure 3-15b) and a significant change in the spatial geometry of the lateral twin interface. 

The onset of the plastic deformation occurs through the twin nucleation mechanism (see Figure 3-2), 

meaning that the activation of <c+a> dislocations plays a central role in accommodating the twin pro-

cess. Additionally, in the process of severe plastic deformation, junction disclinations and other interface 

defects accumulated at the growing TB [222], such as interfacial dislocations associated with BP serra-

tions [224,225], can act as a source for basal slip activity. Figure 3-5b-e shows that the glide of these 

dislocations indeed occurs in the whole width of the parent grain, such that, with respect to the remaining 

matrix volume, basal slip are also still significant in Regime II. Additionally, the WBDF images of 

Figure 3-5b-e show dotted-like diffraction contrasts lying on the basal plane, populating the parent grain. 

As recently reported [226,227], when leading partial dislocations of basal slip meet a pyramidal slip, 

sessile basal-pyramidal dislocation locks form generating puzzling diffraction contrasts, widely ob-

served in Mg [117,203,228–230]. Also, the easy-glide pyramidal II <c+a> can undergo thermally acti-

vated, stress-dependent transitions into various lower-energy immobile product dislocations lying on 

basal planes [203]. These dislocation features, not visible in Regime I, suggest once more a substantial 

activity of <c+a> dislocations with increasing strain rate. As other twin modes predictable by the clas-

sical theory of twinning [24] do not reflect the characteristics of the twin observed in Regime II, the 

changes in the {101̅2} twin mechanism from Regime I and II seem therefore attributed to the activation 

of <c+a> dislocations with the increase in strain rate. 

While a significant increase in the σy is expected at higher strain rates [231,232], at 휀 ̇ ≥  10 𝑠−1  the strain 

rate sensitivity decreases with the consequent increase in V*. The hypothesis of softening induced by 

adiabatic heating seems not consistent as a higher amount of plastic work converted into heat is expected 

to lead to further subsequent softening, however not observed. This was instead explained by a further 

change in the characteristic of the growing twin interface described before. When the collective atomic 

behavior becomes the major deformation mechanism for micron-sized samples, an increase in the acti-

vation volume is expected. In conclusion, the three different regimes can be distinguished by different 

deformation accommodations accompanying the twin mechanism. Regime I: multiple dislocations 

source; Regime II: single or surface dislocation source; Regime III: collective atomic movement. 
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3.4 Summary and conclusions 

 

Our results, combined with previous findings [56,202], provide a closer observation on how the accom-

modation of the twin mechanism depends on both the applied stress condition and the kinetic compati-

bility of interfacial processes when a rapid rearrangement of the atom positions is externally imposed. 

The progressive evolution of the accommodating twin mechanisms from 10-4 s-1 to 500 s-1 has been 

extensively characterized. At low strain rates, the twin growth occurs along the invariant (01̅12) twin 

plane by CTB migration according to the usual shear-shuffle mechanism. With increasing the strain rate 

though, the dislocation-assisted twin mechanism from dislocations with large Burgers vectors becomes 

favorable and consequently prevalent in Mg under higher applied stress field, allowing the evolution of 

the TB along a crystallographic plane (here the (1̅1̅23))  that differs from the invariant TTW plane. This 

suggest that deformation twinning would still be the major deformation carrier at RT even when the 

activity of non-basal slip is favored. It is worth to remind that the potential link or competition of defor-

mation twinning with the dislocation activity is extremely crucial to better engineer Mg alloys for im-

proving their ductility and hence extend the application ranges [233]. At HSRs, however, the par-

enttwin lattice rearrangement is almost entirely accommodated by prismaticbasal conversion and 

the consequent advancement of basal/prismatic interfaces. A collective (but non-random) rearrangement 

of the atomic positions resulting in a 90° reorientation of the HCP crystal appears to entirely mediate 

the twin process, being naturally compatible with the required twin growth speed at HSRs. The sche-

matic of the initial and final atom positioning, recently proposed during prismaticbasal transformation 

[56], is illustrated in Figure 3-13. The changes in the dynamic response and plastic accommodation 

mechanisms from low to high-speed deformation conditions in Mg at the microscale confirm that de-

formation twinning in HCP metals is not only stress- but also strongly time-controlled. 

The occurrence of the different accommodating processes of plasticity in Mg depends solely on the local 

conditions of constraints. This work shows that some of the recent interpretations deduced by particular 

twin morphologies are not universally valid. Being interpreted only by experimental evidence, this work 

adds new pieces to the fundamental comprehension of deformation twinning in HCP metals at the mi-

croscale under unexplored loading regimes, aiming at closing the gap between currently reported atom-

istic simulations and macroscale HSR results. This study elicits future investigation on the different 

energy minimization twinning processes occurring at mid-high deformation rates, as well as the effect 

of size, temperature, GBs, and solute addition during HSR deformations at the microscale. The fact that 

at HSR the TB is composed of PB/BP semi-coherent interfaces (90° between matrix and twin) can have 

a large influence on the overall twinning behavior, as for instance during twin-twin interactions,  or in 

"double-twins" formation, or additionally in detwinning which is particularly important under cycling 

loadings. At the microscale, this feature allows extended plasticity with no crack formation up to more 

than 10% strain, which is remarkable for such a material with limited ductility. This can have beneficial 

consequences for automotive, aeronautic or biomedical applications, where reliability and mechanical 
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integrity under shock conditions are paramount. Extending the investigation to different crystal orienta-

tions and to polycrystalline samples would allow a broader understanding of how changes in the nature 

of the parent-twin interfaces influence the mechanical response of bulk Mg under HSR loadings. 

 

3.5 Towards the next chapter 

 

Thanks to the fine tuning of the high temperature SEM testing setup (see Chapter 2), an extended inves-

tigation of the mutual effect of high temperature and HSR on the mechanical response of Mg has been 

performed. In particular, although no critical size range for twin suppression has been experimentally 

reported in Mg, hot working conditions in bulk have been demonstrated to cause a transition in the 

governing mechanism (twin to slip) that accommodates the plasticity. However, the in-depth analysis 

of the changes in the material behaviour induced by concurrently varying the externally supplied thermal 

and kinetic energy still represents a largely unexplored paragraph in material science, especially at the 

microscale. Chapter 4 is therefore intended to shed a light in this regard. Also, differently from Chap-

ter 3, in the next section the HCP crystal will be compressed along the [21̅1̅0] axis with the aim of 

investigating the orientation effect on the strain rate and temperature sensitivity of twinning, as well as 

the formation of the (90°, a) twin away from the [101̅0] compression condition.  
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4. Mechanical response of pure Mg during 

<2110> micropillar compressions under dif-

ferent strain rate and temperature conditions 

 

From the manuscripts under review in: 

Acta Materialia, (2022) and Scripta Materialia, (2022) 

SSRN: https://papers.ssrn.com/sol3/papers.cfm?abstract_id=4128726 

 

Over the last decade, the slip and twinning deformation modes that enable plasticity in Mg have been 

extensively studied both experimentally and by various computational methods [23,47,234,235]. Alt-

hough twinning dominates plastic deformation at RT, it is well-known that hot working conditions can 

activate non-basal slip systems accessible by thermal activation due to the widely reported great varia-

bility of the τCRSS with temperature of pyramidal and prismatic slip activities [130,216,235–239]. This 

reduces the occurrence of twinning, improves the machinability of Mg alloys, and consequently makes 

them more suitable for real applications [240–244].  

In this context, the first part of this chapter (Part a) shows how plasticity is accommodated in pure Mg 

single crystal micropillars at various temperatures and HSR, expanding the understanding of the strain 

rate and temperature sensitivity of the activated deformation modes in Mg. The ranges of T and 휀̇ cov-

ered here are 293 - 573 K and 10-3 s-1 – 100 s-1, respectively. As basal slip has been widely reported to 

be rate-insensitive and predominant in accommodating the plastic deformation in Mg 

[130,133,203,235,245], the crystallographic orientation chosen in this work disfavours the activation of 

basal slip by limiting the Schmid factor to zero, and leaves space for the investigation of the rate-sensi-

tivity and activation volumes of other important deformation modes in Mg. It is necessary to anticipate 

that the strain rate and temperature dependence for twinning varies with the crystallographic orientation 

[127–129]. Indeed, although TTW has been usually reported to be temperature and strain rate insensitive 

for polycrystalline specimen loadings [126,130–133], differences in flow behaviour can be observed in 

single crystals, as seen in Chapter 3 [90]. 

Due to experimental limitations, a long-standing challenge still remains in comparing the microstruc-

ture-aware models capable of predicting the mechanical response and final material texture, with the 

actual experimental data, especially when moving from quasi-static regimes to HSR deformation con-

ditions in high temperature environments. Models based on the rate-controlled mechanism should there-

fore be used, and the dislocation-based thermally-activated hardening model is commonly used [246]. 

Using the testing conditions covered here, this work investigates whether the thermally-activated model 

https://papers.ssrn.com/sol3/papers.cfm?abstract_id=4128726
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for dislocation plasticity, applied to the dominant deformation mode at high temperature, succeeds in 

qualitatively and quantitatively describing the flow stress in single crystal Mg structures at the mi-

croscale. The range of applicability of the adopted model is generally reported to be 10-5 - 103 s-1 [246]. 

Nevertheless, assumptions made to describe highly complex phenomena may not be effective in Mg 

over the full expected range when compared to experimental data, necessitating considerations that take 

into account the increasing contribution of size effects, as well as dislocation inertia and temperature 

increase at HSRs. This work therefore provides microscale experimental results at high temperature and 

in the range of strain rates where dislocation velocities still do not follow a linear relationship with the 

shear stress, yet where the system possesses sufficient kinetic energy to influence the ratio of dislocation 

generation and escape, thus enhancing the understanding of the plastic deformation of pure Mg at the 

microscale. 

The second part of this chapter (Part b) extends the analysis of the microstructure evolution and the 

consequent mechanical response of pure Mg micropillars under cryogenic test conditions. 

 

a. Elevated Temperatures 

 

4.1 Materials and Methods 

 

4.1.1 Material preparation and crystallographic orientation 

 

Sample SX2 (Figure 2-1 and Figure 2-9 in Section 2.1) was used for pillar fabrication with 5µm diameter 

and 10µm height, using Ga+ FIB (Tescan, Lyra3) milling. The pillar taper, caused by inherent limitations 

of the FIB milling procedure, was found to be on average 2-3°. For further details see Chapter 2. The 

pillar top was used to measure the area from which the engineering stress was calculated. Nominal 

stresses and strains are reported here. The structures were then compressed along the crystallographic 

a-axis, [2̅110], with a nanoindenter fitted with a 20 μm diameter flat punch. The initial orientation was 

examined by EBSD. 

 

4.1.2 Mechanical testing 

 

Micropillar compression experiments were conducted using a displacement controlled in situ indenter 

(Alemnis AG, Thun, Switzerland) with dedicated setups for testing at high temperature and HSRs inside 

a SEM (Zeiss DSM96, Germany). Micropillar compression tests were conducted at different tempera-

tures: 293, 423 (±2), 573 (±5) K, and over 6 orders of magnitude of strain rate, from 10-3 to 100 s-1. For 
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a statistical accuracy, three pillars were tested for each condition and measurements at quasi-static 

speeds were corrected for thermal drift. Thermal drifts at each temperature were minimized by matching 

the tip and sample surface temperature [188,247–249]. The magnitude of the drift rate rarely exceeded 

1 nm s-1. The temperature was measured accurately by carefully calibrating the tip temperature 

[187,248] and then adjusting the sample temperature accordingly. The highest strain rate that can be 

achieved during these tests depends, firstly, on the actuation speed of the in situ dynamic nano-indenta-

tion system and, secondly, on the dimensions of the pillars. Here, for a pillar height of 10μm, strain rates 

of ~100 s-1 were possible for an actuation speed of 1 mm/s. A height/diameter aspect ratio of 2:1 was 

chosen to avoid buckling. For these pillar dimensions, the load was measured reliably by a strain gauge 

based load cell at low strain rates (up to 1 s-1) and by a piezoelectric load cell above 1 s-1 [199]. 

 

4.1.3 Extraction of the material properties 

 

For details refer to Section 2.2.7 in Chapter 2. As for all the tests performed at ε̇  ≥ 10 s-1, the flow stress 

exhibits oscillations due to the resonance of the system [189]. A centered rolling average smoothing 

procedure with 15 and 25 data point windows for 10 and 100 s-1, respectively, has been adopted. (Note: 

sampling rates used were 100 kHz and 1 MHz, respectively). For all other conditions, a 5 data point 

window was used. 

 

4.1.4 Post-deformation techniques 

 

To investigate and analyze the deformation modes accommodating the plasticity for the different tested 

conditions, several deformed pillars were lifted out and further thinned down to ~200 nm (final FIB 

polishing conditions: 2 kV, 50 pA) for TKD map acquisitions using an EDAX DigiView camera with 

2×2 binning (442 × 442 px2), providing an overview of the textural development upon deformation. For 

this, an electron beam of 30 kV and 10 nA was used. For all the thin foil lift-outs, the [0001] direction 

(the c-axis), was selected to be the foil normal direction. After the TKD map acquisitions, where neces-

sary, further thinning was performed for capturing atomic resolution images using a ThermoFischer 

Themis 200 G3 aberration corrected (probe) TEM operating at 200 kV. A double tilt sample holder was 

used to achieve various zone axis (Z.A.) conditions. It is important to note that any in-plane rotation 

between the TEM or TKD images shown in this article is simply the result of the manual positioning of 

the foil in the microscopes. 

 

4.1.5 Thermal modelling 
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Axisymmetric thermal finite element simulations were performed using Comsol Multiphysics 5.5. The 

micropillar was modelled standing on an Mg substrate with 12.5μm radius and height. The boundaries 

of the simulated substrate to the infinite half-space below were modelled as constant temperature bound-

aries, e.g. it was assumed and verified that they are sufficiently far away from the pillar not to affect the 

solution. A mesh was generated consisting of 2343 triangular domain elements and 165 boundary ele-

ments. The effects of radiative heat loss on the boundaries exposed to vacuum were not considered, they 

were modelled as isolated boundaries. For the boundary at the top of the pillar in contact with the in-

denter two different cases were modelled: an isolated boundary to model a high interfacial thermal re-

sistance between indenter and micropillar and a constant temperature boundary assuming that the in-

denter acts as a heat sink and the interfacial thermal resistance is negligible. For the modelled strain rate, 

volumetric heating of the pillar through dissipation due to bulk plastic deformation was considered. For 

this, the plastic power was determined by integrating the area under the experimental stress-strain curve, 

subtracting the elastic contribution, and dividing by the duration of the experiment. This power was then 

introduced into the whole pillar as a body heat source. Thermal simulations were run for the full duration 

of the experiment and the maximum temperature rise in the pillar was calculated. The values of heat 

capacity, density and thermal conductivity used were respectively: 1010 J/(kg K), 1730 kg/m3 and 

150 W/(m K). 

 

4.2 Results and Discussion 

 

4.2.1 Stress-strain response 

 

The engineering stress-strain curves representing the mechanical behaviour of microcrystals tested at 

different temperatures and strain rates are illustrated in Figure 4-1a. It is observed that from T = 293 K 

(RT, 0.32 Tm) to T = 423 K (0.46 Tm), the variation of 휀̇ from 10-3 s-1 to 100 s-1 does not influence the 

characteristic trend of the recorded curves, i.e. a stress drop followed by strain hardening, but rather only 

the stress values of incipient plasticity and strain hardening rates. As the material response at low strain 

levels strongly varies according to the complex local strain field and local atomic rearrangements that 

occur in the first few-hundred nanometers underneath the pillar-indenter contact surface, greater varia-

bility in the yield point and especially strain hardening rate can be observed at low strain rates. The 

roughness of the flat punch, the FIB milling procedure, the initial dislocation density and other little 

controllable imperfections can also contribute to increase the stochasticity of the response. Variation in 

strain hardening can moreover be related to the number of twins formed at the first stage of the defor-

mation, influencing significantly the subsequent plastic flow evolution. A distinct characteristic of de-

formation by twinning compared to that by slip lies in fact in the greater variability (stochasticity) of the 

mechanical response of the material induced by the peculiarity of the process. Nevertheless, significant 
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changes are observed at T = 573 K (~0.62 Tm) where, for 휀̇ up to 1 s-1, the material response exhibits a 

continuous plastic flow, without any noticeable load drop, that converges to a constant value of stress 

(stage III –Figure 4-1b) indicating an apparent absence of strain hardening with increasing strain. The 

rationale attributed to this is a transition from a twinning-dominated to a slip-dominated plasticity, typ-

ically reported at low strain rates at T > 423 K [130,142] and confirmed in Figure 4-2. However, at 

휀̇ ≥ 100 s-1 the stress-strain curves become again similar to those at lower temperatures. Interestingly, 

when 휀̇ = 10 s-1, the continuous plastic flow response is detected for pillars 44 and 47, and the charac-

teristic twinning-like trend is seen for pillars 45 and 46. The TKD maps shown in Figure 4-2f confirm 

that a twinning to slip transition occurs at low strain rates with increasing temperature and that a slip to 

twinning transition takes place at high temperature by increasing the strain rate. 

The influence of T and 휀̇ on twinning and slip can be investigated in a first analysis by the variation of 

the yield stress. In the range when twinning is absent and slip governs the plastic deformation, the yield 

stress 𝜎𝑠 has been measured at the 0.2% of strain (Figure 4-1b). However, when twinning takes place 

and governs the plasticity, it is necessary to specify more carefully how the twinning yield stress (𝜎𝑡) is 

defined. In particular, the complexity resides in experimentally decoupling the singular twin and slip 

contributions to the plastic flow and characterizing the resolved shear stress 𝜏0
𝑡   for twinning, especially 

when altering the above mentioned parameters (T and 휀̇) as the local stresses and defect structures from 

which twins nucleate can consequently vary [58,59,73,102,103]. In other words, during the deformation, 

the occurrence of slip can act as a concentrator of stresses and trigger the onset of the embryonic twin; 

the activation of the primary twin variant can consequently depend on the temperature and strain rate 

sensitivity of slip, especially when slip represents the easier deformation mode, limiting hence the eval-

uation of the individual sensitivity of embryonic twin nucleation. As the atomic mechanism underlying 

the nucleation of the first twin embryo is not detectable with the current state-of-the-art techniques, and 

since precise stress values tied directly to twin nucleation at the atomic scale cannot be extracted for 

evaluating the temperature and strain rate sensitivity of twinning, the onset of the parent→twin trans-

formation has therefore been considered to occur at the first load drop (peak stress preceding the load 

drop) in Figure 4-1b. Thus, 𝜎𝑡 here represents the stress required for the energetically favourable evolu-

tion of the twin and determines the approximate stress level for the substantial growth of twin embryos 

in a micropillar. Because at 휀̇ ≥ 10 s-1 it is difficult to distinguish load drops related to the twin mecha-

nism from those induced by the higher amplitude of resonance of the system, 𝜎𝑡 is calculated at the point 

where the stress-strain curve does not follow anymore the elastic slope (black lines in Figure 4-1a). Note 

that for 𝜏0
𝑡  = 𝜎𝑡 ∙ 𝑚𝑆𝐹_𝑡  and 𝜏0

𝑠  = 𝜎𝑠 ∙ 𝑚𝑆𝐹 _𝑠, where 𝑚𝑆𝐹  represents the orientation factor (Schmid fac-

tor) for twin and slip, 0.37 and 0.43 for {101̅2} twin and <a> prismatic slip, respectively, for the pillar 

orientation of this study. With the given definitions of 𝜏0
𝑡  and 𝜏0

𝑠  , the next sections focus on the rate 

sensitivities of twinning and prismatic slip. 
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Figure 4-1: Stress-strain curves at the different imposed strain rates and temperatures (a). Two or more 
pillars were tested in each condition. Higher numbers of pillars have been used at strain rates > 1 s-1 due 
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to lower signal-to-noise ratio. For T ≤ 423 K, all the curves show the twinning-like characteristic trend 
in displacement-controlled mode: significant load drop (twin evolution) followed by strain hardening 
(b). At T = 573 K and for ε̇ ≤ 1 s-1, differently from what occurs at lower temperature, the material re-
sponse shows a continuous plastic flow typically associated to a slip-dominated plasticity mechanism 
(b), suggesting a twin to slip transition; for ε̇  = 10 s-1, the stress-strain curves reveal however the occur-
rence of the slip and twinning-like characteristic trends, suggesting a transition from a slip to twin-
ning-dominated mechanism. (b) Characteristic trends of the stress-strain curves associated to a 
twin-dominated or slip-dominated plasticity mechanism in micropillar compressions performed under 
displacement-controlled testing conditions, illustrating the different deformation stages. (c) Dependence 
on the strain rate of the critical resolved shear stress required for the energetically favourable evolution 
of the twin, 𝜏0

𝑡 , and the critical resolved shear stress for slip calculated at 0.2% of strain, 𝜏0
𝑠 . The mean 

and standard deviation of 𝜏0
𝑡  and 𝜏0

𝑠  at each condition in (c) are calculated by combining the means and 
variances of the critical resolved shear stress associated to the pillars deformed under that precise ex-
perimental condition. Note that for T=573 K, blue up-triangles refer to the conditions where twinning 
occurs, whilst red up-triangles where twinning is absent. 
 

 

Figure 4-2: Experimental observations of the twin to slip and slip to twin transition. (a) Schematic of 
the transition range as a function of temperature and strain rate in microcrystal with characteristic di-
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mension of 5µm. (b) SEM image of an undeformed single crystalline pillar together with the corre-
sponding TKD map. (c-e) SEM images of pillars deformed at: T = 293 K, ε̇  = 10-3 s-1 (c); 573 K, 10-3 s-1 
(d); 573 K, 100 s-1 (e). Twinning occurs and mediates the plastic deformation for T ≤ 423 K and for the 
all range of applied strain rates as shown in the TKD maps (f: i, ii, iii and iv). Twin to slip transition is 
observed at T > 423 K for ε̇ ≤ 10 s-1. (f: v, vi, vii). Slip to twin transition occurs at T > 423 K for 
ε̇ > 10 s-1 (f: viii, ix). For (b-e) scale bars correspond to 5µm; (f) to 2µm. In the TKD maps, parent 
domain appears in red and twin domain in blue, according to the IPF. Note that ND is perpendicular to 
the plane of the paper. The TKD maps in (f) are coupled with the Image Quality (IQ) maps. The PF 
associated to Pillar 01 shows that the twin mode is the common {1012} reported in Mg. 

 

4.2.2 Temperature and strain rate effects 

 

4.2.2.1 Rate sensitivity of deformation twinning 

The general trend ascribing the variation of the twin peak stress versus T and 휀̇ is reported in Figure 4-1c. 

Because any temperature or strain rate-induced transition in the nucleated twin variant was detected 

(Figure 4-2), the graph refers to the activated {101̅2} twin mode. It is also worth noting that the variation 

of 𝜏0
𝑡  from 0.1 to 1 s-1 strain rates is in the order of 30±2 MPa (significant for Mg with a shear modulus 

at RT of 16.32 GPa). Even if higher uncertainties have to be considered in the evaluation of 𝜏0
𝑡  due (i) 

to possible errors in the pillar diameter measurements (considered here ±100 nm) and (ii) to the lower 

signal-to-noise ratio at higher strain rates, for 휀̇ ≤ 10 s-1 the amplitude of the oscillating signal that is 

added to the actual deformation curve as well as the difference in the oscillation amplitudes between 

two curves at different strain rates (Figure 4-1a) are visibly lower than the variation of the measured 

peak stress (Figure 4-1c) from 0.1 s-1 to 1 s-1. That is to say, the detection of the variation of the peak 

stress is not inhibited by oscillations. Thus, Figure 4-1c generally represents the strain rate dependent 

behaviour of the engineering stress at which the twin growth occurs at the microscale, i.e. when the 

variation of the twin fraction volume vs applied strain drastically increases, in line with what shown in 

Chapter 3. The critical resolved shear stress for the twin growth at low strain rates (휀̇ < 1 s-1) corresponds 

to 𝜏0
𝑡  = 30 ±3 MPa, whereas for higher strain rates corresponds to 𝜏0

𝑡  = 61 ±7 MPa. These values are in 

line with those reported in Chapter 3 and with other works [90,105,142]. Further possible explanations 

of the detected trend are explained hereafter. 

Although in this study the crystallographic orientation has been chosen to inhibit basal slip activity 

(mSF_basal equal to zero), the complex strain field that develops underneath the flat punch-pillar contact 

region may locally favour the cross-slip of prismatic <a> dislocations into basal plane or simple activa-

tion of basal slip, mainly during low deformation rates when the time available allows localized rear-

rangement of the atom positions, similar to what has been seen during in situ TEM [105]. Moreover, the 

triaxial stress state that develops within the conventionally called "dead-zones" near the flat punch-pillar 

contact regions [250,251] likely induces slight crystal deviations that favour basal slip activity. With the 

high dislocation activity within the pillar, dislocation pile-ups and dislocation junctions act as local stress 

concentrators for twin nucleation and thus as precursors for the formation of twin embryos. Neverthe-

less, by applying a small increase of the deformation rate from 10-3 to 10-2 s-1, Jeong et al. [105] observed 



 

 

101  

that the amount of axial strain accommodated by the glide of prismatic <a> and basal dislocations at the 

early stage of the deformation is kinetically reduced. It was therefore suggested that, before the for-

mation of a dislocation pile-up, individual dislocations can act as local stress concentrators for the twin 

formation as they increase the perturbation of the local stress state. In support of this, by using in situ 

high resolution TEM, He et al. [202] report a direct evidence of a twinning nucleation event at the 

compressive strain field of a dislocation core in HCP metals. Additionally, the higher accumulation of 

strain energy at a given time with applied strain can also induce the activation of dislocations with larger 

Burgers vector [145,214–216], which would then assist in accommodating in the parent crystal the local 

elastic strain of twin formation, as observed in the work of Chapter 3 ([90]). Dislocations on the pyram-

idal plane have indeed the highest Peierls stress and therefore are the most probable local stress concen-

trator at HSRs. Along this line, recent atomistic simulations by Zu et al. [123] reported that the glide of 

a partial pyramidal dislocation features a stacking fault (SF) behind that triggers the nucleation of a 90° 

reoriented crystal from the surface site where the dislocation previously initiates, supporting also the 

fact that the SFs are preferred sites for twin nucleation as they represent the locations of high stresses 

and heterogeneities [55]. From all these experimental and computational evidences, it is conceivable 

that slip is the main precursor for deformation twinning [59,102,104]. As a direct consequence of this, 

when the accumulation of strain energy is mainly reduced by activation of basal slip, the strain rate 

insensitivity of basal slip would entail a strain rate independent behaviour of twinning, as usually re-

ported in polycrystalline bulk Mg [126,130–133] where the local effects of interaction between likely 

activated basal slip and GBs lead to twin nucleation [134–139]. Nevertheless, contrarily to that, a slight 

increase of the twin peak stress is measured here in a microcrystal system with increase in strain rate, 

supporting the following hypothesis: the stress at which twinning occurs is inversely related to the prior 

activity of basal slip [252], hence the strain rate sensitivity of 𝜏0
𝑡  varies with loading direction. In Chapter 

3, the activation of non-basal slip systems was also reported to strongly affect the three dimensional 

evolution of the twin domain [90]. Indeed, Figure 4-2f shows changes in twin morphology with strain 

rate, with a TB not developing along the expected invariant twin plane at 10 s-1 (pillar 10 and 46, Fig-

ure 4-2f_ii and 2f_viii), similarly to what was observed in Chapter 3. Yet, this further suggests the surge 

of non-basal slip activity at higher 휀̇ such as the activation of pyramidal <c+a> dislocations, which can 

explain the changes of 𝜏0
𝑡  from low to HSRs. Moreover, above 10 s-1, a change in the angular misorien-

tation across the parent-twin interface from 86.3° to ~90° (pillar 14, Figure 4-2f_iii) attests that the basal 

to prismatic plane transformation governs the parent → twin conversion at HSRs, also similar to what 

reported in Chapter 3 (see Section 4.2.3 for more information). The observation of all these effects un-

derlies the importance of microscale mechanics for the understanding of the rate-dependent behaviour 

of specific deformation modes on specific variables that inevitably requires targeted experiments on 

suitably oriented pure single crystal microstructures. 

Concerning the temperature sensitivity of twinning, it can be associated to the changes of the friction 

stress during the evolution of the twin domain, by the back-stresses induced by the surrounding matrix 
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and by the variation in the boundary energy γCTB with increasing or decreasing temperature. All three 

terms are proportional to the twin aspect ratio and the shear modulus [200,253–255] and are temperature 

dependent mainly because the shear modulus is a function of temperature. The temperature dependence 

of the shear modulus for pure Mg is dµ/dT = ‒ 0.0088 GPa K-1 [256], which results in a reduction of 

15% from 293 to 573 K (see Table 4-1). Therefore the three above-mentioned terms would decrease 

proportionally to the size of the twin volume. Because 𝜏0
𝑡  defines the condition for the beginning of the 

twin propagation, at 𝜏 = 𝜏0
𝑡  (peak stress) the twin is thin and the aspect ratio is small. Accordingly, the 

resolved shear stress at the onset of the twin growth would result almost insensitive to temperature, as 

indeed shown in Figure 4-1c. For completeness, Section 4.2.5 will however discuss the dependence of 

the strain hardening rate on temperature and strain rate when twinning dominates the plastic deformation 

at the microscale. 

 

 0 K 293 K 373 K 473 K 573 K 

Shear modulus, µ in GPa [256]  18.9 16.32 15.61 14.73 13.85 

 

Table 4-1: Shear modulus vs temperature in pure Mg. 

 

4.2.2.2 Rate sensitivity of prismatic slip 

The 𝜏0
𝑠  of non-basal slip systems was reported to decrease substantially with increasing temperature, 

while that for basal slip and twinning (as discussed above) is generally insensitive to temperature (see 

Figure 4-1c) [130,216,235–239]. Therefore, when the temperature is high enough such that the 𝜏0
𝑠  of 

non-basal dislocations is lower than that required for deformation twinning, continuous glide of non-ba-

sal dislocations is expected. The critical resolved shear stress values for prismatic and pyramidal slip in 

Mg and Zr at low strain rates have been expressed to decay exponentially with T from absolute zero 

through the following equation [246,257]: 

∆𝜏0
𝑠(𝑇) =  𝐴 𝑒

−𝑇 𝑇0⁄  (4.1) 

where A and T0 are constants that best fit the trend for the particular slip system. Using data from other 

published works on bulk pure Mg (see Figure 4-3a) and fitting this relation one obtains: 

∆𝜏0
𝑝𝑟𝑖(𝑇) =  193 𝑒−

𝑇
200⁄  (4.2) 

∆𝜏0
𝑝𝑦𝑟(𝑇) =  196 𝑒−

𝑇
250⁄  (4.3) 

Without many comparable data for evaluating ∆𝜏0
𝑠(𝑇) of slip in Mg at the microscale at different tem-

peratures, one can estimate that at low strain rates the mathematical formulation of the decay of ∆𝜏0
𝑠(𝑇) 

is equal to that calculated in bulk Mg measurements except for a size-effect. This reasoning is supported 

by the fact that a transition of deformation mode (twin to slip) in bulk Mg [130,145,239] was also ob-

served to happen in the same range of T reported here, as illustrated in Figure 4-3. From Figure 4-1a 
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(see also Figure 4-4), the value of 𝜏0
𝑝𝑟𝑖
(𝑇) measured at low strain rates and 573 K is 30.1 ± 3 MPa. Fit-

ting Eq. (4.1) to the available experimental data [142], one obtains: 

∆𝜏0
𝑝𝑟𝑖(𝑇) = 1124 𝑒−

𝑇
120⁄  (4.4) 

The explanation of the decrease in critical resolved shear stress with temperature is related to the thermal 

softening of lattice resistance. 

 

 

Figure 4-3: Critical resolved shear stress (CRSS) dependence on temperature for TTW, basal slip, <a> 
prismatic slip and <c+a> pyramidal slip in Mg reported for ε̇ = 10-3 s-1. Bulk (a) and micropillars of ca. 
5µm in diameter (b). References: a [237], b [216], c [235], d [238] and e [142]. Non-basal slip becomes 
predominant from T ≥ 473 where the CRSS of prismatic and/or pyramidal slip is lower than that for 
TTW. 

 

Concerning the strain rate dependency, the experimentally derived thermodynamic parameters describ-

ing the strain rate sensitivity of individual deformation modes are the engineering strain rate sensitivity 

of the flow stress for a given level of strain and temperature expressed in Eq. (2.18) and the apparent 

activation volume Eq. (2.27), respectively. Concerning the material behaviour at T = 573 K, where pris-

matic slip dominates the plastic deformation, and without losing generality, Figure 4-5a,b report the 

values of 𝑚 and 𝑉∗  at yield (ε = 0.2%) and of 𝑚 also at the level where the plastic flow shows a stress 

plateau (Figure 4-4a). 
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Figure 4-4: Stress-strain curves of compressed pillars at T = 573 K. (a) Evolution of the flow stress with 
strain rate from 10-3 s-1 to 10 s-1. (b) Strain hardening rate vs strain for the curves reported in (a). 

 

 

Figure 4-5: (a) Variation of the engineering strain rate sensitivity (m) of prismatic slip with strain rate at 
573 K. (b) Activation volumes in b3, with b being the Burgers vector magnitude of the a-type lattice 
dislocations in Mg. References: a [258], b [259], c [260]. 

 

The observed rate-sensitive behaviour of plasticity originates in the changes in the dislocation nucleation 

and mobility at higher strain rates [261] that strictly depends also on the thermally-activated mobility of 

dislocations. Therefore, the result illustrated in Figure 4-5a must be compared with reported values ob-

tained at the same temperature. In AZ31 Mg alloy, at 573 K, Karimi et al. [262] report a value of 𝑚 for 

prismatic slip at yield of 0.08 ± 0.01, well in line with the result measured here. At the hardening plateau, 

𝑚 becomes equal to 0.1 ± 0.02 (Figure 4-5a). The slight change in the strain rate sensitivity at yield and 

at the plateau is related to the strain rate dependency of thermally-activated dislocation generation and 

annihilation/escape rates (see Section 4.2.6). The measured value of 𝜏 at yield and at plateau are ex-

tracted from the stress-strain curves of Figure 4-1a within the range of 휀̇ and T where prismatic slip 

dominates the plastic deformation and deformation twinning is absent. 

Concerning 𝑉∗, limiting the analysis to ε = 0.2%, some of the most cited studies [258,259,263] focused 

on the thermally-activated nature of prismatic slip of <a> dislocations in pure Mg report that, near am-

bient temperatures, 𝑉𝑝𝑟𝑖𝑠𝑚
∗  is between 10b3 to 50b3. Below RT, Akthar and Teghtsoonian [260] report 
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that 𝑉𝑝𝑟𝑖𝑠𝑚
∗  drops to ~5b3. At 573 K, however, an increase in the activation volume at yield for low strain 

rates (휀̇ ≤ 10-2 s-1) is observed in Figure 4-5b, extending the range of the currently reported values and 

confirming that the activation volume of <a> prismatic dislocations increases with temperature. The 

small/high values of activation volume at low/high temperatures is an essential result to understand the 

process of thermal contribution in dislocation motion and needs to be clarified. Hereafter, a discussion 

is proposed about the changes in activation volume with temperature with a focus on the thermally-ac-

tivated process of dislocation gliding. 

In situ experimental measurements conducted by Couret and Caillard [258] illustrate that the cross-slip 

mechanism of prismatic dislocation in Mg is the result of a double-kink nucleation mechanism that 

occurs over a wide range of temperature (from 50 to 650 K). Thus, a change in the thermally-activated 

process controlled by the double-kink nucleation mechanism that is seen by a change of the flow stress,  

can explain the variations of the activation volume reported in Figure 4-5b. At low temperature, the 

reported low activation volume indicates a significant variation of 𝜏0
𝑠  with increasing strain rates con-

trarily to the reduced strain rate sensitivity of the yield stress at higher temperature. This manifests that 

at low temperatures the double-kink nucleation and thus the dislocation motion is mainly driven by the 

externally applied stress that impinges on and assists the dislocations in overcoming the internal barriers. 

At high temperature, however, thermal assistance itself provides sufficient energetic contribution that 

eases double-kink nucleation and gliding of a high number of dislocations, without requiring significant 

aid from the applied stress. In fact, if 2×Ef is the energy required for a double-kink nucleation (with Ef 

the formation energy of a kink), the probability of having a kink with energy greater than Ef would be 

higher in a high temperature condition [263]. In other words, increasing temperature lowers the 

cross-slip stress in pure Mg. Nevertheless, the support of the applied stress in overcoming the energy 

barrier for dislocation motion at high temperatures becomes again significant under higher strain rate 

loading, as witnessed by the reduction of the activation volume in Figure 4-5b, which is due to the 

greater contribution of dislocation inertia (kinetic energy imparted from strain energy and stored in the 

moving core). Further discussion will be presented in Section 4.2.6. 

 

4.2.2.3 Twin Slip and Slip Twin transition 

As discussed in the previous sections, the conducted micropillar compressions illustrate the transition 

points for the governing mechanism accommodating the plastic deformation (slip and twinning) in Mg 

at the microscale. Twin to slip and slip to twin transitions have been observed to occur respectively at 

T > 423 K for 휀̇ ≤ 10 s-1 and T > 423 K for 휀̇ > 10 s-1 (Figure 4-2a). The rationale to describe the change 

in the governing mechanism is that the transition occurs when the slip stress equals the twinning stress: 

𝜏0
𝑠 = 𝜏0

𝑡 (4.7) 

Considering the Schmid factor mSF for the precise twin and slip mode, this becomes: 

𝜎𝑠𝑚𝑆𝐹_𝑠 = 𝜎𝑡𝑚𝑆𝐹_𝑡 (4.8) 
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As observed at low strain rates, the critical resolved shear stress of slip decreases with temperature due 

to the reduction of the shear modulus with increasing temperature while that of twinning remains almost 

unaltered (Figure 4-3b). This however changes at higher strain rates where the externally imposed ki-

netic constraint results in a required higher 𝜕𝜏 𝜕𝑡⁄ : the accommodation of the plastic deformation by 

activation of prismatic dislocations becomes not enough to match the applied deformation rate, favour-

ing deformation twinning over slip. Indeed, the thermal and kinetic competitive factors affecting the 

plastic flow and thus governing the selection and transition of the predominant deformation mode in 

single crystal pure Mg from slip to twinning converge at 573 K and 10 s-1 (Figure 4-5a). The higher 

local stress that builds throughout the loading at higher deformation rate represents therefore the key for 

re-establishing deformation twinning to be the primary way of accommodating the plasticity. 

Regardless of the nature of the twin nucleation process, the evolution of twinning is generally considered 

to be controlled by the motion of mobile dislocations driven by the developed stress field during exter-

nally applied loading, and thus be dependent on the size of the deformed structure. At smaller scales, 

the lower amount of pre-existing defects and the consequent higher material strength may affect the slip 

to twinning dominated plasticity transition point, likely taking place at lower values of strain rates for a 

given temperature. In a similar way, this would explain also why plate impact on bulk single crystal Mg 

is accommodated predominantly by slip [145]. Additionally, although the critical resolved shear stress 

variation dictates the temperature sensitivity of slip, both 𝜏0
𝑠  and 𝜏0

𝑡  are sensitive to the scale factor; it is 

thus unlikely that the twinning to slip transition is particularly scale-dependent. However, this may be 

true at least for characteristic dimensions similar to those in the present study, that exceed the regime in 

which the higher surface-to-volume ratio and the nature of the nucleation mechanism of the first embry-

onic twins cannot be only qualitatively taken into account. At the current state, this last consideration is 

purely speculative. 

 

4.2.3 Angular misorientation at the parent twin interface at different strain rates 

 

As reported in Chapter 3 ([90]), away from quasi–static conditions, unconventional twin morphologies 

similar to those reported in Figure 4-2f_ii and 2f_viii form through the competition between newly ac-

tivated dislocations and lattice distortions for allowing the evolution of the TB along non–invariant twin 

planes. Under shock compressions, however, the basal/prismatic transformation establishing a lattice 

misorientation of 90° entirely governs the parent→twin conversion [90,264], different to the 86.3° ex-

pected for the conventional {101̅2} twin mode and usually reported in micropillars compressed at low 

strain rates. Nevertheless, it can be reasonably observed that in all the experimental works devoted in 

the understanding of the 90° twin, the HCP single crystals had been always compressed perpendicular 

to the prismatic plane ([101̅0] direction) where the high normal stress facilitates the short-range rear-

rangement of atoms to form a new basal plane [56,89,90,264]. Straightforwardly, one may question if 
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the same twin feature can be therefore found also in twins formed after compressions along other crys-

tallographic directions, such as [21̅1̅0]. In this regard, it is very interesting to observe that Jeong et al.  

[105] reported in situ TEM observations of the nucleation of nano-sized twins in pillars of ca. 200 nm 

diameter compressed along the [21̅1̅0]. Even if not explicitly acknowledge by the authors, Figure 5g of 

Ref. [105] illustrates the characteristic-like diffraction pattern of a 90° twin in correspondence of the 

parent-twin interface, analogously to what reported by Liu et al. [56] during [101̅0] nano-pillar com-

pression. The high stress level at the nucleation site was considered being induced by the prior slip 

activity taking place on the prismatic and basal planes. This also means that even though the basal/pris-

matic and prismatic/basal transformation is energetically more favourable than nucleation via glide of 

twinning dislocations at the first stage of the twin process [89], the dislocation activity prior to slip plays 

nonetheless a crucial role in establishing the preferable twinning nucleation sites. 

Along this line, of interest here is to investigate whether, at the microscale, the parent-twin angular 

misorientation across the TB changes with strain rate during [21̅1̅0] compression, analogously to what 

reported in Chapter 3 ([90]) during [101̅0] micropillar compression. From this, the parent-twin misori-

entation across the TB interfaces in two pillars (01 and 14 – Figure 4-6) compressed at 10-3 and 100 s-1 

under low temperature conditions (293 K) have been investigated. Figure 4-6 and Figure 4-7 show that 

differently from the conventional misorientation observed at low strain rates, the prismatic to basal plane 

transformation establishes a ~90° parent-twin misorientation at higher strain rates that remains left after 

deformation. The prismatic to basal and basal to prismatic plane transformations are likely being ac-

commodated by relaxation of interfacial strains at the free surfaces. 

 

 

Figure 4-6: Angular misorientation across parent-twin interfaces in pillars 01 and 14 deformed at 10-3 
and 100 s-1, respectively, under RT conditions (293 K). 
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Figure 4-7: Large Angle Convergent Beam Electron Diffraction (LACBED) images of the TB interfaces 
present in pillar 01 (a) and pillar 14 (b) compressed at 10-3 and 100 s-1, respectively. The misorientation 
are calculated using the Bragg's law. The TEM was operated at 200 kV (wavelength = 2.5 pm). 

 

In line with the results of Chapter 3 ([90]), Figure 4-6 and Figure 4-7 suggest that during shock com-

pressions, regardless of the direction of loading, deformation twinning appears entirely accommodated 

by a fast rearrangement of atomic positions at the microscale. It remains however undefined in which 

extent the variation of the testing temperature affects the crystallographic characteristic of the twin in-

terface at different strain rates. 

 

4.2.4 Deformation features at high temperature 

 

Figure 4-8 reports two microcrystals deformed at high temperature and at 10-3 s-1 and 100 s-1. Experi-

ments at high temperature and low strain rates (10-3 s-1) on pure Mg micropillars compressed along the 

a-axis have been already reported in Ref. [142], where the continuous plastic flow was revealed to be 

induced by prismatic dislocation mediated plasticity, as here (Figure 4-8a). Extensive and exhaustive 

description of the thermally activated nature of prismatic slip of <a> dislocations in pure Mg governing 

the deformation at high temperature can be found in Ref. [155,180,232,258–260,265]. Figure 4-8b how-

ever shows the defect structures contained in a pillar deformed at high temperature and at 100 s-1. Upon 

the complete parenttwin transformation of the pillar (Figure 4-2f_ix), the [0001]p axis becomes the 

[0110]t, as expected for {1012} twinning (Figure 4-8b). Basal and <a> prismatic slip are both compet-

itive in accommodating the subsequent deformation (Figure 4-8c-e) due to the non-zero Schmid factor 

for the former in the twin and the reduced critical resolved shear stress of the latter at high temperature. 

Closer examinations show conventional cross-slip mechanisms (red arrows) as well as dislocations lying 

on the prismatic plane in a pile-up configuration (Figure 4-8e). 
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Figure 4-8: TEM images of pillars 36 (a) and 51 (b), respectively deformed at 573 K and at 10-3 s-1 and 
100 s-1. (a-b) Overall images of the structures revealing a strong activity of prismatic slip in (a) and of 
basal and prismatic slip in (b). All micrographs in (c-e) show different areas colour-framed in relation 
to the corresponding dashed squares in (b). (c,d) Cross-slip of basal and prismatic dislocations. (e) 
WBDF image showing the pile-up of prismatic dislocation. Prismatic planes are plotted for clarity. 

 

4.2.5 Work hardening in the twinning-mediated plasticity regime 

 

Being the primary mechanism accommodating the plastic deformation in Mg for temperatures below 

573 K, it is instructive to understand how the evolution of deformation twinning with strain reflects on 

the work hardening. Figure 4-9 reports the variation of the stress values extracted from Figure 4-1a at 

different strain levels (ε = 4% and ε = 6%) for the range of T and 휀̇ investigated here. It can be observed 

that at higher 휀̇ and lower T the stress measured in the structures increases. It is inevitable that during 

the twin growth process, the longitudinal and transversal propagation of the twin volume is severely 

affected by the mobility and density of mobile dislocations. A higher dislocation mobility can indeed 

cause a twofold effect. On one hand, as dislocation usually accommodate the parent-twin lattice mis-

matches at the interface, the higher dislocation mobility may increase the twin mobility/growth, over-

coming more easily the stress for the advancement of the twin domain. On the other hand, however, it 

may also generate complex dislocation-dislocation and twin-dislocation interactions that pin the twin 

evolution by exercising higher lattice resistances, especially at HSRs where the increase in 휀̇ induces a 

surge in the dislocation density [125]. As elevated temperatures ease dislocation motion and HSRs may 
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require greater stresses for further flow, the decrease in work hardening with temperature at a given 

strain rate and the increase with strain rate for a given temperature, shown in Figure 4-9, is reasonable. 

Additionally, the variation in work hardening with strain rate is more significant compared to that due 

to temperature changes as the fraction of twin intensifies with 휀̇ (Figure 4-2f). This implies that dynamic 

Hall-Petch effects would contribute more to the rise in the flow stress especially because of the higher 

occurrence of twin-twin interactions. 

 

 

Figure 4-9: Variation of the measured flow stress with T, ε and ε̇ in twinning-mediated plasticity condi-
tions. 

 

4.2.6 Work hardening in the slip-mediated plasticity regime (T = 573 K, 휀̇ ≤ 10 s-1) 

 

In this section, the evolution of the flow stress with the increase in strain rate under high temperature 

conditions is discussed, correlating the changes of the thermal and kinetic contributions to changes in 

the mechanical response of Mg at the microscale, and in the regime where the plasticity is entirely 

mediated by slip. 

The equation that describes the slip resistance 𝜏 for each slip mode includes the contribution of the tem-

perature dependent initial slip resistance 𝜏0
𝑠 , the work hardening due to dislocation interactions 

𝜏𝑓𝑜𝑟𝑒𝑠𝑡  + 𝜏𝑑𝑒𝑏𝑟𝑖𝑠 and the increment in shear stress 𝜏𝐻𝑃  due to the barrier effect provided by grain or twin 

boundaries [246]. Apart from 𝜏0
𝑠 , the other terms depend on the strain level achieved during the plastic 

deformation. At T = 573 K and for 휀̇ ≤ 10 s-1, slip dominates the plasticity and no twin was observed. 

Additionally, because of the absence of GBs, 𝜏𝐻𝑃  can be omitted (static and dynamic Hall-Petch contri-

butions are negligible). The term 𝜏𝑑𝑒𝑏𝑟𝑖𝑠 is particularly important as it accounts for the sustained hard-

ening caused by dislocation debris accumulation (named stage IV – Figure 4-1b) that entails the appar-

ent saturation stress to rise at large strain levels [266]. In the case of this work, Figure 4-4a shows that 

the condition for which stage IV takes place is not achieved for ε < 10%, at T = 573 K and 휀̇ ≤ 10 s-1. 

Limiting the analysis to stage III, 𝜏𝑑𝑒𝑏𝑟𝑖𝑠  can be hence omitted from the mathematical formulation that 
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describes the flow stress. Consequently, here, 𝜏𝑓𝑜𝑟𝑒𝑠𝑡  can be considered as the excess of the applied 

shear stress 𝜏 over 𝜏0
𝑠 , dependent only on the applied strain rate for a given T and strain level. Hence: 

𝜏(휀̇, 𝑇) = 𝜏0
𝑠(𝑇)+ 𝜏𝑓𝑜𝑟𝑒𝑠𝑡(휀̇,𝑇) (4.9) 

The dependence of 𝜏0
𝑠  on the temperature is expressed in Eq. (4.4) for prismatic slip. With 𝑑𝑠  being the 

average spacing between dislocations in 𝜌 (dislocation density), 𝜏 would become: 

𝜏𝑓𝑜𝑟𝑒𝑠𝑡(휀̇,𝑇) =
𝜒𝑏𝜇

𝑑𝑠
≈  𝜒𝑏𝜇√𝜌(휀̇, 𝑇)) (4.10) 

with b the Burgers vector and χ representing the parameter between 0 and 1 characterizing the strength 

of interactions occurring when a moving dislocation belonging to primary system s glide through a forest 

of dislocations lying on system s' [227]. Now, the evolution model for dislocation density used in ther-

mal activation theory [267,268] describes the variation of the dislocation density dρ with shear incre-

ment dγ as: 

𝑑𝜌

𝑑𝛾
= 𝑘1 √𝜌− 𝑘2(휀̇, 𝑇) 𝜌 (4.11) 

where the first term in the right-hand side englobes the processes that contribute to the generation (or 

storage) of dislocations. In thermally-activated glide this term is usually considered strain rate and tem-

perature independent, setting therefore 𝑘1 as a constant, and associated here to that at the lowest imposed 

strain rate (10-3 s-1). Note that, contrary to what this model assumes, approaching to and especially be-

yond 103 s-1, the rate of dislocation generation cannot be however considered insensitive to strain rate 

(as discussed later). The second term in the right-hand side accounts for the processes that contribute to 

the removal of dislocations by other defects (debris), dynamic recovery (annihilation) and, especially 

here, by starvation/escape at the free surfaces [269]. 

If, during straining, a rate of removal equals the rate of generation, i.e. a constant dislocation density 

𝜌𝑠𝑎𝑡 (휀̇, 𝑇) is maintained in the crystal, 

𝑑𝜌𝛼

𝑑𝛾𝛼
= 0, 𝜌𝑠𝑎𝑡(휀̇, 𝑇) = (

𝑘1
𝑘2(휀̇, 𝑇)

)
2

, (4.12) 

then a steady-state value of 𝜏(휀̇, 𝑇) is achieved. Hence, at saturation: 

𝑘2(휀̇,𝑇)

𝑘1
=

𝜒𝑏𝜇

𝜏𝑠𝑎𝑡(휀̇, 𝑇)
=

𝜒𝑏𝜇

𝜏(휀̇,𝑇) − 𝜏0
𝑠(𝑇)

 (4.13) 

For a fixed T and for two different strain rates one finds: 

𝑘2(휀1̇)

𝑘2(휀̇𝑖)
=
𝜏𝑠𝑎𝑡(휀�̇�)

𝜏𝑠𝑎𝑡(휀1̇)
 (4.14) 

with i=1 for 10-3 s-1, i=2 for 10-1 s-1, i=3 for 1 s-1 and i=4 for 10 s-1. The temperature and strain rate 

dependence is thus considered in 𝑘2  which describes how dislocations overcome barriers when 휀̇ is low-

ered and/or T is increased. From Figure 4-4a it is observed that, in high temperature conditions, the 

stress-strain response of Mg microcrystals reaches a steady-state regime where the stress is maintained 
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constant (plateau) at 𝜏𝑝𝑙𝑎𝑡𝑒𝑎𝑢 (휀̇) =  𝜎𝑝𝑙𝑎𝑡𝑒𝑎𝑢(휀̇) ∙ 𝑚𝑆𝐹 _𝑝𝑟𝑖 . For the range of 휀̇ where prismatic slip dom-

inates the plastic deformation and deformation twinning is absent, letting 𝜏𝑠𝑎𝑡 (휀̇) being the difference 

between 𝜏𝑝𝑙𝑎𝑡𝑒𝑎𝑢 (휀̇) and 𝜏0
𝑠 , the ratio 𝜏𝑠𝑎𝑡 (휀�̇�) 𝜏𝑠𝑎𝑡 (휀1̇)⁄  is calculated from the experimental observa-

tions that, by using Eq. (4.14), correspond to the values of 𝑘2(휀1̇) 𝑘2(휀�̇�)⁄ . With 𝜏0
𝑠  the critical resolved 

shear stress at T = 573 K and 10-3 s-1 and 𝜏𝑝𝑙𝑎𝑡𝑒𝑎𝑢 (휀̇) extracted from the curves in Figure 4-1a, Fig-

ure 4-10 illustrates the trend of the saturation stress ratios with strain rate. Note that the increasing stress 

required for further dislocation glide at higher deformation rates facilitates fulfilling Eq. (4.7) and thus 

the occurrence of twinning at HSRs. 

From pure thermodynamic considerations used in the thermally activated hardening model extensively 

described in [246], Eq. (4.13) becomes: 

𝑘2(휀̇,𝑇)

𝑘1
=
𝜒𝑏

𝑔
(1 −

𝑘𝐵𝑇

𝐷𝑏3
𝑙𝑛 (

휀̇

휀̇0
)) (4.15) 

with 𝐷 the drag stress (values from [270] for prismatic slip, 3400 MPa), 𝑔 the normalized stress-inde-

pendent activation energy, 휀̇0  a material value, defined in Chapter 2.2.3.1, usually equal to 107 s-1 in Mg 

[271], and b the Burgers vector (0.321nm in this case). Fixing T = 573 K, and leaving 𝑘1 constant, Eq. 

(4.15) describes how at high temperatures the increase in strain rate produces a decrease in the rate of 

dislocation removal. From Eq. (4.15) one can obtain: 

𝑘2(휀1̇)

𝑘2(휀�̇�)
=

(1 −
𝑘𝐵𝑇
𝐷𝑏3

𝑙𝑛 (
휀̇1
휀̇0
))

(1 −
𝑘𝐵𝑇
𝐷𝑏3

𝑙𝑛 (
휀̇𝑖
휀̇0
))

=
𝜏𝑠𝑎𝑡(휀̇𝑖)

𝜏𝑠𝑎𝑡(휀1̇)
 (4.16) 

In writing Eq. (4.16) it is assumed that the values of drag stress, activation energy and interaction coef-

ficient χ are the same at different strain rates (as adopted elsewhere below 103 s-1 [246]). 

As evincible from Figure 4-10, from low to HSRs the discrepancy between the experimentally found 

and theoretical calculated saturation stress values increases. As the former contribution is greater than 

the latter, an underestimation of the flow stress has been made by adopting the thermally-activated strain 

hardening model. The reason may be attributed to the negligence of a strain rate hardening term ac-

counting for the increase in stress with 휀̇. The calculations reported here show indeed that the adopted 

thermally-activated model does succeed to qualitatively and quantitatively describe the trend of the flow 

stress on single crystal Mg structures at the microscale for 휀̇ ≤ 10-1 s-1. However, significant deviations 

between the theoretical and experimental stress values at saturation are detected at higher 휀̇ (see Fig-

ure 4-10). If one were to follow the strain rate dependency of dislocation plasticity recently proposed 

[272] and thus introduce the contribution of the strain rate hardening term (𝜏𝑠𝑟
𝛼 ) as 

𝜏𝑠𝑟(휀̇) =
𝐵휀̇

𝑚𝑆𝐹_𝑠  𝜌𝑏
2 (4.17) 

with 𝐵 being the drag coefficient for the primary slip system considered (values from [273] for prismatic 

slip), it can be observed that, in the range of the applied strain rates, 𝜏𝑠𝑟 (휀̇) is not significant to justify 
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the differences between the experimental and theoretical calculated ratios of the saturation stresses. In-

deed, the latter equation mainly applies in the drag-controlled regime, where "dislocation interactions 

can be neglected in comparison to the external stress needed to drive dislocations against the lattice 

drag" [272]. 

It must be also noted that at higher imposed deformation rates the rise in temperature (∆𝑇(휀̇)) cannot be 

neglected a priori, especially in such a low melting point material. In this regard, thermal simulations 

have been performed as described in the Section 4.1.5. It was found that bulk heating has likely only a 

minor influence on the mechanical behaviour of Mg micropillars at the strain rates tested in this study. 

As discussed in Section 4.1.5, for the boundary at the top of the pillar in contact with the indenter two 

different cases were modelled (Figure 4-11). Even though the different boundary condition on the top 

of the pillar has an effect on the temperature distribution and maximum temperature in the structure, the 

maximum temperature rise calculated for an amount of strain ε = 10% was however very low, i.e. 

∆𝑇 = 0.07 K (Figure 4-11b) for 휀̇ = 10 s-1. Thus, the maximum temperature rise in the micropillar due 

to bulk heating of 0.02-0.07 K is unlikely to influence significantly the mechanical properties of Mg, 

hence nor the evolution of the flow stress. Note that assuming adiabatic conditions, where no heat 

conduction occurs, the maximum rise in temperature for an amount of strain ε = 10% was calculated to 

be ca. 3.5 K; still not significant. The deails of the calculation are reported hereafter. 

 

Figure 4-10: Experimentally measured and theoretically calculated ratios between the saturation 
stresses at different strain rates and that at ε̇1 = 10-3 s-1, at 573 K. 
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Figure 4-11: Isocontour line plots of temperature distributions. (a) Isolated boundary to model a high 
interfacial thermal resistance between indenter and micropillar; (b) constant temperature boundary as-
suming that the indenter acts as a heat sink and the interfacial thermal resistance is negligible.  

 

4.2.6.1 Adiabatic heating calculation: 

The Taylor–Quinney coefficient (𝛽𝑇𝑄) describes the fraction of the total plastic work that is converted 

to heat during deformation. Although it has already been established that 𝛽𝑇𝑄 depends on ε, 휀̇, and load-

ing mode, a constant 𝛽𝑇𝑄 value of 0.9 for different metallic materials is still commonly adopted in the 

literature [274]. From the first law of thermodynamics assuming adiabatic conditions, where no heat 

conduction occurs, one can write: 

∆𝑇 =
𝛽𝑇𝑄
𝜌𝑀𝑔  𝐶𝑝

∫ 𝜎(휀)𝑑휀

𝜀𝑓

𝜀0

 (4.18) 

where Cp and 𝜌𝑀𝑔  stand for heat capacity and the density of the material (1010 J/(kg K) and 1730 kg/m3  

for Mg, respectively); ε0 indicates the value of the plastic strain at incipient plasticity (0.2%) whereas εf 

represents the value of plastic strain considered for the calculation (here, the maximum strain reached 

in the pillar). 

By fitting the two stress-strain curves associated to Pillars 44 and 47 (corresponding to the case of 

slip-mediated plasticity mechanism) of Figure 4-1a (T = 573K and 휀̇ = 10 s-1) using the power equation 

𝜎(휀)= 𝑎휀𝑏 (4.19) 

the increments in temperature at ε f = 10% have been estimated to be ca. 2.3 K (Pillar 44, a = 9.08E7, 

b = 0.223) and 3.5 K (Pillar 47, a = 10.5E7, b = 0.138). 

 

4.2.6.2 Final remarks 

The possible explanation to the discrepancies reported in Figure 4-10 may reside however in the differ-

ence between the bulk model and micropillars: one needs to operate more dislocations to accommodate 
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the plasticity in the micropillars. The high speed deformation may lead to the discrepancy between the 

two models as micropillars offer less amount of dislocation sources and pre-defects for the initial dislo-

cation multiplication, explaining the increase in the yield stress. This is also why micropillars need to 

adapt the deformation by twinning at HSR and temperature. Even though high temperature is favourable 

for slip, it might be difficult to mobilize enough dislocations at very high speed to accommodate the 

plasticity purely by slip. The nucleation of twins might be therefore favoured as they can possibly ac-

commodate more strain with a single or more limited amount of defect sources. Moreover, at higher 

strain levels and with the increase of 휀̇, the fraction of mobile dislocations reduces because of mutual 

interactions between dislocations left inside the pillar, resulting in an increase in the stress plateau re-

quired for the continuous deformation [127]. In a first very simplistic approach, these arguments can be 

conceptually implemented by considering that the distance d that a dislocation can cover during the 

imposed time duration of the applied deformation is inversely proportional to 휀̇. At higher strain rates, 

𝑑𝑠  (also known as immobilization distance) would describe the average storage distance that signifi-

cantly characterizes the dislocation generation rate. From Eq. (24) of [275], one finds that: 

𝑘1(휀̇) ∝
1

𝑑(휀̇)
 (4.20) 

Contrarily to cubic systems, it can be expected that the strain rate sensitivity of the material is high in 

Mg when the strain rate insensitive easiest slip mode (basal slip) is inhibited. Therefore, it is not unlikely 

that the kinetic contribution to the work hardening starts to prevail in Mg microcrystals from 휀̇ = 1 s-1 

onwards. 

In this regards, Eq. (4.11) would thus become: 

𝑑𝜌′

𝑑𝛾𝛼
= 𝑘1(휀̇,𝑇) √𝜌′− 𝑘2(휀̇,𝑇) 𝜌′ (4.21) 

and analogously: 

𝜏′𝑠𝑎𝑡(휀̇,𝑇) =
𝑘1(휀̇)

𝑘1
𝜏𝑠𝑎𝑡(휀̇,𝑇) (4.22) 

where 𝑘1 still corresponds to the value at the lowest applied strain rate (i.e. 𝑘1(휀1̇)). The values with the 

apex (') can be numerically equalled to the values obtained experimentally, and therefore the ratio  

𝑘1
𝛼(휀�̇�)/𝑘1

𝛼 is nothing more than the ratio between the experimental and theoretical ratios reported in 

Figure 4-10. 

It is important to note that although differences in the experimental and theoretical stresses have been 

introduced only as an increase in the rate of dislocation production 𝑘1
𝛼(휀�̇�)/𝑘1

𝛼, the latter quantity how-

ever represents the overall effect of the changes in the rates of dislocation generation and removal with 

strain rates on the flow stress. Indeed, several mechanisms can occur and entail modifications of the rate 

of dislocation production, such as: stronger dislocation-dislocation interactions, formation of partial dis-

locations, presence of Ga+ implantation after FIB fabricated pillars, dislocation entanglement and pin-

ning, dislocation pile-ups, and so on. All is further complicated by the fact that each process has its own 
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sensitivity to temperature and strain rate. However, the complex dislocation interactions that develop, 

can result in new dislocation structures with weaker sources [276,277]. The higher the dislocation den-

sity the higher the amount of weak sources and thus a higher stress for further flow is not necessarily 

needed as the dislocation nucleation process no longer leads the continuity of plasticity. Additiona lly, 

the presence of a high surface-to-volume ratio strongly increases the possibility for dislocations to es-

cape via the surface of the specimen, reducing the overall dislocation multiplication and avalanche and 

thus compensating the increase in dislocation density. The combination of the mentioned factors would 

result in the exhaustion hardening mechanism also at higher deformation rates, as Figure 4-4a shows. 

At high temperature, the experimental results accounting for all the possible internal mechanisms that 

take place during the deformation show visible increase in the strain hardening rate with 휀̇ (see Fig-

ure 4-4b) denoting that dislocations multiply more rapidly than they leave the crystal at low strain levels, 

eventually reaching a steady-state regime at higher strains where both the contributions balance. This 

implies that, at higher 휀̇, higher stress levels and a greater dislocation density at saturation are thus 

achieved. From the considerations reported above, the most likely explanation for the discrepancies 

between the experimental and theoretical values resides in the structural-size-dependent dislocation be-

haviour. 

 

4.3 Conclusions (Part a) 

 

The strain rate and temperature dependent mechanical response of Mg micropillar compressed along the 

[ 2̅110 ] axis was investigated using an in situ SEM nanoindenter from RT to 573 K and from 

10-3 s-1 to 100 s-1. The conducted experimental campaign unveils the transition points for the governing 

mechanism accommodating the plastic deformation (slip and twinning) at the microscale: 

- For T ≤ 423 K, twinning accommodates the plastic deformation and the material response shows 

a decrease in work hardening with temperature at a given strain rate as well as an increase with 

strain rate for a given temperature. Also, during shock compressions, the ~90° parent-twin mis-

orientation detected across the TB suggests that deformation twinning is mostly accommodated 

by the prismatic (parent) to basal (twin) plane transformation through the fast rearrangement of 

atomic positions at the microscale (similarly to what observed in Chapter 3). 

- For T > 423 K, for 휀̇ ≤ 10 s-1, twinning is absent and the governing deformation mechanism is 

dominated by prismatic slip. 

- For T > 423 K, for 휀̇ > 10 s-1, the higher local stresses that build throughout the loading at higher 

deformation rate re-establish deformation twinning to be the primary way of accommodating 

the plasticity. 

In particular, here, experimental observations are given on the deformation behaviour of Mg microcrys-

tals at high temperature and in the range of strain rates where the dislocation velocities still do not follow 



 

 

117  

a linear relationship with the stress but the system possesses sufficient kinetic energy to influence the 

ratio of dislocation generation and escape, and therefore the evolution of the flow stress. Indeed, it was 

observed that the thermally-activated hardening model for dislocation plasticity in a single slip system 

does succeed to describe the trend of the flow stress in single crystal Mg structures at the microscale for 

휀̇ < 1 s-1. However, deviations between the theoretical and experimental values are observed at higher 

휀̇, and can be explained by the changes in dislocation kinetics induced during HSR loading at the mi-

croscale, where the high surface-to-volume ratio of the structure plays a significant role. Additiona lly, 

the temperature rising induced by HSR loading has been determined to be negligible in Mg micropilla rs 

within the range of sample size, temperatures and strain rates investigated. If the range of strain rates 

were extended to higher values, it can be expected that the complete smooth transition from the ther-

mally-activated dislocation motion to the drag-controlled motion (compared to the abrupt one usually 

modelled [278]) would be experimentally unveiled. 

Through a very simplistic approach, the goal of this work is to experimentally bolster the thermally-ac-

tivated model for dislocation plasticity in a single slip system and raise awareness of the strong strain 

rate dependency of the deformation behaviour of Mg microcrystals. Moreover, the experimentally ob-

served twin to slip and slip to twin transition points are believed to represent valuable experimental 

references for computational models that aim at simulating the behaviour of Mg at the small scale.  

 

b. Cryogenic Temperatures 

 

It is worth noting that, in the years, the analyses of the effects of temperature on the τCRSS of the different 

deformation modes in bulk single crystal Mg has been reported via uniaxial tension, compression, shear 

testing and plane strain compression [145,257,279–281]. Nevertheless, mainly due to differences in 

sample sizes, strain path, material processing, and experimental setup, controversies exist in the litera-

ture about the different τCRSS attributed to the same deformation mode [119,130,146,228,238]. 

To promote consistency with the previous work [282], where the mechanical response of [2110] Mg 

microcrystals compressed at different temperature and strain rates was unveiled, further [2110] Mg 

pillars have been compressed at cryogenic temperature and at different strain rates, allowing also to 

provide experimental data in so far uncovered regions of the microscale pure Mg property space. This 

research activity hence extends the understanding of a predominant deformation mode in Mg and raises 

particular interest for low-temperature manufacturing methods and low-temperature applications [283]. 

 

4.4 Materials and Methods 
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Figure 4-12: Initial overview of the experimental work. (a) Loading direction with respect to the crystal 
orientation. (b) SEM images of an undeformed pillar (front and top view). (c) TKD map and related 
<21̅1̅0> pole figure showing the initial crystallographic orientation. RD: Rolling Direction, TD: Trans-
versal Direction. The inverse pole figure color code indicates the crystal orientation in the out-of-plane 
direction (Normal Direction, ND). ND corresponds to the crystallographic c-axis, RD to the crystallo-
graphic a-axis and RD accordingly. 

 

The tests were performed with the in situ Alemnis microindenter setup (Alemnis AG, Switzerland) pre-

viously used at elevated temperature [282] but suitably modified for cryogenic conditions, inside a SEM 

(Zeiss DSM 962). The main components of the system are reported elsewhere [284–286] and in Section 

2.2.4. Although the thermocouples inserted in the tip and sample holders measured a baseline tempera-

ture of -160 °C, the real test temperature was measured by a thermocouple touching the sample surface 

and found to be -89 °C (184 K). 

The FIB-machined pillars of 5 µm diameter (height: diameter ratio, 2:1) were compressed along the 

[2110] axis (Figure 4-12) in displacement-controlled testing mode, inhibiting basal slip whilst favoring 

the activity of TTW in the parent crystal due to the Schmid factor (𝑚𝑆𝐹 ): zero for basal slip and 0.37 for 

TTW. In case {1012} twinning occurs, basal slip becomes again active in the twin grain, allowing for 

a higher ductility. To investigate the strain rate sensitivity of Mg at cryogenic temperature, three strain 

rates were applied (10-4, 5×10-3 and 10-1 s-1). Subsequently, for the in-depth analysis of the material mi-

crostructure, three deformed micropillars (one for each strain rate) were lifted out and further thinned 

down to ~100 nm. The thin foils were then mapped using the TKD technique to provide an overview of 

the orientation distribution inside the structures. All TKD patterns were collected in a FEG-SEM 

(Tescan, Mira) with electron beam conditions of 30 kV and 10 nA, using an EDAX DigiView camera 

with 4x4 binning and 30 nm step size. 

 

4.5 Results and Discussion 
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Figure 4-13: Stress-strain curves derived from [21̅1̅0] compressions at cryogenic temperature (184 K) 
at different strain rates: from 5×10-4 to 10-1 s-1 (a-c). The magnitudes of the stress drops associated to the 
twin formation are shown in (d) and compared to those measured at higher temperatures from a previous 
work [282]. The variation of 𝜎𝑦 with strain rate is illustrated in (e). 𝜎𝑦 has been measured in correspond-
ence of the stresses that precede the load drops detected in (a-c). Note that the error bars consider also 
uncertainties (±100 nm) in the SEM measures of the dimensions of the structures. (References: a [282], 
b [90]). 
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Figure 4-14: SEM images and TKD maps for three compressed Mg pillars at different strain rates (a-c). 
(a) 휀̇ = 10-4 s-1; (b) 휀̇ = 5×10-3 s-1; (c) 휀̇ = 10-1 s-1. The colors refer to the inverse pole figure legend of 
Figure 4-12. The formation of {1012} twinning is confirmed from the pole figure in (d). The parent-twin 
misorientation correspond to ~86.3° across the a-axis. All undefined scale bars correspond to 2 µm. 

 

The presence of load drops in the stress-strain curves (Figure 4-13a-c) and the post-mortem SEM and 

TKD images (Figure 4-14a-c) show that {101̅2} twinning has been the predominant deformation mode. 

The variation of the stress that preceded the first load drop associated to the occurrence of twinning, i.e.  

𝜎𝑡 (or 𝜎𝑦), is shown in Figure 4-13e and compared to that obtained during [2110] microcompressions 

at higher temperatures [282] and [0110] microcompressions at RT [90]. A substantially higher critical 

stress for twinning has been detected at cryogenic temperature at 10-4 s-1 compared to what was meas-

ured at room or elevated temperatures, and observed to further increase with strain rate. Indeed, from 

the experimental data, Figure 4-13e shows that at 10-4 s-1, a surge of ~330 MPa occurs from RT to 184 K, 

whilst at 10-1 s-1 the variation of the stress for twinning increases to ~485 MPa. Interestingly, this result 

differs from the extensively reported temperature insensitivity of twinning in Mg [126,130,132]. Nev-

ertheless, similarly to that, Lavrent'ev et al. [287] also report a significant variation in the yield stress 

for <a> basal slip during bulk single crystal Mg compressions performed at deformation rates from 

8×10-4 to 2×10-2 s-1 and at temperatures from 79 to 300 K; again in contrast with the repeatedly reported 

temperature insensitivity of basal slip [130,131,288]. 

While it is currently difficult to identify the local stress at the embryonal twin nucleation site during 

micropillar compression as well as the nature of the twin nucleation mechanism, some considerations 
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can be made however by interpreting the stress-strain curves. In particular, Figure 4-13a-c show that the 

twinning mechanism initiates plasticity, allowing for a reliable direct association of the measured yield 

stress (𝜎𝑦) with the microscale nominal stress required for the first microplastic event that triggers the 

extensive twin evolution. As all experimental data refer to the same testing mode, changes in the flow 

stress can be simply attributed to two different stress components [180]. The first one describes the long-

range elastic interaction of mobile dislocations with the microstructure (GBs and forest dislocations), 

which decreases very slowly with increments of temperature due to the variation of crystal elastic con-

stants; thus often defined as the athermal stress component 𝜏𝑎𝑡ℎ . The second one is representative of the 

stress that is required to overcome local barriers for dislocation motion in short-range thermally activated 

processes, fuelling the deformation twinning process and being the main cause of the temperature de-

pendent mechanical response of the material. In the case of this work, because of initial absence of GB 

and a relatively low density of pre-existing dislocations, it is reasonable assuming that the long-range 

internal stress field does not change within the values of T and 휀̇ investigated here. The increased value 

in the flow stress at lower temperature can thus be considered completely associated to the thermal 

component of the stress required to operate pre-existing dislocations. In particular, thermal energy pro-

motes overcoming the energy barriers for dislocation motion such that, at a given strain rate, low tem-

perature deformation requires higher stresses to occur. It is important to point out that the magnitude of 

the critical resolved shear stress measured during cryogenic micropillar compression (Figure 4-13a-c) 

is lower than the theoretical stress required to activate the smallest dislocation in Mg [60,289], and thus 

do not fall in the range where the deformation behaviour is ascribed to a dislocation nucleation-con-

trolled plasticity mechanism [290,291]. The concept of propagation-limited dislocation mechanism has 

been therefore employed. 

For application purposes, it is however important to determine experimentally the values of activation 

energy for plastic deformation in micro-sized samples at different temperatures. During the years, the 

determination of the stress-dependent value of the activation energy related to dislocation movement 

and other associated activation parameters has relied on specific experimental data, allowing for an ac-

curate description of several mechanisms (kink, cross-slip etc…) and for their classification as a function 

of deformation conditions [180]. Following the work of Schoeck [181], the apparent activation energy 

Q*, apparent activation volume V*, and strain rate sensitivity exponent m can be calculated using the 

equations valid at low temperatures reported in Chapter 2.2.3.1. With the given definitions and the meas-

ured experimental data, Figure 4-15 reports the main plots required for the extractions of the activation 

parameters (introduced above) at the yield point σy of the material. In particular, Figure 4-15b illustrates 

the variation of m with temperature and for different strain rate regimes. For 휀̇ ≤ 10-1 s-1 (regime I in 

Figure 4-15a), m has been measured to be 0.051 ± 4E-3 and observed to remain constant with varying 

temperature. Additional data would be necessary to extend this statement to higher strain rate regimes 

(II and III). Nevertheless, this suggests that changes in temperature do not affect the mechanism at the 

basis of the {1012} twinning formation. Concerning the activation volumes, Figure 4-15c shows that 
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V* depends linearly on T, increasing (at 휀̇ ≤ 10-1 s-1) from 0.25 to 4.5 nm3, within a temperature range 

from 0.2 to 0.458 T/Tm. Note that a small (resp. large) activation volume V* corresponds to a rapid (resp. 

slow) decrease of stress with temperature, as illustrated in Figure 4-15d. This shows that at low temper-

atures the process of deformation twinning is mainly driven by the externally applied stress that im-

pinges on and assists the dislocations in overcoming the internal barriers for dislocation motion 

(stress-dependent activation mechanism). At higher temperature, however, thermal assistance itself pro-

vides sufficient energetic contribution that eases the activation and glide of a high number of disloca-

tions, without requiring significant aid from the externally applied stress (thermally-dependent activa-

tion mechanism). In other words, increasing temperature lowers the thermal component of the critical 

stress for twinning in pure Mg (Figure 4-15d), eventually leading to a temperature insensitivity of 

{1012} twinning above RT. At higher strain rates (Regime II), however, the activation volume remains 

practically constant (~0.5 nm3) at temperatures from 293 to 423 K. At a given temperature, the reduction 

of the activation volume with strain rate, directly associated with an increasing variation in stress, can 

be attributed to the activation of different dislocation types, as recently reported [90]. 

 

 

Figure 4-15: Strain rate sensitivity, activation volume and energy of FIB-machined Mg pillars. (a) Var-
iation of ln(𝜎𝑦) with ln(휀̇) at various orientations and temperatures. (References: a [282], b [90]). (b) 
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Graph illustrating the strain rate sensitivity exponent m as a function of homologous temperature (T/Tm) 
and strain rate. The color of each square refers to the legend in (a). (c) Activation volume vs homologous 
temperature calculated from CSR method. (d) Dependence of the τCRSS on ln(T) for a specific range of 
strain rates, and activation energy Q* values at different temperature ranges. Note that the τCRSS has been 
scaled by the relative variation of the shear modulus with temperature. The temperature dependence of 
µ for pure Mg is dµ/dT = ‒ 0.0088 GPa K-1 [256] (note: µ(0 K) = µ0 = 18.9 GPa). 

 

To determine the values of apparent activation energy Q* for deformation twinning (Eq. (2.23)), the 

variation of τCRSS (= 𝜎𝑦𝑚𝑆𝐹  ) versus temperature, scaled by the relative change of the shear modulus 

with temperature, is plotted in Figure 4-15d. Here, the dependence of τCRSS could be described by an 

exponentially decaying function (Figure 4-15d), similarly to what was reported for prismatic and py-

ramidal slip in bulk Mg and Zr at low strain rates [246,257], and for prismatic slip in Mg micropilla rs 

[282]. Note that the athermal component of the twinning stress 𝜏𝑎𝑡ℎ  (measured at high temperature) 

corresponds to 𝜏0  = 30.3 MPa, and is in accordance with the values obtained via visco-plastic-self-con-

sistent polycrystal approaches [292,293]. Adopting a linear interpolation methods to estimate the values 

of Q* below and above 273 K (Figure 4-15d), as for Eq. (2.30), an increase in the activation energy can 

be observed from 72 kJ mol-1 to 174 kJ mol-1. In spite of the uncertainty, these values are the only ones 

experimentally measured so far for deformation twinning in pure Mg microcrystals. Further data points 

are required to validate the linear approximation used here (Figure 4-15d)). The measured stress-de-

pendent activation energy for T > 273 K is in good agreement with the value of ∼75 kJ mol-1 obtained 

in other works in bulk polycrystalline Mg [294–296] by employing the empirical method proposed by 

Mohamed and Langdon [297], based on the temperature-dependent activation energy. However, as a 

result of dislocation motion being more stress-dependent than temperature-dependent at lower temper-

atures, a disparity of activation energies between this work and macroscale sample testing could be 

caused by the much higher stress levels reached in microscale testpieces (due to size effects 

[112,165,298]). This suggests that the empirical determination of the activation parameters cannot be 

performed through the experimental approach of Ref. [297], as also noted elsewhere [182]. For 

T < 273 K, the higher energy for the nucleation of dislocations, as well as the increase in the lattice 

friction to gliding dislocations, are thus the reasons of the higher measured τCRSS and Q* required for the 

first plastic event compared to those reported at higher temperatures in Mg micropillars [282] (Fig-

ure 4-13e). Consequently, it is difficult to nucleate enough dislocations at low temperature to accommo-

date the plasticity by slip due to the lower probability of overcoming the internal energy barrier for 

dislocation motion. The formation of a twinned grain induced by a single or more limited amount of 

defect sources may therefore be favoured as the occurrence of deformation twinning can accommodate 

more strain. In support of this scenario, by comparison with higher temperatures [282,288], it is observed 

that both the magnitude of the first load drop (Figure 4-13d) and the twin volume fraction (Fig-

ure 4-14a-c) increase when reducing the temperature, likely due to the need of the material to release 

the higher elastic energy stored in the pillar before the first twinning event. 
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4.6 Towards the next chapter 

 

As an extension of the work of Chapter 3 and Chapter 4, the next chapter focuses on the mechanical 

response of pure Mg during [0001] compression and contraction (i.e. tension along a direction perpen-

dicular to [0001]) with the aim of investigating the strain rate sensitivity of other deformation modes. 

Indeed, when the HCP crystal perceives a compressive strain field along the c-axis, TTW does not occur 

(see Chapter 1), as well as the (90°, a) twin. 
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5. Response of Mg microcrystals during [0001] 

compressions and contractions from low to 

high strain rate 

 

Manuscript to be submitted  

 

Deformation twinning in HCP crystal is strongly dependent on the loading direction with respect to the 

crystallographic c-axis [21,26]. In Mg and its alloys, two types of c-axis twins are commonly reported, 

namely {101̅2}〈101̅1〉  tension (TTW) and {101̅1}〈101̅2〉 compression (CTW). The critical resolved 

shear stress (τCRSS) of TTW is lower than that for CTW [159]. Although the occurrence of TTW during 

c-axis tensile loading is predominant, CTW during c-axis compression is known to be a minor defor-

mation mechanism at room temperature [116,117,228]. 

CTWs have generally been observed during compression of extruded or hot-rolled polycrystalline spec-

imens with different textures and grain sizes [159,299–301]. However, due to the variation in grain 

orientation, the presence of GBs, pre-existing twin boundaries (TBs) and other complexities, externally 

applied and locally perceived stress states may differ, resulting in a very difficult assessment of the stress 

tensor at CTW nucleation sites in bulk samples. To overcome this problem, c-axis macro and microscale 

compression tests were performed on single crystal of pure Mg [116,117,228]. Indeed, although the τCRSS 

for slip on the close-packed basal plane is significantly lower than for the prismatic or pyramidal π1 and 

π2 planes, basal slip is not activated during c-axis compression, because of the null Schmid factor, fa-

vouring the activity of other deformation modes, among which CTW. Surprisingly, despite the uniaxial 

compressive stress field, CTWs occur occasionally in areas of high stress concentration in the form of 

thin, needle-like lamellae, while pyramidal slip activity largely governs the plasticity [121,228,302]. 

This has an important effect on the mechanical response of Mg. The large build-up of internal strains 

accommodated by limited and harder deformation modes leads to lower ductility at high strain levels 

and thus induces an easier material failure, making c-axis compression the most detrimental loading 

condition in Mg. Moreover, [0001] compression of single-crystal sample may be the suitably oriented 

condition to investigate the strain rate sensitivities (SRSs, or m) of non-basal slip systems and, in prin-

ciple, of CTWs. To this end, as twinning is suspected to be less strain rate sensitive compared to slip  

[126,130–133], and higher stress states can be reached at smaller scales, the easier activation of CTW 

at higher deformation rates can be suspected and has surprisingly never been investigated. Indeed, the 

differences sensitivities at low and high strain rate for twinning and slip, respectively, could therefore 

favour the predominance of CTW or other deformation mechanisms and explain the so-called "lack of 

CTWs". 
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Apart from slip and deformation twinning, another way of accommodating plasticity has been reported 

to occur in Mg during c-axis compressions and introduced very recently with the term "deformation 

graining" (DG) [303]. DG is defined on the basis of the formation of differently oriented grains enhanc-

ing the plasticity by mean of activation of other deformation modes (slip and twinning) within them, 

thus improving the machinability of Mg and reducing crack nucleation. This mechanism cannot be di-

rectly related to deformation twinning because the existence of an invariant twin plane is not established 

[24]. It can be however explained by the concept of weak twinning (WT) recently introduced by Cayron 

[304] in which the interface is not anymore necessarily fully invariant as for usual deformation twinning, 

and can be slightly distorted to be transformed into a new non-equivalent plane. As new reoriented 

grains were found in 400nm-size pillar at unusually high stress levels of 1GPa for such a limited ductile 

metal, it remains to be explored whether this mechanism is viable at higher scales and in bulk materials.  

This would provide new evidences of the existence of unusual parent-new grain misorientations and 

inconsistent interfaces that have been reported and widely discussed in the last decade [47,201]. 

In order to further investigate the afore-mentioned uncovered research areas, [0001] micropillar com-

pressions and [1̅010] microtensile loadings were performed under high loading rates, up to ~590 s-1 and 

45 s-1, respectively. The shape and position of structures, close to the edge of the sample, allowed precise 

characterizations of the crystallographic orientation by EBSD both before and after testing. The experi-

ments required the redesign of the quasi-static and HSR testing rigs, making them suitable for both 

compression and tensile loadings at the microscale, limiting divergences in the compliance of the test 

machines. The choice of the two different loading directions allows for further study of the direction-de-

pendent micromechanical response of Mg by observing the material behaviour during c-axis direct and 

indirect straining (c-axis compression and contraction, respectively). In particular, c-axis compression 

refers to when the externally applied stress field has a component along the [0001] direction, whilst 

c-axis contraction when the [0001] axis is reduced by the effect of a strain, induced by an externally 

applied load that does not necessarily have a component along the c-axis. Note indeed that a strain along 

the c-axis does not imply the existence of a stress in the same direction. This implies that c-axis com-

pression and c-axis contraction do not have a same value of interaction work W. Russell et al. [299] 

suggested that "the onset of CTW may be facilitated under c-axis contraction compared to c-axis com-

pression due to a lower τCRSS attributed to differences in the stresses experienced by the unit cell", i.e.  

different values of W. This behaviour was ascribed by the authors to the greater hydrostatic pressure in 

the case of contraction compared to the case of uniaxial c-axis compression, favouring the complex 

shuffles required for this twinning mode. 

As CTWs manifest themselves as thin and needle-like lamellae, as already observed above, 3D EBSD 

reconstructions have been performed to ensure the effective "lack of CTW" through the whole thickness 

of some deformed structures. Irrespective to the formation of CTW or WT, the current study neverthe-

less allows to evaluate the strain rate sensitivity and apparent activation volume of the τCRSS of the 

non-basal slip in pure Mg at the microscale in both loading modes. 



 

 

127  

 

 

Figure 5-1: SEM images of the structures fabricated by FIB and the corresponding crystallographic 
orientations. (a,c) Single crystal microtensile and micropillar samples prepared at the specimen edge 
allowing EBSD before and after the deformation. The EBSD maps and PF in the inserts show the re-
spective crystal orientations. (b,d) Stress and strain fields of the crystal during [1010] extension (b) and 
[0001] compression (d). The blue arrows indicate the externally applied stress; the yellow arrows refer 
to the strains induced by the action of the applied load. The slip planes along which the deformation is 
expected to take place are highlighted in the crystals (b,d). All undefined scale bars correspond to 2 µm. 

 

5.1 Materials and Methods 

 

Sample SX1 (Figure 2-1 and Figure 2-9 in Section 2.1) was used for microtensile bar (T-bar, Tb) and 

micropillar fabrication using a Ga+ FIB (Tescan, Lyra3) with gauge cross-section dimensions of 

5×5 µm2 for both the structures, and height of 20 µm and 10 µm, respectively (see Figure 5-1). For 

reasons that will be clarified in the proceeding of the chapter, two additional sets of pillars have been 

fabricated with gauge cross-section dimensions of (i) 1.2×1.2 µm2 with 2:1 aspect ratio 

(height vs width), and (ii) 5x5 µm2 with 3:2 aspect ratio (tolerance on dimensions: ±100nm). The sur-

faces of the structures showed almost no curtaining artifacts. In tensile structures, this has been favored 

by 200 nm ion-beam deposited platinum layer on top of the tensile structure. The cross-section area was 

used to calculate the engineering stresses. Stresses and strains are nominal. The structures were fabri-
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cated at the front surface of the bulk sample, allowing for EBSD acquisitions before and after the defor-

mation. The tensile tests were then performed along the [1̅010] axis at different strain rates using a 

silicon gripper [153], whereas along the [0001] axis in compression with a nanoindenter fitted with a 

20 μm diameter flat punch. The micromechanical tests were conducted using dedicated in situ Alemnis 

AG nanoindenter setups for quasi-static and HSR conditions [189] mounted inside a SEM (Tescan 

Lyra3). In compression, the testing rig employs a piezo-electric load sensor, where the flat punch was 

mounted, rather than the standard strain gauges-based load cell used in conventional testing conditions 

(low strain rates). In tension, however, the piezo-electric load sensor was mounted on the sample side. 

TKD map acquisitions using an EDAX DigiView camera with 2×2 binning (442×442 px2) have been 

performed to provide an overview of the textural development upon deformation. For this, an electron 

beam of 30 kV and 10 nA was used. After the TKD map acquisitions, further thinning was performed 

for atomic resolution imaging using a ThermoFischer Themis 200 G3 aberration (probe) corrected TEM 

operating at 200 kV. For some pillars, scanning precession electron diffraction (SPED) technique has 

been used to generate high spatial resolution orientation/phase maps with a DigiSTAR system from 

NanoMEGAS company (Brussels, Belgium) equipped in the same aberration-corrected TEM. A step 

size of 7 nm was used to reveal the nanoscale characteristics. 

Three-dimensional EBSD reconstructions of two deformed tensile structures have been performed to 

detect and reconstruct the complete shape and spatial distribution of the grains that constitute the entire 

crystallographic morphology within the specimen. This was done by using post-mortem EBSD acquisi-

tions together with FIB tomography in a static setup [305]. In this case, EBSD maps were acquired with 

a Symmetry detector and Aztec 4.1 software (Oxford Instrument, UK), with 20kV and 10nA beam con-

ditions and 100 nm step size. EBSD maps were captured after every FIB slice of 200 nm from the front 

surface throughout the thickness of the structure. FIB slicing was done at 30kV and 200pA. Pho-

toshop CC 2017 was used to manually align the slices by changing the visibility of one slice over the 

other. Amira v5.2 software was used to create the 3D reconstructions from the 2D maps. 

 

5.2 Results 

 

Figure 5-1a,c shows the (21̅1̅0) and (0001) PFs for the T-bar and pillar structures. The chosen reference 

system for the HCP unit cell (a1, a2, c) can be seen in Figure 5-1b,d. The Schmid factor mSF, τCRSS and 

σy = τCRSS/mSF (yield stress) values to predict the possible and preferred modes of deformation are re-

ported in Figure 2-9. In both cases basal activity is inhibited. Although the value of τCRSS for the {101̅2} 

twin mode (TTWs) reported in literature for bulk Mg is low (~12 MPa) [158], the unidirectionality of 

twinning in HCP hinders its formation in both the loading modes. The τCRSS for <a> prismatic, <c+a> py-

ramidal 1st and 2nd order slip planes are much higher (Figure 2-9) but however the only remaining pos-

sible modes of accommodating the plastic deformation, together with CTW. 
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5.2.1 [1010] tension (c-axis contraction) 

 

In tension, the deformation behaviour is characterized by a series of discrete load drops in the stress-

strain curve and a simultaneous hardening and/or stress plateau (Figure 5-2a-c). In all the tests, the first 

load drop occurred with the onset of yield after elastic loading and has been therefore used to determine 

the τCRSS of the corresponding activated deformation mode. The variation of the τCRSS with strain rate and 

the m at yield are reported in Figure 5-2d and Figure 5-2e, respectively. The calculated values of m are 

~0.01 and ~0.046 for the range of strain rates investigated here, which correspond to values of apparent 

activation volume V* of 2.36 ± 0.2 nm3 and 0.43 ± 0.07 nm3, respectively. 

The SEM images reported in Figure 5-3 show an overview of the processes that assisted the plastic 

deformation of the microtensile structures at the different applied strain rates. For a specific loading 

condition, different strain values have been intentionally applied in order to allow the post-test observa-

tion of the different deformation stages. Slip traces at the front and lateral surfaces of the structures can 

be attributed to the activation of prismatic planes (Figure 5-3e, Tb05). It was thus revealed that prismatic 

slip represents the predominant mode accommodating the plastic deformation during [1̅010] microten-

sile loadings. Expressing therefore V* in terms of b3, with b the Burgers vector of <a> prismatic dislo-

cation (b = 0.3209 nm), the apparent activation volume was found to be ~72b3 for 휀̇ ≤ 10-1 s-1 and ~13b3 

above. It should be noted that the experimental determination of V* is of primary importance as it is 

related to the area swept by the dislocation and it is indicative of the dislocation mobility mechanism. 

In particular, as evidenced by the reduction of the activation volume, the help of the applied stress to 

overcome the energy barrier for dislocation motion becomes significant at higher strain rate, which is 

caused by the greater contribution of dislocation inertia (kinetic energy imparted from strain energy and 

stored in the moving core). 

Furthermore, at the highest applied strain rate (45 s-1) and for the most strained structure (Tb09), a new 

thin and needle-like lamellar grain was formed (grain 1). By analysing the EBSD data, it appears that 

the matrix (grain 0) and the new grain can be related by a ~45° (±1°) misorientation across the a-axis 

(Figure 5-3f,g), that however does not correspond to the 56.2° expected in the occurrence of CTW. 

Giving the confined nature of grain 1, it is reasonable to assume that new grains may also have devel-

oped within or at the back side of the deformed structures at lower strain rates. To perform a more 

complete and accurate analysis, a 3D reconstruction has been made for Tb01 as well as for Tb09, which 

are the most strained structures at the lowest and highest applied strain rate (Figure 5-4). From these 

reconstructions, no other grain was observed apart from grain 1 in Tb09. Moreover, the latter disappears 

after the first 200 nm below the frontal surface (after the first FIB slice in the process of the 3D recon-

struction – see Section 5.1). 
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Figure 5-2: Stress-strain curves derived from [1̅010] tensile tests at different strain rates: from 5×10-4 to 
45 s-1 (a-c). The inserts illustrate the displacement vs time curves from which the strain rate has been 
calculated considering a characteristic height of 20 µm. For further information regarding the displace-
ment calibration procedure, refer to [153]. The variation of the τCRSS with strain rate is shown in (d). The 
value of τCRSS has been measured in correspondence of the stress that preceded the load drop detected in 
(a-c). Note that the error bars consider also uncertainties (±100 nm) in the SEM measures of the dimen-
sions of the structures. (e) Strain rate sensitivity at different strain rates. The formula used for the calcu-
lation is embedded in the graph. 
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Figure 5-3: SEM images and EBSD maps illustrating post-mortem deformation features in tensile struc-
tures strained at different deformation rates. (a,b) 휀̇ = 5×10-4, (c-e) 휀̇ = 0.1 s-1, (f,g) 휀̇ = 45 s-1. In all the 
cases, the plasticity has been accommodated by prismatic slip, as clearly evincible from the slip traces 
detected via SEM imaging (a,c,e,f). For 휀̇ ≤ 0.1 s-1, the EBSD maps (b,d) do not show any twin activity. 
At the highest applied strain rate, the formation of a new grain ~45° (±1) misoriented with respect to the 
parent crystal across the a-axis has been observed in the location of high stress concentration (indicated 
with letter "A" in Figure 5-1a) (f,g). The cumulative misorientation is plotted in (g). 

 

5.2.2 [0001] loading (c-axis compression) 

 

In compression, the trend of the stress-strain curve is not characterized by any discrete load drop but 

rather by a continuous plastic flow typically observed in a slip-dominated plastic deformation mecha-

nism during compressive loadings performed in displacement-controlled testing mode (Figure 5-5) 

[116,117,120]. The yield stress σy has been therefore measured at 0.2% of strain. As for the tensile case, 

the variation of the τCRSS with strain rate and the m at yield are reported in Figure 5-5e and Figure 5-5f, 

respectively. The calculated values of m, necessarily associated with pyramidal slip due to Schmid fac-

tor, are ~0.015, ~0.042 and ~0.131 for low, intermediate and high values of strain rate, respectively, and 
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found to be similar to those reported for prismatic slip (Figure 5-2e). This corresponds to activation 

volumes V* of 1.58 ± 0.1 nm3, 0.47 ± 0.08 nm3 and 0.15 ± 0.05 nm3, which, expressed in terms of b3 

(with b the Burgers vector of a <c+a> dislocation, ~0.612 nm) would become ~7b3, ~2b3 and ~0.7b3, 

respectively. Despite the comparable or higher τCRSS of pyramidal I or II and prismatic slip systems 

(Figure 2-9), a reduction in the absolute yield values is detected from c-axis contraction to c-axis com-

pression for all the investigated strain rates. This is likely due to the complex tri-axial strain field that 

generates in the first few-tens of nanometres below the tip-pillar contact surface, favouring the activation 

of dislocations at smaller strain levels. 

 

 

Figure 5-4: Three dimensional reconstruction of Tb01 (top) and Tb09 (bottom) deformed at 5×10-4 and 

45 s-1, respectively. 
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Figure 5-5: Stress-strain curves derived from [0001] compression tests at different strain rates: from 
5×10-4 to 460 s-1 (a-d). The inserts illustrate the displacement vs time curves from which the strain rate 
has been checked considering a characteristic height of 10 µm. The variation of the τCRSS with strain rate 
is shown in (e). The τCRSS has been measured at a plastic strain of 0.2% (a-d). Note that the error bars 
consider also uncertainties (±100 nm) in the SEM measures of the dimensions of the structures. (f) Strain 
rate sensitivity at different strain rates. The formula used for the calculation is embedded in the graph. 
(g) Maximum nominal stress reached in the structures at different strain rates. All undefined scale bars 
correspond to 2 µm. 
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Figure 5-6: SEM images and EBSD maps for pillars compressed at different strain rates. The pillar 
number, strain rate and level of strain achieved are indicated in each image (a-d). Bulging mechanism 
is observed in all structures. Front view SEM image is shown for the pillar compressed at 460 s-1 (d). 
(e) EBSD map taken at half thickness of pillar P13 in (d). The plasticity is mainly accommodated by 
pyramidal and basal slip. No twinning mechanism was detected. All undefined scale bars correspond to 
5 µm. 

 

It should be noted that at the lowest strain rate (5×10-4 s-1), the setup has been adapted to perform in situ 

HR-EBSD measurements at a precise strain increment (8%, see Figure 5-5a-right)) by maintaining the 

flat punch displacement constant while the sample is under load [83,192]. Although surface information 

of the front side of the pillar is not sufficient to discriminate if deformation twinning has taken place 

within the whole structure, the intermediate map was captured to investigate whether the "lack of CTWs" 

can be caused by detwinning with unloading. However, no CTW has been detected at the surface in 

loaded conditions. The reduction in load shown in Figure 5-5a at ε = 8% is due to the stress relaxation 

occurring throughout the holding time (17 minutes) during which the intermediate EBSD map was 

taken. For the other applied strain rates, in situ EBSD acquisition was not possible as the total testing 

time was less than 1s (inserts in Figure 5-5b-d). In Figure 5-5 it can also be seen that, regardless of the 

imposed strain rate, a stress peak is reached around 20% of strain after which a lower load is required 

for further straining (softening). The magnitude of the stress peak however changes with strain rate, as 

reported in Figure 5-5g, reaching ~900 MPa at 460 s-1. It is thus reasonable to infer that Figure 5-5g 

illustrates the maximum load that a 5µm-sized pillar (with a 2:1 height-width aspect ratio) can support 

during [0001] compression before collapsing. In some cases, the c-axis/loading direction misalignment 

induced by the instability of the structure allow basal slip activity (see Figure 5-6). Despite the appear-

ance of cleavage planes, indicative of the typical fragile nature of Mg at large strains (Figure 5-6), a 

remarkable resistance to applied load occurs at the microscale even at HSRs for strain levels below 

~20%. After testing, post-mortem EBSD maps were acquired on the front surface of each pillar without 
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revealing presence of CTWs or "anomalous" new grains (not relatable to well-known twinning modes), 

i.e. weak twins. However, to reveal their possible presence inside the pillar structures, FIB tomography 

and subsequent EBSD mapping have been done (Figure 5-6e). Again, no new twin/grain formation was 

revealed for structures with gauge cross-section dimensions of 5×5 µm2 and aspect ratio 2:1, as also 

reported elsewhere [116,117,228].  

 

 

Figure 5-7: Stress-strain curves and SPED orientation maps of [0001] shock-compressed pillars of dif-
ferent dimensions and aspect ratio: (a) 1.2×1.2 µm2 (2:1 aspect ratio), (b) 5×5 µm2 (3:2 aspect ratio). 
SEM images embedded in the graphs illustrate undeformed structures. Scale bars: 2 µm. (c,d) Orienta-
tion maps obtained via SPED illustrating the formation of new grains in (c) 1.2×1.2 µm2 (2:1 aspect 
ratio), and (d) 5×5 µm2 (3:2 aspect ratio) pillars. The reliability index in the maps is greater than 20%, 
above the acceptability threshold. A graphic representation of the crystal orientations is reported to fa-
cilitate the analysis. In (d), the (0001) -in white-, {1013} -in red-,{1011} -in green-,{1010} -in or-
ange- traces are highlighted within the parent and the new grain. (e) Cumulative misorientation profiles 
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along the vectors indicated with q, g and d in (c,d). The new grains are characterized by a ~62° misori-
entation across the a-axis with respect to the initial crystal. The IPF colour code refers to the out-of-
plane crystal direction. 

 

Nevertheless, the nucleation of new grains has been observed in pillars with smaller dimensions and 

aspect ratios. In particular, to reach higher stress levels for a given strain value, with the intent of trig-

gering CTW or new grains formation, different pillar dimensions have been chosen and tested at HSR. 

Figure 5-7 shows the stress-strain curves, pre and post deformation SEM images and SPED maps of 

1.2×1.2 µm2 (aspect ratio 2:1) and 5×5 µm2 (aspect ratio 3:2) pillars. For the smaller pillars 

(1.2×1.2 µm2), the structures have been deformed up to ~50% of strain and the trend of the stress-strain 

curves (Figure 5-7a) show that the τCRSS doubles and reaches ~1 GPa ("smaller is stronger" 

[112,165,298]), twice higher compared to what occurs in 5×5 µm2 pillars (Figure 5-5). Using SPED 

technique (Figure 5-7c), it can be observed that new small grains have been identified, but with charac-

teristics that do not correspond to well-know twin modes. Similarly to the increase in stress level 

achieved by decreasing the characteristic dimension (width) of the pillar, a reduction in the aspect ratio 

of the structure from 2:1 to 3:2 (while keeping same reference dimensions: 5×5 µm2) also affects the 

plasticity accommodation mechanism and the nominal stress level reached (Figure 5-7b). Indeed, also 

in this case, new grains have been observed (Figure 5-7d). With respect to their crystallographic nature, 

the parent-new grain misorientations correspond to ~63° across the a-axis. 

 

5.3 Discussion 

 

In tension (c-axis contraction), the activation of even a single prismatic slip system promotes relative 

movement of the material above and below the slip plane (Figure 5-3e, Tb05) that results in (i) a stress 

plateau representing the constant friction stress required for continuous gliding (Figure 5-2a-c) and (ii) 

a limited plasticity compared to that observed in c-axis compression, for all the applied strain rates. 

Indeed, in the opposite case of c-axis compression, the symmetry of the crystal with respect to the load-

ing axis leads to twelve (six for {1011} and six for {2112}) equivalently stressed pyramidal slip sys-

tems, which accommodate the plastic deformation and lead to the strong hardening observed in Figure 

5-5 up to 20% of strain. In both cases, the absence of twinning significantly reduces the ductility of Mg 

during c-axis compression and especially c-axis contraction, differently to what occurs in c-axis exten-

sion experiments where deformation twinning represents the predominant mechanism that accommo-

dates plastic deformation allowing the material to withstand a large amount of strain without cracking 

even at HSRs [90,104]. 

 

5.3.1 [1010] tension (c-axis contraction) 
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CTW or TTW do not contribute in accommodating the plastic deformation of Mg during c-axis contrac-

tion. However, the nucleation of a new grain in Figure 5-3f,g is observed and likely induced by the high 

stress level achieved in the region indicated with letter "A" in the insert of Figure 5-1a. "A" represents, 

due to the geometry of the structure, the area of higher (triaxial) stress concentration. Therefore, complex 

and higher strain fields can be perceived at the atomic scale, favouring the activation of equally complex 

deformation modes, especially upon exhaustion of the dislocation-mediated plasticity mechanism. Alt-

hough the nucleation of the new grain shown in Figure 5-3f,g most likely occurred at high strain level 

and is therefore of very limited relevance to the mechanism of accommodation of the large imposed 

deformation (especially in relation to its limited spatial evolution), it is nevertheless interesting to delve 

into its crystallographic characteristics. In particular, the 45° matrix-new grain misorientation relation-

ship between grain 0 and grain 1 (Figure 5-3f,g) cannot be classified in terms of a known twinning 

system. In the list of twins predicted by the crystallographic shear-based theory of twinning [24] (some 

of which reported in Table 5-1), no clear match can be found. Other possibilities must therefore be 

considered. 

Type of twin Misorientation angle/axis 

{1011} 56.2° <1210> 

{1012} 86.3° <1210> 

{1013} 64° <1210> 

{1014} 53° <1210> 

{3032} 39.2° <1210> 

{3034} 70.8° <1210> 

{1011}-{1012} 37.5° <1210> 

{1011}-{1012} 30.1° <1210> 

{1011}-{1012} 66.5° <5943> 

{1011}-{1012} 69.9° <2421> 

{1012}-{1012} 7.4° <1210> 

{1012}-{1012} 59.9° <1010> 

{1012}-{1012} 60.4° <8170> 

{1012}-{1012} 22.2° <1210> 

 

Table 5-1: Twin type and corresponding misorientation angle in Mg crystal [25,26,78,145,306–308]. 

 

Interestingly, in a very recent work, Liu et al. [303] observed that the low c-axis plasticity in Mg is 

overcome by the material through the activation of an additional newly discovered plastic deformation 

mode. Upon exhaustion of dislocation mediated plasticity mechanism at high strain level, the DG mech-

anism occurred, defined as such on the basis of the formation of differently oriented grains, enhancing 

the plasticity by mean of activation of other deformation modes (slip and twinning) within them. In their 

case, a matrixnew grain transformation (unit cell reconstruction) was observed to be accomplished by 

pyramidal I to basal plane transformation during [0001] compressions of Mg nanopillars, very similar 

to the prismatic to basal plane transformation that takes place during [101̅0] compression [90,104]. 

According to Liu et al. [303], the displacements of atoms occurring under high-stress loading conditions 

or at exhaustion of dislocation mediated plasticity or both, induces a "hybrid diffusive-displacive" mode 
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of deformation that results in a newly oriented grain nucleation. However, this interpretation can be 

discussed. Cayron [44] proposes that all the deformation twins can be considered as martensitic trans-

formations without diffusion; the shuffles are just the movements of the atoms in the lattice that do not 

obey the same linear law as the nodes of the lattices; i.e. it has nothing to do with diffusion. The phe-

nomenon of DG can be understood without diffusion as a martensitic mechanism; this is the basis of the 

concept of weak twinning introduced recently [304]. 

From these considerations, the high stress level and the enhanced strain hardening induced at higher 

strain rates may also be the cause of the transition from slip to twinning [200,282], or possibly to weak 

twinning. Therefore, in region A of Figure 5-1a, and under high loading rates, a deformation-induced 

new grain formation has taken place. However, it is difficult to understand the precise transformation 

that governed the nucleation of a new grain. In contrast to the strain field exerted on the crystalline 

structure under c-axis compression condition (expansion along the axes perpendicular to the c-axis), the 

strain field in c-axis contraction reduces the crystallographic a-axis compatibly to the orientation of the 

crystal relative to the loading direction (Figure 5-1b). The atomic displacements affine to the mechanical 

loading are hence different to those found by Liu et al. [303] and the pyramidal I to basal plane trans-

formation, establishing a (62°, a) misorientation between the parent and the new grain across the a-axis, 

cannot explain the (45°, a) misorientation observed here. 

However, without restricting the investigation to the classical twinning modes predicted by the crystal-

lographic theory of twinning, to mathematically correlate the reorientation process of a crystal from an 

initial (matrix) m to a new n configuration, the three matrices F, T and C introduced in Chapter 1.1.1 

can be used. Differently from twinning, solutions that require the breakdown of the "invariant plane 

strain" condition were considered, correlating the lattice of the matrix and the lattice of the new grain 

not necessarily by the same crystallographic plane (same Miller indices) or by two equivalent planes of 

the same family. That is, the concept of "weak twins" was thus employed. In relation to this, a possible 

solution emerged, for which the initial lattice is restored in a 43.1° reoriented new configuration across 

the a-axis (close to the 44° detected with EBSD). 

The solution (43.1°, a-axis) is given by: 

𝐅ℎ𝑒𝑥 =  (
1 0.1235 −0.6523
0 0.9135 0.3618
0 0 1.0945

) (5.1) 

𝐓ℎ𝑒𝑥
𝑛→𝑚 =  (

1 −0.1351 0.6407
0 0.7296 1.2814
0 −0.3648 0.7296

) (5.2) 

from which 

𝐂ℎ𝑒𝑥
𝑛→𝑚 =  𝐓ℎ𝑒𝑥

𝑛→𝑚𝐅ℎ𝑒𝑥 = (
1 0 0
0 2/3 5/3
0 −1/3 2/3

) (5.3) 

Appendix B reports the details of the calculation. Employing the solution found, it can be verified by 

using Eq. (1.5) and Eq. (5.3) that the (0112)m plane ((012) in the 3-index notation) is transformed into 
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the (0001 )n plane (i.e. (001)). Accordingly, grain 0 and grain 1 (Figure 5-3f) can be related by a 

{1012}m//(0001)n weak interface that, referred to the adopted coordinate system, is more precisely a 

(0112)m//(0001)n (Figure 5-8d-e). It is important to note that the trace of the interface experimentally 

observed (Figure 5-3g) is indeed following the dashed line reported in Figure 5-9b. The relative PFs 

shown in Figure 5-9a-b confirm the overlapping stereographic projections between the selected plane 

combinations. The 43.1° misorientation around the [2110] axis (or a-axis) can be checked by using the 

matrices of coordinate transformation between the parent and the new grain bases. Note that matrices 

equivalent to 𝑻ℎ𝑒𝑥
𝑛→𝑚  can be obtained by multiplying 𝑻ℎ𝑒𝑥

𝑛→𝑚  by the matrices of internal symmetry M of 

the hexagonal phase (matrices forming the point group of the HCP phase [309]). For example, in order 

to determine the rotation matrix 𝑹𝑜𝑟𝑡ℎ𝑜,2
𝑛→𝑚  expressed in an initial orthogonal basis (𝐵𝑜𝑟𝑡ℎ𝑜

𝑚 ), which in turn 

is related to the hexagonal basis (𝐵ℎ𝑒𝑥
𝑚 ) by 

𝑯ℎ𝑒𝑥 = [𝐵𝑜𝑟𝑡ℎ𝑜
𝑚 → 𝐵ℎ𝑒𝑥

𝑚 ] =  

(

 
 
1 −

1

2
0

0
√3

2
0

0 0 𝛾)

 
 

 (5.4) 

with 𝛾 = 𝑐 𝑎⁄  (ratio of lattice parameters), the matrix 𝑻ℎ𝑒𝑥,2
𝑛→𝑚  can be composed with the mirror symmetry 

𝑴ℎ𝑒𝑥  and then be expressed in 𝐵𝑜𝑟𝑡ℎ𝑜
𝑚 . The result will be: 

𝑹𝑜𝑟𝑡ℎ𝑜,2
𝑛→𝑚 = 𝑯ℎ𝑒𝑥𝑴ℎ𝑒𝑥𝑻ℎ𝑒𝑥,2

𝑛→𝑚 𝑯ℎ𝑒𝑥
−1 = (

−1 0 0
0 0.7296 0.6835
0 0.6839 −0.7296

) (5.5) 

with 

𝑴ℎ𝑒𝑥 =  (
−1 1 0
0 1 0
0 0 −1

) (5.6) 

The matrix 𝑹𝑜𝑟𝑡ℎ𝑜,2
𝑛→𝑚  represents a rotation around the a-axis of angle cos-1(0.7296) = 43.1°. 

 

 

Figure 5-8: Schematic representing the orientation relations between the parent and new grain crystals 

for the solution found. Note that this figure is not intended to illustrate the displacement field to accom-

plish the transformation. (a) 43.1° misoriented parent (m, blue coloured) and new grain (n, red coloured) 

crystals across the a-axis. (b,c) (0112)m(0001)n plane transformation. In (b) it is represented the pro-

jection of the crystals viewed along the normal to the denoted planes. 
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Figure 5-9: PFs of the crystallographic planes that constitute the solution proposed to describe the grain 
formed in Tb09 (Figure 5-3f,g). Colours refer to the invers pole figure of Figure 5-3. The circles identify 
the overlapping stereographic projections of the normal of the parent and new grain planes that constitute 
the parent-new grain interface (Figure 5-3g) ; the latter denoted with a dashed line. (b) PF associated to 
the conventional {1015} twin. (c) Interface between the initial and reoriented grains (replicated from 
Figure 5-3g)  for an easier readability). 

 

Interestingly, the obtained solution implies that a pyramidal II to basal plane transformation occurs, 

similarly to the pyramidal I to basal transformation reported by Liu et al. [303]. The geometric parallel-

ism between the (0001) basal plane in the new grain and the (0112) pyramidal plane in the matrix can 

be indeed observed in Figure 5-8e. By comparing the magnitude of the atomic displacement (through 

F) required for the two solutions, s2 is more likely that s1. Note that for the described parent→new grain 

transformation, the distortion matrix does not correspond to that of a simple shear S, typically used to 

describe deformation twinning. Using similar arguments as those introduced by Crocker and Bevis [25] 

for calculating the shear value s from the correspondence matrix in the case of simple shear, C. Cayron 

[310] proposes the alternative generalization of s (called "generalized shear", sg) that continues to work 

whatever the form of F (simple shear or not). sg can be extracted from the distortion matrix F by 

𝑠𝑔
2 = 𝑇𝑟[𝑮(𝑭− 𝑰)𝑮−1(𝑭− 𝑰)𝑇] (5.7) 

whit G the metric tensor and I the identity matrix. With this definition, one can verify that for the 

(0112)m(0001)n plane transformation, sg corresponds to 0.595. Eq. (5.7) is a generalization formula 

that encompasses the usual shear amplitude for simple shear distortions, and more generally, it allows 
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to quantify the amplitude of any distortion. Other generalization formulæ have also been proposed. Sim-

ilarly to what reported by Bevis and Crocker [311], Cayron [304] introduces also the concept of "gen-

eralized strain” 휀𝑔 , expressed as: 

휀𝑔
2 = 𝑇𝑟[𝑮𝑭𝑮−1𝑭𝑇] − 𝑁 (5.8) 

휀𝑔
2 = 𝑇𝑟[𝑮𝑪𝑮−1𝑪𝑇] − 𝑁 (5.9) 

with N the dimension of the space (N = 2 in 2D, and N = 3 in 3D). The concept of 𝑠𝑔  can be used to 

justify the formation of basal/prismatic interfaces before {1012} twinning, and pyramidal I/basal inter-

faces before {1011} or {1013} twinning. In particular: 𝑠𝑔= 0.092 for basal/prismatic; 𝑠𝑔= 0.107 for 

pyramidal I/basal; 𝑠𝑔= 0.130 for conventional {1012} twin mode; 𝑠𝑔= 0.137 for conventional {1011} 

and {1013} conventional twin modes. Interestingly though, the basal/prismatic weak twin, (90°, a), and 

the conventional {1012} twinning mode, (86°, a), have the same value of 휀𝑔= 0.130; analogously, also 

the pyramidal I/basal weak twin, (62°, a), and the conventional {1011} or {1013} twinning modes, 

(56°, a) and (64°, a), have the same value of 휀𝑔= 0.137. In the case of pyramidal II/basal, (43°, a), 

휀𝑔= 0.608. Yet, a correlation can also be found between the pyramidal II/basal weak twin and a conven-

tional type I twin mode: the {1015} twin. Note that the latter, despite thus far never been reported, is 

characterized by a 41° misorientation across the a-axis, its correspondence matrix is exactly that of 

Eq. (5.3), as it maintains the (0115) unchanged (see Appendix B), its shear value is equal to 0.608, and 

its plane trace follows that of the experimentally observed interface (Figure 5-9b-c). (Note that for con-

ventional twins: 𝑠𝑔 = 휀𝑔 = 𝑠). Indeed, following the mathematical approach adopted in [44,46], the dis-

tortion matrix 𝐃ℎ𝑒𝑥
0115 associated to the {1015} twin can be derived by applying a small angular correc-

tion of 2.1°, as: 

𝐃ℎ𝑒𝑥
0115 = 𝐑ℎ𝑒𝑥

2.1° 𝐅ℎ𝑒𝑥 = (
1 0.1235 −0.6523
0 0.9129 0.4027
0 −0.0343 1.0801

) (5.10) 

Differently from F, 𝐃ℎ𝑒𝑥
0115 is a shear matrix. The set of eigenvalues is reduced to {1} and its eigenspace 

is of dimension 2, formed by the vectors [100] and [051] (expressed in the three-index notation), i.e. 

the (015) plane. The shear vector, as well as its amplitude, can be determined in the orthonormal basis 

by: 

𝐬 = (𝐃𝑜𝑟𝑡ℎ𝑜
0115 − 𝐈) ∙ 𝐧𝑜𝑟𝑡ℎ𝑜 = (

−2.59
1.0715
0.4515

) (5.11) 

where 𝐧, expressed in the orthonormal basis in Eq. (5.11), represents the vector normal to the (015) 

plane, i.e. 

𝐧𝑜𝑟𝑡ℎ𝑜 = [0 −𝛾 5
√3

2
] (5.12) 

The shear amplitude is therefore 
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𝑠 =
‖𝐬‖

‖𝐧‖
≈ 0.608 (5.13) 

 

This value of shear is relatively high compared to that required for other possible twinning mode in Mg. 

Nevertheless, considering that deformation twins in face centered cubic metals, as well as in twin-

ning-induced plasticity steels, are (111) <112> with a shear amplitude of 0.7, the solution proposed 

here is equally realistic. 

Yet, one may question why the pyramidal II/basal plane transformation has taken place compared to all 

the other possible weak twins that require lower generalized shear and strain amplitudes. An answer can 

be given by analyzing the schematic of the possible vector field of the overall atomic displacements 

occurring in the case of the (0112)m(0001)n transformation. In Figure B-2 (Appendix B), this vector 

field appears coherent to the strain field perceived by the unit cell at site "A" of the structure in response 

to the externally applied load (Figure 5-1a,b). This implies also that changes in the locally perceived 

strain field would limit the evolution of the new grain and thus explain why its growth does not cross 

the longitudinal axis of the T-bar (Figure 5-3f). The requirement of compatibility between atomic dis-

placements and externally applied strain field appears playing a significant role in governing the selec-

tion of new grains (weak twins), as well as their consequent propagation. Note that the displacement 

field is given by: 

𝐱′/𝐁ℎ𝑒𝑥
𝑚 − 𝐱/𝐁ℎ𝑒𝑥

𝑚 = (𝐅ℎ𝑒𝑥− 𝐈) ∙ 𝐱/𝐁ℎ𝑒𝑥
𝑚  (5.14) 

where x is a vector of the parent basis that defines the initial atomic positions, and x' is the image of a 

vector x obtained by a linear distortion: 𝐱′/𝐁ℎ𝑒𝑥
𝑚 = 𝐅ℎ𝑒𝑥 ∙ 𝐱/𝐁ℎ𝑒𝑥

𝑚 . 

 

5.3.2 [0001] loading (c-axis compression) 

 

As mentioned in Section 5.2.2, the formation of new grains in c-axis compression was also observed. 

The parent-new grain misorientations correspond to ~63° across the a-axis, recently reported to be pro-

duced by the {1011}m(0001)n (pyramidal Ibasal) plane transformation [303]. It should be never-

theless observed that the rarely operative {1013} CTW in Mg, predicted by the crystallographic 

shear-based theory of twinning, is also characterized by a 64° misorientation around the a-axis (see 

Table 5-1) [145]. For completeness, Figure 5-10 reports the pole figures associated to the (0001 ), 

{1011} and {1013} families of planes. In order to understand the process that has taken place, it is 

interesting to remind that, using in situ TEM, Liu et al. [303] revealed that different GB structures and 

misorientations can be explained by subsequent rearrangement of atomic positions during the propaga-

tion of pyramidal I/basal interfaces. In particular, in Figure 5-6a of [303], {1013}m{1013}n and 

{1010}m{1013}n interfaces are observed to form upon the growth of the {1011}m(0001)n facets. 

Indeed, the correspondence matrix associated to the (0111)m(0002)n plane transformation 
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𝐂ℎ𝑒𝑥
𝑛→𝑚 =  (

1 −1/4 −3/4
0 1/2 −3/2
0 −1/2 −1/2

) (5.15) 

converts also the (0113)m into (0113)n (conventional twin) and (0220)m into (0113)n. This is very 

similar to the dual-step mechanism governing the formation of TTW in Mg in which nucleation of the 

predominant {1012} twin is preceded by formation of {1010}m(0001)n interfaces which establish 

the lattice correspondence of the twin (90°) with a minor deviation from the ideal orientation (86.3°) 

[56,89,90,264]. On this basis, it is conceivable to state that the prismaticbasal and the pyramidal 

Ibasal plane transformations belong to the new class of deformation mechanism defined as "weak 

twinning" (WT) [304], which encompasses the concept of "deformation graining" (DG) [303], and ap-

pears to be at the basis of the formation of conventional twin modes. As reported in the previous section, 

the pyramidal IIbasal weak may also represent the initiating mechanism for the evolution of the 

{1015} conventional twin. 

From the perspective of the material response, in the work of Liu et al. [303], performed in load-con-

trolled testing mode, a large strain burst identifies the nucleation of new grains. Here, however, their 

occurrence likely correspond to the load drops observed in Figure 5-7a-b, not observed in Figure 5-5a-d. 

Nevertheless, it is important to understand why, during [0001] compressions, WT and the subsequent 

conventional {1013} twins form in submicron-sized rather than micro-sized pillars with aspect ratio of 

2:1, or in micro-sized pillars by lowering the aspect ratio. 

 

 

Figure 5-10: (0001), {1011} and {1013} pole figures illustrating the two different solutions that can 
describe the character of the parent-new grain interfaces formed in [0001] compressed micropillars 
(Figure 5-7c,d). Colours refer to the invers pole figure of Figure 5-7. The pole figures in (a) are taken 
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from the sub-region I shown in Figure 5-7d whilst those in (b) from sub-region II. The circles identify 
the overlapping stereographic projections of the normal of the parent and new grain planes that constitute 
the parent-new grain interface. 

 

5.3.2.1 Smaller pillar cross-section, same aspect ratio 

The formation of new grains in smaller pillars can be explained in terms of size-dependent plasticity 

[125,312]. In contrast to the occurrence of massive shearing produced by single deformation slip cross-

ing the entire structure, generated by the presence of double-pinned Frank Read sources (usually ob-

served in pillars with dimensions greater than few micrometer), single-ended source length dislocations 

form in pillars of smaller volumes as a result of truncation of dislocation source operation by free sur-

faces. The reduction to single-ended source length of dislocations caused by the decrease in pillar di-

mensions could justify the sample size effect on the measured flow stress of microcrystals [312]. In 

particular, below a critical size, the statistical averaged distance between the dislocation pin and the free 

surface becomes too small that requires higher force to operate pre-existing dislocations via Orowan 

bowing mechanism [313], eventually leading to the conversion from propagation to nucleation-limited 

dislocation mechanism. The strain rate-dependent balance between the rate of heterogeneous dislocation 

nucleation from free surfaces and the rate of dislocation escape at free surfaces (before being able to 

multiply), defines the dislocation density within the pillar volume during the deformation. The plastic 

flow thus differs from the continuous strain hardening of bulk crystals, inducing changes in the defor-

mation mechanism behavior. In particular, because dislocations need time to nucleate to accommodate 

the plasticity, the material is initially forced to withstand large part of the deformation by thickening the 

structure along the direction perpendicular to the direction of the load (barrelling). In this regards, in the 

work of Liu et al. [303] it is indeed clear from in situ TEM compressions that all the nanostructures 

undergo a barreling mechanism throughout the deformation rather than exhibiting the visible sliding 

along crystallographic slip planes observed in the micro-sized pillars (5×5 µm2 and 2:1 aspect ratio, 

Figure 5-5 and Figure 5-6). In turn, the high multi-axial stress condition (~1 GPa) that builds up within 

their pillars, induces the (1011)m(0001)n plane transformation, i.e. the new grain formation. Thus, 

similarly to that, the high stress levels achieved by imposing high deformation-rates in ~1.2 µm pillars 

(also ~1 GPa - Figure 5-7b), may kinetically delay the time interval within which the deformation is 

accepted by shearing along crystallographic slip planes, causing the formation of the detected new grains 

(Figure 5-7c). On this basis, it appears that a high stress state represents the necessary requirement to 

obtain the activation condition for WT (Figure 5-11). In support of this, as for the 62° reoriented crystal,  

also the prismaticbasal plane transformation leading to 90° misoriented grains with respect to the 

parent crystal across the a-axis have been reported to occur under high-stress conditions obtained either 

by reducing the size [56] or by increasing strain rate [90,264]. 
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Figure 5-11: Critical resolved shear stress (calculated at the yield point) of micro-compression samples 
oriented to deform by pyramidal slip as a function of strain rate and microcrystal diameter. Data refer 
to pillars with aspect ratio of 2:1, unless specified otherwise. Data point for Liu et al. and Ando et al.  
are taken from [143,303]. The deformation mechanism map is shown by coloured regions. Note: stack-
ing fault energy of pyramidal slip is considered ca. 425 ± 25 mJ m-2 from [314]; b<c+a> = 0.612 nm. 

 

5.3.2.2 Same pillar cross-section, smaller aspect ratio 

A reduction in the aspect ratio of the structure from 2:1 to 3:2 (while keeping same dimensions: 

5×5 µm2) has also been observed to increase the nominal stress level reached in the pillar and to induce 

the formation of new grains (Figure 5-7d). The main effect of reducing the aspect ratio resides in the 

geometrical constraints exerted by the surrounding material that establish a deformation behaviour for 

which the material is forced to barrel. In other words, the initial barreling-induced high multi-axial de-

formation state is caused by the geometrical impossibility for the preferable deformation slip mode to 

cross the structure from one side to the other (Figure 5-12a). Indeed, setting (90-θ) the angle between 

the loading direction and the slip plane with the highest Schmid factor, barreling is favored in structures 

with aspect ratio < tan(θ), limiting the rate of dislocation escape by crossing the structure with conse-

quent development of high internal stresses and dislocation density. In addition to that, by reducing the 

aspect ratio, the diagonal shear bands that form at the corners of the pillar intersect at the core of the 

structure and further produce a high local strain that results in a bimodal strain distribution in the plane 

normal to the loading direction; in such case, the triaxial stress state usually formed below the pillar top 

surface (dead zone) and the uniform strain usually developed in the core are connected by a high strain 

gradient [315], promoting the occurrence of complex deformation mechanisms. 
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Along this line, Sim et al. [107] report molecular dynamic (MD) simulations that reveal the evolution 

of the deformation microstructure in Mg pillars of different aspect ratios oriented with the [2110] di-

rection parallel to the loading direction (Figure 5-12b). In their work, even if not clearly addressed, the 

decrease in aspect ratio to 1:2 (height vs width) leads to the impossibility of prismatic slip to cross the 

structure, causing a higher amount of dislocations to remain confined within the pillar volume with a 

subsequent formation of a new grain 90° misoriented with respect to the parent crystal. Such formation 

of a new grain was not observed in their work in structures with higher aspect ratio. 

 

 

Figure 5-12: Schematic of the geometrical relationships between the traces of the active slip modes and 
the pillar aspect ratio during (a) [0001] and (b) [2110] compressions. The impossibility for the prefer-
able deformation slip mode to cross the structure from one side to the other occurs in structures where 
the aspect ratio becomes is lower than tan(θ). θ is defined as the angle between the sliding plane and the 
horizontal plane. 

 

5.4 Summary and Conclusions 

 

In this chapter, the mechanical response of pure magnesium under c-axis compression and contraction 

has been investigated at the microscale, extending the currently published results to high strain rate 

deformations. In line with what observed elsewhere [116,117,228], the accommodation of the plastic 

deformation occurs predominantly by pyramidal and prismatic slip during c-axis compression and con-

traction, respectively. The strain rate sensitivities associated to these deformation modes were found to 

be similar and in the range of 0.01 to 0.131. The increase in the stress induced by the increase in strain 

rate, however, has not triggered the activation of CTW within the testpieces in both the loading modes. 

Nevertheless, new grains have been detected, whose crystallographic characteristic cannot be attributed 

to any conventional twin mode predicted by the classical shear-based theory of twinning. To raise aware-

ness of the relevance of the experimental observation of a new grain that cannot be related to any pre-

dictable conventional twin mode, it is worth to remind that several other works report "anomalous" 

twinning characteristics [201,302,316] such as habit planes that are not invariant planes. As any theory 

should be judged by its predictions, the increasing number of experimental evidences of unusual miso-

rientation relationship that cannot be related to known twinning systems suggests that the formation of 
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new grains in Mg, and thus also the mechanism governing the incubation period of an embryonic twin,  

cannot be treated through the shear-based theory of twinning (i.e. distortion matrix being a shear matrix) . 

The concept of "weak twinning", WT, introduced by Cayron [304], was therefore adopted in this work, 

in which the parent-new grain interface is not anymore necessarily fully invariant as for usual defor-

mation twinning, but can be slightly distorted to be transformed into a new non-equivalent plane. This 

approach, in turn, revisits also the list of possible lattice transformations. Indeed, the use of the WT 

theory allowed to mathematically determine the parentnew grain transformations and to explain the 

crystallographic characteristics observed experimentally. 

A pyramidal II to basal plane transformation was observed to occur in c-axis contraction and to be 

pertinent to the bi-axial strain field perceived by the material at the nucleation site. The pyramidal I to 

basal transformation was however observed in c-axis compression, in line with a recent published work 

[303]. Nevertheless, the increase in pillar size and in aspect ratio seems to disfavour the fulfilment of 

conditions that are required for the formation of new grains. Combining the present results with those 

reported by Liu et al. [303], it appears that during c-axis compression/contraction a high multi-axia l 

deformation state represents the prerequisite to obtain the proper strain field that triggers the formation 

of new grains: that is, multi-axial rather than uniaxial straining driven process. As the new grain for-

mation appears to be an alternative to cracking, the choice of the pillar size in microsamples may repre-

sent a strategy for controlling the mechanism that adapts the plasticity for a given strain level, enhancing 

the ductility of Mg. However, due to the high stress level required for new grain formation in these 

loading conditions, it can be questioned in which extent this mechanism can be useful in bulk Mg. High 

stress conditions can be achieved at the GBs, vicinity of precipitates, dislocation pile-ups etc…, sug-

gesting that it can be detected in bulk polycrystalline samples. However, it cannot be generalized as a 

main mechanism of deformation as it requires exceptionally high stresses and specific strain fields for a 

precise crystallographic orientation, and the material may likely fail before new grain formation occurs. 

 

5.5 Towards the next chapter 

 

In the present chapter, the absence of {1012} TTW has been observed to drastically reduce the ductility 

of Mg during c-axis compression and especially c-axis contraction. Differently, in c-axis extension ex-

periments, twinning represents the predominant mechanism that accommodates the plastic deformation 

allowing the material to withstand a large amount of strain without cracking even at HSRs [90,104]. 

Nevertheless, results obtained at the microscale cannot be easily scaled up to bulk polycrystalline Mg. 

For twins formed in micropillars, the complex strain field generated in front of a growing twin is released 

at the free surfaces and a higher ductility is observed compared to bulk Mg. Indeed, it is well-known 

that at the macroscale, Mg and its alloys suffer of poor machinability and formability, causing their 

regrettably limited wide spread applicability. The rationale to this is especially attributed to strong 
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twin-twin interactions that develop high local stress concentration regions from which cracks nucleate. 

On this basis, the next work focuses on characterizing the residual stress fields in regions of twin-twin 

interaction, as well as understanding how the proliferation of twins depends on the operability of specific 

deformation slip modes, like basal slip. 
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6. {1012} twinning during in situ [0001] mi-

crotensile loading of pure Mg: Role of basal 

slip and twin-twin interactions in twinning 

growth 

 

From the manuscript published in: 

Materials and Design, (2021) 

DOI: 10.1016/j.matdes.2020.109206 

 

The requirement of a high local stress condition is the main factor for triggering deformation twinning. 

In bulk Mg, this is usually achieved due to local stress concentrators such as GBs, pre-existing TBs, 

crystal defects, crack tips or precipitates [55,317,318]. In single microcrystals, stress concentrations are 

mostly generated by any irregularity in the geometry of the structure that causes an interruption to the 

flow of stress. Leaving aside for the moment the structural non-uniformities that certainly originate 

during the fabrication process even if all the necessary precautions are taken, during the deformation 

stage the occurrence of slip generates a perturbation of the local stress state providing a preferential site 

for twinning nucleation. Thus, basal or any other slip activity does play a role in generating a high local 

stressed nucleation site for twinning [105]. Many investigators do actually believe that twinning is al-

ways accompanied (or preceded) by some microslip, even though this slip may be difficult to detect. 

To contextualize this premise, it must be noted that of significant implication for modelling of hardening 

and fracture is not the embryonic/lamellar nucleation of an individual twin per se, but the mutual acti-

vation of several twins and the concomitant interactions with each other and with mobile defects and 

active slip systems in the lattice [20,172,319–321]. By simulations, it was seen that the propagation of 

<101̅1> TDs combined with the atomic rearrangements accommodating the lattice distortions on 

{101̅2}  planes, lead to the growth of twins perpendicularly to the twin plane 

[22,65,103,207,225,322,323]. However, basal slip-twin boundaries interactions have also been reported 

to be important in the process of twin propagation, but unfortunately, only a few and ex situ experiments 

are present in literature that focus on that [102,324]. As basal slip detains the lowest critical resolved 

shear stress among all the possible deformation modes and is suspected to trigger and feed the twin 

process, the likely occurrence of basal slip-induced twin proliferation may allow the in-depth analysis 

of the slip-twin and twin-twin interactions; the latter representing one of the major cause of fracture due 

to localization of plastic deformation. The localized plastic instability and consequent crack formation 

https://doi.org/10.1016/j.matdes.2020.109206
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in these regions is caused by the limited numbers of ways the material can accommodate complex strain 

fields. Twin-twin junctions frequently suggest the possibility of TTWs crossing process, i.e. twin-twin 

interpenetration, that help in relieving local stress fields, but debates do exist on whether the crossing 

mechanism is feasible or not [172,325,326]. Pei et al. [326] explain that the final result is an "appa-

rent-crossing" domain, whereas Yu et al. [172] reported that this configuration is unfavourable. None-

theless, the possibility that a new twin of the same variant nucleates at the junction has also been con-

sidered [327]. All these ruminations show the need of further investigations and of detailed three 

dimensional characterization of the twin grains. From a resolution prospective, the assessment of the 

three dimensional growth of multiple micro-sized twins and the characterization of their Bright and Dark 

Sides are difficult due to the local complex strain fields that build up, but however necessary to get an 

initial global picture of the mentioned mechanism, as observed for instance in Chapter 3 [207,208]. 

The purpose of this chapter is therefore to investigate {101̅2} twinning formation in pure Mg during 

micro-tensile deformation of tensile bars (T-bars) along two different loading directions, respectively 

parallel and at 5° to the crystal c-axis. These two different orientations have been chosen to be able to 

study the influence of different slip systems on the twin proliferation, propagation and consequent in-

teraction processes. To get a more detailed idea of the triggering twinning nucleation heterogeneity, in 

situ HR-EBSD is used to map local stresses and the geometrically necessary dislocation GND density 

distribution at the surface of the T-bars during the deformation, at different strain levels 

[164,192,328,329]. In situ EBSD acquisition indeed enables the analysis of the sequence of events that 

occur at the gauge section during deformation. Post-mortem 3D HR-EBSD using FIB tomography is 

applied to reveal the shape of twins, as well as stress field and GND distribution. The shear stresses at 

the intersection of a growing twin and a pre-existing TB have been analysed in the reference frame 

associated with the activated twin variant (of the incoming twin) to quantify the local residual stress at 

the vicinity of twin-twin interaction regions. 

 

6.1 Experimental procedure 

 

6.1.1 Materials and Methods 

 

The materials used for this research are SX1 and PX1 (Figure 2-1 and Figure 2-9 in Section 2.1). The 

two different pieces were mounted on SEM stubs for FIB milling and testing as shown in Figure 6-1a. 

For simplicity, sample A refers to the single crystal, while sample B is the polycrystalline specimen. In 

sample A, the c-axis of the crystal lattice inside the T-bars was aligned parallel to the loading direction 

(ϕA = 0°) whereas, in sample B, the grain within which the structures have been created was character-

ized by a misalignment of (ϕB = 5°) (Figure 6-1b). The precise Euler angles (Bunge ZXZ' convention) 

referred to the global coordinate system (X, Y, Z in Figure 6-1c) are (0° 0° 0°) for sample A and 
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(355° 358° 0°) for sample B. On both materials, micro-T-bars with a cross section length of 20 µm and 

cross sectional area of ~5×8 µm2  have been fabricated (see Figure 6-1c) by using FIB milling as ex-

plained in [153]. Junction radius was set to 8 µm to limit stress concentrations at this site below 10%. 

The specimens had a taper angle ~1° along the longitudinal direction and showed almost no curtaining 

artefact. 

 

6.1.2 In situ experimental setup 

 

The tests have been performed in a SEM (Tescan Lyra) using an Alemnis nano-indenter system 

equipped with a nano-gripper [153] (Alemnis AG Switzerland) in displacement control at 5×10-4 s-1 

strain rate. The test ring has been adapted in order to be able to perform in situ HR-EBSD measurements 

at different strain increments, i.e. while the sample is under load, keeping the gripper displacement con-

stant [83,192]. EBSD patterns were collected and recorded for off-line analyses with electron beam 

conditions of 20 kV and 15 nA, using an EDAX DigiView camera with 2×2 binning (442×442 px2). The 

HR-EBSD cross-correlation was performed using the software CrossCourt V.4.3 (BLG Vantage, UK), 

with elastic constants of Mg (in GPa): C11 = 59.7, C33 = 61.7, C44 = 16.4, C12 = 26.2, C13 = 21.7 [330]. 

The details about the HR-EBSD cross correlation technique can be found in [194,195,331]. Load drops 

in the σ-ε curves that coincide with EBSD map acquisitions are related to stress relaxation in the T-bars 

that occurs at the beginning of the displacement hold. This relaxation is due to some creep of the piezo-

electric actuator and the load cell and possibly some minor stress relaxation in the material. Each in situ 

EBSD map was initiated after about 2 minutes, when this relaxation reached its minimal rate. Scanning 

was performed on the front surface of the deformed T-bars (Figure 6-1d) with 150 nm step size. In total,  

6 scans were recorded on the same surface during the in situ extension experiments: at ε = 0 (reference), 

in the elastic regime, then in the plastic regime at the first twin formation and proceeding higher strains 

up to ε = 11%. After unloading and re-polishing the surface with FIB to remove carbon contamination 

due to recurrent scanning, the final map was acquired. Only structures with ϕB = 5° have been tested 

together with in situ HR-EBSD acquisitions since for those with ϕA = 0°, shadowing effect of the sur-

rounding material could not allow in situ mapping. 

 

6.1.3 Three dimensional HR-EBSD 

 

Three dimensional analysis of the shape and distribution of twins has been done for one T-bar loaded 

with 5° off the c-axis by using post-mortem 3D HR-EBSD together with FIB tomography in a static 

setup [197]. In this case, HR-EBSD measurements were acquired with a Symmetry detector and Az-

tec 4.1 software (Oxford Instrument, UK), with 20 kV and 10 nA beam conditions and 100 nm step size, 

using 2 × 2 binning (622 × 512 px2). 2D HR-EBSD maps were captured after every FIB slice of 200 nm 
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from the frontal surface throughout the thickness of the structure (Figure 6-1d). FIB slicing was done at 

30 kV, 500 pA. After the HR-EBSD evaluation, Photoshop CC 2017 was used to manually align the 

slices by changing the visibility of one slice over the other. Amira v5.2 software was used to create the 

3D reconstructions from the 2D maps. TEM analysis were not conducted as the samples have been 

consumed by FIB milling for 3D investigations and EBSD cross-section acquisitions. 

 

 

Figure 6-1: In situ testing setup. (a) Single crystal (sample A) and polycrystalline Mg (sample B). (b) 
Loading direction according to the crystal c-axis for the two cases: ϕA = 0° and ϕB = 5°. (c) SEM image 
illustrating the gripper/T-bar structure before deformation and the global (sample) reference frame (X, 
Y, Z). (d) Schematic view of the in situ configuration inside the SEM chamber for micro-tensile testing 
concurrently with HR-EBSD acquisition. 

 

6.2 Results 

 

6.2.1 Schmid factor calculation 

 

Figure 6-2 shows the (0001) pole figure for both orientations. The chosen reference system for the HCP 

unit cell (a1, a2, c) can be seen in Figure 6-2a. All six variants of the TTW plane are also illustrated. The 

table in Figure 2-9 shows in detail the Schmid factor mSF, τCRSS and σy = τCRSS/mSF values to predict the 

possible and preferred modes of deformation. In the case of ϕA = 0°, no basal slip activity is expected 
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due to mSF = 0. The value of τCRSS for the {101̅2} twin plane activation reported in literature for bulk 

Mg (~12 MPa, Table of Figure 2-9) suggests twin formation will occur in both loading directions, as the 

τCRSS for prismatic and pyramidal 2nd order slip planes are much higher, 39-50 MPa and 80 MPa, respec-

tively [145,157]. Concerning ϕB = 5°, basal slip activity can be expected due to a very low τCRSS of 

~1 MPa and a non-zero mSF value (see Table of Figure 2-9) [140,154]. σy is given for comparison, point-

ing out the same order of magnitude between basal and twin deformation modes for this orientation. The 

σy values for the prismatic and pyramidal planes are expected to be at least 3 and 6 times higher, respec-

tively, for both the ϕA and ϕB orientations. 

 

 

Figure 6-2: Pole figures for the two different tested orientations showing the well-aligned c-axis/load 
direction for sample A (a), and the 5° in the case of sample B (b). The HCP coordinate system (a1, a2, c) 
used in this work, together with all the {101̅2} twin variants, are shown in (b). Solid and dashed equally 
coloured lines refer to conjugate variants. 

 

6.2.2 T-bars aligned at 5° to the c-axis (ϕB = 5°) 

 

Figure 6-3a and 3b show the in situ crystal orientation maps (IPF colour overlay) coupled with the image 

quality (IQ) maps (grey scale overlay) acquired during the tests for two similar T-bars, respectively 

called T-bar 1 (Tb1) and T-bar 2 (Tb2). The GND density distribution related to the third intermediate 

load step after the first twin formation is shown for both samples in Figure 6-3c. Figure 6-3d illustrates 

the misorientation profile inside Tb2. The IPF colour code in all maps indicates the crystal orientation 

in the out-of-plane direction. Numbers (1 to 6) indicate subsequent steps along the engineering σ-ε curve, 

as shown in Figure 6-3e. The dislocations density of the pristine materials before the tests measured by 

HR-EBSD was detected to be in the order of 1013 m-2. This value corresponds to the lower bound deter-

mination limit for GND density by HR-EBSD [195]. It has to be noted that statistically stored disloca-

tions (SSD) cannot be detected with HR-EBSD. Concerning Tb1, the second map was captured at the 

onset of the plastic regime (~120 MPa) revealing that the initial micro-plasticity is accommodated at 

least in part by basal slip as evidenced by the lines of reduced Kikuchi pattern quality parallel to the 

trace of the basal plane on the sample surface. The degradation of Kikuchi pattern quality can be caused 
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by local distortions of lattice planes within the diffracting volume that result from the storage of dislo-

cations within a crystal during plastic deformation; pattern quality has previously been hence directly 

related to an equivalent plastic strain [332]. A slight change of slope on the engineering σ-ε curve trend 

can be seen (Figure 6-3e) due to dislocation activation. For Tb2 (Figure 6-3b) the second map has been 

taken in the very early elastic regime and no relevant differences emerged by comparing these first two 

EBSD maps. By continuing the loading, at ~268 MPa and ~245 MPa stress value (~3.8% and ~4.3% 

strains, respectively), the nucleation of a (01̅12) twin is observed right after the onset of plasticity. This 

event is identified by comparing the maps of steps 2 and 3 (Figure 6-3a and 3b). The formed twins 

appeared at the junction between activated basal planes and the surface of the sample. The rapid for-

mation of twins are marked by load drops of ~142 MPa and ~25 MPa, similar to what was reported in 

[333]. Figure 6-3a shows that the twin already propagated through the entire width of the T-bar with a 

few micrometers thickness, whereas for Tb2, the twin is clearly thinner and less developed. This explains 

the smaller load drop observed in the σ-ε curve. GND density maps are reported in Figure 6-3c under-

lining high local density of dislocations along the basal and twin interfaces. In Figure 6-3b step 3, no 

clear basal slip appears on the EBSD map, however its presence can be seen in the misorientation profile 

map (tolerance angle: 2°; Figure 6-3d), showing that the activated basal slip and twin planes are also 

clearly connected. Additional strain led to a further thickening of the twin formed in Figure 6-3a, linked 

with the irregular σ-ε trend recorded between the subsequent EBSD maps. In Tb2, the additional defor-

mation led to the nucleation, propagation, thickening and coalescence of several twin embryos, as sug-

gested by the band contrast inside the twin in the EBSD map (Figure 6-3b step 4, ~6.4% strain), indi-

cated with a white inclined dashed line. At ~9% of strain, the maps show a secondary twins appearance 

in both samples. Further elongations were performed until ~11% of strain where the 5th map was taken 

just for Tb1. Due to surface contamination, the pattern quality was not sufficient to perform more in situ 

acquisitions. The tests have been carried out intentionally up to the same strain for both samples for 

comparison. The 6th maps, captured in unloading conditions after a few tens of nanometers of FIB pol-

ishing, highlight the presence of several twins. Concerning Tb2, additional twins have been detected in 

the 6th map which were not observed in the 5th map. This has to do with the additional loading that was 

performed before ending the test, where a few load drops occurred (Figure 6-3e blue curve). Table 6-1 

summarizes the different stages of deformation associated with the in situ EBSD acquisitions performed 

on Tb1 and Tb2. 

 

6.2.2.1 Activated twin variants 

Figure 6-4 shows the pole figures for selected planes related to the grains in Tb2, while misorientation 

angles and rotation axes between different grains are listed in Table 6-2. The same results are found for 

Tb1 (not reported). The {101̅2} pole figure shows that the green, red and yellow IPF colour twins are 

different variants of the same twin type. All of them have ~86.3° misorientation with respect to the 

parent grain and a rotation axis that coincides with the a-axis of the HCP structure, typical for TTW. 
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This is confirmed by the overlapping spots (circled) between the matrix (IPF colour blue) and the dif-

ferent twins in the pole figures. In total, four variants have been detected: (1̅012), (11̅02), (01̅12) and 

its conjugate (011̅2). By analysing the sequence of events through in situ HR-EBSD maps, it was ob-

served that the (01̅12) green twin has been the first twin formed from the so-called "A" (parent) grain 

whereas the yellow (1̅012) and red (11̅02) ones have been detected at a later stage of deformation. 

Colours and the coordinate system refer respectively to the chosen IPF and Figure 6-2a. Table 6-2 shows 

also that the rotation axis between all the different twin variants is always along the <101̅0> direction. 

 

In situ EBSD acquisition Tbar 1 Tbar 2 

Map 1 ε = 0% ε = 0% 

Map 2 ε = 2.3% ε = 0.7% 

Map 3 ε = 4.7% ε = 4.7% 

Map 4 ε = 9.1% ε = 6.4%  

Map 5 ε = 11.2% ε = 8.8% 

Map 6 Unloaded Unloaded 
 

Table 6-1: Stages of deformation during in situ EBSD acquisitions. 

Figure 6-3: In situ EBSD coupled with IQ maps acquired for ~5 μm wide Mg T-bars loaded 5° off from 
the c-axis (sample B) at a strain rate of 5×10-4 s-1. (a) Initial, intermediate and final states for the 1st T‑bar 
(Tb1) and (b) 2nd T‑bar (Tb2) showing (i) twin nucleation at the junction with the activated basal slip 
(white arrows and dashed lines) and the free surface, (ii) progressive twin growth and (iii) multiple twin 
formation at higher strain values. The IPF colour code refers to the out-of-plane crystal direction. (c) 
GND maps -colour coded in logarithmic scale- after first twin events revealing high dislocation density 
along the (01̅12) twin and basal planes. (d) Tb2 misorientation gradient map of deformation step 3 
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highlighting basal plane activity where the twin nucleates. (e) σ-ε curve for both T-bars. Note that the 
stress and strain are nominal. The bold black load drops correspond to the location of the successive 
HR-EBSD maps. 

 

 

Table 6-2: Misorientations and rotation axis for the different grains inside Tb2. Letters (A-G) refer to 

Figure 6-4. 

 

 

Figure 6-4: Stereographic projections of {101̅2}, {21̅1̅0} and {0001} crystallographic planes for Tb2. 
Circled overlapping spots between green, yellow, red grains and blue (parent) along with the expected 
rotation axis confirm the TTW formation of four different variants. 1st twin variant (01̅12) -grain B- 
characterized by a twin plane that involves atoms a-b-k-l; 2nd variant (011̅2) -grain F- (conjugate of the 
1st) atoms d-e-h-i; 3rd (1̅012) -grain C- atoms a-f-k-j; 4th (11̅02) -grain D- atoms b-c-m-l. 
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Figure 6-5: Three dimensional reconstruction of the T-bar from successive EBSD mapping and FIB 
milling. (a) EBSD map of Tb2 on the front surface; (b)-(f) 3D geometry of (I) parent and twins; (II) 
parent grain only; (III) twins only. 

 

6.2.2.2 Post-mortem analyses 

To assess the shape and spatial distribution of the twins, the 3D reconstruction of Tb2 has been per-

formed (Figure 6-5) in unloaded conditions. Figure 6-5 shows the snapshots of the structure from dif-

ferent viewpoints around its longitudinal axis. The overall T-bar is illustrated in Figure 6-5-I, whereas 

Figure 6-5-II and Figure 6-5-III show respectively the residual parent grains decoupled from the twinned 

ones and vice versa. The volumes of the twins and parent grains are reported in Table 6-3. Moreover, 
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Figure 6-6 shows the longitudinal EBSD cross sections made for both Tb1 and Tb2, where IPF and 

relative GND maps taken at 2.4 µm and 2.6 µm from the front surface are shown. GND concentration 

can be found only inside the (01̅12) twin related to Tb2 (Figure 6-6b), in agreement with the mechanism 

explained in Section 6.3.1. Additionally, Figure 6-6 shows that not all the twins propagated through the 

complete thickness of the structures, discussed later in Section 6.3.2. Dislocation accumulation ahead 

of the lenticular-shaped twin tip is further visible in Figure 6-6b (blue arrow). In particular, to investigate 

the dislocation density in this region, Figure 6-7a shows 15 of the 25 GND maps processed for Tb2, 

overlapped with the crystal orientation map in order to maintain the respective colour of each grain. 

Figure 6-6b, shows that pronounced GND density concentration occurred ahead of the lenticular-shaped 

twin tip along the (011̅2) twin plane, which is discussed later in Section 6.3.4. Figure 6-7b shows the 

misorientation profile inside the E grain. The stress field generated by the dislocation activity in this 

grain, referring to slice 13th, is reported in Figure 6-7c and 7e, in the X-Y-Z global (sample) and X'-Y'-Z' 

local (associated with the (011̅2) twin variant) reference frame (Figure 6-7d), respectively. As twinning 

enables significant deformation of the lattice through crystal shear, the local shear stress is plotted (Fig-

ure 6-7g), and discussed later in Section 6.3.5. 

 

 

Figure 6-6: Longitudinal cross-sectional EBSD maps of the deformed T-bars prepared by FIB and as-
sociated GND density distributions: (a) Tb1 maps at 2.4 μm from the front surface; (b) Tb2 at 2.6 μm. 
High GND density (black arrow) appears inside the developed (01̅12) twin in Tb2 related to the basal 
slip that occurred in the matrix, associated with the second twin embryo formation process. Dislocation 
accumulation can also be seen ahead of the lenticular twin tip (blue arrow). 
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Table 6-3: Volumes of the twinned and parent phases in Tb2. Letters (A-J) refer to Figure 6-5-(I-b). 

 

6.2.3 T-bars aligned to the c-axis (ϕB = 0°) 

 

Two other similar T-bar structures, named T-bar 3 (Tb3) and T-bar 4 (Tb4) (Figure 6-8), were loaded 

perfectly along the c-axis, to a similar total strain as for the other orientation. The EBSD maps captured 

before and after the test show the formation of only very small twins in both T-bars (Figure 6-8a-c). 

Twin nucleation events are marked in the engineering σ-ε curve by arrows. The stress values at which 

the twins formed (between 248 and 255 MPa) are comparable with those reported in Figure 6-3e for the 

other orientation. Concerning Tb3, two other twins are visible outside the strain gauge, near the contact 

with the gripper (Figure 6-8a), and are related to the additional load drops reported in Figure 6-8b. Con-

trary to what was observed for ϕB, both structures show the nucleation of only one TTW variant, which 

did not propagate through the entire gauge section length. Since all tested structures have the same 

dimensions, these discrepancies can only be related to an orientation effect, as discussed later in Sec-

tion 6.3.1. Strain hardening occurs after the first twin event. The additional load drops and irregularit ies 

on the σ-ε curve (Figure 6-8b), not related to twin nucleation events, are likely due to slip activity nec-

essary to accommodate the plastic deformation. The oblique dark lines in the T-bar gauge section sug-

gest the activation of pyramidal slip during the deformation (Figure 6-8c). 
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Figure 6-7: GND maps, misorientations and shear stresses for the dislocation-TB interaction inside the 
deformed Tb2. (a) 15 2D GND snapshots related to the red marked area for each 200 nm slice performed 
by FIB for three dimensional reconstruction. (b) Misorientation profile map with tolerance angle of 2° 
of slice 13th (2.4 μm from the front surface). The white arrow indicates a marked misorientation inside 
the pre-existing twin. (c) Shear stress maps in GPa from HR-EBSD in the global reference frame, show-
ing sign inversion across the twin plane (black arrows) along all the dislocation accumulation lines from 
the twin tip to the pre-existing TB. Local higher stress concentration associated with activated slip sys-
tems (red arrows) is found vertically from the TB into the E grain. The invariant plane of the active twin 
variant is indicated in green in (d) together with the sample (X, Y, Z) and the local (X', Y', Z') reference 
frames; X' along the twin shear direction and Z' normal to the (011̅2) twin plane. (e) σ'13 and σ'12 stress 
maps in the local reference frame. The reference point for HR-EBSD is marked by the blue arrow in (c). 
(f) Schematic representation of the dislocation-TB interaction: red dashed line marking the direction of 
the accumulation of the dislocations ahead the incoming twin; blue and black dashed lines associated 
with the secondary activated slip systems respectively inside the E and C grains. (g) Residual σ'13 stress 
profile across the twin plane ahead of the lenticular twin showing a local increase of ~205 MPa, resulting 
from averaging over 1 µm length (e). 
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Figure 6-8: EBSD maps of the deformed T-bars along the crystal c-axis (overlay of IPF and IQ maps). 
(a) Initial and final states showing formation of twins of the same variant in both structures (Tb3 in 
green; Tb4 in red). (b) Engineering σ-ε curve. Arrows indicate load drops associated with twin for-
mation. (c) IQ map for Tb4 revealing darker features (black arrow) associated with pyramidal slip. 

 

6.3 Discussion 

 

6.3.1 Orientation effect on {101̅2} twin initiation and propagation mechanisms 

 

Both T-bars loaded at 5° to the c-axis have shown similar twin nucleation locations corresponding to 

the intersection with the activated basal slip and the free standing surface, suggesting that the basal slip 

acted as a trigger mechanism for twin formation (Figure 6-3c). The dislocation accumulation illustrated 

in the GND maps in Figure 6-3c must be related to the multiple activated basal slip dislocations that can 

either glide out of the free surface creating a surface step or interact and pin leaving a good amount of 

dislocations inside the structure. Mendelson [58] and later Capolungo and Beyerlein [59] showed that 

<a> basal dislocation pile-ups can provide sufficient energetic contribution for the twin nucleation. Also, 

basal dislocation activity has been recently observed triggering the formation of embryonic twins at the 

location where slip previously initiated [105]. After nucleation, the twin lamella expands quickly to-

wards the whole structure leaving dislocations along the twin boundaries, as shown in the GND density 

maps (Figure 6-3c). The interpretation of the twin nucleation and propagation mechanism from the suc-

cessive EBSD maps is illustrated in Figure 6-9 for the two T-bars, according to [22,59]. In Tb1, one 

single twin has formed through the gauge section (Figure 6-3a and Figure 6-9a-c), whereas the growth 
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of two same-twin-variant embryos characterizes the IPF green domain observed in Tb2 (Figure 6-3b 

and Figure 6-9d-f). The formation of the second (01̅12) twin embryo can be linked to the second load 

drop at ~5.6% strain, which is of similar magnitude to that of the (01̅12) twin formed at 4.3% strain. 

These embryos expand into the upper crystal and eventually coalesce forming the larger detected (01̅12) 

twin. To assess the strain energy density per T-bar unit volume (U) up to the first twin event, a third 

order polynomial function was used to fit the σ-ε curves discarding the load drops associated with the 

EBSD acquisitions. By calculating the integral of this function, it was found U1 = 5.11×106 J/m3 and 

U2 = 5.16×106 J/m3 for Tb1 and Tb2, respectively. 

In Tb2, the second twin embryo nucleation mechanism appears to be similar to the first twin, triggered 

at the intersection of the basal slip (Figure 6-9e). This can be seen in the 4th and 5th maps (Figure 6-3b), 

where the detected IPF green twins show internal features (white vertical dashed arrow Figure 6-3b) 

parallel to the basal plane, in the original matrix, that becomes prismatic in the twin domain. According 

to [324], when an existing twin interacts with an incoming basal slip plane, a basal edge dislocation can 

fully transform into prismatic through the gliding from the basal plane in the matrix onto the prismatic 

plane in the twin domain. For the screw component the transformation is accomplished via multiple 

cross-slip events leading to a prismatic <a> dislocations in the twin. However, a different scenario has 

to be depicted here where a mobile TB moves by the glide of a TDs on twinning plane towards the 

stationary basal slip dislocations [223]. As reported in [223], when the TB meets the dislocation in the 

matrix, the <a> dislocation transmutes into a different dislocation type that lies in a plane approximately 

parallel to the prismatic plane in the twin. According to Wang et al. [223]: "during further advancement 

of the TB, the transmuted dislocation may either move along with the TB or detach, leaving a fault in its 

wake". The GND map from the longitudinal EBSD cross sections in Figure 6-6 shows a high horizontal 

GND densification inside the twin related to Tb2 (black arrow in Figure 6-6b) whereas no visible fea-

tures appear inside the twinned region in Tb1 (Figure 6-6a). This suggests that the activated basal dis-

locations that initiated the second twin embryo nucleation in Tb2 result in a fault within the twin domain 

after the twin-slip interaction, as illustrated in Figure 6-9. 

The growth discrepancy between the twins in the two T-bars causes the different trends observed in the 

σ-ε curves (Figure 6-3e): Tb1 shows the usual hardening reported for twin formation, whereas Tb2 un-

dergoes a softening behaviour. Twin-slip interaction in Mg and alloys has been widely studied 

[7,65,320,324,334–336], especially in terms of how this interaction leads to hardening behaviour [337–

340]. Twin-slip interplay was found to be affected by the TB spacing and dislocation density mainly 

because TBs can act as a barrier to dislocation glide in the parent grain contributing therefore to hard-

ening [341]. Additionally, since the TBs undergo a large amount of plastic deformation, multiple dislo-

cations can become pinned or tangled leading to a restrained dislocation motion, thus hardening [342]. 

This process has likely governed the mechanism inside Tb1. However, it is also known from literature 

that applied forces cause relative motion across the boundary between two grains, leading to boundary 

sliding [343,344] and decreasing stress concentration during tensile loading, as experimentally observed 



 

 

163  

in [345]. In Tb2, due to the higher presence of TBs, associated with the formation of multiple twin 

embryos, TB sliding might have played a role, although not explicitly observed here. Konopka et al.  

[346] investigated via in situ TEM the process of the generation of dislocations from TBs in copper and 

austenitic steel subjected to tension, where they concluded that an increase of the frequency of TBs 

results in a reduction of the flow stresses. Moreover, the nucleation and growth of multiple twin embryos 

is accompanied by several load drops, as experimentally seen, that contributes to an overall softening. 

Thermodynamically speaking, in constant applied load condition, a developed twin does not move as 

the system is at the minimum energy position. The energy that needs to be given at the system to induce 

the lengthwise growth of the twin has to overcome the energy associated with the formation/expansion 

of a new interface required for twin propagation. Once reached a critical point, the overall energy of the 

system is reduced by energy dissipation associated with twin transformation process, leading to the drop 

of the stresses and twin motion until reaching a new stable condition. Therefore, the significant softening 

observed in the σ-ε response in Tb2 can be attributed to the high presence of twins that lead to profuse 

dislocation–TB reactions, twin coalescence and TB migration related stress variation. To verify this, 

further experiments involving in situ TEM investigations and MD simulations detecting the particular 

dislocation mechanisms are required. As the dislocation-nucleation-controlled softening mechanism de-

pends on grain sizes, size effect needs also to be addressed. Nevertheless, the opposite σ-ε trends in 

Figure 6-3e give a clear proof that, despite the same test conditions for Tb1 and Tb2, twinning growth 

mechanisms at the microscale are highly stochastic and the multiple TB presence influences the stress 

response. 

 

 

Figure 6-9: Schematic representation of the formation and growth of  (01̅12) twins for Tb1 (a-c) and 
Tb2 (d-f). (a, d) activated <a> basal dislocations. (b, e) <a> dislocation dissociation into twinning dis-
location TDs (black upside-down Ts) and stair rod dislocations (yellow) according to [22,59], resulting 
in twin nucleation (green region) and subsequent growth (c, f). The red Ts represent the dislocations at 
the free surfaces mainly due to FIB milling. In the case of multiple same-variant twin formation as in 
Tb2 (f), embryos coalescence occurred leading to a larger embryo. Row of crystal defects consistent 
with basal dislocations transmutation related to the stationary slip-incoming TB interaction [223] is il-
lustrated in (e-f). 
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6.3.1.1 T-bars aligned to the c-axis 

When loading along the c-axis (sample A - ϕA = 0°) basal and prismatic slip are inhibited. Pyramidal 

first order <c+a> slip can be however activated, as it was demonstrated in terms of activation energy 

[90,347]. This is most likely what occurs in the deformed structures reported here, shown by the dark 

lines in the IQ map in Figure 6-8c (black arrow) which are not associated with twinning. Moreover, MD 

simulation investigations on {101̅2} twins nucleating at the core of <c> and <c+a> dislocations showed 

that stable twin formation, via <c+a> dislocation-assisted mechanisms, occurs at finite applied strain 

[69,123,348,349]. The trace of the pyramidal slip intersecting the twin plane, shown in the EBSD map 

in Figure 6-8c, suggests that such a scenario is possible for the {101̅2} twin nucleation mechanism. 

Owing to the limited resolution of EBSD, Figure 6-8c cannot proof rigorously that <c+a> slip preceded 

the twin nucleation but provides an experimental basis for subsequent TEM works necessary to identify 

the dislocation type. However, important points can be raised from the observed twin propagation ac-

tivity, as discussed in the following section. 

 

6.3.2 Role of basal slip in {101̅2} twin propagation 

 

The presented experiments show an extensive propagation of different twin variants in the case of a 

loading at 5° to the c-axis, where basal slip activities occur, and almost no twin propagation when basal 

slip is inhibited (ϕA = 0°). Basal dislocations therefore also promote twin propagation process. The dis-

location-TB interaction in Mg has been analysed extensively by MD simulations, particularly when 

basal dislocations meet a TB [317,350–352]. It has been shown that the dissociation of basal dislocations 

can generate multiple TDs at the {101̅2} TB [102]. In fact, basal dislocation-TB interaction causes the 

absorption of the parent dislocation at the twin interface, leading to an interfacial step that acts as a 

source of TDs [61,245,353]. Fuelled by the stress field of basal dislocations in the matrix, the TDs glide 

on the TB, producing TB migration [352]. This mechanism could therefore explain the promotion of 

twin propagation when the basal plane is activated. This also confirms the observations of Wang et al.  

[354], who have shown that during in situ tensile tests, <c+a> pyramidal slip is favourable to nucleation 

but unfavourable to twin growth. Consequently, when twin migration is not eased by the presence of 

basal slip in the matrix, the nucleation of more twins or the activation of pyramidal slip systems are 

expected to be the mechanisms accommodating plastic deformation rather than twin growth. In other 

words, the initiation of other deformation systems would effectively accommodate the deformation re-

quirement. Therefore, the reduction of the twin thickening rate and propagation speed is primarily 

achieved by hindering TB motion and in these experiments basal slip absence was revealed clearly to 

be partly responsible for this suppression. 
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6.3.2.1 τCRSS at microscale 

In this work, the complexities related to the presence of initial GBs and incongruences between macro-

scopic and local stress are avoided until the first twin formation. The critical stresses associated with the 

onset of plastic deformation and {101̅2} twin nucleation can be thus determined from the σ-ε curves of 

all T-bars. Given the Schmid factor m from Table of Figure 2-9 for the first activated twin variants and 

the nucleation stresses from Figure 6-3e and Figure 6-8b, the range of the calculated τCRSS for {101̅2} 

TTW at the microscale is (118-124) MPa. These values are roughly ten times higher than those reported 

for bulk samples (Table of Figure 2-9), which can be explained by size effect [106,125]. 

 

6.3.3 Twin-twin junctions 

 

As observed in Figure 6-3, twin-twin junctions occurred inside the T-bars. By assessing the twin shape 

and distribution, the 3D reconstruction of Tb2 in Figure 6-5 reveals that no twin-twin crossing mecha-

nism occurred. This result is in agreement with Yu et al. [172] considering that, in the HCP unit cell,  

twin crossing mechanism is unlikely because twinning is unidirectional having one set of TDs per twin-

ning plane. Therefore, when loading favours the growth of two {101̅2} twin variants, one twin cannot 

transmit into the other across a TB, as confirmed here. Consequently, twin-twin boundary (TTB) inter-

section forms causing the generation of TTB dislocations that possibly lead to third twin variant nucle-

ation. The intermediate EBSD maps taken for both T-bars tested at 5° to the c-axis show the systematic 

formation of the green, yellow and red IPF twins. The location of the latter is always detected at the 

intersection between the yellow (incoming) and green (pre-existing) twins. It appears from the 3D re-

construction that the red twin is constrained at the surface between these two twins in a highly strained 

region without the possibility of growing by crossing mechanism. This confirms what Kumar et al. sug-

gested in [327]: an approaching {101̅2} twin that forms a twin-twin junction, would not likely transmit 

through an existing {101̅2} twin, but instead create a new twin of the same type. In this case, in both 

structures, the mechanism observed is: (01̅12) − (1̅012) → (11̅02) . At the twin-twin junction, the 

TTB plane is defined as a common interface that separates two twins and its geometry can be curved to 

minimize interface energy [355–357], explaining the dissimilar interfaces between the red and yellow 

(and green) IPF-coloured twins. Nevertheless, the misorientation and rotation axis relationship between 

the crystals remains unchanged. Except for the red IPF twin, it was observed from the 3D reconstruction 

that the twin-matrix interfaces globally follow the invariant-twin plane geometries (see also Figure 6-4). 

 

6.3.4 Dislocation-TB interaction and 3D GND density map 

 

As discussed earlier, the twin-twin junctions play an important role since the local shear strains induced 

by the incoming twin on the pre-existing one can be accommodated by other twin variant activation, 
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possibly induced by transformation of pre-existing dislocations. However, before the twins interact 

through their volume, the interaction between the dislocations ahead of a growing twin and a pre-exist-

ing TB can lead to the activation of dislocation slip within or on the exit side of the pre-existing twin 

[68,358]. Figure 6-5 shows that the lenticular-shaped green IPF coloured twin (grain H) has propagated 

faster through the complete thickness of the T-bar compared to the longitudinal or transverse directions. 

It has been measured experimentally and supported by simulations that the growth of a finite twin do-

main that extends across a grain connecting opposite GBs is limited by the surrounding constraints [359–

362] (see also Section 6.3.5). The presented experiment illustrates indeed that the lenticular twin has not 

propagated until the boundary of the yellow IPF twin. The propagation ahead of the twin tip has been 

slowed down compared to the one along the structure's thickness. The explanation can be found by 

analysing the 3D-GND map reconstruction. As illustrated in Figure 6-7a, high GND density concen-

trates ahead of the lenticular twin tip and extends parallel to the habit twin plane towards the yellow TB. 

These dislocations are necessarily present to accommodate the crystal misfit induced by the highly 

strained region that arise from the local TD distribution located at the end of the lenticular twin tip. To 

characterize and identify the type of dislocation ahead of the twin tip, post-mortem HR-EBSD analysis 

is reported (Figure 6-10). Via CrossCourt V.4.3 software, it is observed that through the 6 rotation gra-

dients used to recover 33 dislocation types for Mg, only the <a> edge type appeared significantly marked 

(Figure 6-10a) as it fulfils the geometry of lattice rotation (spatial gradient of the rotation fields) associ-

ated with the high strain built at the end of twin H. Note that the direction of the Burgers vector refers 

to the HCP reference system adapted by the software (reported in Figure 6-10b). Thus negative values 

imply that the <a> edge dislocation (black arrows Figure 6-10a) points to the left. The nature of these 

dislocations can also be investigated by analysing the Nye tensor components αi3 (Figure 6-10c-d) meas-

urable through the HR-EBSD technique (see Appendix C). The αi3 component calculation was done by 

a C++ program developed in-house [197]. Note that by the analysis of the Nye components the nature 

of each single dislocation cannot be assessed but rather the local results of their interactions. In Fig-

ure 6-10d, only the α13 map shows remarkable GNDs concentration (high red values indicated by the 

black arrow), i.e. associated with dislocations having Burgers vector projection along the x-axis (see 

Figure 6-10c), referred to the (X, Y, Z) sample reference frame. The combination of αi3 components at 

the head of the twin tip indeed characterizes mainly <a> edge dislocations, confirming to what is re-

ported in Figure 6-10a. Since basal dislocations form at the twin tip during its propagation phase to 

accommodate the lattice deformation, when the Schmid factor is not null, the activation of micro-basal 

slip and their subsequent dissociation [102] may generate multiple TDs at the {101̅2} TB that fuel the 

growth process. On the other hand, in presence of the TB of twin C, the large atomic mismatch and the 

resulting lack of common slip planes between the different grains (H, C, E) lead to the detected disloca-

tion pile-up (Figure 6-7a) that limits the twin propagation by exertion of a back-stress on the approach-

ing twin tip. The growth along the perpendicular direction is, however, not constrained by the presence 

of GBs, which explains why the lenticular twin appears highly developed along the T-bar thickness (see 
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Figure 6-5-III). This indicates that the twinning growth mechanism shifts from an elongation-dominated 

process to a thickening-dominated process when crystal boundaries are present, as also suggested in  

[362]. 

 

 

Figure 6-10: (a) The three dislocation types with the same Burgers vector, measured via HR-EBSD 
post-processing, showing the greatest contribution in the location ahead of the twin tip. (b) HCP ref-
erence system adapted by the software. (c-d) Nye tensor analysis. (c) αi3 values legend related to the 
(X, Y, Z) global reference frame. An edge dislocation with Burgers vector pointing towards left (along 
x) appears red in the α13 map (d). (d) αi3 and αsq values plotted for the 13th slice (2.4 µm from the front 
surface) of the deformed Tb2. For a better understanding of the meaning of αsq, see Appendix C. Black 
arrow points out the elevated value of α13 ahead of the lenticular-shaped twin tip associated with dis-
location accumulation. No significant contribution seems to be given by α23 and α33 components. 
 

So, one question remains open: how does the material respond to the stress concentration accumulated 

at the yellow TB in the location of the considered interaction? The discussed dislocation pile-up at the 

boundary and the possible interaction with the TDs located at the TB of grain C seem to lead to the 

activation of secondary slip systems in the parent grain, likely related to prismatic slip, as shown from 

the vertical GND line inside the E grain in Figure 6-7a, slice 13th at 2.4 µm depth from the front surface. 

Thus, the high stress stored in the intersection has been subsequently adapted by the activation of sec-

ondary sets of dislocations. The dislocation piling-up seems to have therefore the important role of 

providing the energetic contribution needed to activate non-basal slip systems despite the relatively high 

τCRSS. In this highly strained area, the crystal in E has experienced a distortion from the initial orientation 

as seen in Figure 6-7b, where strong misorientation gradients are visible along both the (011̅2) twin 

plane and the vertical axes where the GNDs are located. Moreover, the influence of the dislocations 

from the incoming (011̅2) twin on the pre-existing (1̅012) is manifested through the change in the 

misorientation profile (Figure 6-7b, white arrow) inside the latter, along the shear direction of the len-

ticular twin. As illustrated in Figure 6-7a (slice 14th at 2.6 µm, black arrow), the pile-up of incoming 
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<a> dislocations impinging on a TB results also in the activation of dislocation slip inside the existing 

twin that has to be assessed as a shear accommodation process that partly relieves stress concentration. 

Despite dislocation- and TTB intersections are known to be areas of high residual stresses which can 

lead to crack nucleation [12,363], the tested structures have been deformed up to ~11% without cracking. 

This can be therefore due to the ability of the material to accommodate the local stresses (i) by the 

activation of secondary slip systems in the matrix and twin domains mainly within the vicinity of dislo-

cation-TB regions and (ii) by the nucleation of other twin variants (as in grains B and C, Figure 6-4 and 

Figure 6-5), when further strain is imposed leading to twin-twin volume interaction (Section 6.3.3). 

 

6.3.5 Shear stresses 

 

The local stresses are reported in Figure 6-7c and 7e and have been measured by HR-EBSD. All the 

plotted shear stress magnitudes in Figure 6-7 are referred to a reference point chosen in grain E, which 

is not stress free (Figure 6-7c, blue arrow), thus the stress component values are only relative. Note that 

the choice of the reference point does not affect the GND density, as the GND density is only related 

with local lattice curvatures [197]. The stress components σ13 and σ12 in Figure 6-7c, mainly concen-

trated at the (011̅2) twin tip, are found to change from positive to negative across the twin plane (see 

black arrows, Figure 6-7c). To better interpret this polarity change, it is necessary to transform the 

stresses measured in the global (sample) coordinate system of Figure 6-7c into a local one X'-Y'-Z' re-

lated to the active (011̅2) twin variant (Figure 6-7d). This allows the investigation of the stress compo-

nents lying on the twin plane, associated hence with the twinning process. The local reference frame is 

defined in such a way that X' is along the twin shear direction and Z' is perpendicular to the twin invariant 

plane [83]. The stress fields of Figure 6-7e in the local reference frame will be therefore 𝜎𝑖𝑗
′ = 𝑹𝜎𝑖𝑗𝑹

𝑇, 

where R is the rotation matrix containing the unit vector components, expressed in the global reference 

frame, that are parallel to the twin shear direction, to the invariant plane normal, and their cross product, 

respectively. The plot of σ'13 (Figure 6-7e), that is, the shear stress on the twin plane and along the twin 

shear direction, shows two significant contributions induced by (i) the dislocations motion along X' (red 

dashed line in Figure 6-7f) and (ii) the secondary slip system activated at the yellow IPF-coloured TB 

(blue dashed line Figure 6-7f). The former, (i), is concentrated ahead of the twin tip towards the shear 

direction and its magnitude is higher than near the twin-parent interface. The stress field associated with 

σ'12 is instead mainly marked at the TB of twin C rather than in front of the twin H. As shown in Fig-

ure 6-7e, the shear stress component σ'12 has no visible changes in polarity across the twinning plane 

and hence does not contribute significantly to the twinning deformation process. In contrast, σ13 and σ12 

in the global reference frame showed sign changes since they are partially constituted by the vector 

decomposition of σ'13. The pile-up of the dislocations ahead of the lenticular shaped-twin induces a local 

increase of the σ'13 of ~205 MPa across the (011̅2) plane (Figure 6-7e); this is seen, Figure 6-7g, in the 
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average stress profile measured over a micron of length from the twin tip. As observed, the local stress 

variations ahead of the twin tip do not disappear upon unloading, as reported also by crystal plasticity 

finite element (CPFE) simulations [362]. However, despite the positive shear value at the end of the 

twin tip provides a favourable condition for twin propagation, the lenticular twin did not reach the TB. 

In general, the growth and propagation of the twin within the parent grain is possible under applied load 

if the positive shear stress resolved on the twin plane and along twin direction is sufficiently high to 

overcome the opposite stress (back-stress) induced by the parent domain surrounding the twin [99]. 

However, in presence of TB along the twin growth path, an additional back-stress contribution induced 

by the internal constraints imposed by the neighbouring grains has to be accounted. Consequently, the 

increase in the flow stress with strain, necessary to promote further lengthwise twin propagation, is 

related to the increasing back-stress attributed to the dislocation-TB interference (pile-up), forcing the 

activation of other slip systems to accommodate the deformation requirements (Section 6.3.4). The re-

gion of residual shear stress in Figure 6-7e (highlighted by solid blue lines in Figure 6-7f) is indeed 

associated with the remnant incompatibility of the prior activated secondary slip system (ii), which op-

erated in response to the local constraints induced by the TB to the approaching twin. Over the GB, the 

stress field changes visibly as the different crystal orientation in the neighbouring grain has a significant 

effect. 

 

6.4 Conclusion 

 

In the present work, an SEM in situ uniaxial micro-tensile testing setup was designed to perform 

HR-EBSD during deformation at the microscale. This setup was used to study the TTW mechanism in 

pure Mg for two different crystallographic orientations, respectively along and at 5° to the c-axis. The 

following conclusions can be drawn from these experiments: 

- {101̅2} TTW was found to occur at the microscale during tensile tests in Mg loaded along and at 

5° to the c-axis, respectively. However, the nucleation and propagation mechanisms of the twins  

strongly differ between the two loading directions: 

(1) For structures loaded at 5° to the c-axis, {101̅2} twinning is triggered by the activation of basal 

slip. The latter appears to also strongly favour twin propagation/thickening processes, and to 

promote the formation of several twin variants in the strain gauge. 

(2) On the contrary, the structures loaded perfectly parallel to the crystal c-axis show only single 

{101̅2} twin nucleation with limited propagation. In this case, basal slip cannot be activated 

and {101̅2} twinning is accompanied with the activation of pyramidal slip. 

- The τCRSS for {101̅2} twin plane at the microscale is found to be ~120 MPa, i.e. ten times higher 

than the one reported for bulk material due to size effect. This value is also higher compared to that 

reported during micropillar compression. This is likely due to the complex tri-axial strain field that 
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generates in the first few-tens of nanometres below the tip-pillar contact surface, favouring the 

activation of dislocations at smaller strain levels. In tension, however, a uniaxial stress field is 

established in the gauge section thanks to the geometry of the test, allowing a more reliable extrac-

tion of the critical stress measured from the load-cell. 

- Twinning growth mechanisms at the microscale are highly stochastic leading to either strain hard-

ening or softening. 

- The twin growth mechanism shifts from an elongation-dominated process to a thickening-domi-

nated process when boundaries are present along the twin growing path. This is mainly caused by 

the pile-up at the TB of the dislocations generated ahead of the twin tip. The boundary pile-up of 

dislocations along the twin shear direction induces a local increase of the shear stress (σ'13) on the 

twin plane that limits further lengthwise twin growth. 

- The nature of the dislocations located ahead of the lenticular twin tip, accommodating the local 

crystal misfit in this highly strained region, was characterized by HR-EBSD to be mainly of <a> 

edge type. 

- At the microscale, Mg accommodates plastic deformation through twin and slip activity up to 

~11% of tensile strain without breaking, showing higher ductility than usually reported for bulk 

materials. 

- When two twins interact through their volume (as for grains B and C), no twin-twin crossing mech-

anism has been observed between the different {101̅2 } twin variants at the location of the 

twin-twin junction, but rather a third twin variant nucleation (grain D). 
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7. Final discussion 

 

7.1 Twinning nucleation and growth mechanisms: latest findings 

 

The breakdown of invariant plane condition and the establishment of a 90° parent-twin interface reported 

in 2013 by Liu et al. [56] discussed in Chapter 1 caused a sensation in the twinning community and did 

not have experimental counter-proves in the following years (2014-2020). However, thanks to the tech-

nological advances in recent years, the ongoing research for further explanations of twin nucleation 

mechanism in HCP metals has led to a new level of understanding of the mechanism underlying the 

twin incubation period. 

In line with many other recently published works [89,202,264], the research activity carried out in this 

PhD project, reported in Chapter 3, aimed to determine whether the mechanism that leads to the 90° 

twin formation takes place under high-stress loading conditions achieved via micropillar shock com-

pressions (HSRs) or not. As the manipulation or isolation of twin nucleation event for direct visualiza-

tion has proven technically challenging [108,121], the post-mortem investigation of the changes in the 

crystallographic characteristics of the twinned grains formed during low and shock compressions a the 

microscale was indeed considered necessary, motivating therefore the first experimental campaign. At 

small scales and under HSR loading, it was indeed expected that the processes assisting the deformation 

twinning mechanism are strongly influenced by both the high-stress environment and changes in the 

kinetic compatibility of lattice distortions/defects when a rapid transition of the atoms' positions is ex-

ternally imposed. The conducted and published work ([90]) revealed to be successful for providing in-

sights on the sequence of events behind the formation of deformation twins in Mg. When the afore-men-

tioned first experimental campaign was carried out and submitted to the journal, three strongly related 

works have been simultaneously published [89,202,264] illustrating clear experimental results in line 

with what is described in Chapter 3. The combination of these findings provide a new clear understand-

ing of the {101̅2} twinning mechanism occurring in Mg at the nano, micro, and macroscale from low 

to HSRs, briefly summarized hereafter. In particular, three main questions have been answered: 

1- Is the formation of the 90° twin embryo characterized by BP/PB interfaces at the basis of twin 

nucleation? 

2- If yes, how can be explained the observation of CPB, sCTBs and CTB when the twins become 

larger (acronyms defined in Section 1.3.1.3)? 

3- How can be explained the existence of largely incoherent TBs? 

 

In Ref.s [56,89,90,202,264], during [101̅0] compressions, deformation twinning in Mg has been exper-

imentally observed to occur, at the early stage, through a collective movement of atoms (still commonly 
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called "pure-shuffle") that requires prismatic-basal transformations and establishes a 90° misorientation 

between the parent and the twin crystals. This has been successfully discovered by strategically design-

ing and testing single crystal Mg nano and microstructures for producing abrupt, controlled and localized 

stress field in the lattice, taking advantage of the fact that twinning prefers to nucleate in areas of high 

stress concentration. In particular, the detailed mechanics analysis provided in [89], that explains why 

the twin embryo is surrounded by BP/PB interfaces and not by CTBs, estimates the mechanical work 

involved in creating a twin nucleus via the two scenarios. By summing the boundary energy and the 

strain energy stored in the nucleus, the mechanical work per unit thickness WBP/PB was indeed found to 

be lower than WCTB (see Ref. [89] for the detailed calculation). This indicates that twin nucleation by 

unit-cell-reconstruction induced by PB and BP transformations is energetically more favorable than nu-

cleation via glide of TDs together with shuffling. An illustration of a nanotwin embryo surrounded by 

PB/BP interfaces reported in [202] is illustrated in Figure 7-1. In a very detailed study via molecular 

dynamic (MD) simulations, Barrett and Kadiri [222] analyse the complex array of interfacial disloca-

tions with localized cores necessarily located at the BP boundary, as well as the sequence of events that 

produces their propagation. Through the interfacial defect theory [364], they illustrate how the combi-

nation of a misfit dislocation and two types of dislocation dipoles can meet the constraint of suppressing 

the long range elastic strains associated with the interface (Figure 7-2a). 

 

 

Figure 7-1: Sequential HR-TEM images showing twinning nucleation in Re nanocrystal under [1100] 
compression. Arrows indicate loading direction and the expansion of twin embryo. Turquoise lines in-
dicate the PB interfaces between the twin embryo and matrix. White lines indicate the GB. Scale bar 
2 nm. Figure taken from [202]. 
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Figure 7-2: (a) The atomic structure of the relaxed BP boundary and schematic illustrations of the in-
trinsic defect structure developed therein. (b) Schematic illustration of a two cycles interfacial disloca-
tion process at the basis of the twin evolution: each cycle characterized by five major consecutive mech-
anisms. (c) Detailed deformation steps evidencing nucleation of a {1012} facet by relaxation process: 
the disconnection pile-up and coherency strain are transformed into an equivalent disclination dipole. 
The difference in the interface is initially very small and hence the small angular correction. (d) 
HR-TEM illustrating the morphology of the twin in Figure 7-1 as it grew. Yellow lines indicate the 
CTB, turquois PB interfaces. Scale bar 2 nm. Figures readapted from [202,222]. 

 

However, elongation of the BP and PB interfaces alone would be accompanied by a prohibitive increase 

in the elastic energy in the parent crystal [89]. The generation of CTBs at the BP interface takes place 

diagonally to mainly accommodate the strain along the loading direction. The detailed analysis of Barrett 

and Kadiri [222], shown in Figure 7-2b-c, illustrates the transformation process: 

- When tension is applied normal to the BP interface, the misfit dislocation closest to a dislocation 

sink (free surface, GB etc..) glides away (Figure 7-2b_i) causing the glide of the positive-sense 
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disconnection of the dipole (Figure 7-2b_ii). The latter accommodates the external stress and 

causes the BP segments to advance. 

- The negative-sense disconnection is unable to glide downward because it is restricted by the 

misfit dislocation (Figure 7-2b_iii). Likewise, the positive-sense disconnection of the second 

dipole cannot glide upward to expand the dipole. Thus, the inner dipoles are pinned by the pres-

ence of misfit dislocations. 

- The persistence of a tensile stress state promotes the nucleation of a new disconnection dipole 

(Figure 7-2b_iv), but without additional misfit dislocation. 

- While the positive-sense disconnection glides out and sinks, providing further expansion of the 

reoriented crystal, the two negative-sense disconnection combine into a disconnection of a step 

height of two planes to accommodate the interfacial strains (Figure 7-2b_v). 

- The repetition of the process, accommodating the early motion of the BP interface, induces the 

formation of multiple two step-height-disconnections that pile-up (Figure 7-2b_vi). 

- Once the disconnection pile-up has grown to a step height of four planes, it relaxes on its nearly 

median plane, the {101̅2}, of lower interfacial energy (Figure 7-2c,d). This process triggers the 

formation of a bounding disclinations dipole.  The disclinations dipole starts to locally compen-

sate for the difference in the 86.3° and 90° misorientations. 

 

Therefore, although BP/PB interfaces play an important role in the twinning interfaces as they have a 

low energy, forming a cusp in the orientation-dependent interface energy of a twinned bicrystal, the 

coexistence of CTB and BP/PB interfaces in the TB is energetically preferred. Indeed, these interfaces 

are of much lower energy than all other twinning interfaces: the surface energy of PB interfaces is 

∼170 mJ m-2, above but close to the energy of the {101̅2} plane, ∼120 mJ m-2 [87]. The combination 

of BP/PB interfaces and CTB, i.e. CPB, can enhance the TB mobility, and therefore control the kinetics 

of the initial twin propagation [365]. Indeed, once the first embryo nucleates, the migration of the par-

ent-new GB has been experimentally observed to be mediated by the formation of CPB interfaces (Fig-

ure 7-2d). 

It is important to point out that the same nucleation and first migration mechanisms are suspected to 

occur not only in nanoscale structures but also at the microscale, and in polycrystalline bulk Mg. In fact, 

GBs can also be thought as location of high stress concentration, as well as dislocation-GB interactions, 

dislocation pile-ups, precipitates, surface steps left by prior activation of slip systems in microcrystals 

and so on. In support of this scenario, Figure 7-1 reports the formation of the twin embryo at the GB. 

On top of these considerations, and of high importance, is the recent observation of twin nucleation 

event from an individual dislocation. Indeed, by using in situ high resolution TEM, He et al. [202] report 

a direct evidence of a BP/PB transformation at the compressive strain field of a dislocation core in HCP 

metals (Figure 7-3). 
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Figure 7-3: (a-c) Sequential HR-TEM images showing the nucleation of a twin embryo near the dislo-
cation core. White dashed line in (a) is the Burgers circuit which indicates an <a> component in the 
Burgers vector (indicated by the yellow arrow) of the dislocation. (d) Mapping of the strain normal to 
the parent prismatic plane generated by the dislocation core. (e,f) Inverse fast Fourier transformations 
of the TEM snapshots. Turquoise dotted circles in (b,c,e,f) mark the twin embryo. Scale bars in (a-c), 
2 nm. Figures taken from [202]. 

 

The question that remained unanswered, however, is how a twin nucleus subsequently grows to be an 

“adult” (of bigger dimensions) {101̅2} twin, 86.3° misoriented with respect to the parent crystal, i.e. 

the one commonly seen in deformed Mg samples. In this context, it is important to note that, based on 

the experimental evidence, free surfaces of nanocrystals can facilitate the BP and PB transformations 

by allowing accommodation of the lateral deformation especially when the parent→twin transformation 

reaches the lateral surfaces, and thus compensating for the difference in interface energy between the 

BP boundary and CTB. However, in the case of bulk samples where a “constrained” environment sur-

rounds the twin domains, the interface strains generated by a 90° parent-twin misorientation are esti-

mated to be too high and need to be reduced by a crystal rotation of 3.7°, which finally leads to the 

invariant plane strain condition; the latter not necessarily required in freestanding nano-pillars. The small 

angular correction (likely operated by the aid of dislocations) takes place entirely within the twin embryo 

and is progressively accommodated during the evolution of long planar {101̅2} CTBs. Therefore, a 

dual-step mechanism of the twinning evolution appears occurring within bulk samples [202] and in 
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single microcrystals deformed under low strain rate conditions (Chapter 3). Since the PB and BP inter-

faces have been observed to grow faster (see Supplementary materials of [89]) than the {101̅2} CTB, 

their final coexistence justifies the establishment of 86.3° misoriented sCTBs in "adult" twins. Note that 

sCTBs can accommodate large deviations (𝛽) from the invariant twin plane, with the limit being the 

crystallographic angle between the BP facet and the K1 plane. From Figure 7-4, one can derive the for-

mulation of β, as: 

𝑡𝑎𝑛𝛽 =
ℎ

ℎ × 𝛾 + 𝐿
 (7.1) 

with γ the c/a ratio of the HCP crystal, L the length of a terrace between the two neighboring BP steps, 

and h the smaller interplanar distance between the two consecutive CTB steps. This explains the exper-

imental observations of highly incoherent TBs (Figure 1-12i). From Eq. (7.1), the smaller h and/or the 

higher L, the smaller the angular deviation β and thus the incoherency of the TB. 

 

 

Figure 7-4: Schematic diagram showing the deviation angle β between TB trace and{101̅2} twinning 
plane caused by BP/PB step-terraces structure of faceted TB. Figure taken from [366]. 

 

Although the direct observation of the first twin nucleation step has been reported being accomplished 

without TDs, it is rather difficult to detect the precise atomic movements mediated by interfacial dislo-

cations that cause the small angular correction and reestablishment of the CTB interfaces, where TDs 

glide to propagate the twin. Furthermore, it would also be interesting to detect how differently activated 

lattice dislocations (<a˃, <c˃, and <c+a˃) would affect the accommodation of interfacial strains and the 

consequent evolution of the TB. To address this last conundrum, Chapter 3 reports on the changes of 

the three dimensional shape and distribution of the twin domains obtained under progressively increased 

strain rates. Indeed, by spanning from low to HSRs, possible changes in the twin morphology (and thus 

in the evolution of the facets that constitute the twin domain) depend on and can be mainly attributed to 

the different character and mobility of the lattice dislocations and the possible interaction between the 

twin and newly activated slip systems, caused by changes in the kinetics of atomic rearrangements. This 

is motivated by the fact that {101̅2} twin growth depends on the nature and state of pre-existing inho-

mogeneities. It was indeed observed that the activity of different types of dislocations was the main 
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cause of the formation of highly incoherent TBs (see Chapter 3), characterized by specific value of 

angular deviation 𝛽 that depends on the dislocation character. 

A broader understanding of the dual step mechanism that governs deformation twinning however re-

quired also the analysis of the effects of increasing strain rate. In line with what is reported in Chapter 3, 

Xie et al. [264] observed that during shock compressions the character, formation and mobility of CTBs 

may not be fast enough to accommodate the imposed strain in the very short time period. Therefore, 

direct advancement of BP and PB interfaces that expand the twin into the matrix appears to be more 

efficient, being naturally compatible with the required growth rate of the twin at high-strain rates, ulti-

mately becoming the primary mechanism for TB evolution under shock compressions. However, alt-

hough the accommodation of the high interface strains is favourable in microcrystals due to the presence 

of free surfaces, allowing to preserve the 90° misorientation (see Chapter 3), the final character of the 

TTW domains in bulk samples formed under HSRs still derives from the cooperation of prismaticba-

sal transformation and the subsequent rearrangement of interfacial defects that leads to parent-twin mis-

orientation angles between 86.3° and 90°. This last point is confirmed by the experimental evidence 

reported in Ref. [264]. 

 

7.1.1 Further considerations 

 

In light of what has been reported, however, it is necessary to draw attention to certain points: 

1- It has been reasonably argued that in all the experimental works described above devoted in the 

understanding of the (90°, a) twin, the HCP single crystals were always compressed perpendic-

ular to the prismatic plane ([101̅0] direction) where the high normal stress facilitates the short-

range rearrangement of atoms to form a new basal plane. Straightforwardly, one can ask whether 

the same twin feature can be also found in twins formed after compressions or extensions along 

other crystallographic directions, such as [21̅1̅0] and [0001]; which partly explains the reason 

behind the second and third experimental campaigns described respectively in Chapters 4 and 

5. In this regard, it is very interesting to observe that Jeong et al. [105] reported in situ TEM 

observations of the nucleation of nano-sized twins in pillars of ca. 200 nm diameter compressed 

along the [21̅1̅0]. Although not acknowledged by the authors, Figure 5g of Ref. [105] illustrates 

the characteristic-like diffraction pattern of a (90°, a) twin in correspondence of the parent-twin 

interface. The experimental investigation of the TB shown in Chapter 4 further confirms this 

finding. The high stress level at the nucleation site was considered being induced by the prior 

slip activity taking place on the prismatic and basal planes. This also means that even though 

the PB/BP transformation is energetically more favourable than nucleation via glide of TDs at 

the first stage of the twin process [89], the dislocation activity prior to slip nevertheless plays a 

crucial role in establishing the preferred twinning nucleation site. In addition to that, knowing 
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when and where the next twin would nucleate or grow is certainly of significant consideration 

to crystal plasticity and is the primary goal of any model which would capture early site-specific 

nucleation. 

2- Does the double-step twin mechanism occur in other pure HCP metals? Based on what has been 

previously discussed, the parameters that contribute to the amount of the mechanical work W 

required to form an embryonal twin are the interface formation energy and the term describing 

the stored strain energy in the twin nucleus. Changes in the c/a ratio between different HCP 

metals, as well as the variation of the anisotropic elastic stiffness tensor, result in changes in the 

values of W. This means that the parenttwin transformation driven by pure collective 

(non-random) atomic shuffling may not necessarily be the most energetically favourable nucle-

ation mechanism compared to the glide of TDs by direct formation of CTB for all HCP metals. 

From what has been reported so far in Mg and very recently in rhenium (Re), BP/PB transfor-

mation appears the most feasible {101̅2} nucleation twinning mechanism, while for Ti and Zr 

for example, targeted experiments still need to be performed. Nevertheless, it is worth recalling 

that although the {101̅2} twin is the most operative mode in Mg and Re, it does not represent 

the commonly reported twin mode in Ti. Perhaps in Ti the formation of BP/PB interfaces, with 

subsequent formation of {101̅2} twins, requires a prohibitive amount of strain energy that in-

stead forces the material to accommodate plasticity by activation of other easier deformation 

modes? For Ti, indeed, the {112̅2} twin prevails amongst the other modes. This implies that 

basalprismatic and prismaticbasal transformation does not necessarily represents the most 

favourable pair of crystallographic planes that triggers the nucleation of twins in Ti. In fact, 

while the {101̅2} twin (86.3° and 87° misoriented in Mg and Ti respectively) forms via the 

small angular correction imparted to the initial 90° misoriented twin embryo (see Section 1.3.1), 

the commonly reported {112̅2} twin in Ti establishes a 64° misorientation between the parent 

and the twin crystal that may instead require a parent-twin plane transformation different from 

the PB/BP. In the absence of further investigations, the above considerations can be considered 

purely speculative, but can motivate the scope of future research activities. It should be noted 

that in support of what stated above, another parent-twin plane transformation has been reported 

that differs from the BP/PB transformation extensively discussed before. Liu et al. [303] ob-

served that during [0001] compression of extremely small Mg pillars of approximately 200 nm, 

where {101̅2} twins cannot nucleate due to strain compatibility conditions, new grains form 

with a 62° misorientation across the crystallographic a-axis with respect to the initial crystal,  

yet not correspondent to any of the well-know twin mode predicted by the shear-based theory 

of twinning. Through an impressive TEM analysis, they observed that the reoriented crystals 

can form via pyramidal I (parent) to basal (twin) plane transformation (Figure 7-5), a less no-

ticed cousin of the prismatic to basal plane transformation. 
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Figure 7-5: (a-b) Matrix (blue) and new (red) HCP unit cell with 62° misorientation around the a-axis. 
Atoms on different {011¯0} layers are represented by solid and open circles. The {1011} and {0002} 
constituting the interface are highlighted. The green arrow denotes the rotation axis shared by the two 
cells. (b,c) Projection views of the overlapped {1011} and {0002} planes. (d) Fine structure of the 
interface. The green and orange dashed lines are the traces of the{1011} and {0002} planes, respec-
tively. Figures taken from [303]. 

 

3- Since the distortion matrix F is not a simple matrix in the case of twinning, the prediction of the 

most favorable twin modes through the "lowest shear amplitude criterion" loses its meaning, as 

well as the shear concept itself behind twinning in HCP metals. Based on the experimental ob-

servation of the breakdown of the mirror symmetry, the general definition of twinning should 

also be reviewed, at least for the case of HCP metals. Indeed, the habit plane of the twin is not 

invariant. This result is of primary importance because, unlike the majority of deformation twins 

reported in bulk materials, the nature of the habit planes of the embryonic twins does not result 

from a simple shear. As the parent-twin interface is also characterized by two different crystal-

lographic planes in the parent and twin lattices (with different Miller indices), deformation twin-

ning should be generalized more simply as, for instance, "a region of a crystalline body which, 

by the effect of a distortion imparted by an external loading, produces a product structure that 

is crystallographically identical with that of the parent, but oriented differently". In contrast to 

Bilby and Crocker [24], the latter definition departs from the consideration that twinning is ac-

complished through a homogeneous shape distortion. Using arguments similar to those de-

scribed in Section 1.1, C. Cayron [310] proposes an alternative generalization of s (called sg, 

introduced in Chapter 5.3) that continues to work whatever the form of F (simple shear or not). 

sg can be extracted from the distortion matrix F by using Eq. (5.7). From this, Cayron introduces 

a new fundamental mathematical formulation of twinning by considering that it is not a simple 

shear mechanism, which is particularly clear by considering the cases of: (i) the Zinnwald 

growth twin in which the interface is (101̅0) parent // (101̅1) twin; (ii)  the unconventional 

deformation twin recently observed in Mg for which the interface is (213̅2) parent // (011̅2) 

twin [201]; (iii) the unconventional deformation twin recently observed in Mg for which the 

interface is (101̅1) parent // (0001) twin [303]; (iv) the unconventional deformation twin ob-

served in Chapter 5 during c-axis contraction in Mg at HSRs for which the interface is suspected 

to be formed via (101̅2) parent to (0001) twin plane transformation. With the new definition of 
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shear, 𝑠𝑔 , Cayron [304] was able to mathematically justify the formation of basal/prismatic in-

terfaces before {1012} twinning, and pyramidal I/basal interfaces before {1011} or {1013} 

twinning. 

4- The unusual misorientation relationships found in deformed Mg alloy [201,302,303,316], which 

could not be unambiguously classified in terms of known twinning systems predicted by the 

crystallographic shear-based theory of twinning, may find an explanation by reconsidering the 

definition of twinning itself. The breakdown of the mirror plane condition may indeed increase 

the list of the possible parent-twin misorientation relationships, as discussed in Chapter 5. 

 

Following the vocabulary adopted in simultaneously published results, the class of new grains that does 

not correspond to twin modes predicted by the crystallographic shear-based theory of twinning, has been 

categorized as “weak twinning” (WT). As the pyramidal I or pyramidal II to basal conversions are based 

on the same principles of the prismatic to basal plane transformation, all these rearrangements of planes 

with different Miller indices can be grouped as WT: a more elegant definition compared to the 

"pure-shuffle" or "deformation graining" usually adopted, as both are encompassed in the WT theory.  

In other words, the increasing number of experimental observations of unusual misorientation relation-

ship that cannot be related to known twinning systems suggested that deformation twinning, or better 

the mechanism governing the incubation period of an embryonic twin, cannot be treated through the 

shear-based theory of twinning (distortion matrix being a shear matrix), which in turn required to revisit 

also of the list of possible twinning modes, leading to the introduction of the WT theory. 

 

 

  



 

 

181  

8. Conclusions and Outlook 

 

8.1 Summary of the work 

 

The review of the current literature of deformation twinning mechanism in Mg has recalled two main 

fundamental unanswered questions: 

- why is there experimental evidence of the breakdown of the invariant plane strain condition of 

twinning, at the basis of the centenary shear-based theory of twinning; 

- how do temperature and strain rate affect the mechanical response of Mg and hence the evolu-

tion of twinning, i.e. the characteristics of the parent-twin interface, at the microscale? 

As such, this experimental thesis work provides direct observations of particular twinning features ob-

tained under extreme loading conditions (impact deformations and high/cryogenic temperatures) with 

the purpose to identify the precise lattice movement mechanism based on the different existing twinning 

nucleation theories. To this end, diffraction-based techniques have been employed to allow in-depth 

analyses of the three dimensional evolution of the twin domain, the types of twin modes and the char-

acteristics of the twin interfaces, as well as the influence of slip-twin interactions. In parallel, a compre-

hensive study of the plastic deformation mechanisms of Mg at the microscale was carried out, with 

particular emphasis on quantifying the strain rate sensitivity, activation volume and activation energy of 

{1012} extension twinning and other deformation modes (prismatic and pyramidal slip). A short sum-

mary of the main findings is presented hereafter. 

 

Re-understanding of twinning nucleation mechanism in HCP 

The significant number of experimental evidence of unusual misorientation relationship that 

cannot be related to known twinning systems, reported in this thesis, suggests that the mechanism gov-

erning the incubation period of an embryonic twin cannot be treated through the centenary shear-based 

theory of twinning (i.e. distortion matrix being a shear matrix). This promotes a new interpretation of 

the deformation twinning mechanism in which the parent-new grain interface is not anymore necessarily 

fully invariant as for usual deformation twinning, but can be slightly distorted to be transformed into a 

new non-equivalent plane. Precise use of crystallography and mechanics to reveal the interplane between 

deformation modes indicate that differently oriented portions of the initial crystal can form via prismatic 

to basal, pyramidal I to basal or pyramidal II to basal plane transformation under c-axis extension con-

ditions, c-axis compression, and c-axis contraction, respectively. The field of atomic displacement as-

sociated to these transformations cannot exist within the disconnection theory and is observed to be 

compatible with changes in the geometry of the deformed samples to fulfil the requirement of incom-

pressibility of the material regardless of the applied deformation rate. Following the model proposed by 
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Cayron [304], the class of new grains nucleated through a parent to twin plane transformation, not cor-

respondent to conventional twin modes, has been categorized as “weak twinning”, WT, and appears to 

be the precursor of the evolution of specific conventional twins obtained by subsequent angular correc-

tions required to minimize the interfacial energy. Regardless of the directionally-dependent character of 

twinning, a double-step twin nucleation mechanism (plane transformation followed by angular correc-

tion to restore the mirror symmetry) was indeed revealed being at the basis of the formation of different 

twin modes in magnesium, as substantiated by multiple experimental observations obtained during mi-

cromechanical tension and compression tests. This new conceptualization of deformation twinning re-

visits the list of possible lattice transformations taking place during the deformation, favours its predic-

tion promoting the engineering of the material, and helps to explain several unclassical crystallographic 

characteristics reported in the literature. 

To allow for the detection of the mechanism of weak twinning, targeted experiments have been per-

formed favouring the establishment of high local stresses obtained through strategically designed sample 

geometries, reduction of the specimen dimension (for the concept of "smaller is stronger") and under 

high strain rate loading. An insightful use of a comprehensive and complimentary suite of characteriza-

tion techniques (SEM observation, in situ EBSD, 3D EBSD, HR-TEM, TEM-diffraction) allowed to 

understand deformation mechanisms and key microstructural features (twin interfaces, defects). For the 

first time, the 3D reconstruction of the twins promoted the assessment of the entire spatial geometry of 

the twin boundaries formed at the microscale under different strain rate conditions, favouring a better 

analysis of the processes that induced the establishment of different parent-twin interfaces. 

 

Strain rate and temperature effects 

After the twin nucleation, the effect of different applied deformation rates in the strain-driven 

growth of newly formed twin embryos was investigated from quasi-static (10-4 s-1) to shock (500 s-1) 

loadings. The conducted experimental campaign provides a direct observation of how the accommoda-

tion of the twin mechanism depends on both the applied stress condition and the kinetic compatibility 

of interfacial processes when a slow/rapid rearrangement of the atom positions is externally imposed. 

At low strain rates, twin growth occurs along the invariant twin plane mainly by coherent twin boundary 

migration according to the usual shear-shuffle mechanism discussed in Chapter 1. With increasing strain 

rate, pyramidal slip-assisted twin formation becomes energetically favorable and therefore prevails un-

der the higher applied stress, allowing the evolution of the TB along a crystallographic plane (the 

{1̅1̅23}) that differs from the classic invariant twin plane, providing an explanation of unconventional 

twin interfaces observed in other studies. At HSRs, however, the parenttwin lattice rearrangement is 

almost entirely accommodated by prismaticbasal conversion and the consequent advancement of ba-

sal/prismatic interfaces causing the establishment of a 90° reorientation of the initial HCP crystal. 
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It is shown that the plastic flow instability experienced during propagation favours the conventional 

growth mechanism along the twin plane via glide-shuffle. In other words, in regular shape pillars, the 

gradual deformation gradient in the structure promotes the small angular correction required for the 

establishment of a minimal energetic configuration (invariant plane strain condition), whilst the fast 

migration of PB and BP serrations accomplished via collective atomic repositioning can accommodate 

a more uniform high plastic flow imposed to the entire structure at higher deformation rates, being nat-

urally compatible with the requirement of high-speed deformations. 

A comprehensive variable temperature and strain rate investigation was further conducted to reveal 

the mechanisms between thermally activated deformation modes and the competition of deformation 

activity, providing, additionally, experimental data in a so far uncovered region of property space of 

pure Mg at the microscale. The complete variation of the critical stress as a function of temperature, 

strain rate and loading direction is unveiled, allowing for the experimental estimation of the activation 

energy of twinning. In contrast to the strain rate and temperature insensitivity of twinning usually re-

ported in studies on polycrystal bulk Mg, a significant variation of the twinning stress was observed by 

varying these deformation conditions. It is discussed that the stress at which twinning occurs is inversely 

related to the prior activity of slip, and thus the rate sensitivity of twinning varies with loading direction. 

Indeed, although the process that governs the atomic movement during the early stage of twin nucleation 

is not mediated by dislocations, dislocations yet trigger the formation of twins by inducing localization 

and instability of plastic strain. 

Above 300°C, a twinslip transition is observed and explained by the variation of the thermal compo-

nent of the stress associated with different deformation modes. In particular, the lattice resistance re-

quired for the prismatic slip-assisted deformation mechanism is lower than the athermal component of 

the stress associated to twinning (~30 MPa), establishing a slip-dominated plasticity at elevated temper-

atures. Moreover, with increasing strain rate, the value of the flow stress increases by varying the rate 

of nucleation and escape of dislocations at the free surfaces, promoting the support of twinning in plastic 

deformation accommodation at HSR and elevated temperatures.  

 

Slip-twin interaction during twin growth 

Chapter 6 focuses on the mechanisms that influence the twin propagation. In particular, in contrast 

to pyramidal slip, basal slip promotes the proliferation of twin and fuels their propagation. Twin-twin 

interactions occur more easily, resulting in the development of highly stressed regions that can be the 

cause of crack formation. This localization of plastic deformation is caused by the limited numbers of 

modes through which the material can accommodate complex strain fields. The residual stress field has 

been quantified in the twin reference system, showing that the maximum shear stress component is lying 

on the twin plane in the twin shear direction, reaching values of ca. 200 MPa; extremely high for such a 

limited ductile material. The in-depth understanding of the processes that govern the twin nucleation 

and propagation, object of the present thesis, is fundamental for engineering the structure of the twin 
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boundary and to reduce the probability of failure of the material. Together with textural and alloying 

strategies, higher formability and machinability of magnesium may eventually be achieved under dif-

ferent complex deformation conditions, especially of interest for applications where reliability and me-

chanical integrity are paramount. 

 

8.2 Outlook 

 

The work performed in this thesis poses the basis for further investigations, some listed below: 

1- Increasing the interfacial energy of specific boundaries (e.g. by alloying [87]) can increase/de-

crease the formation energy of the first twin embryo and hence make the process of twin nucle-

ation harder/softer. It is thus necessary to discover the conditions for mitigating damage result-

ing from, for instance, high-strain rate loading events, where the material properties stem from 

tailored deformation modes derived from designed microstructures. 

2- Towards the attempt of generalizing the deformation twinning mechanism with the goal of en-

abling its engineering, a second fundamental point arises. Does the double-step twin mechanism 

take place in other pure HCP metals as Ti and Zr? These experimental efforts will provide im-

portant insights for a thorough understanding of deformation twinning as the latter is extremely 

sensitive to changes of local conditions in ways that are not necessarily similar for the entire 

class of HCP metals. 

3- The nature of the solute atom can strongly influence the critical resolved shear stress for differ-

ent deformation sip, like pyramidal slip, as show in the work of Ahmad et al. [367]. Their influ-

ence on twining nucleation and propagation has not yet been investigated within the range of 

temperature and strain rate covered in this study. A thorough knowledge of the structure, chem-

istry and properties of the TB and the solute atom is the essential step for an efficient inverse 

design of the material. 

4- The 3D HR-EBSD technique allows the characterization of the residual stresses and defects in 

the materials volume. However, it can be employed only post-mortem and along free surfaces. 

The microstructure and stress fields measured in unloaded and loaded conditions can strongly 

differ due, for instance, to de-twinning mechanisms. In situ 3D investigation of the defects and 

stress filed associated with twinning can only be assess by in situ 3D-XRD-CT, while the ma-

terial is under load. To this end, Appendix D reports a short description of an ongoing project 

centred on the three-dimensional characterization of microstructure, stress and dislocation fields 

in loaded microsamples. Unfortunately, due to the limited time-frame of the PhD thesis, the full 

data processing couldn't be done in time for the present manuscript.  
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Figure 8-1: Graphical abstract of the thesis. 
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9. Appendices 

 

Appendix A 

Diffraction contrast analysis criteria for dislocation character determination 

 

Mode ZA 
 

[2̅110] 
 

 
b\g (0002) (01̅10) (011̅1) 

 Dislocation 
   

<a> 1 3⁄ [112̅0] 0 -1 1 
 

1 3⁄ [12̅10] 0 1 -1 
 

1 3⁄ [2̅110] 0 0 0 

<c+a> 1 3⁄ [112̅3] 2 -1 2 
 

1 3⁄ [12̅13] 2 1 0 
 

1 3⁄ [2̅113] 2 0 1 
 

1 3⁄ [112̅3̅] -2 -1 0 
 

1 3⁄ [12̅13̅] -2 1 -2 
 

1 3⁄ [2̅113̅] -2 0 -1 

Table A-1: The g·b values of <a> and <c+a> dislocations with selected diffraction vectors from the 

[112̅0] zone axis. g: diffraction vector, b: Burgers vector. 
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Appendix B 

Pyramidal II  basal plane transformation: correspondence, distortion and 

transformation matrices calculation 

 

 

Figure B-1: Model of (0112)→(0003) transformation. Series of unit cell repeated periodically and 
viewed in projection perpendicularly to the a-axis. The new grain appears blue, the parent grain in red. 
The rotation axis is indicated by the yellow coloured circle, representing also the origin of the orthogonal 
and hexagonal bases. Vectors OA and OB are perpendicular and parallel to the plane of view, respec-
tively. The parent→new grain transformation converts the (0112)m into the (0003)n, and the (0003)m 
into the (0112)n. The final configuration is very close to the exact mirror symmetry across the (0115) 
plane. The atomic positions of the new grain are very close to the positions that would be obtained by 
mirror symmetry across the (0115) plane, as indicated by the black dashed lines perpendicular to the 
(0115) plane, as well as by the small blue circles. Atoms in A, B and C, constitute the ABC supercell 
(transparent red); atoms in A', B', and C', constitute the distorted ABC supercell (transparent blue), i.e.  
(ABC)'. 
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Figure B-2: Proposition of atom displacements for which the (0112)→(0003) transformation very close 
to the exact mirror symmetry across the (0115) plane. For the former, the matrix (red) and new hcp unit 
cell (blue) have a 43.1° <2110> misorientation; for the latter, they have a 41° <2110> misorientation. 
The locally perceived strain field in the region "A" of the material (Figure 5-1a) is indicated by the two 
bigger arrows on the right-hand side. The vector field of atomic displacements that induces the 
(0112 )m(0001 )n plane transformation is illustrated by differently coloured arrows. Note that the 
atomic displacements have almost the same magnitude and are pertinent to the external stress field. The 
distortion is calculated by considering only the displacements of the atoms in A, B and C, constituting 
the ABC supercell. It is assumed that their motion causes the subsequent atomic repositioning of the 
other atoms, similar to a knock-on effect. 
 

It was imagined, after many unproductive attempts, a vector field of atomic displacements that repre-

sents the pyramidal II (parent, or matrix m) to basal (new grain, n) plane transformation. Although we 

cannot ascertain that this model gives the best solution, the solution that emerges provides a series of 

atomic movements that seem reasonable because are coherent with the strain field perceived in location 

A (Figure B-1a), they are small and restore the hcp lattice at the end of the process. 

We define 𝐁ℎ𝑒𝑥  = (a, b, c) the usual hexagonal basis and 𝐁𝑜𝑟𝑡ℎ𝑜  = (x, y, z) the orthonormal basis repre-

sented in Figure B-1 and linked to 𝐁ℎ𝑒𝑥  by the coordinate transformation matrix 𝐇ℎ𝑒𝑥  reported in 

Eq. (5.4). 

The distortion matrix can be calculated by considering an appropriate supercell that conserves the vol-

ume at the end of the process. In the present case, the unit cell is ABC (Figure B-1 Error! Reference 

source not found.and Figure B-2). The three column vectors of this cell, OA, OB and OC, form a basis 

𝐁𝐴𝐵𝐶  given in 𝐁𝑜𝑟𝑡ℎ𝑜 by the coordinate transformation matrix: 

[𝐁𝑜𝑟𝑡ℎ𝑜 → 𝐁𝐴𝐵𝐶] = 𝐁𝐴𝐵𝐶 =

(

 

1 3/2 −1

0 −3
√3

2
√3

0 0 𝛾 )

  (B.1) 

The three column vectors of the deformed supercell (when the transformation is completed), OA', OB' 

and OC', form a basis 𝐁(𝐴𝐵𝐶)′ given in 𝐁𝑜𝑟𝑡ℎ𝑜 by the coordinate transformation matrix: 
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[𝐁𝑜𝑟𝑡ℎ𝑜 → 𝐁(𝐴𝐵𝐶)′] = 𝐁(𝐴𝐵𝐶)′ = (
1 1 −

1

2
0 −2.373 1.9066
0 0 1.7625

) (B.2) 

The distortion matrix of the process is given in the basis 𝐁𝑜𝑟𝑡ℎ𝑜 by the matrix 𝐅𝑜𝑟𝑡ℎ𝑜 :  

𝐅𝑜𝑟𝑡ℎ𝑜 = 𝐁(𝐴𝐵𝐶)′(𝐁𝐴𝐵𝐶)
−1 = (

1 0.1924 −0.5132
0 0.9136 0.1996
0 0 1.0945

) (B.3) 

Note that the determinant of the matrix is 1, confirming that the ABC and (ABC)' supercells have the 

same volume. 

This matrix can be expressed in the hexagonal basis 𝐁ℎ𝑒𝑥  by using the formula of coordinate change: 

𝐅ℎ𝑒𝑥 = (𝐇ℎ𝑒𝑥)
−1𝐅𝑜𝑟𝑡ℎ𝑜𝐇ℎ𝑒𝑥  = (

1 0.1235 −0.6523
0 0.9135 0.3618
0 0 1.0945

) (B.4) 

which reflects that of Eq. (5.1). Note that, despite 𝐅ℎ𝑒𝑥  is calculated by considering only the displace-

ments of the atoms in A, B and C, it is assumed that their motion causes the subsequent atomic reposi-

tioning of the other atoms, similar to a knock-on effect. 

The correspondence matrix, however, can be calculated by considering the vectors used to build the 

ABC cell: 

OA : am → OA′ : a′m = − an 

OB : − 3bm → OB′ : − 3bm′ = 2bn + cn 

OC : 2bm + cm → OC′  : (2bm + cm)′ = − 3bn 

(B.5) 

where: am is along 𝑥, bm along 𝑦 −
1

2
𝑥, and cm along 𝑧. 

This means that the basis 𝐁𝐴𝐵𝐶
𝑚  formed by the three vectors am, − 3bm, and 2bm + cm, written as a column, 

is transformed by distortion into a matrix formed by three new vectors equal to − an, 2bn + cn, and − 3bn, 

of the twinned crystal. They form a new basis noted 𝐁(𝐴𝐵𝐶)′
𝑛 . The negative sign of − an is a direct con-

sequent of having imposed the condition that both have a positive determinant. The basis 𝐁𝐴𝐵𝐶
𝑚  ex-

pressed in the parent basis 𝐁ℎ𝑒𝑥
𝑚  = (am, bm, cm) and the basis 𝐁(𝐴𝐵𝐶)′

𝑛  expressed in the new grain basis 

𝐁ℎ𝑒𝑥
𝑛  = (an, bn, cn) are, respectively, given by: 

𝐁𝐴𝐵𝐶
𝑚 = (

1 0 0
0 −3 2
0 0 1

) (B.6) 

𝐁(𝐴𝐵𝐶)′
𝑛 = (

−1 0 0
0 2 −3
0 1 0

) (B.7) 

𝐓ℎ𝑒𝑥
𝑚→𝑛 represents the coordinate transformation matrix from the parent to the new crystal. The basis 

𝐁(𝐴𝐵𝐶)′
𝑛  expressed in the basis 𝐁ℎ𝑒𝑥

𝑚  is 𝐁(𝐴𝐵𝐶)′
𝑚 = 𝐓ℎ𝑒𝑥

𝑚→𝑛𝐁(𝐴𝐵𝐶)′
𝑛 . Therefore: 

𝐅ℎ𝑒𝑥𝐁𝐴𝐵𝐶
𝑚 = 𝐓ℎ𝑒𝑥

𝑚→𝑛𝐁(𝐴𝐵𝐶)′
𝑛   (B.8) 

or, equivalently: 

𝐅ℎ𝑒𝑥(𝐂ℎ𝑒𝑥
𝑛→𝑚)−1 = 𝐓ℎ𝑒𝑥

𝑚→𝑛   (B.9) 

where 



 

 

211  

𝐂ℎ𝑒𝑥
𝑛→𝑚 = 𝐁(𝐴𝐵𝐶)′

𝑛 (𝐁𝐴𝐵𝐶
𝑚 )−1  (B.10) 

For further information about the general formulæ refer to Ref. [46]. 

The calculation leads to: 

𝐂ℎ𝑒𝑥
𝑛→𝑚 = (

−1 0 0
0 −2/3 −5/3
0 −1/3 2/3

)  (B.11) 

𝐓ℎ𝑒𝑥
𝑛→𝑚 =  (

−1 0.1351 −0.6407
0 −0.7296 −1.2814
0 −0.3648 0.7296

)  (B.12) 

We remind that matrices equivalent to 𝐓ℎ𝑒𝑥
𝑛→𝑚  and 𝐂ℎ𝑒𝑥

𝑛→𝑚  can be obtained by multiplying 𝐓ℎ𝑒𝑥
𝑛→𝑚  and 

𝐂ℎ𝑒𝑥
𝑛→𝑚  by the matrices of internal symmetry 𝐌ℎ𝑒𝑥 of the hexagonal phase (matrices forming the point 

group of the hcp phase [309]). In other words: 

𝐂ℎ𝑒𝑥
𝑛→𝑚 = 𝐌ℎ𝑒𝑥𝐂ℎ𝑒𝑥

𝑛→𝑚= (
−1 0 0
0 −1 0
0 0 1

)(
−1 0 0
0 −2/3 −5/3
0 −1/3 2/3

) = (
1 0 0
0 2/3 5/3
0 −1/3 2/3

)  (B.13) 

𝐓ℎ𝑒𝑥
𝑛→𝑚= 𝐌ℎ𝑒𝑥𝐓ℎ𝑒𝑥

𝑛→𝑚 = (
−1 0 0
0 −1 0
0 0 1

) (
−1 0.1351 −0.6407
0 −0.7296 −1.2814
0 −0.3648 0.7296

)

= (
1 −0.1351 0.6407
0 0.7296 1.2814
0 −0.3648 0.7296

)  

(B.14) 

which correspond to those of Eq. (5.2) and Eq. (5.3) in the main text. 

Through Eq. (1.5), one can observed that the following conversions are fulfilled: 

(0112)m → (0003)n 

(0003)m → (0112)n 

(0115)m →(0115)n 

(B.15) 

which correspond to what graphically evincible from Figure B-1. 
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Appendix C 

Nye's tensor components 

 

To understand the available terms of α that arise from EBSD methods on a single surface, the Nye GND 

density tensor is expressed in terms of the individual elastic strain tensor ε and lattice rotation tensor ω 

derivatives, obtained by considering that the distortion tensor β = I + ε + ω and that α = ∇×β, with I as 

the identity matrix. Only the third column of the tensor can be experimentally assessed, because the 

other elements require derivation in the z direction, perpendicular to the surface. For completeness,  

𝑎𝑠𝑞  = (𝑎13
2 + 𝑎23

2 + 𝑎33
2 )1/2. The importance of αsq is that it does not rely on CrossCourt L1 optimization 

method. αsq relies on the experimentally available three components, and it is proportional to the GND 

density; therefore by plotting this value, one can ensure that what the GND maps generated by 

CrossCourt report is not an artefact from the minimization estimation. 

 Figure 6-10c illustrates the αi3 magnitude legend referred to the x-y-z global reference frame. For ex-

ample, an edge dislocation with Burgers vector pointing in the left side hemisphere appears red in the 

α13 map since it has a component along the x-axis. The same dislocation appears red (or blue) in the α23 

map (Figure 6-10d) if it has a component in the south (or north) hemisphere. The magnitudes are pro-

portional to the GND density related to different types of dislocations (α13 and α23: edge type, α33: screw 

type). 
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Appendix D 

In situ nano 3D XRD-CT for twinning mechanism 

 

Thus far, microtensile and micropillar compression tests on magnesium and titanium, combined with in 

situ HR-EBSD, have allowed to reveal the role of specific defect nucleation and slip planes in the twin 

mechanism [83,104,192]. The importance of local stresses in abnormal twin variant formation and mar-

tensitic transformations has been also revealed with this technique [368]. However, HR-EBSD is a 

near-surface technique, where only the firsts few tens of nm are probed underneath the surface, which 

may not be characteristic of the entire volume of the material. As extensively discussed in this disserta-

tion, 3D HR-EBSD technique, using FIB tomography, has been developed to address this issue and to 

characterize the crystal defect and residual stress distributions in the deformed materials with a 

sub-100nm3 voxel resolution. However, this technique can only be applied post-mortem, enabling the 

characterization of the residual stresses and defects in the materials. Indeed, the impassable limitation 

of the 3D HR-EBSD method resides in the impossibility of assessing the mapping function 𝛽 (elastic 

displacement gradient tensor) under loaded conditions for the entre volume of the testpiece. The lattice 

curvature in the third dimension obtained by FIB serial sectioning [197,305,369,370] would indeed 

compromise the integrity of the specimen. For this, a future work aims at investigating deformation 

twinning processes in pure Mg, using nano-3D X-ray diffraction computed tomography (XRD-CT), 

during in situ tensile/compression testing, at several successive deformation steps and while the materi-

als is under load. 3DXRD-CT, combined with an in situ test ring, is currently the only available tech-

nique that can characterize in 3D, and with a 100nm3 voxel resolution, the crystal orientations, crystal 

defects (geometrical necessary dislocations, GNDs) and full local stress tensor, while the material is 

under load and at successive deformation steps. Single crystal samples can thus be tested with a focus 

on the role of slip in twin initiation and propagation, as well and the stress associated with twin-twin 

and twin-GBs, and twin slip-planes interactions. 

Free-standing tensile bars (T-bars) of 8×4×4µm3 and pillars of 10×5×5 µm3 (height × width × thickness) 

have been prepared in single crystal pure Mg using plasma and Ga+ FIB prior to the synchrotron exper-

iments. These structures are fabricated from heat-treated electro-polished needles for good transmission 

and shadow-free scans (cone angle >30°). For this, the geometry of the specimens has been adapted 

according to the spatial constraints associated with the in situ 3D-XRD-CT technique, and conform to 

the beamline station used (ID-11, ESRF, Grenoble, France). The design of the shape of the T-bars is 

shown in Figure D-1 together with the related finite element model analysis and a Photolitographica lly 

fabricated sample used for dimensional control. Figure D-2 shows an SEM image after microtensile and 

micropillar FIB fabrications. Note that the final dimensions used for the T-bar cross-section are smaller 

than those reported in Figure D-1 in order to reduce the acquisition time and improve the stiffness of the 
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testpiece, especially important for sample transportation. In situ mechanical testing has been done with 

an Alemnis nanoindenter specially designed for the experiments (<500g; transmission with less than 5° 

dead angle, X-ray transparent carbon frame) (Figure D-3). The test ring features an on-board microscope 

for sample alignment. This setup was previously tested during the 6 days slot at ID-11 from the 03 to 08 

of March 2021 (HC-4082). An engineer from Alemnis assisted the installation of the indenter and the 

periphery hardware. 

One single crystal T-bar (Mg) three pillars (2 Mg + 1 Ti) have been tested, for a total of 4 in situ testing 

experiments. Post mortem 3D HR-EBSD and detailed TEM analyses will be conducted later to get com-

plementary information on the twin structures and associated dislocation activities, further allowing a 

one to one comparison between the different techniques. 

To date, the data is still being processed. Figure D-4 illustrates some initial results obtained by treating 

the data collected for an initially single crystalline pillar deformed up to 1% of strain. It can be observed 

that a twin has formed, crossing the entire structure. The respective sinograms associated with the parent 

and twin grains are also illustrated. Further analysis will be performed in future. 

 

 

Figure D-1: Design of the tensile bars. (a) Dimensions. (b) Finite Element Model used for tensile bar 
shape optimization considering the spatial constraints related to the nano-3DXRD-CT technique. The 
uniaxial homogeneous stress field is visible in the central region of the structure. (c) Photolitograph-
ically-fabricated T-bar used for gripper-T-bar dimensional matching control. 
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Figure D-2: SEM images of the FIB-fabricated structures on top of a heat-treated electro-polished nee-
dles. 

 

 

Figure D-3: Schematic of the experimental setup. Note that the Mg structures have been embellished 
with Pt dots for precise sample alignment performed through fluorescent signal. For Ti, this was not 
necessary and the center of the structure was place at the center of rotation of the testing rig by using 
the contours of the structure. 
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Figure D-4: Grain reconstruction performed using a Python code developed by Jonathan Wright (Beam-
line Scientist, ID-11). 
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