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Abstract

The austenite/martensite (fcc/bec) interface is prevalent across many new classes of
high-strength steels, and yet both its fundamental structure and its mechanism of
motion remain uncertain in spite of decades of research. Here, atomistic simulations are
used to create an fcc-bcc iron interface having a structure and motion that completely
match experimental observations. The simulated interface reveals a defect structure
and a mechanism of glissile and athermal propagation that differ in important respects
from longstanding assumptions. The atomistically-observed interface defects provide a
basis for a parameter-free predictive crystallographic double-shear theory of lath
martensite. Predictions of the theory match simulations well and yield very good
agreement with experiments on Fe-Ni-Mn and Fe-C. The theory shows that the fcc/bcc
lattice parameter ratio is the dominant factor for controlling the transformation strain,
which is related to macroscopic toughening, and quantitatively rationalizes many
experimental observations. This new understanding about the nature of this special
interface provides fundamental insights needed for guiding design of emerging high-

strength steels.
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1. Introduction

The new generation of steels (Quenched and Partitioned®, Transformation-Induced
Plasticity (TRIP)*?, bainitic* and nanobainitic® steels) have high strength and high
toughness, and at low cost. They are all multiphase materials consisting of face-
centered-cubic (fcc) austenite and body-centered-cubic (bcc) martensite'™ or ferrite®®.
Many involve a bcc lath martensite structure, so that the dominant austenite/martensite
or austenite/ferrite interface has a very special crystallographic orientation. Creation of
these steels involves nucleation and growth of the bcc phase from the fcc phase.
Performance of these steels requires control of the lath structure (sizes, spacings,
variant selection®’) and the phase transformation. The structure and motion of the
special fcc/bec interface are thus essential to both fabrication and performance of these
materials. A fundamental understanding of this fcc/bce interface and the phase
transformation is therefore crucial for the design of emerging tough damage-tolerant
steels, yet the structure and mechanism of (athermal) motion remain uncertain in spite
of decades of research.

Due to its importance, there is a long history of experiment and theory on the
austenite/martensite interface. HRTEM studies, as shown in Figures 1a,b, show the
main features characterizing the interfacial defect structure in Fe-C (<0.6 wt % C) and
Fe-Ni-Mn alloys*®*3 to be that
(i) the crystallographic (111)¢. and (011),.. planes are parallel, denoted

(111)¢ec I (011)y., With the macroscopic average interface orientation (the
habit plane) being approximately (xyx)s. With a typical misorientation of
10° < 8 < 20° about the [101]¢., direction (Figure 4a), thus lying between
(575)¢cc and (121)¢.. This leads to a stepped interface®"*, with step direction
in Fe-Ni-Mn always close to [101]., and step heights being a multiple of the

(111)¢ interplanar spacing (see Figure 1); and
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(i)  the [101]¢. and [111],.. closed packed directions are also misoriented by an
angle 0° < ¢ < 5.26° around the [111]¢., axis, as indicated in Figure 2c. This
orientation is between the Kurdjumov-Sachs (KS, ¢ = 0°) and Nishiyama-
Wassermann (NW, ¢ = 5.26°) orientation relationships. Associated with this
misorientation is a set of interfacial defects having Burgers vector ay../2 [111]
49

A convenient way to visualize the deformations required to related fcc and bcc
structures is to follow the “Bain path” shown in Figure 2.

The transformation strain is not accurately established; experiments only indicate a
strain larger than 0.3%%1. The intrinsic fcc-bec interface motion occurs with no diffusion
and propagates at high speed, i.e the interface is both glissile (i.e. it can glide in a
conservative manner) and athermal (i.e. there is no apparent activation barrier for
motion). The structure and motion are essentially independent of temperature™°.
This is true even when the macroscopic behavior appears thermally-activated
(“isothermal”), which is due to either nucleation or extrinsic interactions with

1516~ The atomic mechanism of motion has never

dislocations in the deformed matrix
been observed.

In the long history of this topic, researchers have attempted to rationalize
experimental observations of the interface structure and defects, to understand the
mechanism of motion, and to determine the transformation strain by experimental

9

analyses*®®, by theories such as the Phenomenological Theory of Martensite

Crystallography (PTMC"°) and the Topological Model (TM?*?Y), and by atomistic

simulations?24,

In spite of significant efforts, there is not yet any complete and
predictive understanding of the interface structure, defects, motion, or transformation
strain.

The phenomenological PTMC theory for the crystallography, transformation
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deformation, and interface structure has been used for over sixty years™®*%  The

bcc phase takes the shape of a thin plate so as to minimize the elastic energy due to the

transformation strain***%%>?’

. The theory then searches for candidate interface defects
and their glide planes that can predict the observed habit plane, the transformation
strain, and the orientation relationship*’™®. In PTMC, the interface misfit strains are
relieved on average at the interface, but there is usually no microscopic model of the
interface (see, however, Ref. 17). This yields considerable flexibility, and hence all
theories predict a habit plane between (575)¢.. and (232)f., consistent with

experiments®’*°

. However, the predicted transformation strain and other features vary
widely depending on the assumed defects and slip planes. Equally importantly, the
assumed defect structures do not clearly predict a glissile or athermal interface*?, and
so candidate defects must be separately analyzed to assess the prospects for glissile
interface motion.

The Topological Model** was introduced to study generalized interfaces, and has
been applied to the bee-fec interface in iron®. The model searches for a local periodic
unit of coherent terraces defined by arrays of crystallographically-possible lattice
dislocations and transformation dislocations (steps/disconnections with Burgers vector
content) that can accommodate the interface misfit strains across the interface within
each periodic unit. For bcc-fcc iron, the analysis is performed for (111)¢.. Il (011)pcc
and within the experimental range of ¢. Various sets of defects are identified, and the
combination of a lattice dislocation in bcc and a transformation dislocation is expected
to ensure a glissile interface. Application to fcc-bcc ferrous alloys is limited?® and the
existing preliminary predictions are not in detailed quantitative agreement with
experiments. In particular, the predicted step direction varies widely (-10° to +6° away

from  [101]g.) for 0° < ¢ < 5.26° in contrast to experiments on Fe-Ni-Mn.

Qualitative comparison with experimental defects in Fe-Ni-Mn was thus achieved only
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for one specific orientation relationship ¢ = 2.76° that is ~1° from the average

810 which

orientation in these materials*®. This is also not consistent with experiments
show that the orientation relationship ¢ can vary from KS to NW within the same
material. The model makes no statement about whether the interface is athermal since it
is based solely on crystallography. Finally, no estimates of the martensitic
transformation strain have been made; a small strain approach is proposed in Ref. 21
but may not be adequate for describing the large strains (above 30%).

Atomistic simulations (see also Appendix B) were used mainly to clarify the
mechanism of interface motion. However, existing works are all based on EAM-type
interatomic potentials that are generally inadequate to study this problem because they
are fitted only to bcc properties and are not transferable to fcc. All main fcc properties
(lattice parameters, elastic constants, generalized stacking fault energy), as well as the
fcc to bcc driving force (see Appendix B and C) are inaccurate or incorrect.
Furthermore, there were no clear attempts to obtain an interface structure which
matches HRTEM micrographs**3. Specifically, the interfaces considered were (flat)
epitaxially semi-coherent™®, thus requiring non-conservative thermally-activated climb
to move, inconsistent with experiments. None of the atomistic studies presents any
careful analysis of interface defects (Burgers vectors, slip planes and direction), nor any
attempt to rationalize the observed results within the crystallographic theory. Finally,
no information on the transformation strain has been provided in any atomistic studies.

In this work, we use an appropriate atomistic model and a thorough
crystallographic analysis guided by the simulations to develop a new predictive
crystallographic theory for the fcc to bce transformation in iron. Atomistic interfaces
for a range of ¢ are constructed guided by the robust observation that the step direction
is always close to [101]¢... We then observe the structure and defects that generate the

interface, and show very good agreement with experiments*®®°. The atomistic interfaces
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are then demonstrated to be both glissile and athermal, consistent with experiments.
We then develop a predictive PTMC-type model using the observed defects, which has
flexibility to predict many experimental details. We emphasize now that the new
crystallographic theory uses insights from the simulations (the set of interface defects),
but that the theory is entirely independent of the simulations, just like any other
crystallographic theory of martensite transformation. Predictions match simulations
well and, moreover, are in good quantitative agreement with experiments. The theory
also rationalizes a range of other experimental observations. Overall, the atomistic fcc-
bcc iron interface structure and associated crystallographic theory not only agree with
experiments but reveal new features and resolve many of the open questions about the
structure and mobility of the austenite/martensite interface. The new and physically
consistent model of this singularly important material interface can now serve as the
basis for guiding development of alloys and microstructures with both high strength
and toughness.

The remainder of this paper is organized as follows. Section 2 presents details about
the atomistic simulations including validation of the interatomic potential. Section 3
shows the resulting simulation interfaces and identification of the interface defects for
the range of orientations between KS and NW, showing full consistency with TEM
experiments. Section 4 shows that the simulation interfaces are glissile/athermal, and
provides details of the interface motion. Section 5 presents the new crystallographic
theory, and shows the perfect match of theory and simulations. Section 6 presents
application of the predictive theory to real steels (Fe-Ni-Mn and Fe-C) where the fcc-
bcc interface is observed, showing the theory is able to predict all experimental
information. Section 7 discusses the implications of the theory for alloy design and for
modeling of these steels. Section 8 discusses the theory in the context of the existing

PTMC and TM literature. We summarize our findings in Section 9.
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2. Atomistic simulation details

Here, we construct atomistic Fe fcc-bcc bicrystals in accordance with the
macroscopic experimental observations, followed by full atomic relaxation to obtain
final microscopic structures. The detailed construction of the interfaces are given in
Appendix D. Of most importance is that we impose a step direction in [101]¢.. and
use periodic unit cells, and these constraints induce some elastic distortions at the
interface and can influence the observed structure as discussed below. All simulations
are executed using the LAMMPS package?®.

We use the MEAM-T potential®® for Fe, a second-nearest-neighbor formulation,
that captures crucial properties of both fcc and bcc phases (See Appendix C). In
particular, at zero pressure and T=0K, the fcc phase enthalpy is +8.5 meV per atom
higher than the bcc phase, so that bcc is absolutely stable. With increasing temperature,
the fcc-bee difference in Gibbs free energy decreases to ~3 meV at 600K. The driving
force for the fcc to bcc transformation is thus realistic for this potential. With
increasing pressure, the enthalpy difference between fcc and bcc also decreases, and fcc
becomes more stable than bcc at pressures above 18 GPa at T=0K, in qualitative
agreement with experiments. The stability of pure fcc Fe is due to a stable stacking
fault energy (SFE) along [112]¢. of +35.7 mJ/m? which is consistent with

31,32 and

paramagnetic DFT computations that predict ~20 mJ/m? at room temperature
consistent with the experimental observations of stable austenite in low-C Fe-C steels
(<0.6 wt% C) and Fe-Ni-Mn steels. The fcc and bcc lattice parameters and bcc elastic
constants match experiments well. The fcc elastic constants compare well with those
obtained via the analytical bond order potential by Miiller et al.*®. The potential also
predicts reasonable structures (cores and dissociation distances) for the fcc screw

dislocation and the bcc edge dislocations.

We have further validated the potential with respect to recent DFT calculations of
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the bee-fec interface® in the KS orientation relationship ¢ = 0°. This interface is not
relevant experimentally, and the computationally tractable DFT cell for ¢ = 0° is small
and imposes constraints, but is perfectly suitable for validation of the potential. We
have reproduced the small periodic simulation cell geometry of the DFT computations
and used the MEAM-T potential to compute the relaxed structure of the interface at
zero pressure, precisely as done in the DFT study. Figure 3 shows a superposition of
the atomic DFT and MEAM-T interface structures; the two DFT structures
corresponding to different assumed magnetic distributions in the fcc phase. Agreement
between MEAM-T and DFT is excellent; the very small mismatches in exact atomic
positions are due to differences in lattice parameter ratio and elastic constants between
MEAM-T and DFT, as well as local fluctuations due to the local magnetic
environments (not accounted for in MEAM-T). The interface energy predicted by the
MEAM-T is 390 mJ/m?, very close to the DFT values (410 mJ/m? for AFMD and 450
mJ/m? for SQS magnetic configurations). This level of agreement for an actual DFT-
computed fcc/bee interface (although not one relevant to experiments) further
establishes the validity of this Fe MEAM-T potential for studying this class of

interfaces in Fe.

3. Interface structure and defects: simulation and experiments

Atomistic interfaces have been constructed for ¢ = 3.11°,4.75°,5.21°,5.7°, all
within, or close to, the experimental range (see Appendix D). Figure 4 compares the
atomistic interface for ¢ = 4.75° to the experimentally-observed interface in Fe-Ni-Mn
for ¢ = 3.7° [ the agreement in atomic positions is remarkable. Differences between
simulation and experiments (e.g. the interface plane) are due to differences in ¢ and
fcc-bec lattice parameter ratio (see Tables 1 and 2 discussed later, as well as Appendix

D). In Figure 4a, interface steps with heights equal to and larger than one (111)¢.
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interplanar spacing are visible, consistent with HRTEM experiments**® (see Fig. 1).
The interface steps are aligned with [101]¢. with spacing ~1.45 nm close to
experiments® and to previous predictions'’ (1.33 nm). Note that the use of Common
Neighbor Analysis for visualization in Figure 4 and subsequent Figures is imprecise for
discerning the local structure and defects.

Figures 5a,b,c show the 3D view of the interface and its defect structure, and
Figure 6a shows the structure of the interface on the (111)¢. Il (011),.. plane. Two
sets of defects are evident. First, screw dislocations exist with Burgers vector ag../
2 [101] lying next to the steps along [101].., with the stacking fault between partials
lying on the (111)¢.. ledge; these dislocations have never been observed but were
assumed to exist*’. There is one screw dislocation per step, independent of step height,
which was not previously envisioned. The screw dislocations gliding in fcc carry the
transformation because they shift atomic positions along [101]¢. from fcc to bcc
stacking. The detailed identification of the Burgers vector of the [101]¢. Screw
dislocations is provided in Appendix E.

Second, there are screw dislocations with kinks, having ay../2 [111] Burgers
vector and gliding on the (101),.. in the bcc phase with a line direction in the
interface, as seen in Figure 5c and sketched in Figure 5b (see Appendix H). These
dislocations arise naturally to accommodate the tilt angle ¢ on the (111)¢. I (011)pcc
plane. These screw dislocations reside on the bcc side of the terrace plane, and have
edge-character kinks in (101),.. out of the terrace plane, which are readily identified
with a Burgers circuit construction in bcc (Fig. 6a). This is consistent with the

measured Burgers vector and the ~ [037]fcc lines of contrast identified with TEM® in

laths with ~ (575)¢.. habit plane. This defect was often speculated to be a screw

4,89

dislocation in fcc™®”. The spacing of the ap../2 [111] defects is ~2.55 nm, close to

measurements® (2.6 - 6 nm).
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The interfaces for all orientations (¢ = 3.11°4.75°,5.21°,5.7°) in/near the
experimental range have the same defect structure, as shown in Figure 7. The
orientation determines only the habit plane, the average step spacing, and the spacing
and line direction of the bcc dislocations; the step direction and associated screw
dislocation are fixed by the imposed boundary conditions. The atomistic simulations
thus provide a unified picture of the interface similar to that of the TM model: there are
two sets of defects whose spacing and/or line direction varies to accommodate the
orientation.

Figure 8 shows the structures obtained for the KS orientation (¢ = 0°) and an
orientation outside of the experimental range (¢ = 10°). For the KS orientation, there
are no bcc dislocations (their spacing is infinite). The screw dislocation along the step
is now compact with slip plane and direction identical to a bcc screw (see Appendix E).
There are also multiple step heights, which differs from the DFT simulation (Figure 3)
because the atomistic simulation is performed on a much larger unit cell that enables
the interface to adopt a lower-energy structure with multiple step heights; this will later
be predicted by the theory. At ¢ = 10°, well above the experimental range, the
interface has an entirely different and complex structure. We discuss these interfaces
further below when we address interface motion.

We now discuss the possible influence of simulation constraints and interface
construction methods on the observed interface structure. The interface structures here
satisfy periodic boundary conditions. In particular, the step orientation [101]¢.c is
taken as a periodic direction according to direct HRTEM observations**? in Fe-Ni-Mn.
Deviations of the step line from [101]¢. are possible in real materials, and are
predicted by theory (see below and TM), in which case the [101].. screw dislocations
would become kinked. We discuss implications of this on interface motion below. The

parallelism between (111)¢.. and (011),. at the interface is not enforced, but is the
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result of atomic relaxations: tilts of few degrees can be present between the two phases
far from the interface, but the system tries in all cases to achieve parallel close-packed
planes at the interface. This is consistent with TEM observations™, showing parallelism
of these planes at the interface even when a few degrees of mismatch exists far from the
interface®.  Finally, Figure 4a shows one apparent extra (111)s. plane along the
periodic direction [343].; this is not an extra plane in fcc but is due to the presence of
the ap.c/2 [111] edge dislocation core in the bcc-like plane just above. Such “extra
planes” are sometimes observed in HRTEM, and might disappear for a specific lattice
parameter ratio (1.247) and habit plane orientation (121)¢.. (e.g., Fe-Ni-Mn alloys
considered in Refs. 4, 13) because in such specific cases there is perfect matching of
atomic distances in bcc and fcc along the [111];. direction.

Overall, the interface structure found atomistically is fully consistent with multiple
TEM experiments*®, and provides a clear and physical identification of the precise

nature of the interfacial defects. This is the first main result of this paper.

4. Interface motion: origins of glissile/athermal motion

The atomistic fcc-bee interfaces for orientations ¢ = 3.11°,4.75°,5.21°,5.7°, within
or very near the experimental range, are all glissile/athermal, i.e. at T=0K these interfaces
glide at zero applied shear stress. The interface in Fig. 4 is actually pinned by
undetectable structural features, and minute adjustments lead to an interface that glides at
T=0K and zero stress (Appendix F). The interface in Fig. 4 glides at T=0K under the
application of a small shear strain corresponding to just 1 MPa shear stress in the
direction of the transformation. A movie of the ¢ = 4.75° gliding interface is shown in
Supplementary Online material.

Athermal motion at T=0K could be caused by a very strong thermodynamic driving

force for the fcc to bce transition. For this MEAM potential, the Gibbs free energy
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difference between fcc and bcc is ~8.5 meV/atom at T=0K. We have thus studied the
behavior of the interface at finite temperatures up to 600K. At 600K, the Gibbs free
energy difference is reduced down to ~3.0 meV/atom, and so is much smaller.
Nonetheless, at all temperatures, the interface structures for ¢ = 3.11°,4.75°,5.21°,5.7°
are maintained and the interfaces remain glissile/athermal (athermal at finite-T meaning
that it moves very rapidly with no evidence of thermal activation that would reduce the
net velocity). Thus, the glissile/athermal motion is not artificially driven by a large
driving force (see Appendix G for further details).

Experimentally, “isothermal” martensite can be observed, i.e. situations arise
where the macroscopic interface motion appears thermally-activated. However, it is
well-established®*>*® that this behavior is not related to the intrinsic structure and
motion of the interface, which needs to be glissile to avoid local atomic diffusion®™.
This has been demonstrated by multiple studies, as reported by Christian® and
concluded by Ogawa and Kajiwara'®, showing that the interface of steel grades
where "isothermal™ martensite forms has the same features as those of Fe-Ni-Co-Ti and
Fe-Cr-C alloys where athermal martensite forms. The isothermal (thermally-activated
or rate-dependent) martensite formation is thus understood to be an extrinsic
phenomenon, due to the interaction of the interface with dislocations in the austenite
matrix (perhaps generated by plastic flow caused by stresses created by the
transformation strain itself).

Analyzing the detailed atomic motions for ¢ = 4.75°, Figures 9a,b show the upper
interface of the bicrystal before and after applying a shear displacement of b =
agec/2[101] at the top surface. Only the interface moves to accommodate the applied
displacement, and the defects are observed to glide with the interface (see movies in
Supplementary Online material). There is no change in local crystalline configuration

nor creation/elimination of sites or defects. Figure 9c¢ shows the detailed atomic
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displacements at the interface for load along the [101]¢. direction. There is a
displacement difference of ~b between bcc and fcc along the phase transformation
direction, with out-of-plane displacements negligible. In the interface region, the two
main contributions to the atomic displacements are the relative gliding of the atoms
along [101]¢. (glide of the screw dislocations) and the relative sliding of atoms along
[111]ycc (glide of the bce kinks), see Appendix H. The bcc dislocations glide on the
(101)pc plane in the bee phase (see Appendix H). The atomic displacements become
homogeneous outside of the interface region and align approximately parallel to the
interface, along the [101]¢. + 19.5° direction. Measuring the distance swept by the
interface defects on the (111)¢.. plane, we estimate a transformation strain of 59%.

These interfaces are athermal because the edge-character kinks belonging to the screw
dislocations in the bcc phase move at very low stress, and can push the fcc screw
dislocations, which in turn glide almost spontaneously into the fcc phase. Discussion of our
results relative to the literature regarding necessary conditions for a glissile interface is
provided in Appendix 1.

The interfaces with ¢ = 0°, 10° (KS and outside the experimental range) are not
glissile/athermal. The ¢ = 0° interface (KS orientation) with no bcc screw dislocations
requires ~440 MPa stress to move at T=0K. The remaining fcc screw dislocation along
the step now actually has collapsed to effectively a bcc screw dislocation, which has high
Peierls stress (see Appendix E). Theory (see below) predicts that the actual KS interface
has a step direction at an angle from [101].c, Which requires the formation of kinks of
edge character. These kinks should be able to move athermally. The complex ¢ = 10°
interface requires 1100 MPa at T=0K to move because the glissile interface structure has
disintegrated (Fig. 8b). All the bcc dislocations, which would be very closely spaced,
have crossed the interface into the fcc phase and this completely eliminates the ability of

the interface to move. The kinks of the bcc screw dislocations are able to cross into fcc
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because the [111],. direction becomes very close to [011]¢., and hence the barrier for
slip transmission from one phase to the other is low. Furthermore, there are no screw
dislocations, only mixed dislocations (indicated with Burgers vector b, in Figure 8b) that
accommodate the misfit along the [101]. direction. This is consistent with theory (see
Section 5 below), which predicts that an interface with the “glissile/athermal” structure
found for the observed orientation range is not possible for this orientation angle. There is
thus no feasible arrangement of screw dislocations that is capable of accommodating the
misfit along [101]¢.., and hence mixed dislocations are the only possible solution.

Our results rationalize the origins of the glissile/athermal interface in the
experimentally-observed range of ¢. The results also imply why the experimental range
is observed — it corresponds to the range over which the interface defects are such that the
interfaces are indeed glissile/athermal, enabling the fastest rate of transformation to the
low-energy bcc phase. The glissile and athermal nature, and mechanism of motion, of the

interface is the second main result of this paper.

5. New theory of the fcc/bec transformation

We now incorporate the observed defect structures into a new crystallographic
theory for the martensitic transformation. The theory predicts the habit plane normal
vector nV, shear transformation direction s, and magnitude m® of the shear
transformation strain, as the elements of the overall compatible shape deformation
tensor of the form P = I + mWs® @ n™ where I is the identity tensor, which
must have the form of a pure shear deformation. The historical PTMC theories have
been labeled as “phenomenological” because the choice of defects has been made with
some combination of (i) experimental input, (ii) assumptions of what might exist,
and/or (iii) broad searching across a range of defects without direct connection to the

interface structure.  The Topological Model was applied specifically to use
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crystallography to identify possible defects, but has to date been executed only within a
constrained set of defects required to lie in the terrace plane and is generally unable to
assess additional atomic-scale accommodations. Here, our choice of defects is
determined by the atomistic simulations, which automatically satisfy all
crystallographic considerations as well as additional features beyond crystallography,
and hence we label this theory as a “predictive” theory for martensitic crystallography.
The theory starts with the well-known homogeneous fcc to bcc lattice
transformation™ %%’ § = R- B where B is the Bain strain tensor (actually the

deformation gradient tensor)

— a -
\/E bcc 0 0
Afce
a
B=| o v22= o
Afcc
0 0 Apcc
AfccH

and R = R, - Ry, is a composite rotation tensor defining the orientation relationship at
the interface (see Figure 2); both are uniquely determined by as./ayc and the orientation
¢. The Bain correspondence is adopted here (see Fig. 2). No “shuffling” is needed to
achieve the correct orientation®®, because the Bain strain yields the correct change in
atomic stacking from fcc to bcc. Since this bcc phase is now misoriented and misfitting
with respect to the original fcc phase, there must be additional shear deformations of
the bce phase “at” the interface that bring the bcc crystal into (average) registry with the
fcc crystal along some fcc crystalline plane (the habit plane) defined by the shear
deformation P(M. The observed P is thus related to S via two other lattice-invariant
shear deformations P and P® of the bec crystal as
PO =R,.5-P®.pQD

where PO =1+ m®Ds® @ n®. The shears P® and P® are associated with two
sets of interface defects as described below.

The rotation R, is introduced as a new, small, but essential, corrective rotation that
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connects the far-field (R') and interface (R) orientations, R’ = R, - R, which differ
slightly in experiments®® and also in our simulations. For instance, some of the bcc
atomic planes in Figure 1b are clearly curved, and this is seen more clearly in Appendix
A as deviations of assumed straight planes of atoms. R, is usually neglected®, or

absent when both defects are assumed to be in the fcc phase’’®

. While very small,
without R,, the theory (as well as the standard PTMC and the TM model) would
predict a single unique interface orientation ¢ for a given asgc/anc. This would conflict
with both experiments and our simulations, which show the possibility of having
interfaces with different ¢ for the same lattice parameter ratio. Once B and the shears
P® and P®are defined, the shape deformation P can be uniquely computed and
then R, can also be uniquely determined.

Guided by the atomistic structure, we assign P as the shear due to the ap.c/

2[111] screw dislocations gliding on (101),.c; this choice has never been considered

2 sing

@ @)= ————F
previously. The shear m'%’ is fixed by the orientation ¢ as m = Jasinsin—g)’

where ¢ = cos™? G) ~ 70.53°. We assign P® as the shear due to the as./2[101]

screws gliding on the (111)¢. plane (Figure 9a); this is the standard assumption’.
However, the magnitude m® of this shear must be determined. Each screw dislocation
is accompanied by a step, but the step height is not pre-determined. In both

experiments and simulations, step heights of multiple integers of the (111);.. plane

fcc

spacing —= 75 are observed (see Figs. 1 and 4). We introduce the new physical parameter

fcc

B as the average step height normalized by —=, which is equivalent to the average
screw separation along (111)¢., with the requirement that # > 1. The strain m® is

the average slip on each (111). plane and so m® = —w/3/

A proper theory must thus predict a value of §>1 and be consistent with

experimental/simulation observations.  Existing HRTEM**® experiments do not
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identify the screw dislocations, but show steps of different height. Counting step
heights instead of screw dislocations provides a range of 8 because the local atomic
details needed to define the steps are not always clear, both in micrographs and in
simulations. For example, in the simulations, we can count the stacking faults at
¢ = 4.75° and obtain f = 1.5 but when we count steps, after careful examination of
different cross-sections, we can only determine 1.2 < 8 < 1.5; the latter is consistent
with a distribution of steps of normalized heights 1 and 2 and contains the exact value
B = 1.5.

The observed shear P™ is now determined by setting PV = R, - S - P® . P@ and
then determining the value of £ for which P(") has the form of an invariant shear strain,
PO =1+mWs® @n®.  This is achieved when one of the Principal Stretches
(eigenvalues) of U = W equals unity, and the solution is unique. The

magnitude, direction, and plane of slip are then determined by the other two

eigenvalues (Ayax, Amin), @nd their eigenvectors (€max:€min), aS

. D) lfnax—l 1_Afnin
Habit plane normal: n = Wemax T Wemin
max min max min
. . . €)) lfnax—l — 1_Afnin
Transformation direction: s = A,in 77 €max T Amax 732 €min
max min max min
Transformation strain: m® = Aoy — Amin

Out of the two possible solution for sV and n, the one which yields n® the closest
to the crystallographic habit plane (111)¢.. is considered; this result is independent of
R,. Subsequently, Ry = P® - (§-P® . P(Z))_1 is computed. The step line direction
s is also computed as s = n® x n™@, and the angle & = cos™* (¢® - s) indicates its

deviation from the screw line & on the (111). plane. Using the defects found in the
simulations, the only inputs to the theory are the ratio asc/anc between fcc and bcc

lattice parameters and the angle ¢ characterizing the local orientation relationship.
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Table 1 shows the validation of the crystallographic theory with respect to the
simulations for both ¢ = 4.75° and ¢ = 3.11°. We use the lattice parameter ratio
measured in the simulations far from the interface because the (average) elastic misfit-
free interface is only achieved for the exact irrational habit plane predicted by the
theory and the finite simulations slightly deviate from theory and accommodate these
deviations elastically. The predictions of the crystallographic theory for ¢ = 4.75° are
in excellent agreement with the simulation results in all respects, especially including
the average step height 8. The predicted R, corresponds to orientation differences d@
between (111)¢ and (011)y,. around [101]¢.., dy around [121]¢., and d¢ around
[111]¢.c. The predicted d6 is consistent with simulations, while constraints in the
simulations prevent de # 0° and dy # 0°. The step line direction, indicated by the
angle & with respect to [101]¢. on the (111)¢. plane, is nearly zero, while constrained
to be & = 0° in simulations.

The theory predictions for ¢ = 3.11° are also in good agreement with simulation
results in nearly all respects. The main difference relates to the step direction, which is
again enforced to ¢ = 0° in the simulations while theory predictions yield £ = 3.5°.

The predicted step line direction is not exactly along [101]¢.. The predicted

geometry can be realized as consisting of segments of steps and screws along

[101]. with kinks spaced by Sg = ﬁ. If s; > b then a feasible arrangement of

isolated fcc kinks is possible. Due to both size and complexity, it is not possible to
construct simulations cells that would enable study of any such kinked structures. But
note that the crystallographic theory is not affected by having (or not) fcc kinks, since
the input P® carries no information about the character of the fcc dislocation, and thus
the theory is independent of the exact dislocation character. For ¢ = 4.75°, the kink
spacing is quite large. For ¢ = 3.11°, the kink spacing is ~ 4 nm, which is reflected

by the deviation of the predicted habit plane from (xyx);... The theory also predicts a
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line direction of ~ 4.5° from [101]. for the KS orientation (¢ = 0°) and thus slightly

smaller kink spacing. However, the predicted presence of such kinks would provide a

mechanism for glide of the KS interface wherein the kinks glide on (111)¢. Il

(011)y to carry the interface motion athermally.

Extending the theory to higher misorientation angles, the theory predicts f < 1 for

@ = 7°. This implies that such interfaces cannot exist while maintaining the interface

structure defined by the two defects found in simulations. Thus, some different

interface structures must form. This accounts for the breakdown of the interface into a

new structure that is observed in simulations for ¢ = 10° (Figure 8b).

Simulations Theory Simulations Theory

Afcc
Toce ~ 1.2537 1.2537 ~ 1.2518 1.2518

2 4.75° 4.75° 3.11° 3.11°

B 1.5 1.515 1.46 1.552
n® (23 2)ec (23 2)ec (10 17 10) . (10.5 17.6 10)¢cc
s | [101]g +19.5° [10 1]gc + 19.5° [10 1]gec +19.9° | [10 1]gec +20.4°
m® 0.59 0.57 0.55 0.56

do 0.34° 0.28° 0.49° 0.34°

do 0° (constrained) —0.15° 0° (constrained) 0.017°

dy 0° (constrained) —0.003° 0° (constrained) 0.021°

'3 0° (constrained) 0.38° 0° (constrained) 3.5°

Sg 37.9 nm 4.1 nm

Table 1 | Predictions of the theory for martensitic transformations versus

simulations. Predictions use the ratio between the bulk bcc and fcc lattice parameter

measured in simulations far from the interface. The theory matches all aspects of the

simulation well.
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The success of the new theory here in predicting many features of the simulations,
within constraints of the simulations, including multiple step heights and a range of
orientations for a fixed lattice parameter ratio, is the third main result of this paper, and

now motivates applications of the theory to real Fe-based steels.

6. Application of the theory to Fe-Ni-Mn and Fe-C

Table 2 shows predictions of the crystallographic theory for Fe-Ni-Mn alloys along
with experimental results. For Fe-Ni-Mn, we use the measured average orientation ¢
and measured alloy lattice constants; there are no adjustable parameters. The predicted
details of the transformation are within the experimental range for all quantities, and the
predicted B = 1.69 is consistent with a distribution of steps of heights > 1, as observed
(Fig 1). The transformation strain is larger, but not significantly larger, than the lower
bound experimental result. The predicted (d6,dy, de) are small, consistent with one
experiment where they were studied®®. The deviation of the step line from [101] is
very small, consistent with HRTEM observations of step line parallel to [101]s.. **¥,
and the predicted average fcc kink spacing is large, and much bigger than typical
HRTEM specimen thickness.

Table 3 shows predictions of the crystallographic theory for Fe-C alloys along with
experimental results. For Fe-C, we consider the average measured ¢ as well as values
at the measured +/-1° standard deviation'® so as to elucidate trends with orientation.
We also consider the experimental range of alloy lattice constants associated with
varying austenite C content in low C steels®. For all ¢, we predict a habit plane

consistent with experiments and predict 1.01 < g < 1.61 again in the physical range

and consistent with a distribution of observed step heights between 1 and 2 units.
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Experiments
Fe-20Ni-5Mn® Theory
Refs. 4,8,13,14
Qfec
~ 1.247 1.247
Apce
P =~ 3.8° @ =3.8°
B ~1.2-2.3* 1.69
n(s8 9.5°t0 19.5° 15.6°
s@ [101]¢ec + 22.4°
m® > 0.304 0.50
do 0.28°
do —0.15°
dy 0.00°
z ~ 0° &0 0.18°
s¢ 79.8 nm

S The lattice parameter of bulk bce (ape. = 2.87 A) and fcc (ag. = 3.58 A) are
from XRD measurements on a Fe-23Ni-3.8Mn alloy"®, since Refs. 4, 8 and 14 do

not provide lattice parameters.

4,13

* B parameters are estimated from two HRTEM micrographs™~°, see Fig. 1.

5% Habit planes are stated in terms of the misorientation 6 with respect to
(111)¢. (6 = 0°) around the step line direction ([101]. axis in experiments).
Typical orientations observed in experiments are (575)¢.. (0 = 9.5°), (232)¢cc
(0 = 11.4°), (353)4cc (6 = 14.4°) and (121)¢. (8 = 19.5°).

501

502 Table 2 | Predictions of the theory versus experiments on Fe-Ni-Mn alloys.
503 Predictions are made using the average orientation ¢ and measured lattice constants.
504 The habit plane range is based on TEM analyses® and HRTEM**® micrographs.

505
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507
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509
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Experiments Theory
Fe-C alloys*
Refs. 10,12,39-42
Afcc
a 1.25 - 1.274 1.25 1.274
bcc
p =25°%+1° =15 ¢p=25° | ¢p=35° | ¢=15° | p=25° | ¢ =3.5°
p ---- 1.51 1.56 1.61 1.1 1.08 1.01
9.5°
n@s to 17.6° 16.5° 15.1° 11.9° 10.3° 8.34°
14.4°
S(l) e [TOl]fcc [101]fcc [101]fcc [TOl]fcc [TOl]fcc [101]fcc
+19.9° +20.7° +21.2° +13.7° +13.6° +13.0°
m® 0.59 0.56 0.53 0.85 0.87 0.94
do < 2.0° 0.37° 0.34° 0.317° 0.46° 0.39° 0.32°
do ---- 0.21° 0.07° —-0.06° 0.37° 0.25° 0.15°
dy ---- 0.03° 0.02° 0.01° 0.10° 0.08° 0.06°
& ---- 5.14° 3.99° 2.06° 11.4° 11.1° 10.2°
Sg ---- 2.8 nm 3.59 nm 6.95 nm 1.24 nm 1.27 nm 1.39 nm

* The room temperature bulk bcc lattice parameters at either 0 GPa (ay,.. = 2.865 A) or 3 GPa
(apee = 2.848 &) are used™. C below 0.6wt% in martensite leads to negligible tetragonal
distortions and can slightly increase (<1%) the bcc lattice parameter®’. C saturated bcc lattice
parameters are also considered according to Ref. 43. The fcc austenite lattice parameters are
[taken in the range 3.59 A < ag.. < 3.63 A, according to XRD measurements on low carbon
steels (Fig. 4a in Ref. 39).

® Habit planes are stated in terms of the misorientation 6 with respect to (111)¢. (6 = 0°)
around the step line direction ([101]¢. axis in experiments, which generally neglect possible
deviations ¢ of the step line direction). Typical orientations observed in experiments are
(575)fcc (6 = 9.5°), (232)¢cc (8 = 11.4°), (353)¢cc (6 = 14.4°) and (121)¢. (6 = 19.5°).

Table 3 | Predictions of the theory versus experiments on Fe-C alloys.
Predictions are made for a range of orientations ¢ spanning the reported values, and for
lattice parameters corresponding to the expected range of C content in the austenite

phase. Habit planes refers to multiple TEM analyses'®*.
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The results for Fe-C show that all the main features related to the shape deformation
(transformation strain, habit plane and transformation direction) depend on the fcc/bce
lattice parameter ratio, which is alloy specific, while but are weakly dependent on the
specific orientation relationship ¢, which can vary experimentally from KS to NW
within the same alloy***. In general, trends show that the higher the lattice parameter
ratio, the bigger the transformation strain m and the lower the angle 8 between habit
plane and (111)¢. plane. The trends in the average step height 8 change as a function
of the asc/ancc ratio. At low ratios (1.25),  decreases with decreasing ¢, while at higher
ratios (1.274), f decreases with increasing ¢. Finally, as the lattice parameter ratio
increases, the deviation of the step line from pure screw orientation increases
significantly. For the experimental Fe-C lattice parameter ratios, the predicted fcc kink
spacing is still consistent with an atomistic picture of straight screw segments and edge-
character kinks. We discuss more outcomes below.

The success of the new theory in predicting experiments is completely independent
of the atomistic simulations, and in particular of the chosen interatomic potential. The
theory only uses the defects identified in the simulations, and these defects could have
been postulated a priori. The new theory also introduces both § and R, that make
essential contact with experimental observations. The success of the new theory is the

fourth main result of this paper.

7. Implications of the theory for design of alloys

Our new understanding of the fcc-bcc interface defects now provides a quantitative
framework for material and microstructure design across the scope of multiphase steels,
including bainitic steels (see Appendix J) and other materials relying on martensitic
transformations®’.

Of particular importance is the prediction of the transformation strain m™, which
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is crucial to toughening in TRIP steels. Existing continuum models of TRIP steels***’

are now widely used for predicting the effective stress-strain behavior of polycrystalline
steels*®. A key input to these all theories is the shear strain P due to transformation

of retained austenite. Unlike previous models™®*°

, the present theory provides a unique
and physically-based value for this quantity as a function of the underlying material.

Specifically, with the defects now firmly established, the theory predicts m™ to
depend only on agc/an; and the orientation ¢. Moreover, m™ (as well as s() and
n) is mainly controlled by as/anc; @ is much less important (See Fe-C systems in
Table 3). The transformation strain can vary strongly with as./apcc, ranging from ~0.55
to ~0.95 across the Fe-C alloys. For design, changes in asc/anc can be predicted by
first-principles methods and then the theory can be used to predict m®. A
computational search can then be performed to find materials that maximize m.
While the development of new materials requires consideration of many factors, the
ability to include accurate predictions of the maximum transformation strain provides
an important input, especially for designing materials for high ductility.

The theory also provides a means of determining the limits over which the fcc-bcc
interface defects, required for glissile/athermal motion, can occur. For a given ¢, the
theory predicts that there is a maximum lattice parameter ratio above which f < 1,
which is unphysical. The theory thus suggests that larger values of the lattice parameter
ratio cannot have the glissile/athermal structure found here. For the Fe-C system at
¢ = 3.5°, for instance, the theory predicts that g < 1 for agc/apec > 1.274. In fact,
arc/ancc>1.274 corresponds® to alloys where C partitioning in the austenite reaches
local levels above ~1.3 wt%, comparable to the level (~1.0 wt% C) at which, indeed,
there is a clear change in structure found experimentally in the martensite, towards the
fcc austenite-bct twinned martensite interface. For lower ¢, the admissible lattice

parameter ratio increases, and thus interfaces with higher carbon levels in the austenite
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are admissible. This is consistent with the observation* of an average ¢ = 1° for
carbide-free Fe-C bainite, for which the maximum predicted permissible lattice
parameter ratio is asc/apee = 1.28, which corresponds®® to C concentrations above 1.5
wit%. The existence of a maximum admissible lattice parameter ratio can also explain
why, in bainite formed at 723K, the maximum observed C concentration is 1.61 wt% C
(501 well below the paraequilibrium value at this temperature (3.29 wt%). It can also
provide insight into the different transformation stages observed in Fe-C bainite®®>. It
is observed that after the peak concentration of 1.61 wt% C is reached in the retained
austenite between the ferritic laths, the transformation stops until carbides form in the
austenite. This decreases the austenite C content and can thus allow for formation of
new ferrite variants at asc/anc ratios where this glissile/athermal fcc-bcc interface is
admissible. The theory can thus provide limiting material properties for achieving the
glissile interface as a function of composition and processing.

The theory may provide the basic insights to enable investigation of other behavior.
For instance, the high transformation strain due to the austenite-martensite interface

52,53

migration may contribute to the “greasy” plane effect> in the widely-used low carbon

lath martensite®®, where localized slip/plasticity occurs®*®°

in the very thin retained
austenite films at lath boundaries®®.  Also, the mechanism of mitigation of hydrogen
embrittlement®” by the introduction of thin austenite films within martensite will
undoubtedly be influenced by the fact that edge-character kink segments reside in the
low-H-solubility martensite phase rather than screw dislocations in the austenite phase.
Similarly, knowledge of the interface structure may help identify physical mechanisms

for the interaction of alloying solutes (Mn, C, Ni, Si, etc.) with the interface defects,

which influences physical properties.
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8. Comparison with existing PTMC and TM models

As mentioned in the introduction, there is a long history of crystallographic
modeling of the fcc-bee interface in iron alloys. Our work presents many similarities
with previous work and confirms many previous assumptions. In contrast with all
previous theories, we identify the relevance of the fcc-bcc lattice parameter ratio for
determining the transformation strain, and provide a predictive model rather than a
range of solutions for a specific material. Compared with PTMC, our theory nails
down the possible sets of interface dislocations accommodating the lattice invariant
deformation to a single set. Compared with the TM, the model allows for combinations
of steps with multiple step heights within the same interface, which provides the
flexibility needed to predict experimentally-consistent defect structures for the whole
range (KS to NW) of experimentally observed orientation relationships. A detailed
comparison is further provided below.

Existing PTMC theories**"*® select two sets of intrinsic defects that relieve the
misfit/coherency strains associated with the transformation. These defects are

usually**"*°

(i) screw dislocations having ag../2[101] Burgers vector next to steps
aligned with [101]¢; and (ii) screw dislocations with ag../2[011] Burgers vector.
The glide planes are either assumed®’ to be (111)¢. and (100)¢.. (not an active fcc
glide plane) respectively, or not uniquely identified'®!®. These assumptions predict a
habit plane in good agreement with experiments'”°, but the transformation strain is
much too large'” (~0.96) or falls within such a wide range of values for the same

material*®*°

that it provides no useful answer. Furthermore, no PTMC theory predicts
explicitly multiple-height steps at the interface (parameter § > 1), nor a mismatch
between interface and far-field orientation relationship (corrective rotation R,). Unlike

existing PTMC theories, in the present work we demonstrate explicitly that the chosen

defect combination is glissile and athermal, and provide a detailed picture of the model
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(Fig. 5b) which is consistent with experiments and simulations.

A study®® based on the topological model identified possible interface defect
structures, and the outcome shows, in general, subtle differences with respect to our
work. First, the ay../2[111] screw dislocations considered here were assigned an
arbitrary line direction contained in the (111)¢.. plane, while here the line direction is
out of that plane and is at the intersection between (111)¢c I (011)pcc and (101)pcc
(see Fig. 5b). Second, the combination of ay../2[111] screw dislocations with screw
dislocations having ag../2[101] is ruled out in TM, while steps with different Burgers
vectors and generally different line directions are considered. This TM model also
predicts that, in the KS limit, two sets of defects must still exist, while our work
(consistent with DFT>%) shows that only as../2[101] screws are necessary, although
probably with kinks to ensure athermal motion. Ref. 20 also does not specify the glide
planes of the interface defects nor determine any transformation strain. In contrast, the
defects found here in the atomistic interface (ag.c/2[101] screw and ap../2 [111]
screw gliding on (101),..) lead to excellent predictions of all measured and/or
simulated quantities for the fcc-bec interface. Finally, the defect structure predicted by
TM? shows some qualitative agreement with experiments only for one specific
orientation (¢ = 2.76°), while in our work the predicted defect structure is consistent
with experiments all the way from KS to NW.

With respect to TM, we allow multiple step heights in the same system, i.e. § > 1,
enabling the flexibility that allows us to find a solution that agrees much better with
experiments. Furthermore, the simulations account for actual atomic interactions and
configurations, thus include energy in addition to geometry/crystallography. However,
the application of TM theory with unit cells multiple step heights (not pursued in Ref.
20) might provide a defect structure close to the revealed in our atomistic simulations.

Finally, the TM theory does not envision any far field rotations R,, which are observed
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in simulations and can be accommodated by defects in the bcc and fcc matrix, as
observed experimentally®. The TM model developed in Ref. 20 may simply be too
constrained in forcing a solution that relaxes the misfit in every individual unit cell of

the interface.

9. Summary

In summary, a careful atomistic simulation, guided by macroscopic experimental
observations and using a validated interatomic potential, reveals the intrinsic defect
structure of the fcc/bee interface in excellent agreement with experiments. The
simulation also shows that the interface is glissile and athermal, i.e. moving at T=0K
under zero stress. The observed defects are then used to develop a parameter-free
predictive crystallographic theory, which is shown to predict all aspects of the
simulation and, more importantly, to predict many features of experiments, including
multiple step heights, trends with orientation and lattice parameter ratio, and corrective
rotations, that are all observed. The parameter-free theory and insights about the defect
structure of the interface now provide a foundation for future design and control of this
interface, with the potential for enhancing strength and ductility across the wide class of

technologically valuable steels where this interface is the key microstructural feature.
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APPENDICES
APPENDIX A. FURTHER COMPARISON WITH EXPERIMENTS

In Figs. 1b and 4a, we added a red line to indicate the possibility of having steps of normalized
height greater than unity in the Fe-Ni-Mn steel measured by Moritani et al.*. Figure A.1 below
shows the procedure that we followed for the identification of the interface line.

First (Fig. A.1a), we have indicated with blue circles the center of the atomic columns [101]cc
and [111],.c (3.7° degrees apart in this material) to better identify their position (they sometimes
appear slightly blurred). We have considered only the atomic columns in proximity to the interface.
Then, in Fig. A.1b we have isolated the pattern of blue dots (the center of the atomic columns). We
have identified the (111)¢. and (101)y,. traces in the plane of the image, considering both of them
constant throughout the micrograph. This identification gives the best average match with the
atomic pattern. Note that the column centers have a more regular distribution in the bcc phase as
compared to the fcc phase, which can be due to HRTEM imaging artifacts. Indeed, the electron
beam in Ref. 4 was aligned with the bcc phase [111],.. direction, and [101]¢. is slightly tilted
according to the orientation relationship, thus showing poorer image quality. Note that the (111)¢,
planes appear to have some curvature, as pointed out also in Ref. 13, and associated with the
additional rotation R, in our theory. Each trace has been placed by best approximation of the
alignment of the atomic column centers. Every trace intersection falls on one atomic column, which
thus sits at the boundary between bcc and fcc phases. Thus, the interface boundary is constructed
with a red line connecting all atomic columns at the intersections. Finally in Figure A.lc the same
red interface line is reported, with the HRTEM micrograph. Note that steps with normalized height
2 are present. This line is the same red line reported in Figs. 1b and 4a. This line deviates from the
white line drawn by Moritani and co-workers®. There is no clear indication that Moritani et al.’
attempted to indicate the exact interface boundary, but rather they indicated a qualitative interface
between bcc and fcc characterized by steps. The observation of steps with normalized height greater

than 1 has been also reported in Ref. 13, in a very similar material (see Figure 1a).
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APPENDIX B. DISCUSSION OF PREVIOUS ATOMISTIC MODELING

There is an extensive literature on atomistic modeling of the austenite-martensite interface in
iron. We identify mainly two approaches in the literature. The first approach uses energy
minimization (molecular statics) to obtain candidate interfaces, as exemplified by the pioneering
work by Yang and Johnson®®. Their main finding is that, for the NW orientation, interface steps are
needed to obtain interface energies close to the experimental range. Similar conclusions were
reached in the later work by Nagano and Enomoto®®, where both KS and NW orientations were
considered. The latter work discussed the necessity of the interface ledges, consistent with HRTEM
observations**3, but only the two limit cases of KS and NW were analyzed. Furthermore, no clear
analysis of the interface defect structure was provided nor was the possibility of achieving a
glissile/athermal interface demonstrated. Any such conclusions based on minimum energy
arguments are not expected to be relevant for the austenite-martensite interface, which is
kinetically-selected and thus need not be of low energy. As stated by Christian™ (page 962): “In a
martensitic reaction, the extra strain energy is tolerated because some degree of coherency is essential to
the mechanism of transformation, and alternative forms of transformation with smaller strain energies
do not take place because their rates are very much slower. The martensitic transformation thus occurs
because of the existence of an easy growth mechanism, not requiring atomic diffusion, which leads to
the rapid production of a new phase and a net lowering of the free energy. The question of growth
mechanism is the central feature of a martensitic change and emphasizes the importance of the
martensitic interface in such a reaction”.

The second approach in the previous literature adopts relaxation at finite temperatures (via
molecular dynamics) to study the motion of different initial interface structures. This was first done

1%, and later in studies by Tateyama et al.’®®!, Suiker and Thijsse®, Wang and

by Bos et a
Urbassek?*® and, more recently, Ou et al.?*. All these studies consider the motion of fcc-bcc
interfaces with “flat” boundaries, i.e. without interface steps. Most of these interfaces are

(011)pec I (111) ¢, except for Ref. 62 and some cases in Ref. 22 where (011)pcc I (001)¢c iS
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considered, which is not consistent with any measured austenite-martensite orientation relationship.
When an analysis of the boundary is reported, it appears that the interface defect networks lie on the
interface plane and hence resemble epitaxial semi-coherent interfaces. It is well established (e.g.
Bhadeshia and Wayman®®, Section 9.4, Page 1041) that “the normal displacement of such an
interface requires the thermally activated climb of the intrinsic dislocations. A martensitic interface
cannot therefore be epitaxially semi-coherent”. As a consequence, although glide mechanisms are
sometimes reported®?, local atomic reshuffling and change of symmetries are usually observed®
%283 This is also not consistent with the martensite transformation, since long-standing and well-
established literature states that “the absence of atomic interchange is confirmed by the growth of
martensite at very low temperatures and by the fact that ordered phases remain ordered after
transformation.... In the absence of diffusion, the atomic movements must be orderly and
coordinated, and the neighbors of most atoms remain unchanged” (cf. Ref. 15, page 962). The work
by Song and Hoyt®**®®, which is referred to in some of the above literature, represents an austenite-
ferrite interface. Although interface steps are modeled, they are not aligned with (111),,.. but rather

with (100),.. (~ 55° apart) and hence not consistent with experiments***

, see Figures 1 and 4a in
the main text. The authors of Refs. 64,65 mention that “the interphase boundary .... does not
migrate by a martensitic motion” and is an austenite-ferrite boundary, and hence the results do not
apply to the case of martensitic phase transformations in iron. Finally, none of the existing literature
on atomistic modeling of the martensite-austenite interface in iron reports a clear identification of
the interface defects (stacking faults, Burgers circuits and Burgers vectors) which are key new
outcomes of the present work (Figures 4, 5 and 6 of the main text, along with Appendix E).

The brief literature survey outlined above clearly shows the need for the atomistic modeling of
the interface as pursued in the present paper, which (1) is fully consistent with TEM and HRTEM
experiments (both 8 and ¢ within the experimental KS and NW limits and correct alignment of the

interface ledges), (2) shows a clear identification of the interface defect structure, and (3)

demonstrates that such an interface can be glissile/athermal.
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APPENDIX C. FURTHER DETAILS ON THE VALIDATION OF Fe POTENTIAL

The MEAM-T parameterization®® adopted here has the advantage of predicting (i) accurate BCC
bulk phase properties (lattice constant, elastic constants), (ii) a stable FCC phase with accurate
properties (lattice constant, elastic constants), (iii) AGs..—pcc that is not too large (8.5 meV/atom) at
T=0K and decreasing toward zero with increasing temperature, with AG¢.c_pec ~3 meV/atom at
T=600K, for instance; (iv) transformation from BCC to FCC at high pressures; and (v) the accurate
DFT interface for the KS case® (¢ = 0°). Our interface involves dislocation motion, but only
screws in FCC and edge segments in BCC (gliding on the (101)y.. plane); thus the long-standing
problem of proper description of BCC screw dislocation cores is avoided in this particular situation.

Note that the MEAM-T parameterization by Lee et al. (2012) (Ref. 30) was developed with the

express purpose of studying phase transformations in iron. Lee et al.*

present a thorough analysis
of the calibrated potential performance along with the comparison against generally “better”
approaches (analytic bond order potentials and DFT) and against experimental data. Not only is it
shown® that the potential has correct behavior with respect to applied pressure (fcc more stable
with increasing pressure/temperature), but also Bain paths are analyzed.

We benchmarked this potential with two other MEAM parameterizations (MEAM-p from the
same paper and MEAM-0 by B.-J. Lee et al. (2001), Ref. 66), and with an existing EAM potentials
(Ackland et al. (2004), Ref. 67). The other two MEAM parameterizations give the wrong pressure
dependence (fcc becomes less stable with increasing pressure). The existing EAM potentials, with
the exception of one by Meyer and Entel (1998), Ref. 68, are usually calibrated and tested for the
bce phase only and are unable to capture both fcc and bec®.

Most literature potentials for iron are based on the Embedded Atom Method (EAM)™, which
generally neglects some aspects that are needed to predict different stable crystalline configurations
(bcc, fec, hep) in transition metals. An EAM parameterization capable of predicting the fcc to bece

phase transition was proposed by Meyer and Entel®®, though with low accuracy®®. Alternative to

EAM formulation are the bond-order potentials®* and high-order approximations of tight binding’:;
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both predict the relative bcc-fcc phase stability versus temperature. However, such formulations
incur much higher computational costs without any guarantee of convergence to physically
meaningful results’®. In addition, we require a potential that has a stable fcc phase (positive
stacking fault energy®*?). For these reasons, we have used the Modified EAM (MEAM) that is

able to capture structural changes at reasonable computational costs®®"*.

APPENDIX D - CONSTRUCTION OF THE ATOMISTIC AUSTENITE/MARTENSITE
INTERFACE

The constructed atomistic interface is, in part, a natural consequence of being consistent with
the experimental orientation relationship and habit plane. We have investigated a much wider range
of possibilities than the case reported in the main text (¢ = 4.75°), namely ¢ = 0° (KS), ¢ =
3.11°, ¢ = 5.21° (~NW), ¢ = 5.7° and also ¢ = 10°.

Here the general method adopted to construct interfaces for different ¢ is outlined. The first
interface considered was ¢ = 4.75°. For this case only, we assumed a habit plane close to the
experimental (575)¢.., which is reported most frequently in the literature®*®. After having
developed the full theory on the basis of the defects observed for the ¢ = 4.75° interface, the theory
was used to select the habit planes for all other ¢ values (see Table C.1 below). The correct
construction of the interface is not at all trivial to achieve, and probably accounts why it was not
reported earlier in spite of many other atomistic models of fcc/bec interfaces (see Appendix B). The
methodology we followed is as follows:

1. Setting the exact orientation relationship:

The angle ¢ is chosen within the interval (0°, 5.26°), which sets the misorientation between
the [111],. direction and the [101]¢. on the (111)¢. | (011)yc plane;

2. Setting the initial orientation of the fcc crystal:

(A) The [101]. direction is first set parallel to a coordinate (YY) of the simulation box. This

is of course not the only choice, but it allows to test different potential habit planes by
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3.

4.

rotating the interface around Y. Indeed, habit planes have usually the form (xyx).. and
therefore they all have the [101],. direction in common;

(B) The interface orientation predicted by the crystallographic theory (see main text) as a
function of ¢ and the fcc/bee lattice parameter ratio is assigned. We set this as the Z
coordinate of the simulation box;

(C) As a consequence, the X direction is determined by the cross product of the previous
two: the initial orientation of the fcc crystal in the simulation box is determined.

Setting the initial orientation of the bcc crystal:

(A) The bec crystal needs to be oriented such that ¢ is observed as well as (111)¢.. Il (011)pc.

(B) As a consequence of 3.(A), the relative orientation of the bcc crystal with respect to the
fcc crystal is determined. Therefore, the matrix C,, defining the parallelism relations
between fcc and bec crystals (also called “correspondence matrix”, cf. Ref. 74) can be written.

(C) With C,,, the bcc directions parallel to [101]¢, the habit plane direction Z and the fcc
coordinate along X are set. Note, that contrary to the fcc directions, the bcc directions
are in general irrational, and hence cannot be used directly to orient crystals in the
LAMMPS? (which requires integer indexes). The irrational orientation thus needs to be
approximated by an integer-indexed orientation. One needs to be careful not to depart
too much from the orientation calculated by crystallography (e.g. 1° or 2° max.) in
selecting the integer-indexed orientation.

Matching fcc and bcc crystals.

(A) Since orientations of fcc and bcc are set, it is possible to determine the period of both
crystals along the X, Y and Z orientation. It is clear that each elementary period in bcc
and fcc has a different length. For X and Y directions (i.e. in the habit plane), it is
important that the number of periods in fcc and bcc is chosen such that the difference in
total length (along X or Y) of fcc and bcc is low. Strains <5% are needed to achieve

coherent interfaces with internal stresses small enough not to generate other defects or
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alter phase energetics'). The choice of the Z coordinate for fcc arbitrary (it can be a
fraction of a period), while for bcc it is necessary to have at least 1 full period to restore
periodicity along Z direction. In fact, we first create a fully periodic bcc crystal in the
correct orientation. Then we remove a 5 nm layer of atoms from the middle of the bcc crystal
and insert a 5 nm layer of fcc in this region, which needs to be periodic along X and Y.

(B) Before minimization, it is checked that, by expanding the shorter crystal (either bcc or

fcc) along X and Y, periodicity is recovered at the boundaries.

5. Matching the interface at steps.
Almost “perfect” matching between fcc layer and bcc needs to be ensured before
minimization starts. This involves (i) removing “overlapping” atoms, (ii) removing
“voids”/vacancies and (iii) setting the two crystals at a relative initial configuration that
sets the initial energies of each atom at the interface to be on the same order of
magnitude as the energy of the bulk fcc and bcc crystals. This avoids wild creation of
defects in the bulk phases during relaxation.

6. Selecting the interface to study.

(A)To avoid arbitrariness in the choice of the initial relative position of bcc and fcc in the
(X)Y) plane, with consequent impact on the resulting structure, the energy
minimization/relaxation process is performed on a 10 x 10 grid on the (X,Y) plane, with
a maximum relative shift of 1 Burgers vector (such that all possible relative

configurations between bcc and fcc are probed). For each interface, minimization using

! Obtaining small mismatch strains (<1%) is challenging if, at the same time, one wants to achieve a reasonable
simulation size. We achieved this for the ¢ = 3.11° interface (reported in Section 3), where the mismatch strains along
X and Y directions were 0.7% and 0.66%, respectively, and the energy difference is 10.7 meV/atom. For other
interface orientations, larger strains, approaching 5%, were obtained, but these strains do not create much energy
difference between fcc and bce (and hence the driving force for transformation is not altered). For the case ¢ = 4.75°,
the fcc-bee difference is 11.25 meV/atom in the simulation cell as compared to 8.5 meV/atom between bulk fcc and bee

crystals at 3GPa hydrostatic pressure.
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the FIRE algorithm at 10K is performed to very tight tolerances on both forces (10%)
and energies (10®). Minimizations are then alternated with full box relaxations to a
target pressure (3GPa hydrostatic stress and zero shear stresses?) until 10 tolerance.
These two steps are repeated until convergence of the results, which is usually achieved
after repeating the procedure 10 times.

(B) If all previous steps are correct, the initial interface will not equilibrate until the fcc
phase is fully consumed. The consumption of the fcc phases happens via gliding of the
interface dislocations in glissile manner. There is no reshuffling of atoms except during
the initial steps of equilibration to form the interface structure. Some initial
configurations can emit defects into the bulk phases. In order to study the process of
interface motion, without including further complications, we selected the interface which has
the minimum energy configuration among those (1) not moving spontaneously during
equilibration and (2) not emitting defects close to the interface itself.

7. Remarks.

(A)The choice of the angle ¢. To our understanding, the most delicate part involves the
selection of an angle ¢ such that the bcc orientation is described by “reasonably low”
indexes to obtain periodicity with “small” simulation boxes (involving mismatich strains
<5%). In general, unless the KS orientation is adopted, higher ¢ are preferable for
computations since they lead to lower-index bcc orientations, and hence more tractable
simulation box sizes. This drove the initial choice of ¢ = 4.75°, which corresponds to

[566]bcc Il [101]¢c . The selection of [232]s, habit plane, which is just 2° from that

suggested by experiments, was made on the basis of the necessary size of the periodic

simulation box.

% The 3 GPa case models martensite growth in a constrained environment. Glissile interfaces are obtained also at zero
applied hydrostatic stress. The interface defect structure does not depend on the applied hydrostatic stresses, see

Appendix F.
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(B) Note that points 1. and 2. can be exchanged, namely the bcc crystal can be first set into
position (and hence [111]y,. parallel to Y and the habit plane close to (154)y.) and the
fcc orientation determined after ¢ is fixed. We also tried this and obtained analogous
results as when fcc orientation is taken as reference.

While constructing interfaces at various ¢, we found that if the correct habit plane is not
selected (e.g. if we attempt to enforce the (575)¢.. habit plane for all orientations) then the interface
emits defects into the bulk phases. With the correct habit plane, the qualitative interface defect
structure does not change with ¢. The interfaces only differ in the spacing of the bcc screw

dislocations and the average interface orientation. Table D.1 shows the habit plane estimated by the

theory, compared with the habit plane adopted for calculations.

(10 17 10)¢ec

ZI [10 17 10]fcc

. Interface
Predicted . . . . . .
Interface . orientation | fcc orientation bcc orientation
habit plane . .
simulations
111 X [514
@ =0° 2.7° from X [111]¢ec I [__ ]bcc
(KS) (121); (121)gcc Y Il [101 ] Yl [lll]bcc
cc Z Il [121] e Z Il [132]pec
o X Il [17 20 17]¢ X Il [926],
1.26° from _ cc Z& cc
@ =3.11° (10 17 10) 4, Y Il [101]¢ec Y Il [899]pcc

ZI [% 129 97]bcc

X Il [3 4 3tec X1l [18 5 10]pec
¢ = 4.75° (2 3 2)fcc (2 3 2)fcc Yl [101]fcc Y [566]bcc
Z1[23 2] Z 11 [30 158 133]pcc
@ =5.21° 1.2° from X Il [343]cc X1 [33 8 19]pcc
(NW) (232); (232)fcc Y I [101]¢ec Y [9 11 11]pec
e Z Il [232]cc Z Il [121 534 435]pcc
0.9° from Xl [7_10 7]fcc X [1_§_4 g]bcc
@ =5.7° ' (575)fce Y Il [101]¢ec Y || [455]
(575)fcc ! bcc
Z 11 [575]fcc Z 11 [20 107 91y,
X1 [7 10 7)gec X1 [1537], .
@ =10° n.a. (575)gec Y Il [101]¢ec Y Il [233]pec
Z Il [575]fcc Z 11 [12 59 51]pcc

Table D.1 | Interfaces constructed. Geometric data for all interfaces constructed in this work.
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1069 APPENDIX E. DETAILS ON THE IDENTIFICATION OF INTERFACE SCREWS
1070 Identification of the % [111] Burgers vector in Figs. 6a, 7a-d and 8b is rather straightforward.

1071 It is done by drawing the Burgers circuit far from the dislocation core and by identifying the failure

1072  in circuit closure as the Burgers vector. In contrast, identification of the Burgers vector of

1073 %[101] screw dislocations and the demonstration that the screw dislocations are not on every

1074  (111)¢.. plane but can be at a spacing = 1 normalized height, is less straightforward.

1075 We perform the rigorous identification of %[101] screw dislocations in the KS case, where

1076 ¢ = 0° and thus edge defects are absent, and the interface structure is cleaner (see Fig. 8a). To this
1077  end, we calculate the screw and edge components of the atomic displacements after the interface
1078 has moved with differential displacement maps between two configurations: (1) a configuration
1079  with the fcc-bec interface and (2) a configuration where the fcc layer has partially transformed into
1080  bcc. By comparison, we can identify the displacement field due to the motion of the interface
1081  dislocation cores, as shown in Figure E.1.

1082 The screw components are dominant (see Figure caption for interpretation of the arrow
1083  magnitudes, for both edge and screws). For the KS case, the interface dislocations are positioned at
1084  the interface between fcc and bcc, because for this specific orientation the slip plane and direction
1085  of screws are the same in both phases. The presence of edge components dominantly along the
1086  (111)¢.. direction demonstrates the presence of partials, although for KS the core might be more
1087  compact than for other orientations because of the coincidence with bcc, as the Volterra analysis
1088  below shows. This demonstrates that hcp atoms shown in Fig. 6a and Figs. 7a-d indicate a stacking
1089  fault, which is a characteristic feature of screws in fcc. The screw displacement fields are present on
1090 2 interplanar spacings out of 3. This justifies the theory, which accounts for steps of normalized
1091  height § > 1. There is one screw dislocation per step, and thus § = 1.5 for KS configuration (our theory
1092  prediction yield g = 1.4). Thus, for the KS orientation relationship, [101]¢.. screw dislocations are
1093  present at the interface and their spacing is equal or greater than one (111)¢,. interplanar spacing.

1094  We further show in Figure E.2 that the Burgers vector of these defects is [101]¢. by comparing
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1095 atomic positions at the interface with the prediction of elasticity theory (the Volterra solution).
1096  Figure E.2a identifies the atoms at the interface where change of symmetry from fcc to bcc is
1097  observed, while proceedings on each interplanar spacing, along the (111)¢. planes. Figure E.2b
1098 isolates such atoms and envisions them in an initial, undeformed configuration. We then imagine
1099 inserting a cut plane in Fig. E.2b coming from the bcc phase and ending in the middle of the atom
1100  cluster. We then identify uniquely atoms A-E via the angle a (positive clockwise) measured from

1101  the end of the cut plane. Inserting a Volterra field with center at the tip of the cut plane yields the
1102  displacement field u(a) = Z_Z’ with b = 2.50 A the fcc Burgers vector. The displacements are

1103  calculated for each atom, and the final positions are obtained by taking as reference atom B and
1104  assigning the initial position 5.26 A, as in the simulations. The difference between atomic positions
1105 estimated with the Volterra solution and the simulations is shown in Table E.1, and is about 0.1b,
1106  except for atom A (~0.2b). This is consistent with the fact that the dislocation core is not as
1107  compact as assumed in the Volterra solution, and thus atomic relaxations show slightly lower

1108 relative displacements between atoms than that predicted with the Volterra solution.

Volterra Position Position Position Position
Atom | Angle displacement (Simulations, | (Simulations, | ..
(Volterra) . . difference
u(w) spacing 1) spacing 3)
5 5
A == — b 5.68 A 6.14 A 6.22 A 0.18b — 0.22b
T b
B ap =~ —— —— 5.26 A 5.26 A 5.26 A -
6 12
T b o o o
C ac = — — 5.68 A 545A 545A 0.09b
6 12
T b
D ap =7 2 7.34 A 7.03 A 7.04 A 0.12b
5 5 o o o
E ag 2671 ﬁb 6.51A 6.23 A 6.25A 0.10b — 0.11b
1109
1110 Table E.1 | Comparison between Volterra solution and simulations.
1111
1112 To summarize, the analysis shows that the atomic positions at the interface are consistent with the

1113  presence of% [101] screw dislocations, with spacing equal to 1 or 2 (111). interplanar distances.
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APPENDIX F - SPECIFIC DETAILS OF THE ¢ = 4.75° INTERFACE

In this section, we demonstrate the details of the construction of the ¢ = 4.75° interface
(analyzed in the main text) and show that the interface structure is equivalent to a perfectly glissile
interface. We also demonstrate that hydrostatic pressure does not change the interface structure, but
can influence the relative energy of bcc and fcc phases.

The austenite-martensite bicrystal analyzed in the main text, having (232)¢.. interface
orientation, has been constructed by assigning the following orientations for the two phases with
respect to the global (X, Y, Z) cartesian coordinates of the simulation cell:

1) fec: X Il [343lece, Y Il [101]gccand Z Il [232] ¢ ;

2)bee: X 11 [18 5 10]pee, Y I [566]bcc and Z |l [30 158 133]}cc.

The dimensions of the simulation cell are Ly = 6.3 nm, Ly = 5.5nm and L; = 59.5nm. This
yields an initial misorientation of approximately 1.8° between the closed-packed planes (111)¢.c
and (011)p.. This value falls within the experimental measurements based on electron back
scattered diffraction (EBSD) analysis, see Figure 4a in Ref. 11.

During the relaxation of the bicrystal, a defect is emitted from the interface into the bcc phase, to
accommodate the misorientation between the two closed-packed planes. The result is that the two
closed-packed planes are nearly parallel at the interface. This is consistent with transmission
electron diffraction (TEM) analysis at the martensite-austenite interface by Kelly et al.'®>. The
resulting interface has (111)¢. Il (011)p and [111],.. misoriented by ¢ = 4.75° with respect to
[101] . on the (111). plane, which falls within experimental measurements (e.g. Fig.3c in Ref. 10).

By considering different initial relative configurations of fcc with respect to bcc, a stable
configuration can be found while relaxing the bicrystal, and hence the minimum interface energy
can be calculated and phase transformation under applied deformation can be studied.

The interface energy is 530 mJ/m? in the range of experimental measurements and previous
atomistic simulations®®*°. Note that the interface is kinetically selected, and hence need not be

minimum energy. Indeed, the minimum energy configuration corresponds to the KS case, which is
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not glissile. The structural differences of this interface as compared to other interfaces that are
perfectly glissile, and hence which glide until the whole fcc layer is consumed, is undetectable.
Movie 1 shows the motion of one interface steps on the (111)¢.. plane, starting from configuration
Fig. F.1d. Movie 2 shows the motion of the interface starting from configuration Fig. F.1b. The
interface structure does not change, and hence motion is mediated by the cooperative gliding of the
interface defects.

A perfectly glissile bicrystal with a (575)¢.. habit plane has also been constructed. Note that the
experimental habit plane is between (575)¢. and (232)¢.., Which are misoriented by ~2°. To
achieve this, the following orientations are adopted for the two phases with respect to the global
(X,Y, Z) cartesian coordinates of the simulation cell:

1) fee: X Il [710 7)gee, Y I [101]¢ccand Z |l [575]cc ;

2)bee: X 11 [18 5 10]pee, Y I [566]bcc and Z |l [30 158 133]}cc.

The dimensions of the simulation cell are Ly = 25.2nm, Ly = 5.5nm and Lz = 59.5 nm (4x
larger than the previous cell). The initial thickness of the fcc phase is 5 nm. This yields (111)¢. |l
(011)y. and ¢ = 4.75° with respect to [101]¢. on the (111)¢. plane, from the start. No emission
of defects within the bulk phases occurs.

A snapshot of the interface during equilibration (T=0K) is reported in Fig. F.1a. The bicrystal
with (232)¢ interface is shown for comparison in Fig. F.1b. Figs. F.1c,d show a typical (111).
interface ledge of the (575)¢. interface, belonging to a non-equilibrium configuration occurring
during equilibration, and the ledge of the (232)¢ interface.

We show now that, although the Fig. F.1c snapshot is taken on a non-equilibrated crystal (the
interface continuously moves), it is representative of the (575)¢. interface. One way this interface
can be stabilized is to apply a larger hydrostatic pressure.

A stable interface is achieved under a pressure of 25 GPa, above the 18GPa pressure at which fcc
and bcc phases have same enthalpy. A typical (111)¢. interface ledge of the 25 GPa (575)¢cc

interface is shown in Fig. F.2a. The cut is taken on the same (111)¢.. plane as for the 3 GPa (575) ..
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interface, see Fig. F.2b. Since the structure of the (575)¢.. interface does not noticeably change by
varying pressure, and since the 25 GPa interface is an equilibrium configuration, we conclude that the
structure of the (232)¢. interface is equal to the structure of the (575)¢. interface. This also
demonstrates that applying a hydrostatic pressure does not change the interface structure.

Having shown that the (232)¢.. interface has same features as the (575);.. interface, we now
show that the differences between them are almost undetectable. In the (232)¢. interface, due to
the higher interface misorientation with respect to (111)¢. ledges as compared to the (575)cc
interface, some steps are narrower. One such step is shown in Fig. F.3a, to be compared with a
typical step (Fig. F.3b). The character of the defects (Burgers vector, spacing) is the same, but the
local crystalline symmetry changes slightly due to the difference in ledge size.

The (232).. interface can also show a “defective” ledge, as seen in Fig. F.3c. The ledge is
similar in size to the narrow interface ledge analyzed in Fig. F.3a On the defective ledge, the
apcc/2 [111] edge-character kink cores are shifted with respect to each other, and not aligned along
[101]¢.. Also, the spacing slightly changes, from regular 2.55 nm to irregular with a smaller
distance of 2.35 nm. A similar defective ledge, with irregular spacing and misaligned edge-
character kink defects, is also found in a (232)¢.. glissile interface that is unstable (Fig. F.3d).

Therefore, there are only some undetectable local differences in atomic arrangements that inhibit
the spontaneous propagation of the interface. This explains the very low stress (less than 1 MPa)
needed (at T=0K) to initiate interface propagation, which is thus demonstrably athermal. Note also
that not all glissile (232).. interfaces have such defective step, and such cases have the same

structure as (575)¢.. except for the presence of some narrower steps.

APPENDIX G. STRUCTURE OF INTERFACES OVER A RANGE OF TEMPERATURES
According to the long-standing theory of martensite transformation (e.g. Christian™®, chapters 21,
22 and 23), temperature does not influence the intrinsic interface motion, aside from the obvious need to

quench the material to provide the thermodynamic driving force for the fcc to bce transformation. This
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transformation is diffusionless, requiring no local atomic rearrangements/reshuffling and no thermal
activation. As stated by Bhadeshia and Wayman, “The fact that martensite can grow at low
temperatures and high velocities means that the transformation interface must be very mobile and be
able to move without any need for diffusion. The interface must be glissile” (Bhadeshia and Wayman
(2014), Ref. 27, page 1041). We have verified that our interfaces, constructed at T=0K and
demonstrably glissile and athermal, preserving the same structure at finite temperatures up to T=600K.
The interface structures at different temperatures for the case ¢ = 4.75° are shown in Fig. G.1. No
changes occur in terms of defect structure: all interfaces are equivalent and hence independent of
temperature. Local changes in CNA labeling, which are only visible at T = 600K are due solely to the
amplitudes of atomic vibrations, and do not change the interface defect structure. Over a simulation time
of 50 picoseconds, in the absence of applied stress/deformation, the interfaces do move from their initial
positions. No reshuffling is observed, and the movement is mediated by the coordinate gliding of the
interface defects, as at T=0K. With increasing temperature from OK to 600K, the Gibbs free energy
difference decreases from 8.5 meV down to ~3 meV (see Lee et al.}, Figure 8). Hence, in spite of the
very small thermodynamic driving force at T=600K, the interface moves. All these observations further

confirm the glissile nature of the constructed interface.

APPENDIX  H. DETAILS ON ATOMIC DISPLACEMENTS DURING
TRANSFORMATION

The displacement pattern in Fig. 9c shows that the [101]¢.. component of the displacement field
is developed within the interface region, due to the glide of the screws. This pattern is representative
of 4 out of the 6 (111).. planes that cross the interface. The pattern of the two remaining planes is
shown in Fig. H.1a,b.

It is clear, in both Figs. H.1a and H.1b, that sliding is first activated at [111],,. to preserve coherency
followed by the start of a change in local symmetry from fcc towards bcc. The final bee configuration

with the homogeneous displacement along [101]¢.. + 19.5° degrees direction is achieved, in the plane,
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almost without the gliding of the [101];.. defects. This means that the two planes do not glide completely
relative to the neighboring planes, along [101]... This is consistent with the theory, with g = 1.5.

Figs. H.1c,d shows the atomic displacement components along the two defects, on the (111)¢.. plane
analysed in Figure 9c. The defects with Burgers vector along [111],.. show a displacement jump on the
(111)¢.. plane. A careful analysis of the displacement jump shows that this is mostly limited to the
interface region. Within this region, the edge-character kinks are in bcc orientation, and not in fcc.
However, the final bcc phase, and hence the full lattice transformation, is accomplished after the slip of
the edge-character kinks.

The identification of the (101)y. glide plane for the [111].. defects is a bit more subtle. Fig.
H.2a shows the interface viewed on the (101).. plane, close to (111). plane.

This was assumed in the theory as the glide plane for the bcc screw defects. Although
displacement jumps are visible between most [111],.. columns of atoms on the (101)y.. planes,
some atoms on neighboring planes move together (center of Fig. H.2a). Therefore, the [111],cc
defects are edge-character kink segments gliding on (101),. planes.

A further confirmation of the fact that (101),.. is the slip plane is obtained by analyzing the
atomic displacements. Specifically, unlike X and Y components, the Z component of the atomic
displacements depends only on the product § = R - B and the shear P®® due to the [111],cc
defects. The first term contributes ~2% deformation due to the change in interplanar spacing,
which in fcc is 1/v3 A =~ 0.58 A. This yields, on each plane, a displacement d,, ; ~ 0.011 A. The
shear of the [111],. defects produces a displacement along Z because it lies on the (011)y,. plane,
which is rotated of 8 with respect to Z || (011)y,. around Y || [101]¢.. The latter is ~ 60° from

[111]pcc . The component of b = ay../2[111] perpendicular to Y axis is b, = \/2—5 : %[111] =

2.14 A. This yields a maximum Z-displacement on each plane equal to dsz = b, -sinB = 0.423 A
Therefore, since d;;~40 d, 7, we conclude that any Z displacement due to the transformation is

almost completely due to the shear P(®. Hence, this displacement component must be due to a
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1243  shear along the slip plane of P, This is shown in Fig. H.2b, where the displacement jump due to
1244  the edge-character kinks follows the initial alignment of these defects, which do not lie on the same
1245  (101)pcc plane.

1246

1247  APPENDIX I. NEW CONDITIONS FOR GLISSILE/ATHERMAL MOTION

1248 The concept of a glissile/athermal interface, i.e. no thermal activation, no diffusion, and
1249  high velocity, is at the foundations of the theory of martensite crystallography™*®?. Our new
1250  fcc-bec interface is glissile/athermal but with a structure that relaxes previous hypothesized
1251  conditions for such an interface. We can thus revise prior conditions.

1252 Theory™*%?® posits three conditions for a glissile/athermal interface® based on the idea
1253 that any interface defects must glide and carry the transformation in a cooperative manner to
1254  avoid creation of jogs that would pin the interface. Condition 1 is that the intrinsic
1255  dislocations are either screw or have Burgers vectors not lying in the interface plane; this
1256  ensures that the defects reach the interface by gliding. Condition 2 is that the glide planes in
1257  fcc and bcc of the intrinsic dislocations must meet edge-to-edge in the interface; this ensures
1258  that the defects do not get pinned at the interface but can migrate into the other phase and
1259 carry the transformation. Condition 3 is that the two sets of intrinsic dislocations should have
1260 either the same line vector in the interface or parallel Burgers vectors; then, the interface can
1261  move as an integral unit without creation of pinning jogs. No existing theory fully complies
1262  with all three conditions.

1263 The atomistic interface has steps aligned with [101]¢., and adjacent screw dislocations
1264  having ag../2[101] Burgers vector and gliding on (111)¢.; this is consistent with previous
1265 assumptions. However, we find edge-character kink segments at the interface with ay../
1266 2 [111] Burgers vector (associated with immobile screws) that glide on (101),.c, but they
1267  cannot cross the interface at the [101]¢. steps. This was not explicitly envisioned by any

1268  previous theories. Moreover, the presence of straight screw dislocations in fcc (KS case),
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although consistent with Conditions 1 and 2 above, provides a glissile mechanism, but does
not ensure athermal motion. These defects thus appear to be not fully consistent with the three
Conditions above.

However, Condition 1 is met by both sets of intrinsic dislocations. However, the athermal
nature of the motion is due to the presence of kinks in at least one set of screws, otherwise the
interface motion requires thermal activation. Furthermore, Condition 2 is only met by the
agc/2[101] dislocations. The Burgers vector, line direction, and slip plane of the ay../
2 [111] dislocations in the bcc phase are all misoriented with respect to their counterparts in
the fcc phase. But, since Condition 2 ensures the propagation of defects between the parent
and the product phases, it is relevant only for the [101]¢.. Screws that carry the step/interface,
triggering the transformation (as demonstrated in Section 3). The second set of defects needs
only to be confined to the ledges behind the steps, since gliding in bcc restores compatibility
with the neighboring fcc phase. Finally, Condition 3 is not met by the atomistic interface but
is too restrictive. At the interface, the a,../2[111] edge-character kinks remain in the bcc
phase and cannot cross the [101]¢. screws at the interface even if they do not share line
vector/Burgers vector with the fcc screws. As clarified above and by the analysis of the
@ = 0° interface, self-pinning (via bcc kinks crossing the fcc screws) is prevented by the fact
that slip planes and dislocation line direction do not coincide in bcc and fcc for the bcc
dislocations. Therefore, Condition 3 is sufficient but not necessary for a glissile interface, as
also implied in Ref. 28, and is only necessary if one set of dislocations could cross the other
into the fcc phase. We thus provide a less-stringent interpretation of the long-established
conditions for a glissile interface: the glissile interface satisfies Conditions 1 and 2
appropriately only due to the existence of one set of dislocations defects and does not need to
satisfy Condition 3. Moreover, athermal motion is ensured only if at least one set of defects
has edge-character kinks.

Our theory also predicts the possibility that the step line deviates from [101]¢, thus
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generating edge-character kinks on the fcc screws. In the presence of kinks on both sets of
screws (expected mainly for Fe-C alloys), the mechanism of motion might be affected, in the
sense that first the fcc kinks need to “unzip”, moving the fcc screw to the next Peierls valley,
and at a second stage the bcc kinks move to accommodate for the angle ¢. This mechanism
would probably affect the propagation speed of the interface (which was not addressed in the
present paper). When fcc screw segments are ahead of the bcc kinks, we can envision the
same local geometry as shown in the atomistic interfaces simulated here (Fig. 7). We cannot
exclude a priori possible reaction of fcc and bcc kinks when the former aligns with the slip
direction of the latter; but if the reaction occurs, it would result in a glissile junction’, since
the Burgers vector of bcc kinks belongs to the intersection of the two slip planes of the
dislocations involved in the reaction, i.e. (111)¢ Il (011)p. and (101)y,., and the glide

system of the glissile junction results in (111)¢. Il (011)y. With Burgers vector equal to the
vector sum of %[101] and %[111]. Also, the glissile/athermal interface structure

predicted by the present theory might break down at smaller angles, closer to NW (¢ > 5.26°)
because of edge-character kinks in bcc crossing the fcc screws at the interface due to

increased alignment of the corresponding slip systems in fcc and bcc phases with increasing

Q.

APPENDIX J. POSSIBLE RELEVANCE TO BAINITE

Bainite in steels forms at higher temperature than lath martensite, and can show a similar
microstructure with carbon-depleted ferritic laths and carbon supersaturated austenite layers. Fig.
J.1 shows the comparison of the atomistic interface with HRTEM micrographs in Ref. 4 on ferritic
bainite-austenite interfaces. The match between atomic rows is again good. Ref. 4 reports the same
sets of defects as for lath martensite-austenite interface, namely (i) steps aligned with [101]¢.. and
related screws and (ii) a second set of defects with Burgers vector ap../2[111]. The main

difference lies in the habit plane orientation, close to (252)¢.., hamely more inclined with respect to
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(111)¢.. than in lath martensite. This is visible from the comparisons between atomistic simulations
and experiments in Fig. J.1a.

677 and since the bainitic

Since the bainitic transformation is at least partially displacive
ferrite-austenite interface presents the same characteristics as the lath martensite-austenite interface,
the assumptions of present paper can be taken as the basis of the crystallographic theory of
martensitic transformation applied to bainite reactions. Note that the phenomenological theory of
martensitic transformation has been used for predictions of variants and transformation deformation
(e.g. Ref. 77). In Ref. 77, the choice of the order of the invariant shears P®® and P, as well as
the definition of the invariant shear systems normals and directions, are based on Ref. 18. Thus,
systems not complying with the experimental interface are considered. The application of the
crystallographic theory as proposed in the present paper to bainite is justified by the bainite-

austenite interface defect structure, as shown in Fig. J.1. Results might differ from previous

analyses.
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10

11

12

Figure 1 | HRTEM structure of the fcc-bcc interface. fcc-bee interfaces in Fe-Ni-
Mn steels showing steps along the [101]¢. direction, a habit plane oriented at angle 0
with respect to (111)¢., and varying step heights. a. Fe-Ni-Mn with the interface
indicated by white segments and where numbers with overbars indicate the (normalized)
step height. Reproduced from Ref. 13 with permission of Taylor & Francis. b. Fe-Ni-Mn
with interface atoms connected by a red line, again showing multiple step heights. The
authors of the micrograph indicated the interface as a white line with single step height.
The red line is constructed by careful drawing of the traces of (111)¢.. and (101), for
all atomic rows in the micrograph, followed by connecting the intersection points of these
two trace families (see Appendix A for the explicit construction). The micrograph from

Ref. 4 is reproduced with the permission from Elsevier.
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14 Figure 2 | Transformation path from the fcc austenite lattice to the bcc
15 martensite lattice. a. The Bain strain B transforms the fcc unit cell, which can be
16 viewed as a body-centered-tetragonal (bct) structure, into the bcc unit cell; the resulting
17 bce structure is then misoriented with respect to the fcc. b. The rotation Ry, by the angle
18 Y around [100],¢c aligns (111)¢.c I (011)y,, and gives the NW orientation relationship
19 (pnw = 5.26°). c. The rotation R, by the angle w = @y, — @ around [111]¢ |l
20 [011]y, leads to the final experimental orientation relationship at the interface, which

21 lies between KS (¢ = 0°) and NW (¢ = 5.26°).
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23 Figure 3 | Comparison of KS interface structure as predicted by DFT and the
24 MEAM-T potential. Overlay of DFT-computed®* atomic positions (shaded atoms) on the
25 MEAM-T-computed atomic positions (flat-colored atoms) For DFT, shaded red and shaded
26 dark blue atoms belong to fcc (red = spin up; blue = spin down), while shaded silver indicate
27 atoms belonging to bcc. For MEAM-T, flat green indicates atoms belong to fcc, while flat
28 blue atoms belong to bcc. Straight red lines indicate the average (121)¢.. habit plane. a,
29 Comparison between MEAM-T computations and DFT with AFMD magnetic configuration
30 for fcc. b, Comparison between MEAM-T computations and SQS magnetic configuration for
31 fcc. The interface energy predicted by the MEAM-T potential is 390 mJ/m?, very close to

32 the DFT values (410 mJ/m? for AFMD and 450 mJ/m? for SQS magnetic configurations).
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34 Figure 4 | Comparison between simulated and experimental® interfaces. a,
35 View along [101]s.. The angle 6 between (111)¢. plane and the average interface
36 orientation (habit plane) is indicated. Dashed black lines indicate the simulation cell
37 boundaries. The red rectangle indicates the portion of (111)¢. Il (011),.. plane
38 analyzed in Figure 6a. The red line indicates the atomic positions where corresponding
39 (111)¢ and (101)y.. plane traces meet, accurately delineating the interface as
40 compared to the white line drawn in the original work (see Appendix A). The red line
41 shows that the fcc/bec interface consists of steps of different heights (here, one or two
42 (111)¢. interplanar distances). b, View along [110]¢..; the interface dislocations are
43 indicated by Burgers circuits and the associated Burgers vector. Burgers circuits are
44 around interface ledges and are constructed with respect to reference, unstrained
45 crystals, according to Hirth®*. Crystallographic visualizations use OVITO®* and
46 adaptive Common Neighbor Analysis (CNA)*’ to assign colors to atoms with fcc
47 (green), bcc (blue), hcp (red) and other (grey) according to the local atomic
48 environment; CNA is not sufficiently precise to discern detailed local structure and
49 defects. Micrographs are from Ref. 4 and are reproduced with the permission from

50 Elsevier.
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59 indicate the bcc screws. Grey are not indexed atoms.
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Figure 6 | Burgers vectors of interface defects. a, Interface structure along the (111)¢. |l
(011)yc crystallographic habit plane. The line directions of the defects, Burgers vectors, and
[111]y.. defects spacing are indicated. The Burgers vector of the [111],. dislocations is indicated,
at the kinks (having edge character). Colors show local atomic environment according to CNA*. b,
Half-Burgers vector of the [101]¢.. screws measured on the (131)¢. plane at the interface, along
the [101].. trace (indicated in Figure 6a). The atoms are superposed on a reference fcc crystal (flat

colored green). See Appendix E for the detailed identification of the Burgers vector.
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Figure 7 | Simulated interface structures at various ¢ within/near the experimental range.
a, ¢ = 3.11°. b, ¢ = 4.75°, the case studied in detail in Figures 4 and 6. ¢, ¢ = 5.21° (~NW
orienatation). d, ¢ = 5.7°. Colors show local crystalline configurations according to CNA¥. All
interfaces in/near the experimental range (¢ = 3.11°,5.21°,5.7°) have the same pair of defect types

only the spacing changes.


http://dx.doi.org/10.1016/j.actamat.2017.05.044

Thisisapost-print of the following article: Maresca, F.; Curtin, W. A. ActaMaterialia 2017,, 22. 302-323.. The formal publication is
available at http://dx.doi.org/10.1016/j.actamat.2017.05.044 © 2017. This manuscript version is made available under the CC-BY-NC-ND
4.0 license http://creativecommons.org/licenses/by-nc-nd/4.0/

a b ~ ! !
SREEY -~
~10T11553985588,

%% %0 %0%s 2 0pT0aZ0oT0,%0, 0,
2020202085205 005%05%05%00%0 5%

74

75 Figure 8 | Simulated interface structures at KS orientation and at ¢ outside the
76 experimental range. a, ¢ = 0° (KS orientation). b, ¢ = 10°. Colors show local crystalline
77 configurations according to CNA¥'. Interface with KS orientation or outside the experimental range

78 (@ = 0°,10°) show a fundamentally different structure than those in Figure 7.
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79

Figure 9 | Motion of the interface. a, Interface structure on one (111)¢.. plane

80

before applying any deformation. b, Interface structure on the same plane after

81

deformation at an applied stress of 1 MPa. ¢, Atomic displacements at the interface on

82

one (111)¢. plane; the deformed configuration is superposed over the initial

83

configuration (flat colored atoms) and red arrows connect initial and final atom

84

Colors show local atomic environment

configurations. See text for discussion.

85

Two movies of the gliding motion are provided in Appendix H.

according to CNA¥".

86
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Figure A.l | Interface identification in Moritani et al.® HRTEM micrograph. a,
identification of the center of atomic columns near the interface (indicated with blue circles). b,
identification of intersection points between (111)¢, and (101),.. plane traces. The red line
connects all point of intersections between these traces. Each point of intersection sits on an atomic
column which is in common between fcc and bcc lattices. ¢, the same red line is reported on the

original micrograph.
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Figure E.1 | Differential displacement plots of interface [101]¢.. screws. The plots are made
on a periodic unit cell, with 3 (111)¢.. planes crossing the interface (numbers indicate the 3
interplanar spacings). The screw components, which are present only at interplanar spacings 1 and 3
(consistent with the theory with # = 1.5) and are in the fcc phase, indicate the relative displacement
between neighboring atoms along the [101]¢. direction, with respect to a reference bcc
configuration. The magnitude of the arrows is g if they connect the center of two atoms. For ease of
visualization, both edge components are normalized such that an arrow connecting the center of two
neighboring atoms has length % [112]. Edge components are dominant along X direction,
consistent with the presence of two partials with a stacking fault in between (as visualized with

OVITO%®).
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Figure E.2 | Calculation of Volterra displacement field associated with interface screws. a,
Representation of atomic stackings in (101) fcc zone axis and (111) bcc zone axis. The atomic
positions related to different colors are indicated in the figure. They are taken in the relaxed
bicrystal and thus the values indicated for fcc and bcc are approximate. The same silver color is
assignedto Y = b/3 inbccand Y = b/2 in fcc, because these two atomic planes tend to join at the
interface. The interface between fcc and bcc is indicated by a continuous red line. Dashed lines
indicate the interface atoms where the passage from fcc to bcc stacking is accomplished, and they
are present in interplanar spacings 1 and 3 (where screws are identified, see Figure E.1). Black
crosses indicate the position of the dislocation core. b, The atoms identified by the dashed red line
in Fig. E.2.a are now imagined in a reference fcc crystal, and their positions are labeled for
computing the Volterra field. Angle a, which is taken positive in the clockwise direction, identifies

uniquely each atomic position.
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Figure F.1 | Comparison of bicrystals with different interface orientation. a, View of the

bicrystal with (575)¢. interface (during relaxation). b, View of the bicrystal with (232)¢.

interface. ¢, A typical (111).. ledge of the (575)¢.. interface. d, A typical (111)¢. ledge of the

(232);. interface. Crystallographic visualizations use OVITO. Colors show local crystalline

configurations according to CNA¥.
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41 Figure F.2 | Comparison of defect structure of (575)¢.. interfaces with different applied

42  pressure. a, (111)¢.. ledge at 25GPa applied hydrostatic pressure, after relaxation. b, (111)¢.
43  ledge at 3GPa pressure, during relaxation. Colors show local crystalline configurations according to

44 CNAY.
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Figure F.3 | Comparison between (111)¢. ledges in the (232 ). bicrystal having different
width and defective ledges. a, ledge narrower than typical. b, typical ledge in the (232)¢.c
bicrystal. c, The defective ledge of the (232).. interface analyzed in this study. d, The defective
ledge of a (232)¢.. glissile interface. Colors show local crystalline configurations according to

CNAY.
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51

52 Figure G.1 | Interface defect structure at various temperatures. a, T = OK. b, T = 100K. c,
53 T = 300K. d, T = 600K. All snapshots are taken after 50 ps of relaxation of the (575)¢.. glissile
54  interface with ¢ = 4.75° (Appendix F). These results show that the defects reported for T=0K are
55  stable at all these temperatures. Colors show local crystalline configurations according to CNA®’;
56 increasing temperature and associated thermal vibrations leads to some apparent disorder in any

57  instantaneous snapshot of the atomic configuration.


http://dx.doi.org/10.1016/j.actamat.2017.05.044

Thisisapost-print of the following article: Maresca, F.; Curtin, W. A. ActaMaterialia 2017,, 22. 302-323.. The formal publication is
available at http://dx.doi.org/10.1016/j.actamat.2017.05.044 © 2017. This manuscript version is made available under the CC-BY-NC-ND
4.0 license http://creativecommons.org/licenses/by-nc-nd/4.0/

62

63

64

65

a b

o » e e ©

] O.u.,'o

) e o _o

(] 0.0 o _®

) o o

0 °i0%°%e

) o_o

] ®eoi® _9o o

. teitecet » /)

: :’3:9'.. ”’)'
it e%e* Po?

® » 0%4%, Pof
L] [ ] [} v ’

] P i o _® ”
o o @ ' P

L] > e o _© ’
L] o L] ’

° L] 0.0 /

o 0.5:..00 ;

° o0 _eo_o 0 "9

° 0::::';’-:'..",::

. 5 _0%¢%e 0w o,
e e _eo_*o ’J‘:‘

[ ] 2 i o eo_® »
®005%s%e 002

° > 90%g%g " @ 22902
o 0 e _o O ,Telp

o P Bl L P T.e' ?
®6®e®y e le %2

» H Mgl a®ig®y .-@.’DE

Interface region BCC Interface region BCC
c d

FCC i Interface | BCC FCC Interface BCC

Figure H.1 | Details on atomic displacements. a,b, Atomic displacements at the interface, on
the two (111)¢.. planes not following the pattern shown in Figure 9c. Only the deformed
configuration is shown. Red arrows indicate the atomic displacements. Colors show local crystalline
configurations according to CNA¥. ¢, Atomic displacement component along [101].. at the
interface, on a typical (111). ledge. d, Atomic displacement component along [111],.. at the

interface, on a typical (111)¢. ledge.
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Figure H.2 | Atomic displacements on (101),.. plane. a, Atomic displacements at the

67

interface along [111]y., viewed on (101)y. plane. b, Atomic displacements along Z || (232)¢cc

68

tion. The non-homogeneous part relates to the doma

Irec

dalong the [111]},.. d

viewe

69

lacements are approx

isp

ion. d

is region

terface (between the two dashed red traces). In th

In

70

constant along the (101),.. plane, which is therefore the slip plane.
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Figure J.1 | Comparison between simulated interface and the ferritic bainite-austenite
75

interface in bainite. a, View along [101]¢.. b, View along [110]¢... The micrographs from
76

Ref. 4 are reproduced with the permission from Elsevier.
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