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Abstract 
The mechanical behaviour of metallic materials that have a microstructure composed of a brit-

tle phase embedded in a ductile matrix is dictated by a complex interplay of factors such as local phase 
properties, cohesive properties, geometrical characteristics, and specific damage mechanisms. An im-
portant example of such two-phase materials are Al-Si casting alloys, which are widely used in automo-
tive applications. In the micromechanics of these alloys, fracture of the particulate brittle phase plays a 
dominant role. Namely, when the alloy is deformed, the brittle silicon particles within the aluminium 
matrix start fracturing, leading ultimately to fracture of the alloy.  

In this thesis, micromechanical methods to measure local fracture toughness or strength of individual 
brittle microscopic particles within alloys and metal matrix composites (MMCs) are developed. The 
methods are based on coupling experimental techniques such as Scanning Electron Microscopy (SEM), 
Focused Ion Beam (FIB) milling and nanoindentation with finite element modelling (FEM). Special at-
tention is put in probing portions of the particles that are left unaffected by the FIB micromachining 
process, and are thus representative of the particles’ intrinsic properties. These novel methods are also 
used to study the fracture of silicon particles within Al-Si casting alloys.  

To measure fracture toughness at a small scale, a microscopic chevron notch test is developed and 
demonstrated on benchmark materials. The main advantage of this method with respect to most exist-
ing small-scale fracture toughness test methods is that in chevron-notched samples the crack growth 
resistance is measured on a real crack instead of a pre-notch. The main difficulty, on the other hand, is 
achieving crack initiation at applied loads low enough to allow for subsequent stable crack growth. This 
was found to be particularly challenging in silicon. 

Local strength measurements on individual microscopic silicon particles within Al-Si alloys were 
achieved through two different, novel, methods. The first is a microscopic 3-point bending test by which 
the large facets of plate-like particles extracted from an Al-Si alloy can be probed. In the second ap-
proach, particles that are only partially exposed by deep-etching from an Al-Si sample are carved by FIB 
milling into such a shape that by compressing its top, bending is produced on a well-defined portion of 
the particle.  

The main finding of the local strength measurements is that silicon particles within Al-Si alloys can 
achieve extremely high strength values, yet fracture early when an Al-Si alloy is deformed because most 
of them feature stress-concentrating defects on their surfaces. The most important stress-limiting de-
fects are found to be grooved interfaces between contacting silicon crystals, followed by surface pin-
holes, this being a defect identified here. Using FIB cross-sectioning and EDX examination it was revealed 
that these pinholes originate from alloy impurities.  

The insights gained on the intrinsic strength of silicon particles unveil the great potential of silicon as a 
reinforcing phase in Al-Si alloys. This, together with the acknowledgement of particle strength-limiting 
defects, may be used to devise strategies that, through the avoidance of those defects, should lead to 
improved alloy mechanical properties. 

Keywords: Aluminium alloys ; Silicon ; Fracture ; Micromechanical testing ; Strength ; Fracture 
toughness ; Defects
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Résumé 
Le comportement mécanique des matériaux métalliques ayant une microstructure formée par 

une phase fragile intégrée dans une matrice ductile est déterminé par l’interaction complexe de facteurs 
tel que les propriétés locales des phases, les propriétés de cohésion, les caractéristiques géométriques 
et des mécanismes d’endommagement spécifiques. Les alliages Al-Si, notamment utilisés dans l’indus-
trie des transports, sont un exemple important de tels matériaux biphasés. Dans ceux-ci la fracture des 
particules fragiles de Si gouverne la résistance mécanique de l’alliage. 

Cette thèse présente le développement de méthodes micromécaniques permettant de mesurer la téna-
cité ou la résistance mécanique locales de particules microscopiques fragiles dans des alliages et des 
matériaux métalliques. Les méthodes sont basées sur l’association de techniques expérimentales 
comme la microscopie électronique de balayage (MEB), la sonde ionique focalisée (FIB), et la nanoin-
dentation avec la modélisation par éléments finis. Les méthodes sont soigneusement conçues pour son-
der des secteurs sur les particules qui ne sont pas affectés par la procédure de microusinage avec le FIB, 
et qui sont donc représentatifs des propriétés intrinsèques des particules. Ces méthodes sont ensuite 
utilisées pour étudier la fracture de particules de silicium dans des alliages Al-Si. 

Pour mesurer la ténacité à petite échelle, une méthode basée sur des échantillons microscopiques con-
tenant une entaille en forme de chevron est développée et mise en œuvre sur des matériaux de réfé-
rence. L’avantage principal par rapport aux essais de ténacité à petite échelle existants est que la résis-
tance à la propagation la fissure est mesurée sur une vraie fissure au lieu d'une entaille. Par contre, la 
méthode présente une difficulté, qui est de réussir à initier une fissure à une force suffisamment basse 
pour permettre ensuite la propagation stable de la fissure, étape qui s'est avérée difficile dans le silicium. 

Des mesures locales de la résistance de particules microscopiques de silicium dans des alliages Al-Si ont 
été réalisées par le biais de deux méthodes nouvelles. Une est un essai de flexion en 3 points, utilisé pour 
solliciter les grandes facettes plates des particules en forme de plaquette extraits d’un alliage Al-Si. 
L’autre approche est utilisée sur des particules partiellement exposées depuis la surface d’un échantil-
lon d’alliage Al-Si attaqué chimiquement et taillées de manière à ce que, en exerçant une force de com-
pression sur le haut de la particule, une contrainte de flexion est produite le bord de la particule. 

Ce travail montre que les particules de silicium dans les alliages Al-Si peuvent être extrêmement résis-
tantes, mais se fracturent prématurément dans les alliages Al-Si car elles présentent des défauts super-
ficiels concentrateurs de contrainte. Les défauts les plus importants sont aux lignes triples formées là 
où deux cristaux de silicium se rejoignent. Un autre défaut est formé par des microcavités; on montre ici 
que celles-ci sont causées par la présence d'impuretés dans l’alliage. 

L’issue de cette thèse dévoile le potentiel considérable des particules de silicium comme phase de ren-
fort pour l'aluminium. Cela, ajouté à la reconnaissance des défauts spécifiques limitant la résistance de 
ces particules, pourra peut-être mener à trouver des stratégies qui, en empêchant la formation de ces 
défauts, devraient conduire à des alliages Al-Si plus résistants et plus ductiles. 

Mots-clés: Alliages d’aluminium ; Silicium ; Fracture ; Essais micromécaniques ; Résistance ; Téna-
cité ; Défauts.
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 Introduction 
The basic paradigm of materials science is the study of the relations between composition, pro-

cessing, microstructure and property of materials. Namely, the composition and processing of a material 
dictate its microstructure, which, in turn, governs its properties and performance. Broadly, the focus of 
this thesis is on the mechanical properties of heterogeneous materials that have a microstructure com-
posed of a hard, brittle, phase (also called “second phase” or “reinforcing phase” throughout this work) 
embedded in a relatively soft and ductile metallic matrix. Aluminium casting alloys, many steels and 
metal matrix composites are important examples of such multiphase materials. The link between the 
local (microscopic) properties of the individual phases together with their interaction, and the bulk 
(macroscopic) properties of the material constitute a classic micromechanics problem of which this 
work tackles one particular aspect, namely the detailed characterization of the brittle phase. Contrary 
to the vast majority of research efforts in the past, here the challenge is taken up from a local perspective: 
micromechanical testing methods are here developed and applied to probe individual reinforcing par-
ticles. Specifically, the object of study in this thesis are the silicon particles that constitute the main sec-
ond phase in a very important class of alloys: the Al-Si-based casting alloys.  

1.1 Background and motivation 
On average, a modern European car is composed of 140 kg of several aluminium alloys [1]. In some high-
end models, the value reaches 550 kg. The use of aluminium in the automotive industry, typically to 
replace more dense materials such as cast iron and steel, has been steadily increasing since the 1970’s 
and at a significant rate since the 1990’s [1–3] (Figure 1.1 left). This trend is expected to persist, largely 
motivated by the need to enhance fuel efficiency and therefore reduce the weight of vehicles to comply 
with greenhouse-gas emission standards established by different countries in the world (see Figure 1.2). 
According to different estimations, a 100 kg savings in the weight of a car spares the production of 3 to 
13 g/km of CO2 [1]. In turn, more than half of the aluminium used in modern cars corresponds to alu-
minium castings (items marked with an asterisk in Figure 1.1 right), while the rest are wrought alumin-
ium products. Important examples of parts that are increasingly being made of aluminium casting alloys 
are engine blocks, wheels, pistons, cylinder heads, transmission cases, other various housings and heat 
exchangers (Figure 1.3 shows some examples). Furthermore, aluminium castings are not exclusively 
consumed by the automotive industry, but also by the aerospace industry, shipbuilding, railroad, de-
fense, electronics, electrical and nuclear industries. Altogether, aluminium shaped castings account for 
roughly 25% of the aluminium produced in the world [4–7]. 

In turn, more than 90% of aluminium castings are made of alloys having silicon as the main alloying 
element, typically in the range 4 – 22 wt.% [4]. Note, incidentally, that silicon and aluminium are, re-
spectively, the second and third most abundant elements in the Earth’s crust [8]. The reason why silicon 
is so popular among aluminium castings is because of its great positive effects on alloy castability, i.e. a 
technological property that can be defined as the material’s ability to produce sound, quality shape cast-
ings. Good castability encompasses properties such as high liquid fluidity (or mould-filling capability), 
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resistance to hot cracking or tearing (cracks that appear above the solidus temperature due to solidifi-
cation shrinkage and thermally-induced deformation), resistance to the formation of shrinkage porosity 
and to macrosegregation [9,4,10]. Silicon also reduces the thermal expansion coefficient and lowers 
slightly the density of aluminium alloys. Moreover, of the greatest interest to the present work, silicon 
plays a key role in the solidification and microstructural development of Al-Si-based alloys, which have 
direct consequences on the alloys’ mechanical properties. 

Because of its very low solubility in -aluminium, Si in these alloys is mostly present as a (brittle) second 
phase within the -aluminium matrix. Under certain conditions, the silicon phase is in the form of a 
network of interconnected crystals within the eutectic, whereas under other conditions –notably after 
a heat treatment–, it takes the form of isolated particles. There is a particular feature about the silicon 
particles that motivates this thesis: in most Al-Si-based alloys, the fracture of silicon particles plays a 
key role among the various factors that determine the alloy's deformation and fracture properties [11–
26]. Silicon particles, which are stiffer than the plastically deformable aluminium matrix, take a dispro-
portionate portion of the applied stress when these alloys are deformed, in both elastic and elastoplastic 
deformation regimes. It is then observed that the particles start fracturing gradually, essentially as soon 
as the alloy starts to deform plastically (note that interfacial decohesion particle-matrix is generally 
much less relevant because the interfaces are strong in these alloys [27], except in particular cases 
[11,28,19,29,30]). As the number of fractured particles increases, nucleated microcracks start to grow, 
and then link by tearing the aluminium matrix that connects fractured silicon particles. The coalescence 
of such microcracks produces macrocracks that can drive final fracture of the material, see Figure 1.4. 
As seen, early stages of damage are typically found to be dominated by the fracture of silicon particles. 
Yet, little is known of the intrinsic fracture properties of Si particles within aluminium. For example, the 
fundamental question of what the (local) strength of the silicon particles is does not have yet a firm 
answer. Also, barely anything is known about their fracture toughness. This thesis aims to tackle those 
questions. 

In part, the problem received little attention for many years because the optimization of casting alumin-
ium alloys has traditionally been driven by the need to enhance castability. The reason is that, due to 
highly imperfect casting processes and practices, key mechanical properties such as fatigue resistance 
and ductility were dominated by the extensive casting defects present in the cast parts (shrinkage and 
gas porosity, hot cracks and other entraining defects) rather than by intrinsic aspects of the microstruc-
ture [31–34]. Eventually, with the progressive development of new and improved production tech-
niques the quality of cast parts increased significantly and, hence, it became more relevant to consider 
the influence of microstructural features such as the eutectic microconstituent characteristics, silicon 
particle properties or the matrix hardening condition on global mechanical properties of Al-Si casting 
alloys.  

The main reason why the strength and toughness of the silicon phase in Al-Si alloys remains largely 
unexplored is that silicon particles in Al-Si alloys are both microscopic and irregular in shape, which 
have long been major impediments to probing them mechanically. By far, thus, the main approach to 
characterize their property has been based on estimating their strength (or strength distribution) indi-
rectly from measured macroscopic alloy properties. A classical methodology consists in relating the es-
timated (average) stress in the silicon phase to the fraction of broken particles, itself measured along 
polished sections of the probed material, at varying levels of macroscopic strain. To estimate the stress 
in the silicon particles different strategies have been implemented, such as micromechanical modelling, 
which rests on idealizations of the microstructure (in particular the particle’s shape, size and distribu-
tion) and of the load transfer mechanics [35–38], or neutron and X-ray synchrotron diffraction [39,40], 
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which sample the average second phase strain in a finite volume of material containing a large number 
of particles.  

Such studies have driven significant progress in the understanding of microstructure-property relations 
of several of these alloys; however, because they are indirect assessments of averaged property of the 
silicon phase, those methods prevent gaining a deep insight into the actual fracture mechanism of indi-
vidual particles, which is essential to shed light on, for example, the reasons why silicon particles are 
found in those studies to exhibit strength values in the wide and low range of 0.1 – 3.5 GPa [13,29,39–
45] , which is well below the theoretical strength of Si, at 17 – 27 GPa [46]. Such a question has indeed 
been formulated (either explicitly or implicitly) repeatedly in the literature on Al-Si alloys 
[28,39,40,43,47–51]. This work also aims at identifying underlying reasons why the silicon particles are 
as weak – or strong – as they are found to be. 

The problem presented in the above paragraphs is actually a general one in the field of micromechanics 
of materials: whereas the ductile phase has received much more attention [36,52–54], little quantitative 
data exist on the strength or toughness of particulate reinforcements in two-phase ductile-brittle mate-
rials in general. Yet, except when interfaces are weak, the properties of the brittle second phase gener-
ally control local fracture events, which in turn cause the materials to accumulate internal damage and 
hence limit both their ductility and their strength. In fact, when second phases (and interfaces) are 
strong and tough, the material that contains them can be very strong, ductile, and tough (e.g. [35,55]). 
Aproaches (mentioned above) that have been used to study Al-Si alloys have been also applied to other 
two-phase materials, and so were too other internal damage detection methods, such as synchrotron X-
ray microtomography or acoustic emission [56,57]. The alternative approach consisting of testing the 
microscopic brittle second phases directly is, on the other hand, practically virgin territory. 

More broadly, interest in measuring fracture properties of brittle materials at a small scale is found in 
several areas. For example, in comminution processes, which are widely used in the chemical, material, 
food, cement and pharmaceutical industries [58], it is known that the weaker the particles are, the easier 
it is to reduce them into smaller fragments. The opposite, namely stronger particles, are, on the other 
hand, sought in the case of beads used in catalysts in the oil&gas sector, which are subjected to stresses 
during their lifetime due to handling and vibrations [59–61]. In those areas, particle crushing between 
hard platens and particle impact tests are typically used to probe the strength of the particles 
[59,62,58,63,64]. Conversely, microscopic samples of materials can be probed using microfabrication or 
micromachining techniques to produce specimens such as bending microbeams or tensile microbars. 
An area from which many of these techniques have been developed is the Microelectromechanical Sys-
tems (MEMS) community. The motivation is that in MEMS, which are typically made of silicon, strength 
and fracture toughness at small scale are critical factors controlling their reliability [65,66]. The micro-
mechanical testing methods are also of great relevance to the thin films and coatings communities, 
which are very interested in improving, for example, the fracture toughness of single and multi-layered 
films to avoid their degradation or debonding [67–69]. Finally, small scale testing is also crucial in the 
study of heavily irradiated materials used for nuclear applications; in particular for future fusion reac-
tors [70]. In this case, the embrittlement of materials is a major concern; it is investigated using small 
samples given that, unfortunately, irradiation doses mimicking future in-service conditions can only be 
achieved in small volumes of material.   

In view of the general picture presented above, the research work in this thesis intends to make smart 
use of technologies that have become increasingly available over the last years (particularly nanoindent-
ers and dual-beam microscopes) to devise, develop and implement micromechanical methods that can 
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be used to probe the strength and the fracture toughness of the silicon particles that constitute the main 
second phase of Al-Si-based alloys and play a key role in the mechanical behaviour of these alloys.  

As a starting point, a literature review on relevant topics is presented in Chapter 2. Previous work in the 
field of micromechanics of two-phase brittle-ductile materials, with emphasis on the work done on alu-
minium casting alloys, is reviewed. Also, micromechanical testing methods that have been applied on 
small particles or on small volume of materials to measure fracture properties are critically discussed. 
Then, the two properties on which this research is focused, i.e. fracture toughness and strength, are the 
subjects of Chapter 3 and Chapter 4, respectively. In Chapter 3, a methodology for measuring the frac-
ture toughness of micron-sized specimens that avoids the main drawbacks of existing testing methods 
is developed and demonstrated using test-bench materials. The microscopic chevron notch test is then 
used to study silicon particles and silicon wafers, where unexpected challenges specific to silicon are 
revealed. In Chapter 4, two novel approaches for probing the local strength of individual reinforcing 
particles within a metallic matrix are developed and used to measure the strength of the silicon particles 
in Al-Si-based casting alloys. The particles are shown to be capable of locally sustaining considerably 
higher stress than what was previously expected. Also, factors that weaken the particles are identified 
and investigated. Then, to wrap up, Chapter 5 states the general conclusions extracted from the work 
done in this thesis. Perspectives for future research on the topic are finally discussed in Chapter 6.  

 

 

Figure 1.1 Left: Evolution in time (years) of the average aluminium content in cars produced in Europe, 
revealing a steadily increasing tendency. The data are from 2012; projections are shown until 2020. Right: 
Distribution of aluminium in European cars. Products marked with an asterisk (*) are largely made of cast 

aluminium. (Adapted from Ref. [1])  
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Figure 1.2 Greenhouse-gas emission targets for passenger vehicles across the world. The declining ten-
dency motivates the need for enhanced fuel efficiency, which is partly achieved through substituting 

high- for low-density materials such as aluminium alloys. Data and figure from Ref. [71], updated in Sep-
tember 2015. 

 

Figure 1.3 Cast aluminium products: (a) an engine block, (b) a wheel, (c) pistons and (d) a transmission 
case. (Images from Refs. [72–75]) 
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Figure 1.4 Metallographic examination of the fracture surfaces of different Al-Si alloys tested in tension 
or by impact. As seen, fracture paths follow fractured Si particles (in darker grey). (Images from Refs. 

[17,76] reproduced with permission of ASM International and Springer) 

1.2 Statement of objectives 
The objective of this work is two-fold: 

 First, to develop micromechanical testing methodologies by which the strength and the fracture 
toughness of particulate, microscopic, hard reinforcing phases in alloys and metal matrix com-
posites can be directly measured. The methodologies to be developed must be suitable to comply 
with the second part of the objective, which is 

 to investigate the local fracture properties of the main second phase in Al-Si casting alloys, i.e. 
the microscopic silicon particles within the -aluminium matrix. 

1.3 Thesis’s framework and funding 
The work in this thesis was done in the framework of a European Research Council project short-la-
belled “NanoPhaseCrack” awarded to this thesis’s advisor Prof. Andreas Mortensen at EPFL as the Prin-
cipal Investigator (PI) under the European Union’s Seventh Framework Programme (FP/2007-2013) / 
ERC Advanced Grant Agreement No.  291085 between May 1 2012 and April 30 2017. Broadly, the pro-
ject’s objective is to develop micromechanical testing methods and use them to probe the mechanical 
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properties of hard second phases in alloys and metal matrix composites. The project has been run by a 
team of five (three PhD students and two post-docs) plus the PI. Accordingly, three PhD theses were or 
will be produced within this project: (i) the present thesis, focused on silicon in Al-Si alloys, (ii) a thesis 
by V. Pejchal, focused on alumina reinforcements, and (iii) a thesis by L. Michelet, focused on carbides 
in steel. The two post-docs in the project were Dr. G. Zagar (involved from the launching of the project) 
and Dr. M. Fornabaio (who joined at later stages). The two laboratory technicians, R. Charvet and C. 
Dénéreaz, provided many valuable contributions. Also, briefly involved in the project were Dr. A. Rossoll 
and Dr. A. Singh. 
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 Literature Review 
This chapter is a review of previous work published in the literature on subjects relevant to 

the objectives and the context of this thesis. The review starts with an introduction to Al-Si alloys with 
focus on their microstructure and how silicon particles are formed (Section 2.1). This is followed by 
Section 2.2, which deals with the core matter of this thesis: fracture properties of silicon particles within 
Al-Si alloys. Next, the challenge of measuring fracture toughness and strength at small scale is treated in 
Sections 2.3 and 2.4, respectively. Finally, the state of the art on fracture properties (toughness and 
strength) of electronic-grade single crystalline silicon is reviewed because this is the obvious reference 
material to be compared with silicon particles in Al-Si alloys (Section 2.5).  

2.1 Microstructure of Al-Si alloys 
Due to the extensive importance of Al-Si-based alloys in today’s society (see Chapter 1), the literature 
on engineering/metallurgical aspects of Al-Si alloys is vast and comprises different topics such as me-
chanical and physical properties, applications, recycling, alloy selection, the effect of alloying elements, 
casting processes, melt treatments, heat treatments, etc. Examples of general reviews and text books 
that deal with many of those topics are Refs. [4,9,17,77–81]. The scope of this Section is limited to the 
most important aspects related to these alloys’ microstructures, which will hopefully provide an ade-
quate background to the following Section 2.2, where micromechanics and silicon particle strength of 
Al-Si-based alloys are described. 

Al and Si form a simple eutectic system, with the eutectic point situated at 577 °C and 12.6 wt.% Si in 
the equilibrium phase diagram (Figure 2.1) [82]. This gives rise to the subdivision of these alloys into 
three groups according to their Si content: hypoeutectic (roughly 4 - 12 wt.% Si), eutectic (about 12.6 
wt.% Si) and hypereutectic alloys (roughly 13 – 30 wt.% Si). The microstructure of hypoeutectic Al-Si 
alloys consists in rounded primary α-Al dendrites and the eutectic microconstituent in between den-
drite arms, which is formed by eutectic α-Al and faceted eutectic Si particles (Figure 2.1b). Hypoeutectic 
alloys are typically used when a good compromise between castability, alloy ductility and tensile 
strength is sought. With increasing Si content in the alloy, the proportion of eutectic increases. The closer 
to the eutectic the composition is, the better is the castability at the expense of alloy ductility. At the 
eutectic composition, the microstructure is mostly composed of the eutectic, although primary Si and 
primary α-Al may also be present (Figure 2.1c). In fact, primary Si particles can be found even in hypo-
eutectic alloys under certain conditions, a feature that has been attributed to conditions of local enrich-
ment beyond the eutectic composition of Si expelled into the melt from the growing Al dendrites [83]. 
Finally, hypereutectic compositions are used when the key requirement is wear resistance. The reason 
is that these compositions have high hardness because of the large volume fraction of large primary 
silicon particles within the microstructure (Figure 2.1d).  
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Figure 2.1 (a) Al-Si equilibrium phase diagram. Coloured arrows in the phase diagram indicate composi-
tions of each of the representative microstructure of (b) hypoeutectic, (c) eutectic and (d) hypereutectic 
Al-Si alloys shown along (Adapted from Refs. [17,84] with permission of ASM International and Elsevier). 

In the micrographs, silicon particles are dark and aluminium is bright. 

As seen, the great majority of silicon in these alloys forms a second phase within the α-Al matrix in the 
form of particles, whose dimensions, morphologies and degree of interconnectivity can be substantially 
varied with alloy composition, and with casting, alloying and heat treatment procedures 
[11,15,18,21,23,42,76,79,85–89]. Day and Hellaway [90], in the late 1960’s, carried out a seminal inves-
tigation on the microstructures of Al-Si cast alloys. Different forms of silicon in a binary, eutectic, Al-Si 
alloy were identified as a function of solidification rate and thermal gradient using directional solidifi-
cation. The region where typical industrial and laboratory practice conditions fall was associated with 
a dispersion of eutectic silicon particles forming interconnected networks of faceted plate-like particles 
(sometimes called flakes) (Figure 2.3a1), which look like faceted rods on a 2D micrograph of a polished 
sample (Figure 2.2a and Figure 2.1b-c). Salient features noted on the silicon plates were the presence of 
multiple {1 1 1} twins (Figure 2.4) and that the largest facets are {111} planes.  

With increasing solidification rate, the Si phase was observed to become finer, ultimately forming an 
interconnected structure of irregular branched fibres [90] (Figure 2.2b and Figure 2.3b1). This is the 
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morphology of a modified eutectic. Such modification of the eutectic silicon morphology comprises al-
tering the regular plate-like morphology into a fine, fibrous, coral-like (also described as "woolly" or 
“seaweed”), network of silicon crystals. Modification may be induced not only by a high cooling rate (this 
is called chill or quench modification), but also by the addition of certain elements (chemical modifica-
tion), notably Sr or Na in very low concentrations. These fibrous silicon crystals have also been shown 
to be (heavily) twinned [91]. Modification is of considerable technological interest because it has a pos-
itive impact on alloy ductility. Namely, non-modified Al-Si alloys featuring plate-like silicon particles 
typically show elongations of no more than a few percent together with primarily brittle fracture sur-
faces (fracture progresses through the silicon particles, as discussed in the next Section), whereas mod-
ified alloys present significantly increased elongation and more ductile fracture surfaces featuring dim-
ples [92].  

 

Figure 2.2 SEM images of the microstructure of a near-eutectic, binary, Al-Si alloy (a) non-modified and 
(b) Sr-modified. Silicon particles are bright, while the aluminium phase is dark. (Reproduced from Ref. 

[93] with permission of Elsevier) 

 

Figure 2.3 Silicon particles within the microstructure of a Al-11Si-0.6Mg alloy exposed by deep-etching 
the aluminium matrix using a two-step etching procedure consisting in first immersing the sample in a 
mixture of HCl and HF, and then in HNO3 solution. Eutectic particles in non-modified alloys are typically 

plate-like (a1-a2). (Figure adapted from Ref. [76] with permission of Springer) 
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Figure 2.4 Twins in a silicon plate-like particle parallel to the large {111} facets observed in the SEM using 
Back Scattered Electrons. (Adapted from Ref. [94] with permission of Elsevier) 

Primary Si particles can take many different shapes depending on conditions such as composition and 
cooling rate. In studies of the growth of primary Si in Al-Si alloys, Wang et al. [95,96] conclude that the 
most frequent morphologies of primary Si are {111} faceted octahedral crystals and related spinel-type 
variants (Figure 2.5, Figure 2.6 and Figure 2.7). These have also received other names in the literature, 
such as "massive", "polyhedral", "polygonal", "geometric", "faceted globular", "angular" or "blocky". 
Other, less common, primary Si shapes are star-like, dendritic-like, plate-like or skeletal-complex crys-
tals [95–97].  

 

Figure 2.5 (a) Octahedron crystal bounded by {111} facets. (b) Spinel-type crystal bounded by {111} facets 
resulting from twinning the octahedron along the (111) plane labelled bbb. The twin plane is shaded in 

(b). (Figure from Ref. [96] with permission of Springer) 
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Figure 2.6 SEM micrographs of a deep-etched Al-20Si alloy, showing the morphology of primary silicon 
particles. The area indicated with a white square in (a) is magnified in (b). (Adapted from Ref. [98] with 

permission of Elsevier) 

 

Figure 2.7 Primary silicon particles extracted from an Al-20Si alloy. In the left image, the top particle has a 
spinel-type morphology, while the bottom particle is a perfect octahedron. The image in the right shows 

an imperfect, hopper-like (i.e., with centrally hollowed facets), octahedral silicon particle. (Figure 
adapted from Ref. [99] with permission of Elsevier) 

Silicon particles in Al-Si alloys originate and take their shapes by mechanisms of nucleation, growth, and 
coarsening. Before introducing those mechanisms, some general observations are worth recalling. The 
crystalline structure of silicon is diamond-cubic, where the closest-packed and lowest surface energy 
planes are the {111} planes. It is well-known that silicon particles have a strong tendency to be highly 
faceted, bounded by {111} planes [90,94,95,97,100–103]. A straightforward example of this are the 
plate-like silicon particles, whose large flat facets are {111} planes [94,100,104–106]. Another example 
are the octahedral primary silicon particles [83,98,99]. It is also well-established that plate-like particles 
feature several {111} twins parallel to their large facets [94,105]; these, as will be seen, play a key role 
in their growth. Nucleation and growth mechanisms of silicon particles are subjects that have received 
significant attention over many years (coarsening mechanisms, on the other hand, have been less inves-
tigated). Yet, as will be seen next, there is still considerable debate about the specific mechanisms in-
volved. 

It is often considered that the most potent nucleant of Si in Al-Si alloys is aluminium phosphide (AlP). 
The two have the same arrangement of atoms: Si has a diamond cubic structure whereas AlP has a 
zincblende structure, which is like a diamond cubic structure but with alternating atom types along 
{111} planes. They also have similar lattice parameters: 5.421 Å and 5.431 Å in the case of AlP and Si, 



Literature Review 

42 
 

respectively [107]. Thus, Si can easily nucleate heterogeneously with a cube-cube orientation relation-
ship on AlP. Evidence of AlP particles within primary and eutectic Si particles has been extracted based 
on techniques such as X-ray Energy Dispersive Spectroscopy (EDS), or TEM with lamellas produced into 
particles with the FIB  [107,108], e.g., Figure 2.8. 

 

Figure 2.8 Observation of a AlP as the possible nucleant of a Si particle; figure adapted from Ref. [108] 
with permission of Oxford University Press. The EDS results of a line scan on the particle in (a) are shown 
in (b). Note that the presence of O in the EDS results is an artefact introduced upon metallographic sam-
ple preparation. A TEM image of a lamella prepared using FIB out of a silicon particle attached to a po-

tential nucleant is shown in (c). 

Ho and Cantor [109] (and later others [107,108,110,111]) studied the nucleation of Si using non-modi-
fied hypoeutectic Al-Si alloys of varying concentrations of P, present as an impurity. It was observed that 
the higher the alloy purity, (i) the higher the necessary undercooling to nucleate eutectic silicon particles 
(Figure 2.9), (ii) the larger the proportion of fine vs. coarse particles, and (iii) the higher the frequency 
of Si particles with a cube-cube orientation relationship with primary Al. These observations were at-
tributed to the effect of P on AlP and hence Si particle nucleation, as follows. When the concentration of 
P is high, most P is in the form of solid AlP particles at temperatures above the liquidus, while only a 
small proportion of P remains in (saturated) solution. When the temperature goes below the liquidus, 
primary Al dendrites start forming, rejecting P into the interdendritic liquid, while also the solubility of 
P in the melt decreases. The resulting extra P attaches to the pre-existent AlP particles. Note that in this 
scenario primary Al and AlP are formed independently and hence without an orientation relationship 
between the two. Finally, with further decrease of temperature below the eutectic, the AlP particles be-
come sites where Si nucleates at low undercooling (Figure 2.10). Conversely, when the alloy contains 
little P, there are only few pre-existent AlP particles in the melt that can nucleate Si particles at low 
undercooling because most of the P is dissolved in the liquid. When the temperature decreases below 
the liquidus, the primary Al dendrites start to grow and expel the excess of P. In this case, however, in 
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the absence of AlP particles the P will attach as a layer of P on {111} planes of the Al dendrites that are 
exposed to the melt. Alternating {111} layers of Al and P result in a small AlP precipitate, which eventu-
ally, at a larger undercooling, will act as a heterogeneous nucleation site for Si. Since the Si particle nu-
cleates with a cubic-cubic orientation relationship with AlP, it will, in this case, also be in cubic-cubic 
orientation with the Al dendrite [109]. 

 

Figure 2.9 The top image shows the part of the cooling curves upon solidification associated with the for-
mation of Al-Si eutectic in alloys having different P concentrations, ranging from 0.5 to 20 ppm. The ob-
tained microstructures are shown below in images (a)-(e), corresponding to alloys having 0.5, 2, 3, 5 and 

20 ppm of P, respectively. (Figure adapted from Ref. [107] with permission of Springer) 

 

Figure 2.10 A proposed eutectic nucleation mechanism; figure from Ref. [108] with permission of Oxford 
University Press. (a) Aluminium phosphide segregates to the melt at the interface with a growing den-

drite. (b) Segregated AlP particles act as heterogeneous sites onto which eutectic silicon nucleates, start-
ing the formation of eutectic grains. 
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Besides AlP, other particles have been claimed to nucleate eutectic silicon in non-modified alloys. There 
is a body of work that sustains that tiny β-(Al-Si-Fe) particles play the most important role. In this sense, 
Shankar et al. [112] have shown using TEM and elemental mapping that tiny β-(Al-Si-Fe) particles are 
found attached to many eutectic Si particles (Figure 2.11). Also, a finer microstructure is obtained when 
the level of Fe as impurity is diminished while keeping the P content constant. The hypothesis of Shankar 
et al. [112] is that these β-(Al-Si-Fe) particles are produced in front of growing primary Al dendrites 
where the melt is enriched with expelled Si and Fe. Some eutectic Si then nucleates on those particles, 
which marks the onset of the eutectic colony growth (Figure 2.12). This work has prompted a heated 
debate between researchers in the field, particularly with Dahle and Hillert [113–116]. An argument 
against this hypothesis is that thermodynamic calculations of the solidification sequence in the Al-Si-P-
Fe system by Liang and Schmid-Fetzer [117] show that β-(Al-Si-Fe) forms last in the solidification se-
quence compared to AlP and Si at relevant alloy compositions (e.g. Figure 2.13). Potential kinematic 
effects are, on the other hand, not discussed in that work. These could be important: Khalifa et al. [118] 
showed that the β-(Al-Si-Fe) phase can form before Si for kinematic reasons. 

 

Figure 2.11 Elemental map and bright field TEM images of eutectic Si particles within the Al matrix, 
where a (Al,Si,Fe) phase is shown in association with Si particles, suggesting, according to Shankar et al. 
[112], that the Fe-rich phase nucleated the Si particles. (Reproduced from Ref. [112] with permission of 

Elsevier) 
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Figure 2.12 A proposed eutectic Si nucleation mechanism; figure reproduced from Ref. [112] with permis-
sion of Elsevier. Primary Al dendrites are growing in (a). In (b), β-(Al-Si-Fe) phase nucleates at the solid-

melt interface. Then, in (c), eutectic Si nucleates on the Fe-rich phase, followed by nucleation of eutectic 
Al on the eutectic Si. In (d), eutectic Si can further nucleate within the growing eutectic Al. Eventually, the 

growth of the solid phases is completed.  

 

Figure 2.13 Phase fraction as a function of temperature as computed from solidification simulations of a 
hypoeutectic Al-Si alloy with Fe and P impurities; figure reproduced from Ref. [117] with permission of 

Springer. In (a), all phases can grow (standard Scheil simulation), while in (b) the formation of (Si) is sus-
pended (constrained Scheil simulation). In either case, AlP is observed to form before the β-(Al-Si-Fe) 

phase, which, moreover, appears at a significant undercooling if Si does not nucleate earlier elsewhere 
(as seen in (b)). These results were claimed to disprove the hypothesis that the β-(Al-Si-Fe) phase in the 

form of tiny particles nucleates eutectic Si. 
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Moreover, Nafisi et al. [119] proposed that, in addition to the heterogeneous nucleation on impurity 
particles, the eutectic Si nucleates as dome- or doughnut-shaped Si nuclei. In this view, eutectic Al first 
nucleates at primary Al dendrites (as was also suggested in Refs. [120,121] for non-modified alloys but 
contradicts publications where eutectic Si is claimed to nucleate before eutectic Al [101,112]). This then 
gives rise to local enrichment of Si in the melt in front of growing Al crystals, which, in turn, produces 
the Si nuclei.  

Finally, Campbell [48,122,123] believes that entrained oxide bifilms, which enter into the microstruc-
ture during handling and pouring of the melt into the mould (Figure 2.14 left), are the second best nu-
cleants (after AlP) for both primary and eutectic Si. This would explain the observation of long central 
cracks along large and elongated Si and β-(Al-Si-Fe) particles (Figure 2.14 right). Sigworth [124], how-
ever, notes that supporting evidence of bifilms being the substrate for Si nucleation is limited to few 
observations of bifilms inside particles in non-modified Al-Si alloys. 

 

Figure 2.14 (a) Representation of turbulence at the surface of molten metal causing the entrainment of 
oxide bifilms and bubbles during manipulation and pouring into the mould. (b) Long central cracks in 

elongated β-(Al-Si-Fe) and Si particles, claimed to be consistent with the hypothesis that those particles 
have nucleated on entrained bifilms. (Adapted from Ref. [48] with permission of Taylor & Francis) 

Once nucleated, silicon particles grow. In studies on the growth of primary Si in hypereutectic alloys, 
Wang et al. [95,96] used an etching technique to reveal growth traces of primary Si particles on polished 
sections of a hypereutectic Al-Si alloy. Growth traces are marks left by the effect of the etchant on impu-
rity-rich layers within the crystals, which are believed to be a consequence of the ejection of impurities 
during crystal growth. Hence, these marks reveal the outer shape the crystal had at different stages dur-
ing its growth and their spacing can be used to estimate the relative growth rates in different directions. 
An example of the growth traces of a spinel-type primary Si is shown in Figure 2.15. In Ref. [96], it is 
proposed that, if the nucleus has no twins, a simple octahedron bounded by {111} facets will develop 
(Figure 2.5a and Figure 2.7), whereas if the nucleus has one twin, the particle will develop into a spinel-
type crystal (Figure 2.5b and Figure 2.15). If there are more than one twin and they are parallel, the 
result is a plate-like particle grown by the Twin Plane Re-entrant Edge (TPRE) mechanism (described 
below) (Figure 2.16). Finally, a five-branched star-like crystal can develop from a cluster of five octahe-
drons in twin relationship, with each branch growing as faceted octahedra [95,96]. Deviations of those 
shapes are attributed to mechanisms of accelerated corner growth, retention of facets other than {111}, 
and/or coalescence of growing crystals (Figure 2.17). 



Literature Review 

47 
 

 

Figure 2.15 Polished cross section of a spinel-like primary Si particle observed under light microscope 
(left) and a simplified scheme (right) indicating the crystal growth traces, which were exposed using a hot 

etching technique; figure reproduced from Ref. [96] with permission of Springer.   

 

Figure 2.16 Primary plate-like Si particles extracted from a Al-Si alloy (a), and a magnified view showing 
in detail the edge of a plate-like primary Si particle (indicated with an arrow), where grooves resulting 

from twins are readily visible; from Refs. [95,100] with permission of Taylor & Francis and Springer. 

 

Figure 2.17 Coalescence of two primary Si crystals forming one particle. The octahedron crystal features a 
further deviation from perfection, including a non-{111} facet (see scheme on the right). (Reproduced 

from Ref. [96] with permission of Springer) 

Octahedral crystals and variations thereof with {111} facets, which are the most common primary Si 
particles in Al-Si alloys, grow by a layer growth mechanism [95–98,125]. Layer growth postulates the 
presence of flat terraces and raised partial layers (steps) that define kinks, which is where incoming 
atoms attach preferentially. Wang et al. [96] suggest that an important source of layer growth steps are 
emerging screw dislocations on {111} facets. Alternatively, corners and edges are favoured sites in layer 
growth because those are locations where Si in the adjacent melt is depleted to a lesser extent than at 



Literature Review 

48 
 

the centre of the facets. Evidence of the latter is provided by the observation of hollow (“hopper-like”) 
crystals (Figure 2.7 right), which are formed under certain conditions as a result of the deposition of Si 
on edges and corners of an octahedron, while the central part of facets is not readily filled due to local 
silicon depletion in the adjacent melt [96,98].  

 

Figure 2.18 Twin Plane Re-Entrant (TPRE) growth mechanism of plate-like silicon particles; figure adapted 
from Ref. [126] with permission of AIP Publishing LLC. In (a1-a2), the crystal only has one twin, which pre-

vents its perpetuous growth. In (b1-b3), the crystal has two twins and growth by the TPRE mechanism 
can self-perpetuate. See main text for a step-by-step description. 

As mentioned above, the typical shape of eutectic silicon particles in non-modified alloys is the plate-
like morphology (e.g., Figure 2.3a). Its growth is typically attributed to a mechanism known as Twin 
Plane Re-entrant Edge (TPRE). The TPRE mechanism was originally proposed in two publications by 
different authors almost simultaneously in 1960 as a means to explain previously reported experi-
mental results on the growth of Ge dendrites [126,127]. The mechanism explains how a crystal needs at 
least two parallel {1 1 1} twins to self-perpetuate growth perpendicular to <1 1 1>, which is more fa-
vourable than layer growth on {1 1 1} facets, hence generating a plate-like crystal. The reasoning is as 
follows. The equilibrium habit of Ge (and also of Si) is an octahedron bounded by eight {111} facets 
(Figure 2.5a). A related favourable shape is a crystal twinned along bbb in Figure 2.5a, which gives Fig-
ure 2.5b. The outline of this crystal is composed six central edges at the intersection of pairs of {111} 
planes, producing three 141° and three 219° boundaries (indicated in Figure 2.18a1). The 141° edges 
form re-entrant edges, which are -according to this theory- sites where nucleation is favoured. Thus, the 
re-entrant edge readily undergoes rapid crystal growth in a <112> direction (at a much higher rate than 
layer growth in {111} facets), which is, however stopped soon after because of the disappearance of the 
re-entrant groove, leading to its replacement with a ridge (Figure 2.18a2). In contrast, if the initial crys-
tal has two (or more) parallel twins instead of one, the formation of a ridge due to the growth from a re-
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entrant edge will in turn produce a 109.5° re-entrant edge (Figure 2.18b1), which will readily nucleate 
and propagate the growth further. As shown in Figure 2.18b3, after one “step” of growth, the crystal 
keeps its shape but it has increased in size. Most importantly, the crystal still has six re-entrant edges to 
keep it growing steadily in the same manner and form a plate.  

Liu et al. [94] recently revised the validity of the TPRE mechanism on plate-like eutectic silicon particles 
in Al-Si alloys and made the observation using EBSD that plates are typically elongated along <110> 
directions rather than along <112> directions. They proposed thus a modification to the TPRE growth 
of silicon in which growth at the atomic scale still takes place along <112> directions, but consecutive 
growth steps follow a zigzag pattern, such that at the microscopic scale, the overall growth direction is 
<110> (Figure 2.19). Modifications to the TPRE mechanism have also been made by Fujiwara et al 
[102,128] in studies where an in-situ observation technique was used to follow the growth of Si den-
drites from pure Si melts in real time.  

 

Figure 2.19 Modified TPRE mechanism to account for the fact that plate-like Si particles in Al-Si alloys are 
found to be elongated in a <110> direction. In this case, growth at the atomic scale is in <112> directions 
(as in the traditional TPRE mechanism) but in zigzag, which leads to an overall <110> microscopic growth 

direction. (Reproduced from Ref. [94] with permission of Elsevier) 

Whereas individual eutectic silicon plates grow by a TPRE mechanism (or a variation thereof), when a 
colony of eutectic silicon plates of a non-modified Al-Si alloy is observed in a metallographic cross sec-
tion, it frequently has a "broom-like" or “wheatsheaf” appearance (Figure 2.20). To explain this, it has 
been proposed that, during the growth of eutectic Si particles, fragments break off, slightly rotate in the 
melt, and then give rise to new plates [129]. Alternatively, slightly misoriented particles can be side-
branches formed by a displacement twinning mechanism of a silicon plate [101]. 

 

Figure 2.20 “Broom-like” appearance of eutectic Si plate-like particles (scale not indicated in the original 
document); figure from Ref. [129] with permission of Springer. 
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The mechanisms of eutectic modification in Al-Si alloys have also been extensively studied and remain 
subject to controversy [92,123,124,130]. It is generally accepted that chemical modification has an in-
fluence on both Si nucleation and Si growth [94,111]. In modification with Sr, it has been shown that Sr 
readily forms Sr3P preventing the formation of AlP nuclei [111]. Alternatively, Al2Si2Sr intermetallic 
phase can form around pre-existing AlP particles, deactivating those nuclei and forcing silicon to nucle-
ate on less favourable nuclei at larger undercooling [131]. Indeed, a high undercooling is normally asso-
ciated with Sr modification, and the measurement of this undercooling is the most used Non-Destructive 
Testing (NDT) approach to assess the degree of modification of Al-Si alloys [92] - even though there are 
studies that argue that its applicability is unfounded [110].  

Eutectic chemical modification is also a result of changes in particle growth mechanisms [94,111]. In 
this regard, two mechanisms are usually accepted: impurity induce twinning (IIT) [104] and restricted 
TPRE growth. IIT proposes that modifying atoms (e.g., Sr or Na) are adsorbed onto kinks at steps on {1 
1 1} facets exposed to the melt, preventing growth by further attachment of silicon atoms to the facet, 
and hence forcing the crystal to alter the stacking sequence, twin, and activate other growth directions. 
In the restricted TPRE mechanism, on the other hand, modifiers elements poison re-entrant grooves 
rendering them less favourable for growth, and hence deactivate the anisotropic TPRE growth, forcing 
the particle to twin further and branch. These modification mechanisms account for the very high den-
sity of twins and branching observed in chemically modified silicon fibres. On the other hand, those 
mechanisms do not apply to chill-modified fibres, which present much less twinning [111]. Chill-modi-
fied silicon particles are believed to be finer counterparts of unmodified plate-like particles grown by 
the TPRE mechanism [111,132].  

Al-Si cast parts are sometimes subjected to heat treatments. A typical example is the age hardening of 
Al-Si alloys containing Mg and/or Cu, which comprises a solubilisation step at a temperature in the range 
500-550 °C, followed by quenching and an aging step at intermediate temperature. The main objective 
of this treatment is to produce strengthening of the aluminium matrix driven by ’’ (Mg2Si), ’ (Al2Cu) 
and/or Q’ (Al5Cu2Mg8Si6) precipitates [21,23,133]. The presence of other nanometric precipitates has 
also been reported [11,134]. Heat treatment introduces changes to the Si phase. Plate-like silicon parti-
cles undergo morphological changes, which are typically described by the following sequence: (i) frag-
mentation, (ii) spheroidization of the fragments, and finally (iii) coarsening. The loss of particle inter-
connectivity and the decrease of particle aspect ratio significantly improve alloy ductility and fatigue 
resistance [4,133]; however, they can be detrimental to alloy strength [135].  

The effect of heat treatment on the morphology of silicon particles has been characterized in 3D by La-
sagni et al. [93] using high-resolution FIB-tomography on both non-modified and Sr-modified Al-12Si 
alloys. As shown in Figure 2.21 and Figure 2.22, the initially interconnected network of silicon (coarse 
plate-like in one case and coral-like fibrous in the other) defragmented into isolated particles after only 
20 minutes at 540 °C. As expected, it was also found that and spheroidization and coarsening occur pre-
dominantly for smaller particles. Also, plate-like particles did not readily take a spherical shape. In fact, 
as will be seen in the work of this thesis and also in Figure 2.3 from the work of Pedersen et al. [76], even 
after long heat treatments plate-like particles tend to retain their plate-like morphology (they do, nev-
ertheless, become somewhat more regular and tend to round off their edges).  
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Figure 2.21 Reconstructed 3D microtomography images of a non-modified Al-Si alloy. (a-b) are for the as-
cast condition. Interconnected particles share a common level of grey; as seen, particles mostly form an 

interconnected network in the as-cast condition. On the other hand, (c-d) are images after heat treat-
ment: particles with different colours are disconnected from each other. As seen, the heat treatment 

defragmented the silicon phase. (Adapted from Ref. [93] with permission of Elsevier) 

 

Figure 2.22 Same as the previous Figure, but in this case the alloy is a Sr-modified Al-Si alloy. In this case, 
heat treatment not only defragmented but also spheroidized the silicon phase. (Adapted from Ref. [93] 

with permission of Elsevier) 
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The time that it takes for silicon particles to undergo changes upon heat treatment depends strongly on 
the size and morphology of the starting particles (i.e. on the initial, as-cast condition), as typical times 
employed in the literature vary widely with this parameter, ranging from a few minutes for modified 
(fine) structures [87,136] to several hours for coarser initial morphologies [137–139]. The effect of heat 
treatment depends as well on the chemical composition of the alloy. For example, Ni is added to certain 
grades of piston alloys that are subjected to elevated in-service temperatures. In those alloys, Ni-alu-
minides enhance microstructure thermal stability, which maintains alloy strength at intermediate tem-
peratures. Specifically, Al3Ni and Al9FeNi prevent the fragmentation of the network of second phases, as 
shown by Asghar et al. [140] using synchrotron tomography. 

The driving force of thermally-induced particle fragmentation, spheroidization and coarsening is the 
tendency to minimize the Gibbs free energy of the system. Volumetric, surface (interfacial) and elastic 
contributions all come into play [4]. Note also, that the problem is complex due to the high surface en-
ergy anisotropy of silicon. From a kinetic point of view, the process is expected to begin at local crystal 
disturbances (or morphological faults) like terminations, kinks, striations, holes and microcracks, and 
to then progress by migration of Si atoms by solid-state diffusion [141,87]. Detailed, quantitative, mod-
elling of the process that considers both thermodynamic and kinetic effects is, however, not available in 
the literature to the best of the author’s knowledge. 

Up to here, only structural aspects (e.g., twins, facets, surface grooves and steps, interconnectivity) of 
the silicon particles in Al-Si have been discussed. The chemical composition of silicon particles, on the 
other hand, has been very rarely examined in the literature. The general assumption that silicon parti-
cles are fully made of Si is good enough for the scope of most studies on Al-Si alloys; however, HR-TEM 
studies of silicon particles indicate that the particles are not simply pure Si [142–145]. This was first 
shown in 1992 by Andersen et al. [142], who found equiaxed aluminium precipitates roughly 10 nm in 
size in the interior of silicon particles in a Al-Si-Ni-Mn alloy. Later, Hogg et al. [146] found similar pre-
cipitates within Si particles of a spray-formed hypereutectic Al-Si alloy. Also Donlon [143] looked in 
detail at silicon particles of as-cast and heat treated A356 (Al-Si-Mg) and A319 (Al-Si-Mg-Cu) hypoeu-
tectic alloys under a HR-TEM and found tiny Al precipitates contained in silicon particles of both alloys 
(Figure 2.23). Large quantities of precipitates were observed along specific bands within the particles, 
while other locations within the particles were shown to be free of such precipitates [143]. No strain 
contrast was found in the surrounding silicon, indicating that strains are largely accommodated by the 
precipitate. EDX spectra of the precipitates also revealed the presence of small amounts of O and Cu (the 
latter in the case of alloy A319). Subsequent heat treatment was shown not to affect their morphology 
nor their distribution, a fact confirmed also by Jia et al. [145]. Donlon [143] suggests that the stability of 
the precipitates may be related to the presence of O within the precipitate, or to slow diffusion of Al in 
solid Si. The occurrence of Al precipitates in silicon particles is proposed to be a consequence of super-
saturation of Al in solid Si during Si particle growth, followed by precipitation of Al phase within the Si 
crystal. Note that the maximum solubilities of Al and Cu in Si are small, namely 0.016 and 0.002 at.%, 
respectively [143].  
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Figure 2.23 (left) TEM image of a Si particle from an Al-Si alloy, in which Al precipitates roughly 10 nm in 
size (HR-TEM image on the right) are observed in a sector of the particle marked with a red rectangle; fig-

ure adapted from Ref. [143] with permission of Springer. These Al precipitates inside Si particles have 
been observed in many Al-Si alloys and are insensitive to heat treatments. 

In the previous paragraphs, only silicon has been discussed as a second phase; however, impurity-rich 
and alloying element-rich precipitates are also more or less normally present in commercial Al-Si cast 
alloys. Even though they are usually in much lower volume fraction than Si, they may, in some cases, 
also have a strong influence on the alloy’s mechanical properties. The basic example is iron, which is the 
main impurity in these alloys (although in certain grades it is added as an alloying element). As an im-
purity, it forms elongated, thin, ß-phase (Al5FeSi) precipitates, which are highly detrimental to tensile 
properties and fatigue resistance [4,86,147]. Other Fe-rich phases can also be found in Al-Si alloys, such 
as the ߙ-Al(Fe,Mn)Si or the π- Al9FeMg3Si5 phases [148]; the latter limits alloy ductility in certain Al-Si-
Mg alloys [86].  

Moreover, (highly) alloyed compositions can feature several other second phases. An illustrative exam-
ple can be found in Chen et al. [149]. In that work, the intermetallic phases present in a eutectic Al-Si-
Cu-Mg-Ni alloy were analysed by EBSD, EDX and DSC analysis. Besides elemental silicon particles, the 
authors identified the following phases in the form of particles: Al5Cu2Mg8Si6, Mg2Si, AlFeCuSiMn, Al3Ni2, 
AlCuFeNi, Al9FeNi, AlCuFeNi (Figure 2.24). As seen, the range of second phase particles in Al-Si alloys 
can be extremely large. 
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Figure 2.24 SEM and light microscopy images of the microstructure of a Al-Si-Cu-Mg-Ni alloy showing the 
presence of many different intermetallic phases within the Al matrix; figure from Ref. [149] with permis-

sion of Elsevier. 

 

2.2 Micromechanics of Al-Si alloys and particle strength 
Micromechanics serves in understanding the relations between the bulk properties of a material and 
the local properties of its microstructure. This encompasses considering how mechanical load is borne 
across the phases and microconstituents, and resulting consequences such as the onset and evolution 
of specific damage mechanisms that depend on the properties of those phases and on the cohesive prop-
erties of the interfaces (e.g., [55,150–155]). Work on the micromechanics of Al-Si alloys has been typi-
cally prompted by two kinds of motivation. The first, more obvious, is the desire to understand the me-
chanical properties of this very important class of engineering alloys. The second, is that Al-Si alloys can 
be used as model materials towards understanding and modelling the damage accumulation and frac-
ture process of many other heterogeneous materials where a ductile matrix is reinforced with hard sec-
ond phases, notably Metal Matrix Composites (MMCs) and some other alloys [156,14,41,139,157,158]. 
The reason is that intervening factors such as particle size, shape, aspect ratio, volume fraction and mor-
phology as well as hardness of the matrix can be relatively easily adjusted in Al-Si-based alloys through 
composition, solidification conditions and heat treatment, therefore providing versatility to the studies. 
In the following paragraphs, relevant literature on this subject is reviewed with emphasis in the im-
portance of the fracture properties of silicon in the micromechanics of unmodified Al-Si alloys. Also, 
existing approaches in the literature to determine fracture properties of the silicon particles (even 
though generally indirectly) are here described.  
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The first studies in this sense done on Al-Si alloys date from the mid 1990’s (except for the earlier work 
of Coade et al. [39] in 1981, discussed later in this Section). Mocellin et al. [14] identified the sequence 
of events in the damage process of an hypereutectic Al-15Si-3Fe during tensile testing (which applies in 
general to most Al-Si alloys [19,22,44,47,159]) as: (i) the onset of silicon particle cracking, (ii) the in-
crease in the volume fraction of cracked particles, and (iii) the linkage through the aluminium phase of 
the microcracks producing a macrocrack. Interfacial decohesion particle-matrix was not observed. To 
explain step (i), a purely energetic argument was used: a particle (considered spherical) fractures when 
the stored elastic energy in the particle ܹ ൌ ݓ 4 3⁄  ଷ Equation 2-1ܴߨ

exceeds the energy of the newly created surfaces 2ܴߨଶߛୱ Equation 2-2 

  
where ݓ is the elastic energy density in the particles, ߛୱ is the surface energy of silicon, and ܴ  the particle 
radius. This leads to a particle fracture criterion given by  ݓ ൐ ሺ3 2⁄ ሻሺߛୱ ܴ⁄ ሻ, which, according to this 
model, explains the observation that larger particles fracture preferentially over smaller ones.  

Such a size effect in the strength of silicon particles is also seen in the work by Slámová et al. [156], 
where the mechanical properties and the evolution of damage under tensile loading of an Al-1%Si alloy 
subjected to different heat treatments was studied. The Si content of this alloy was significantly lower 
than in typical Al-Si casting alloys. Differences in the results among the differently heat-treated samples 
were explained in terms of the size distribution and morphology of the silicon particles. Via acoustic 
emission it was observed that, for two materials with the same average particle size but different size 
distributions, damage initiated at lower strains in the material with the widest distribution. This was 
adjudicated to the fact that bigger particles fail at lower stresses, just as ceramic materials typically do: 
the larger the specimen is, the higher the probability of it containing a larger critical flaw, thus the lower 
the critical remotely applied stress. This is, in fact, the most usual argument used to explain the apparent 
particle strength size effect [47,159].  

Caceres and Griffiths [13] developed for a heat-treated Al-7Si-0.4Mg (A356) alloy a model to express the 
ductility as a function of dendrite cell size and average size and aspect ratio of the brittle silicon particles. 
The analysis, also used by Wang et al. [42] on an alloy with slightly more Mg content (alloy A357) and 
by Joseph et al. [29] on a eutectic Al-Si-Cu-Mg alloy, is based on damage by fracturing of the silicon par-
ticles. The experiments consisted in tensile and 4-point bending tests, which were carried out using 
square cross-section specimens. After every plastic strain increment of roughly 1%, tests were stopped 
and the fraction of fractured particles along the surface of the sample was measured under an optical 
microscope. This was done, in the case of the tensile sample, on one of its faces, which was repolished 
to remove a depth of roughly 100 μm after each strain increment; the exposed surface was assumed to 
represent the “bulk” state. Measurements of fractured particles in the bending sample were done on its 
tensile surface, which was polished only once, prior to testing (i.e. it was not repolished after each strain 
increment). Measured in this way, the fraction of cracked particles at varying levels of macroscopic 
strain was found to be fairly consistent across both tests and was used to compute the particle failure 
probability. The method is unfortunately prone to artefacts: in particular, polishing produces scratches 
that can weaken or fracture particles at the surface. The stress in the particles as a function of applied 
strain was approximated using a dispersion hardening approach proposed by Bréchet et al. [151] and 
further developed by Caceres et al. [160]; this considers a Weibull distributed particle strength and 
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takes into account local work hardening of the surrounding matrix. A failure criterion was then defined 
based on the critical level of damage observed in fractured samples, which occurred roughly when a 
level of 45% volume fraction (20% number fraction) of fractured particles was attained. Caceres and 
Griffiths [13], Wang et al. [42] and Joseph et al. [29] estimated in this way the strength of the silicon 
particles to be in the range 0.5 – 3.5 GPa, albeit widely distributed (calculated Weibull modulus values 
were roughly in the range 1 to 4), with a reference strength of 3 GPa for eutectic silicon particles having 
a 4 μm representative diameter in heat-treated A356 and A357 alloys. 

A similar approach involving counting fractured particles as a function of strain was used in investiga-
tions by Kiser et al. [41] and by Nishido et al. [43]. The former calculated the stress in the particles from 
a constitutive law derived from a finite element analysis [161], while the latter used an expression from 
an equivalent Eshelby inclusion method. Kiser et al. [41] reported a Weibull modulus of 6.1 for silicon 
particles in a hypereutectic (20 %Si) alloy, which started to fracture at estimated stress of 150 MPa. 
Nishido et al. [43], on the other hand, discriminated primary from eutectic silicon particles, reporting a 
strength of 200-300 MPa for the former and 500-900 MPa for the latter. Furthermore, Wang [159] esti-
mated the average tensile stress on the silicon particles as a function of the alloy plastic strain using the 
model to derive the stress in the particles by Caceres and Griffiths [13]. Damage was in this case quan-
tified by monitoring the Young’s modulus loss. Their results show a change in the shape of the curve at 
a particle stress level in the range of 600 - 800 MPa (depending on the particle aspect ratio). This was 
associated with the onset of particle cracking and matrix plastic relaxation.  

Another important question is that of how the silicon particles are loaded within the microstructure. 
Yeh and Liu [162], in their investigation on particle cracking in alloy A357, argue that silicon particles 
fracture because of the strong stress concentration at their surface resulting from dislocation pile up in 
the surrounding aluminium matrix. This seems to be supported by the observations of Wang and Ca-
ceres [12], where fracture surfaces were examined after an electro etching process designed to clearly 
distinguish between transgranular and intergranular fracture. Transgranular, in the context of hypoeu-
tectic Al-Si alloys, means through cell walls (cells are the regions between two secondary dendrite arms; 
hence, cells contain α-aluminium in their interior and the eutectic at their walls). Conversely, intergran-
ular means between dendrites, which is also a region with the eutectic microconstituent and also segre-
gation. When the secondary dendrite arm spacing (SDAS) is large, the fracture is transgranular and this 
is rationalized by the fact that the eutectic at cell walls is highly concentrated in silicon particles, which 
are an effective obstacle to slip bands, leading to the formation of dislocation pile ups, which produce 
particle cracking. Conversely, a microstructure of small SDAS leads to intergranular fracture given that 
the particles in cell walls are, in this case, more isolated and do not provide a strong enough obstacle to 
dislocations as grain boundaries do. Figure 2.25 shows the interaction of slip bands with cell walls and 
with dendrite boundaries in materials of large and small SDAS, respectively. Note that in all cases, frac-
ture progresses through the fracturing of silicon particles.  
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Figure 2.25 Micrographs of Al-Si alloys under Nomarski phase contrast to expose slip bands in the alumin-
ium matrix; figure adapted from Ref. [12] with permission of Elsevier. The left image corresponds to an 

alloy with a large dendrite arm spacing (DAS). Here, slip bands are observed in dendrite cells and interact 
with the silicon particles at cell boundaries. The right image corresponds to an alloy with a small DAS. 

The density of silicon particles is in this case lower, and hence cell boundaries interact less with disloca-
tions. Slip bands are, in contrast, observed to strongly interact with a grain boundary (indicated with 

black arrows). 

Other studies suggest that the stress that leads to particle fracture is mostly a result of a fibre loading 
mechanism. In fibre loading, the load is transferred to the particles by a shearing mechanism at the in-
terface between the yielding matrix and the stiff particle [29,150]. Berdin et al. [163] followed the evo-
lution of damage on a polished surface of an Al-9Si-3Cu-0.8Fe alloy sample during tensile testing of the 
polished sample in a SEM. Cracks were observed to be perpendicular to the tensile axis (thus governed 
by the maximum principal stress) as opposed to randomly oriented, as would be expected, according to 
the authors [163], if particles fractured due to the local stress concentration of dislocation pile-ups (an 
argument also raised by Joseph et al. [29]). In Ref. [163] a FE model was applied to estimate the strength 
of a particle in the observed surface, which resulted in a minimum strength of 600 MPa (but note that 
such a particle is not representative of particles within the bulk material because its surface was dam-
aged by polishing). In a later contribution from the same group, Doglione [19] presented results of a 
similar in-situ tensile test on an Na-modified alloy A357 where slip bands in the matrix are claimed to 
lead to particle cracking, see Figure 2.26 [19]. It must be noted, however, that the observed slip band 
traces adjacent to particle fracture locations may potentially have been produced after particle fracture. 
The evidence provided in the paper is thus unfortunately not conclusive in this regard. Incidentally, one 
can note in the same Figure 2.26 that the cracks are located at what seem to be stress concentration 
sites in the particle, as judged from the 2D image of the surface. Finally, according to Jospeh et al. [29], 
fracture via dislocation pile-up applies when the dislocations mean free path is shorter than the particle 
size (e.g., in the case of the small, spheroidized, particles in a modified alloy); otherwise, particles frac-
ture due to a stress that can be accounted for by the fibre loading mechanism (in unmodified alloys, 
where particles are larger in size and in aspect ratio).  
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Figure 2.26 A Si particle cracked at three locations and slip bands in the surrounding Al matrix. The parti-
cle is at the surface of a tensile sample tested in-situ in a SEM. (Reproduced from Ref. [19] with permis-

sion of Springer)  

Another indirect estimation of the average silicon particle strength can be found in the work by Huber 
et al. [44], who developed a void (microcrack) nucleation and growth model using a near-eutectic, Sr-
modified, Al-11Si alloy with silicon particles of shape near that of a spheroid. In the model, microcrack-
ing was attributed to fracture of the silicon particles. The critical stress value for particle fracture was 
the free parameter used to fit the model to the experiments, which resulted in a value of 550 MPa. The 
authors deemed this value reasonable based on two arguments. The first is an energy balance in the 
sense of Griffith fracture criterion as in Ref. [14] and Equation 2-1 and Equation 2-2 (note that there are 
errors, however, in this computation in Ref. [44]: notably, the critical strain energy release rate ܩୡ is 
considered numerically equal to ߛୱ, while it should be 2ߛୱ; also, the value of Young’s modulus used is too 
low for silicon: 110 GPa versus 130-187 GPa [164]). The second is a fracture mechanics argument: con-
sidering a reasonable value for the fracture toughness of silicon, a solution for a crack in a sphere in 
Mode I loading and the estimated critical stress of 550 MPa, critical crack-like defects shall be roughly 
100 nm in length. Note that both approaches need an estimation of the silicon particle fracture tough-
ness (or strain energy release rate or surface energy), yet actual values have not been measured (as 
discussed below in Subsection 2.3).  

There is also an interesting body of work based on techniques that can sample finite volumes of the 
multiphase material under stress by means of neutron or X-ray diffraction [39,40] or synchrotron X-ray 
microtomography [153,165–168,140,24]. In an early work in 1981, Coade et al. [39] used X-ray diffrac-
tion to measure the average strain of the silicon particles in a Na-modified A356 alloy submitted to 
bending. The strain of the silicon phase was used to estimate the average stress in the particles and the 
fracture stress of the particles was estimated to be 230 MPa. It is noteworthy that, as the authors state 
in the paper, such a fracture stress would imply surface cracks 2 - 4 μm deep on the particles, which is 
admittedly inconsistent given that the particles size was also on that order. Along the same line, in a 
more recent work, Finlayson et al. [40] used a neutron diffraction technique during tensile testing to 
measure the average strain in the silicon particles of Sr-modified A356 alloys heat treated to T4 and T6 
conditions. To evaluate the strength of the silicon particles, a macroscopic applied plastic strain of only 
0.01 was considered (strains larger than that were claimed to yield too large uncertainties), which re-
sulted in average particle stress values of 220 - 330 MPa. At that level of applied plastic strain only 1 to 
2% of the particles would be fractured, which makes this assessment a strength estimate of only the 
weakest particles in the alloy [40]. Finally, microtomography work by Asghar and Requena [24,140] 
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provided evidence of the damage sequence of Al-Si alloys with additions of Ni, which forms Ni alu-
minides that prevent the loss of interconnectivity and spheroidization of the silicon phase upon heat 
treatment; however, no quantitative data on particle strength were extracted. 

A very different approach to estimate the strength of particles in Al-Si alloys was proposed in the context 
of wear resistance, which is important in certain applications such as cylinder liners for car engines 
[9,169,170]. Riahi et al. [169] performed scratching tests with a Vickers diamond indenter on Al-12Si 
modified alloy with Fe, Cu, Mg, Mn, Zn and different percentages of Ni as alloying elements. The samples 
were slightly etched in 10% NaOH to expose the second phase particles, as is applied in some commer-
cial sleeveless cylinders to enhance their wear resistance [171]. It was found that the debris of fractured 
particles act as abrasives and promote the onset of scuffing. This debris could however be of different 
sizes and thus be differently effective. In fact, two types of particle fracture were observed: some parti-
cles would break at the root (i.e. where anchored to the matrix) whereas other particles would break at 
their edges (i.e. at the contact with the indenter). The first type of fracture would generate larger debris 
and lower wear resistance. Motivated by these observations, Riahi and Alpas [45] performed a scratch-
ing test on a deep-etched surface with protruding particles (Figure 2.27a) and reported that the tensile 
stress at the root of the particles reached 2.5 GPa based on an expression that relates (using a number 
of assumptions) the average bending strength at the root of the particles with the friction coefficient, 
the alloy hardness, the particle average height and the vertical load upon sliding (Figure 2.27b).  

 

Figure 2.27 (a) SEM image showing fractured particles and the trace left by a scratching indenter on the 
surface of an Al-Si alloy. (b) Side view (left) and top view (right) of the geometry of the idealized contact 
between the indenter and the particle used to estimate the fracture strength of the particles based on 
average dimensions, vertical force and estimated friction coefficient. (Adapted from Ref. [45] with per-

mission of Elsevier) 

The methods discussed so far have produced rich and relevant results; yet to obtain the stress of a single 
particle knowing the composite or the average phase stress requires micromechanical modelling, which 
in turn rests on idealizations of the material microstructure and/or load transfer mechanics. This in turn 
raises two issues, namely (i) the validity of approximations made in constructing the micromechanical 
models, and (ii) the fact that such models give a value for the average stress exerted on the particles, 
which may differ significantly from the stress exerted on those particles that fracture at a given point of 
the composite's deformation history. As a result, precisely when and why silicon particles in Al-Si alloys 
fracture is at present still poorly understood. Measuring locally the strength of individual silicon parti-
cles can provide direct insights into the matter; however, this kind of strength measurements are ex-
tremely rare and constitute a significant challenge, which this thesis aims to tackle. 

The only approach that has been proposed to measure the strength of individual silicon particles is 
based on the micro-Raman technique [50,25], specifically a method developed by Narayanan et al. [172], 
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which allows to relate the shift of the silicon peak in the Raman spectrum with the in-plane stresses of 
a (111) silicon wafer. Applying this on silicon particles in an Al-Si alloy thus requires a well-polished 
surface of bending [50] or compression [25] test samples of the alloy, along which a silicon particle 
identified as having a (111) orientation can be spotted. With this technique, Joseph et al. [25] found that 
eutectic silicon particle fracture occurred at stresses in the range 500–1000 MPa, whereas Harris et al. 
[50] reported a value of 600 MPa. The significance of the resulting particle strength is, however, ques-
tionable because the particles were polished, which introduces defects (scratches) on the particle, as 
mentioned above.  

In summary, it can be concluded that, to date, the strength of silicon particles within Al-Si has almost 
exclusively been assessed by indirect methods that estimate averaged property of the silicon phase. 
Those investigations thus have limitations, both in terms of quantitative data that they generate, and in 
terms of identification of the actual fracture mechanism of individual particles. The lack of understand-
ing and of strong evidence can also lead to unfounded conclusions. For example, Wang, Caceres, Griffiths 
et al. [173], in discussing their much-used model developed roughly 15 years earlier (Caceres and Grif-
fiths [13]), state that the partitioning of stress is not well represented by the model because it predicts 
an (average) particle stress that is higher than the (unreliable) results of measured particle strength 
values in the literature. Direct measurements on the particles themselves, of their strength or fracture 
toughness, would therefore be of interest. We next turn to methods that have been used to measure 
fracture properties at small scales on other materials. 

2.3 Small-scale fracture toughness testing 
The most common small-scale fracture toughness measurement approach is the indentation toughness 
technique. The method consists in indenting a polished sample of the material of interest using either a 
sharp indenter (Vickers indentation toughness) or, less commonly, a spherical indenter (Hertzian in-
dentation toughness). The Vickers indentation typically forms Palmqvist (also called surface radial) 
cracks, half-penny (also called median/radial) cracks or a mixture thereof that, at the sample surface, 
look alike and emanate from the corners of the imprint. Also, lateral cracks may be produced, which lead 
to surface spalling (note that the crack type nomenclature used here is based on the comprehensive 
paper on indentation cracks by Cook and Pharr [174], Figure 2.28). Evans and Charles [175] set the 
bases for the Vickers indentation method in the mid 1970’s in a short publication where they developed 
a theory based on stress analysis to relate the indentation load and the lengths of the cracks with the 
material’s fracture toughness. In the case of Hertzian indentation, ring cracks are generated (from a pre-
existing surface flaw) and can develop into cone cracks with increasing load. Its main interpretation 
schemes are based on the early work by Frank and Lawn [176] and the later contributions from Warren 
[177,178]. 
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Figure 2.28 Idealized crack morphologies produced by indentation; figure adapted from Ref. [174] with 
permission of John Wiley & Sons.  

Due to the great potential of indentation fracture toughness methods as a universal and experimentally 
convenient test, much work has been done on the subject during the following years including, particu-
larly, the development of numerous interpretation schemes for different materials and for the different 
crack systems that can appear (e.g., [179–183]). Generally, equations that are used to interpret Vickers 
indentation toughness take the form ܭୡ ൌ ߯ܲ/ܿଷ/ଶ Equation 2-3 

where ܭୡ is the fracture toughness, ܲ is the indentation load, ܿ is the crack length and ߯ is a factor that 
takes into account crack and indent geometry effects as well as the residual stress field. This factor is 
often a function of ඥܪ/ܧ, where ܧ is the Young modulus and ܪ is the hardness. More recently, the up-
coming of instrumented (nano)indentation has led to adaptations of the method for Berkovich and cube-
corner indenters [184–186] and also to the development of energy-based models to extract fracture 
toughness from indentation load—displacement curves (e.g. [187,188]), these being particularly of in-
terest for the testing of thin films [189,190].  

The indentation method as a means of measuring fracture toughness has been used and is still being 
used extensively (e.g., Refs. [191–201,69,202]); however, it is also subject to strong criticism 
[164,203,204]. Quinn et al. [204] note that over 30 different formulas have been published in the litera-
ture to determine toughness from Vickers indentation, that none of them has a strong theoretical groun-
ding, and that most of them rely on poorly-based calibration factors (entering typically into ߯ in Equa-
tion 2-3), which moreover are material- and crack system-dependent. In that work, the inaccuracy and 
inconsistency across the most used formulas is demonstrated on a material of well-established fracture 
toughness (Figure 2.29). Moreover, Morrell [203] states that the method does not meet fracture me-
chanics criteria. Quoting a definition of fracture toughness KIc from Munz and Fett [205] is here relevant: 
“If a component or a test specimen with a crack is loaded, KI increases with increasing load until unstable 
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crack propagation occurs at a critical value of KI. This critical value is the fracture toughness, KIc”.  In 
view of this, a problem of the indentation fracture method is fact that toughness is evaluated in an ill-
defined crack-arrest condition instead of the onset of rapid crack propagation. Other fundamental argu-
ments against the method include: the variability and poor knowledge of the complex 3D crack systems 
that are produced (because only their surface signature is considered in the analyses); the unknown 
effect on the cracks of the residual stress field; and the damage left from polishing as well as from in-
denting. Hertzian indentation is not free from those objections and is furthermore strongly influenced 
by indenter—sample friction conditions [206,207].  

 

Figure 2.29 Indentation fracture toughness values computed using different published equations (la-
belled “Niihara”, “Miyoshi” and “Anstis”) compared to the certified value of a material of calibrated frac-
ture toughness (dashed line); reproduced from Ref. [204] with permission of John Wiley & Sons. As seen, 

the equations fail to give the true value and their results are significantly different from each other. 

In electronic grade single crystalline and polycrystalline silicon, several studies to measure fracture 
toughness based on (micro)indentation are found in the literature [195–199,201]. A critical, in-depth, 
review by Del Rio el al. [164] concludes that those measurements are invalid and that the fact that pub-
lished values (in the range 0.7 – 1 MPa.m1/2) agree with other, more suitable, fracture toughness tests 
should be regarded as fortuitous. The reasons, here too, are related to the arguments brought to discus-
sion in the previous paragraph [164]. Specifically, in silicon crack patterns are very often disrupted by 
lateral cracks even at moderate loads and are highly dependent on alignment (due to the anisotropy of 
single crystalline silicon). An example of the complex cracks in silicon is shown in Figure 2.30 from the 
contribution by Ebrahimi and Kalwani [197]. Also, calibration factors used in the expressions to evalu-
ate toughness are incompatible with silicon due to the non-volume-conserving indentation response of 
this material, which itself is a consequence of hydrostatic-stress-induced phase transformations under-
neath the indenter [208–210].  
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Figure 2.30 Vickers indentations on a (110) plane of single crystalline silicon. The indents are misaligned 
by 15°, 30° and 45° from the [001] direction in (a), (b) and (c), respectively. Complex crack systems includ-
ing extensive surface spalling and secondary cracks are observed. (Reproduced from Ref. [197] with per-

mission of Elsevier) 

Besides those fundamental interpretation problems, also practical problems can arise when using the 
indentation toughness method to probe (very) small volumes of material. In work on hard coatings or 
thin films, due to the small thickness of the probed material, it is a challenge -and sometimes impossible- 
to produce appropriate indentation cracks [68,211]. This is also the case in tests on small particles em-
bedded in a matrix, such as found in the work by Casellas et al. [194] on the indentation toughness of 
carbides within tool steel. Here too, cracking patterns are generally too irregular and only marginally 
smaller than the particles for interpretation, anisotropy is shown to be important  (yet difficult to take 
into account), and results are shown to considerably depend on the expression used to calculate fracture 
toughness [194]. All these problems and those discussed in the previous paragraph also apply to the 
only attempt to measure fracture toughness of silicon particles within Al-Si found in the literature, which 
is the work by Bhattacharya et al. [212,213] where complex fracture systems including lateral cracking 
and surface chipping, phase transformations underneath the indenter and other complexities are clearly 
present (Figure 2.31) and results vary significantly depending on the equation used. In view of the draw-
backs of the indentation toughness methods (both in general and in the specific case of silicon), in the 
present thesis no use is made of this technique. 
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Figure 2.31 Vickers indentation on a silicon particle from an Al-Si alloy; figure reproduced from Ref. [212] 
with permission of Elsevier. In (c), a complex crack pattern and a plastic core underneath the indent are 

observed on a FIB-milled cross section of the indent. 

A related method that avoids some of the problems encountered by indentation toughness is the recent 
microscopic pillar splitting test [214–217] developed by Sebastiani et al. [214,215] on ceramic coatings 
(CrN and others), where it was shown to yield values within 25% of those independently measured by 
other means. Here, Focused Ion Beam (FIB) milling is used to carve a small pillar into a sample of the 
material of interest. The pillar is subsequently indented with a Berkovich tip (or potentially another 
sharp indenter geometry [216]) until fracture  (Figure 2.32). The load at which the pillar fractures ୡܲ is 
finally related via a calibration parameter ߛ to the toughness of the material ܭୡ using ܭୡ ൌ ߛ ୡܲ/ܴଷ/ଶ Equation 2-4 

where ܴ is the pillar radius. The approach to estimate ߛ has been based on cohesive zone finite element 
techniques [214,215] under a number of assumptions (e.g., isotropic, elastic-ideally plastic material, a 
given cohesive law) and is a function of ܪ/ܧ. The method presents two important advantages with re-
spect to traditional indentation approaches. First, the material within the pillar is relaxed from residual 
stresses [218], which can be very important in thin films and coatings. Second, there is no need to per-
form (often imprecise) post-test measurements such as determining crack lengths. On the other hand, 
the main drawback is the strong dependence of the results on the insufficiently defined calibration pa-
rameter ߛ. 
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Figure 2.32 A micropillar produced into TiN and subsequently indented with a Berkovich tip. This is an 
example of the pillar splitting method for fracture toughness measurement. (Reproduced from Ref. [215] 

with permission of Elsevier) 

Other approaches that use samples free of initial cracks or notches include experiments in which cracks 
appear in small samples of simple shape (spheres or cylinders) under uniaxial compression [219–221] 
or where through-thickness cracks are produced in stacked and bonded thin films subjected to in-plane 
tensile [222] or compressive (buckling) deformation [223]. None of these methods, however, can be 
applied on microscopic reinforcing particles such as Si in Al-Si alloys. 

Micrometric toughness test samples have alternatively been produced using selective microetching, or 
Focused Ion Beam (FIB) micromilling techniques. Testing such samples comes much closer to conven-
tional macroscopic fracture toughness testing practice: here, miniature precracked or prenotched 
beams are produced and loaded, often using a nanoindentation apparatus, and the fracture toughness 
is computed from a measurement of the applied load at the onset of rapid crack propagation. Miniature 
fracture toughness tests come in a variety of configurations; most often, small-scale cantilever beams or 
tensile samples are produced along a polished surface of the material to be tested. If the material to be 
tested is a coating or a thin film, photolithography-based selective (plasma or chemical) etching can be 
used to machine sidewalls of the beam, which is then freed from its substrate by etching the latter se-
lectively [224–234]. Alternatively, toughness test samples can be carved out (also into bulk material 
samples) entirely by FIB milling, as shown by Li et al. [235] in 2003 (Figure 2.33). Di Maio and Roberts 
[236], in 2005, measured fracture toughness of silicon using smaller microcantilever beams (10 μm in 
length) with a straight-through FIB-milled notch. The approach was further developed by many other 
authors [216,217,237–248]. Microscopic FIB-notched cantilever [216,217,236–242,244–247,249,250] 
(Figure 2.33 and Figure 2.34), double cantilever beam samples [216,217,251] (Figure 2.35) or clamped 
bending beams [216,243,248,252] (Figure 2.36) have been produced in this way.  
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Figure 2.33 Notched microcantilever beam produced by FIB milling into a Ni-P film, tested to fracture us-
ing a nanoindenter. (Reproduced from Ref. [235] with permission of Elsevier) 

 

Figure 2.34 FIB-produced straight-through notched microcantilever beams of NiAl to probe fracture 
toughness; figure from Ref. [242] with permission of Cambridge University Press. 

 

Figure 2.35 Microscopic double cantilever beam produced using FIB-milling into SiC to measure fracture 
toughness; figure from Ref. [251] with permission of AIP Publishing LLC. 
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Figure 2.36 Microscopic clamped bending beam in single crystalline silicon to probe fracture toughness; 
figure from Ref. [253] with permission of Springer. 

The greatest challenge is most often to create a precrack in such small-scale samples. Early attempts 
[224,254–256] used samples having relatively wide, straight-through, prenotches, roughly 1 μm or so 
wide, instead of precracks. This led to grossly exaggerated ܭୡvalues. In 1998, Kraft et al. [225] used FIB 
milling to produce a straight-through prenotch on microcantilever beams produced by lithography. 
Nowadays, prenotching is often done by FIB milling, using a low intensity beam in final stages of the 
process so that the tip radius of what is, in fact, a milled notch be made as small as possible. Resulting 
notch root radii range from a few tens to several hundreds of nanometres (e.g. 
[216,225,228,232,236,240,241,244,246,249,257–269]). Beyond the need to produce a notch of suffi-
cient sharpness, another difficulty with ion-milling lies in producing a uniform notch depth and/or 
width.  

Testing of small-scale beams containing FIB-premachined notches has been shown in several studies to 
give ୍ܭୡ values near those found for macroscopic samples [216,237,240,257,263,264]; however, in many 
other studies different results, ranging from values slightly to much higher [228,236,241,243,258,260–
262,269–271], or in some cases lower [259,272] data than toughness data from tests on macroscopic 
specimens of the same material, were obtained with FIB-notched specimens. This betrays an obvious 
disadvantage of this method: failing a comparison of notched microsample test data with separate re-
sults from valid tests conducted on macrosamples, there is little way of knowing a priori that test data 
were not biased by the initial bluntness or other defects of the micromachined prenotch. This is prob-
lematic in view of this thesis’ objective, because such a comparison is impossible to do in the case of 
reinforcing particles within alloys. Another important disadvantage, which is shared also with earlier 
etch-based notching methods [273], is that the nature and the morphology of the notch surface, which 
will often play an important role in fracture initiation, may be affected by the notch machining process. 
Focused ion beam milling is indeed well-known to cause significant implantation and irradiation dam-
age, and also to redeposit removed material along the periphery of the beam trajectory and to induse 
residual stresses within that material and its surroundings [274–276].  

These pitfalls of notched versus precracked toughness samples have motivated the development of 
workarounds. Matoy et al. [237,239], in their studies on thin film samples of silicon oxide, nitride or 
oxynitride, machined the prenotch straight-down in the central part of the sample only, leaving two side 
walls (Figure 2.37). This way, a sharp precrack is formed upon bend-testing following the fracture of the 
two thin side walls. In another example, the microsample precrack is made by a fracture process that 
produces, before the microsample is machined, a precrack of relatively well-controlled depth. In Ref. 
[238] such precracks were produced by machining microsamples into one fracture surface of a larger 
previously fractured specimen, using sidecracks as precracks. In Ref. [277] internal defects, the size of 
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which was deduced by post-test fractography, were used as precracks. Use has also been made at times 
of the presence of internal planes of lowered fracture energy (interfaces or embrittled grain boundaries) 
to nucleate and guide the crack [238]. A very elegant method in this vein is that demonstrated initially 
by Kahn et al. [273] and subsequently used by several other laboratories, in which thin films are 
precracked using a hardness indenter before being etched and separated from their underlying sub-
strate, with a portion of the precrack remaining in the etched thin-film test specimen. In this way, tensile 
or bend specimens amenable to testing could be produced (Figure 2.38). Once the method was per-
fected, these often gave data consistent with data from macroscopic tests of the same material (Si nota-
bly) [68,270,273,278–281]. Finally, some authors have used fatigue of notched microspecimens to cre-
ate precracks in metallic specimens (which are, however, prone to large scale yielding) [282–284] and 
also in polycrystalline silicon [285], in the latter case by an electrostatic resonance method.  

 

Figure 2.37 Approach to produce a precrack in a microcantilever beam for fracture toughness testing; fig-
ure adapted from Refs. [237,239] with permission of Elsevier. A pre-notch is milled with the FIB leaving 

pristine bridges at the sides. These will initiate a crack when the cantilever is bent.  

 

Figure 2.38 (a-d) Fracture toughness testing of a pre-cracked thin film specimen. The precrack is intro-
duced by a Vickers indentation on the substrate, which is subsequently etched away before the mechani-
cal test (Reproduced from Ref. [233] with permission of Elsevier). (e) An SEM image of the Vickers inden-
tation and the crack running into the specimen (Reproduced from Ref. [280] with permission of ASME).  
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2.4 Small-scale strength testing  
Measuring strength at mesoscopic scales presents a series of challenges with respect to conventional, 
macroscopic, testing. Issues related to specimen manipulation, positioning, gripping, alignment, sensi-
tivity of the measuring devices and post-test sample recovery to examine fracture surfaces are exacer-
bated when probing miniature specimens. Yet, much progress has been achieved and many testing tech-
niques have been developed including miniature tensile testing [286–294], bending of nano- or mi-
crowires [295–297], microbeam bending [65,225,298], nanoindentation [299,300], micropillar com-
pression [301–303], indirect tensile testing (such as the theta specimen [304–306]) and biaxial flexure 
specimens [307–311,230]. As will be seen in the next paragraphs, the areas that have motivated small 
scale testing for mechanical properties are thin films and coatings [298,307–309,312], micro/nano-elec-
tromechanical systems (MEMS) [65,291,313–315] and research on plasticity at small scales [301,302].  

Bending was the first approach used to probe micro samples (roughly at the same time as tensile testing 
of whiskers was developed [286,316,317], see below). In 1952, Herring and Galt [295] bent tin whiskers 
2 μm in diameter and calculated the strains from the whiskers’ radius of curvature upon bending. The 
method was then used in 1958 by Webb and Forgeng [318] in what consitutes a pioneering work on 
probing the strength of the second phase of two-phase alloys. In that work, microscopic iron carbide 
(Fe3C), chromium nitride (Cr2N), chromium oxide (Cr3O4), and chromium metal crystals were extracted 
from the alloys using chemical etching to dissolve the metallic matrix and were then tested in bending. 
Of interest in the present context is the fact that the authors also extracted silicon particles from an Al-
Si alloy, but were not able to test them [318]. At about the same time, in 1957, Pearson et al. [296] used 
a similar but better controlled approach to probe single crystal silicon microwires of different cross-
sections at several temperatures. The microwires were fixed at their ends and centrally bent using a 
small hook (Figure 2.39). The stress within the samples was estimated by measuring their deflection. 
Interestingly enough, nanowire bending is still done nowadays in a similar fashion. Stan et al. [297,319] 
bent silicon nanowires of diameters as small as 20 nm by manipulating the wires using an Atomic Force 
Microscope (AFM). The stress at failure was also estimated from their deflection resulting in measured 
values as high as 18 GPa [297].  

 

Figure 2.39 Silicon whisker roughly 20 μm in diameter bent using a small quartz hook; reproduced from 
Ref. [296] with permission of Elsevier.  

In most cases, however, microscopic bending testing is done using microbeams shaped either as canti-
levers or having fixed ends; typically, elastic, plastic and/or fracture properties can be extracted (in the 
latter case using notched or precracked specimens, as described above in Section 2.3). In the pioneering 
work of Weihs et al. [298], thin films were deposited on a silicon wafer, which was subsequently sub-
jected to patterning using photolithography and wet etching, resulting in cantilever beams of the thin 
film material extending over a large silicon trench (Figure 2.40). Loading was done with a nanoindenter, 
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which records the load-displacement response, and simple beam theory was used for test interpreta-
tion. Already in this early work it was recognized that the spring constant of the nanoindenter must be 
taken into account in the measured displacement (because nanoindenters are typically highly compliant 
machines) as well as the extra displacement of the indent into the material at the load-application point. 
As was already mentioned in the previous Section, microbeams for bending can also be produced by 
micromilling using a Focused Ion Beam (FIB) [320], which provides versatility because specimens can 
be carved into any material including bulk materials along their surface. Furthermore, test interpreta-
tion is often done using finite element modelling when conditions are such that simple beam theory is 
no longer valid [65,312,321]. 

 

Figure 2.40 Microcantilever beams of a SiO2 thin film extending over a deep trench in a silicon wafer, pro-
duced by photolithography followed by wet etching; reproduced from Ref. [298] with permission of Cam-

bridge University Press. 

Microbeam bending techniques have been used, for example, to characterize thin layers on stiff sub-
strates using coated microbeams [322,225,313,312]. Moreover, closer to the scope of this thesis, mi-
crobeam bending has also extensively been used to measure the strength of brittle materials [70], nota-
bly silicon [323,65]. Ericson and Schweitz [323] tested silicon micro cantilever beams in a SEM and ex-
tracted fracture statistics out of the samples. A salient observation of their work -as well as of other 
works in the literature [65,306]- is that the strength distribution of silicon microbeams varied signifi-
cantly depending on how the silicon wafer surface was prepared (e.g., the parameters of the polishing 
and the etching procedure). This betrays one of the main drawbacks of using microbeams to probe the 
strength of brittle materials: the surface subjected to the largest tensile stress, which is where fracture 
initiates, is typically either polished, etched or ion-milled and is hence subject to artefacts. This is not 
necessarily undesired when materials for MEMS applications are characterized because MEMS devices 
are produced using those kinds of procedures and therefore the microbeams may represent an in-ser-
vice condition; however, surface artefacts need to be supressed if an investigation aims to probe pristine 
material, as is the purpose of this thesis regarding silicon particles. 

The problem of probing a polished surface also applies to the rarely used indentation methods to probe 
strength. As known, conventional microindentation is broadly used to measure hardness of all sorts of 
materials including individual phases within alloys, and more recent instrumented nanoindentation 
techniques have also been used to extract elastic and viscoelastic properties. Also, as discussed in the 
previous Section, fracture toughness techniques have been developed using indentation and, finally, in-
dentation is frequently used to produce pre-cracks into specimens that are subsequently probed using 
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a more conventional test such as the 3- or 4-point bending test [324]. Direct strength measurements 
from indentation are, on the other hand, much less conventional. There is, nevertheless, an approach to 
measure local strength of brittle materials based on spherical indentation. Recalling the Hertzian frac-
ture toughness test described in the previous Section, spherical indentation can produce ring-cone 
cracks that initiate at the sample surface around the indenter in a zone of high tensile stress 
[176,325,326]. Here, however, the objective and hence test interpretation are different. The idea is that 
the probability to initiate a crack depends on the probability of finding a critical defect within the stress 
field. Test interpretation is, however, difficult because of the complex indentation stress field. Also, note 
that, here too, it is the surface flaws (surface roughness) of polished samples which are probed. The 
method thus has seldom been used for the measurement of the strength of materials [327,328]. Fur-
thermore, another reason why this approach is not useful for the purpose of this thesis is that indenta-
tion in silicon at small scales produces half-penny or median cracks rather than cone cracks, even when 
using a spherical tip [329].  

In contrast to indentation, important mechanical properties such as elastic modulus, elongation to fail-
ure and strength values can readily be extracted from conventional tensile testing, which is hence a key 
test of materials at macroscopic scale. It seems thus natural that researchers devised miniaturized ver-
sions of the tensile test to measure those properties on small samples. Experimental challenges are re-
lated to specimen handling and mounting, sensing, and test actuation among other issues. The literature 
on micro- and nanotensile testing is vast; a detailed review was published by Gianola and Eberl [291]. 
One of the earliest microscopic tensile test was reported by Eisner [317] in 1955, in which a clever use 
of simple technologies available at the time was made. Silicon whiskers with diameters in the order of 1 
μm were glued from their ends to wire loops, one of which was attached to the small 33 g bob of a 330 
cm-long pendulum, while the other wire was attached to a mechanical micromanipulator used to actuate 
the test (Figure 2.41). The displacement of the pendulum bob from its equilibrium position was used to 
quantify the force: 0.1 mN of tensile force was applied on the whisker per each 1 mm displacement of 
the bob. The highest fracture strength of a silicon whisker that was measured in that work was 3.8 GPa 
[317].  Also pioneering works on microtensile testing are those of Gyulai [316] in 1954 on NaCl whiskers  
and Brenner [286] in 1956 on metal whiskers. 

 

Figure 2.41 Set-up for tensile testing of whiskers reported by Eisner in 1955; reproduced from Ref. [317] 
with permission of Elsevier. 

More recent and conventional micro tensile testing approaches have used miniaturized dog-bone spec-
imens. These can be produced, for example, using evaporation techniques or electrodischarge machin-
ing [330,331]. Gripping and handling of such specimens, however, is quite inconvenient due to their 
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fragility related to their small size. Alternatively, microfabrication techniques including lithography and 
etching have been applied to co-fabricate tensile specimens as part of a MEMS [290], or attached to a 
frame [287,288,332] (Figure 2.42a). In this way, manipulation and alignment issues are largely over-
come. Tensile samples within a frame have also been produced using FIB milling [293]. In most frame 
designs, the frame walls parallel to the specimen are cut with a small saw just before the tensile test, so 
that only the free-standing specimen will sustain the applied force upon testing [293,332,333]. Note-
worthy is the fact that this concept has also been used to probe reinforcing fibres used to produce com-
posite materials, including Metal Matrix Composites (MMCs); here, a paper or cardboard frame onto 
which the fibre is glued, transported, and placed in the testing apparatus. Examples are the work of 
Cantonwine [334,335] and work in our laboratory [336] (Figure 2.42b-c), where nanocrystalline alu-
mina Nextel 610 fibres 12 μm in diameter were individually probed in tension. Other tensile testing 
methods use a micromanipulator needle inside the SEM to probe nanowires fixed using electron beam 
induced deposition [292] (Figure 2.43). Finally, approaches have been developed to produce uniaxial 
tension by applying compressive force via a nanoindenter. Examples are the theta specimen (Figure 
2.44) [304–306] and the Push-to-Pull device by the micromechanical testing brand Hysitron® (Figure 
2.45) [294,337]. In the former, the specimen is part of the structure produced by lithography, while in 
the latter, the specimen (a micro or nano wire) is glued to the testing device.  

 

Figure 2.42 (a) Tensile specimen (in the centre of the picture) produced within a frame using semiconduc-
tor fabrication techniques; reproduced from Ref. [332] with permission of IEEE. (b-c) A frame (in this case 

made of cardboard) can be also used to probe small fibres, which are glued at the centre [335,336]. In 
this way, handling and alignment issues are largely avoided. The sides of the frame are cut with a small 

diamond saw in (a), or with scissors in (b), just before starting the tensile test. 

 

Figure 2.43 (a) Silicon nanowires synthetized using a vapor-liquid-solid approach. (b) Tensile testing of 
one of the nanowires in (a). (Adapted from Ref. [292] with permission of American Chemical Society)  
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Figure 2.44 “Theta” silicon specimen produced using lithographic methods for indirect tensile testing; fig-
ure reproduced from Ref. [306] with permission of IEEE. Upon de application of the load P, the beam in 

the centre undergoes tensile stress.  

 

Figure 2.45 (D) “Push-to-pull” device for indirect tensile testing. Load is applied using a nanoindenter as 
shown in (G). The close-ups in E and F show the tensile specimen, while the load-displacement response 

is shown in (H). (Reproduced from Ref. [294] with permission of AAAS) 

In the mid 2000’s, Uchic et al. [301,302] introduced the micropillar compression test. Typically, FIB mill-
ing is used to carve a pillar with a square or circular cross section of micro or nanometric dimensions 
into a sample of the material of interest (Figure 2.46). The pillar is subsequently compressed using a 
nanoindenter mounted with a flat punch and load and displacement are recorded. This method has 
mostly been used to study plasticity size effects in metals and alloys; nevertheless, some researchers 
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have also tested brittle materials and evaluated fracture strength as the engineering stress at the mo-
ment of pillar failure [221,338,339]. The main concern about this technique is linked with the artefacts 
introduced to the specimen (the micropillar) by FIB micromachining. The influence of FIB damage on 
the mechanical response is clearly shown in the work of Shim et al. [340]. In that work, a eutectic NiAl-
Mo alloy was solidified directionally to produce a composite of regular, aligned, Mo-rich fibres within a 
NiAl matrix. The sample was then polished perpendicular to the fibres axis and the matrix was etched 
away, leaving the fibres ready to be tested in compression. Results showed that the mechanical response 
of those pillars was very different from that of micropillars of the same material produced by the more 
conventionally used FIB milling method [340] (Figure 2.47). FIB-artefacts on nanopillars and their in-
fluence on tests data vary with the material. For example, Dietiker et al. [341] compared gold pillars 
prepared by nanoimprinting with pillars prepared using FIB and found that the difference in mechanical 
behaviour was negligible. In silicon, however, artefacts in pillar response associated to FIB milling have 
been demonstrated: as shown in Figure 2.48, silicon nanopillars in the as-FIB-milled condition show a 
mechanical response very different than that of heat-treated nanopillars [342,343]; it has been shown 
that this is related to FIB-induced surface amorphization, which in turn enhances incipient plasticity in 
the neighbouring Si material (this is further discussed below in Section 2.5). 

 

Figure 2.46 (a) Intermediate stage during fabrication using FIB milling of a micropillar. (b-c) Two micropil-
lars of different size prepared using FIB-milling ready to be tested in compression. (Adapted from Ref. 

[302] with permission of Elsevier)  

 

Figure 2.47 Stress-strain response of micropillars of Mo-alloy produced with and without FIB. The effect 
of FIB milling on the mechanical response of micropillars is shown to be very strong. (Reproduced from 

Ref. [340] with permission of Elsevier) 
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Figure 2.48 Stress-strain response of silicon nanopillars (scale bar is 100 nm) shown to be different in the 
as-FIB-produced and in the heat-treated conditions. FIB-milling produces a layer of amorphous Si with 
implanted Ga on the pillar surface (this is further shown in Figure 2.50), which enhances plasticity. This 
layer is recrystallized upon heat-treatment. (Reproduced from Ref. [342] with permission of AIP Publis-

hing LLC) 

It has been said in Chapter 1 that some of the most common tests that have been used to probe the 
strength of small particles are the particle compression test and the fracture-by-impact test 
[62,220,344,345]. With both tests, the fact that hard platens are used brings along a fundamental prob-
lem: the effects of intrinsic particle defects, which would in other conditions trigger particle fracture, 
are in those tests superseded by microcracking at the platen-particle contacts. The local damage at the 
contacts, which is a result of the very large contact stresses in those contact regions, drives fracture 
instead [346]. This problem has been recently tackled by means of a microscopic particle compression 
test that uses elastoplastic platens, which has been developed as part of the PhD thesis work of V. Pejchal 
(from the same EPFL laboratory as the author of this thesis) [347]. 

Alternatively, Wereszczak et al. [348] developed an interesting approach to measure strength of brittle 
bearing-grade silicon nitride (Si3N4) spheres 12 mm in diameter. This test uses the concept mentioned 
above, namely it produces tension via the application of a compressive force. Note that the work in Ref. 
[348] is on a larger scale than all the other approaches described in this Section; nevertheless, the ap-
proach inspired one of the micromechanical methods that were developed and used within this thesis 
(the “C-shape” test) and hence it is worth describing it here. In that work [348], a slot (a wide notch) is 
machined into the balls in such a way that upon uniaxial compression, tensile stress is produced along 
an outer surface of the ball. The so-called “C-sphere” specimen is shown in Figure 2.49. Fracture of the 
specimen into two pieces initiates at the outer surface of the remaining ligament opposite to the slot, in 
the area where tensile stress is the highest. To extract the particle strength, the stress field produced by 
the measured force at failure is calculated using finite element modelling. Test interpretation is thus 
relatively simple compared to traditional crushing tests.  
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Figure 2.49 (a) Silicon nitride pebbles featuring a large notch that was machined to produced so-called 
“C-sphere” specimens. (b) Schematics of the test: upon the application of an increasing compressive 

force, the material at the external surface of the ligament is subject to tensile stress. (c) Maximum princi-
pal stress field on a quarter model of a C-sphere specimen, showing the region of high tensile stress. (Fig-

ure adapted from Ref. [348] with permission of John Wiley & Sons) 

To summarize, micromechanical testing samples are typically produced either using semiconductor de-
vice fabrication processes such as lithographic patterning and etching, or using micromachining tech-
niques, for which Focused Ion Beam (FIB) milling has become a fundamental tool over the last years. 
Such tests are now nearly routine; however, the data they yield are subject to artefacts because speci-
men surfaces produced by polishing, by etching or by ion-milling are generally damaged. This consider-
ation shall thus be taken into account for the micromechanical tests to be developed in this thesis to 
probe reinforcing particles. 

2.5 Fracture properties of single crystalline silicon 
While fracture toughness measurement attempts of the silicon particles within Al-Si alloys are limited 
to the work of Bhattacharya et al. [212,213] (discussed above), much is found in the literature on the 
properties of electronic grade silicon. Silicon’s overwhelming technical importance has prompted nu-
merous studies of its fracture behaviour, which is subject to several complexities, e.g. fracture anisot-
ropy [197,260,349], a brittle-to-ductile transition (BDT) [350–353], initiation fracture toughness 
[354,355] and associated environmental effects [356], slow crack growth [357], dynamic fracture and 
instabilities [358,359], fractal fracture surface characteristics [360] or failure mechanisms specific to 
applications such as in lithium-ion batteries [361]. Moreover, its availability in virtually defect-free sin-
gle-crystalline high-purity form has made silicon an oft-used model material for the general study of 
brittle fracture (even though its fracture characteristics are highly complex). 

A bird’s eye view of the literature on the fracture of silicon reveals much scatter and inconsistency across 
the fracture toughness values reported. In their extensive review on silicon properties, Del Rio et al. 
[164] provide a critical survey of published measurements (at any scale) of silicon’s fracture toughness 
at room temperature. Focusing on silicon’s lowest energy planes, i.e. the (111) and the (110) planes, 
reported values cover the ranges ୍ܭୡሺଵଵଵሻ ൌ 0.65 െ 1.7 MPa√m and ୍ܭୡሺଵଵ଴ሻ ൌ 0.7 െ 2.5 MPa√m. For 
comparison, values that have been predicted from bond energy and elastic moduli considerations are ୍ܭୡሺଵଵଵሻ ൌ 0.72 MPa√m and ୍ܭୡሺଵଵ଴ሻ ൌ 0.73 െ 0.82 MPa√m [164]. Such a degree of scatter is impressive, 
particularly if one recalls that the surface energy is ultimately proportional to ୍ܭୡଶ. In sections C6-C8 of 
Ref. [164], however, it is pointed out that a number of studies in the literature must be excluded due to 
their lack of accuracy and precision arising from basic flaws of methodology (notably data gleaned from 
nanoindentation cracking or from pre-notched specimens, as discussed in previous paragraphs). Also, 
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among the data, the lowest experimental values reported (i.e. 0.65 MPa√m [164,362,363]) were later 
re-analysed yielding higher results [350]. Taking into account these considerations, the range of reliable 
experimental measurements on the (111) fracture plane (which is, as will be seen, the plane of most 
interest to this thesis) is narrowed to ୍ܭୡሺଵଵଵሻ ൌ 0.83 െ 1.0 MPa√m. This can be expressed in terms of 
the critical strain energy release rate ୍ܩୡ by using ୍ܭ ൌ ඥܯ୍ܩሺଵଵଵሻ with ܯሺଵଵଵሻ ൌ 178 GPa the effective 
modulus accounting for anisotropy [164], which leads to ୍ܩୡሺଵଵଵሻ ൌ 3.9 െ 5.6 J/mଶ (to be compared with 
the predicted fracture energy 2ߛሺଵଵଵሻ ൌ 2.94 J/mଶ [164]).  

Adding to this complexity, the small-scale testing community has provided interesting data and obser-
vations on single crystalline silicon, particularly over the last 10 years. Nakao et al. [271] measured a 
BDT temperature as low as 65 °C using single-edge notched tensile specimens 45 μm wide and 4 μm 
thick with a 1 to 2 μm notch introduced by Focused Ion Beam (FIB) milling; this value is in strong con-
trast with BDT temperatures documented for bulk silicon, which are around 600 °C [210] (the exact 
value depends on the orientation and the strain rate [351,364]). Also, it has been acknowledged that 
dislocation motion is enabled at room temperature in nanometre-scale silicon samples [365–367]. This 
has been observed in compression tests of nanoparticles less than 100 nm in diameter [219,220,368], 
during in-situ TEM nanoindentation [369] or nanowire tension [370] tests, and in FIB-produced nano-
pillars of diameter below 400 nm [221]. In nanopillars, a strong influence of the FIB in promoting dislo-
cation activity has later been proven [342,343] (Figure 2.48). Namely, it was shown that FIB-milling 
introduces an amorphous surface layer confining crystalline silicon, which first enhances incipient plas-
ticity and then, as deformation progresses, leads to amorphization (followed by further deformation) of 
the crystalline silicon within the bulk of the pillars [343] (Figure 2.50). Another potential concern re-
garding some of the studies cited above is the possible influence of the high energy electron beams used 
for in-situ TEM tests on the mechanical response of silicon nano-sized samples, an effect that has been 
demonstrated in other materials [371,372] but found to be negligible in Si nanopillars by Wang et al. 
[343], who measured the same response on 150 nm nanopillars tested with the beam on or with the 
beam off.  

 

Figure 2.50 Deformation-induced crystalline-to-amorphous transformation during the TEM in-situ com-
pression test of a silicon nanopillar prepared by FIB-milling; figure reproduced from Ref. [343] under 

Open Access licence CC-BY. Stress-strain response is shown in (a). Bright field TEM images as a function of 
strain are shown in (b), where slip bands along {111} planes are visible. Note that in the inset images in 
(a) and (b), amorphous silicon, which initially coats the pillar surfaces, is grey. Crystalline silicon is black 
in the inset images in (a) and white in (b).  Selected area diffraction patterns in (c) show the transition 

from diamond cubic Si into amorphous Si.  
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Early TEM examinations [373,374] have led to generally accept that silicon is an example of a perfectly 
brittle crystalline material at room temperature, i.e. featuring atomically sharp cracks and no disloca-
tions around the crack tip. Later work in 1994 by Langer et al. [375] showed, however, the emission of 
dislocations from the tip of a growing crack during an in-situ bending test in the TEM at room tempera-
ture (Figure 2.51). While this observation might also have betrayed an influence of ion-milling (as men-
tioned above), the recent work by Adhika et al [376], on samples free of such potential artefacts, has 
shown dislocations at the tip of cracks in the {110} fracture plane produced by Vickers indentation at 
room temperature and examined post-mortem in the TEM. These dislocations induce a compressive 
stress state at the crack tip, which will cause crack tip shielding (Figure 2.52). Limited but finite crack 
tip plasticity in silicon has thus been proposed to explain the fact that measured critical strain energy 
release rates are normally higher than surface energies in many brittle and semi-brittle materials, in-
cluding silicon [377]. It is interesting to note, on the other hand, that there are also works that challenge 
the occurrence of plastic deformation in nanometre-sized silicon samples: fully elastic behaviour until 
fracture was observed on nanowires 100 nm in diameter tested in tension [294] and on nanowires down 
to 20 nm in diameter tested in bending [297]. Note, however, that none of those works used samples 
that were prepared by ion-milling or pre-cracked. 

 

Figure 2.51 Observation of dislocations emitted from cracks in silicon (from the work of Langer et al. 
[375], reproduced with permission of Springer) (a) Geometry of the silicon specimen fabricated by etch-
ing and ion milling, tested in bending at room temperature in a TEM. (b) TEM image in ሾ૚ ૚ഥ ૙ሿ projection 
after fracture. Failure was preceded by the propagation of two cracks in {111} planes (dashed planes in 

(c)), one along ሾ૚ഥ ૚ഥ  ૛ഥ ሿ and the other one along ሾ૚ ૚ ૛ഥ ሿ, which emitted dislocations.  

 

Figure 2.52 Original (a) and filtered (b) high resolution TEM image (HRTEM) of a crack tip in single crystal-
line silicon produced by Vickers indentation at room temperature. Dislocations are observed near the 

crack tip. The strain field calculated using geometric phase analysis based on the HRTEM image indicates 
crack tip shielding. (Reproduced from Ref. [376] under Open Access licence CC-BY) 
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Turning now to the fracture strength of single crystalline silicon, a key work in the literature is that of 
Namazu et al. [65]. In this work, a large number of clamped flexural specimens of dimensions in the 
nano-, micro- and millimetres scales were bent to fracture. All specimens, regardless of the length scale, 
were produced using semiconductor microfabrication techniques. For the smallest specimens, the load 
was applied using an AFM while for the largest specimens a nanoindenter was used. The resulting frac-
ture strengths were analysed in terms of Weibull statistics (Figure 2.53) and a size effect in strength was 
determined: both the Weibull modulus as well as the representative strength were size-dependent. 
Measured strength values were in the range 11 – 18 GPa for the smallest samples, while larger samples 
were much weaker. Such values are not far from silicon's theoretical strength, which has been calculated 
ab initio or from stiffness tensor calculations to be in the range 17 – 27 GPa [46,378] depending on the  
crystal orientation. In the work of Namazu et al. [65] it was also determined that surface roughness was 
directly associated with strength (as was also discussed above in Section 2.4): indeed, measured surface 
peak-to-valley distances were consistent with the depth of critical cracks in a Griffiths fracture criterion 
framework. The authors thus concluded that the observed size-effect could be a consequence of the sur-
face conditions resulting from different processing routes used across the different sized samples. 

 

Figure 2.53 Clamped beams produced by lithographic methods and tested in bending by Namazu et al. 
[65] (Reproduced with permission of IEEE). Specimens of sizes in the nano- (a), micro- (b) and macro-
scales (c) where probed in that work to study size effects on single crystalline electronic grade silicon. 

Some results are shown in (d), where letters A-F indicate groups of specimens of given dimensions. 

A plot of fracture strength as a function of probed surface area showing a size effect of single crystalline 
silicon is shown in Figure 2.54, which is reproduced from the recent review paper of Del Rio et al. [164] 
and includes data from many studies published in the literature. The smallest samples in Figure 2.54 
correspond to vapor-liquid-solid-grown silicon nanowires ~100 nm in diameter tested in bending 
[297,379] or in tension [292,294] (Figure 2.43 and Figure 2.45), and to nanometric bending beams ~250 
nm thick prepared by photolithography and wet etching [65] (Figure 2.53a). Del Rio et al. [164] argue 
that the high strength values (approaching theoretical silicon strength) of those samples translate to 
critical flaw sizes of a few to tens of nanometres, which could be linked to planar defects in the lattice 
such as stacking faults or twin boundaries. These defects are considered intrinsic and are expected to 
govern fracture when other, larger, extrinsic, defects produced by processing or otherwise are absent. 
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Figure 2.54 Compiled data in the literature of fracture strength as a function of probed surface area for 
single crystalline silicon. (Reproduced from Ref. [164] with permission of AIP Publishing LLC)  

 

2.6 Concluding remarks 
Recapitulating, the silicon particle strength values reported in the Al-Si literature are found to be much 
weaker than ideal silicon, i.e. 0.1 – 3.5 GPa [13,29,39–45] compared to 17 – 27 GPa [46], respectively. 
Such a difference is intriguing and has not yet been convincingly explained. Campbell [51] affirms that 
particles in Al-Si alloys “… should never crack because although they may have little ductility, they are 
in general extremely strong” and postulates that fracture of silicon particles can occur because of the 
presence of crack-like defects within the particles caused by entrained oxide bifilms [48]. On the other 
hand, Gall et al. [28] propose that “Although the silicon particles may not contain initial precracks per 
se, many of them have discontinuous shapes and local sharp corners. In single-crystal silicon deformed 
at room temperature, such sharp notches lead to failure stresses significantly lower than those in a pris-
tine particle …”. 

Already in 1958 Webb and Forgeng [318] postulated that silicon particles in Al-Si alloys should be very 
strong and expressed interest in probing individual particles. As seen, almost 60 years later, the matter 
remains open. An illustrative recent quotation by an expert in the field serves as closing of this Chapter. 
In a letter [49], Griffiths comments on silicon particles: “… there are few calculations of the actual frac-
ture stress, and even fewer direct measurements of it. Moreover, there are no fractographic observa-
tions of defects and other stress concentrators to explain crack initiation …”. Then, he adds that “… I 
have to admit that I am not aware of existing evidence…” of weakening defects on silicon particles, and 
finally concludes with “There is a clear need to measure the fracture stresses of silicon particles …”. The 
present work attempts to fill this gap; as will be seen, the intuition by Gall et al. expressed in the quote 
ending the previous paragraph will be proven to have been correct. 
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 Fracture toughness 
This Chapter first describes in detail the development of a novel microscopic fracture tough-

ness test based on the chevron notch approach using isotropic materials (fused quartz and nanocrystal-
line alumina fibres) as test-bench materials (Section 3.1). Then, early attempts to apply this test to sili-
con particles in Al-Si alloys are described together with the difficulties to obtain valid data that were 
encountered (Section 3.2). As a consequence, a step backwards is then taken in the following section 
(Section 3.3) to investigate the fracture toughness of silicon at microscopic scale using a simpler silicon 
sample, namely a silicon wafer. Among other outcomes, the latter study gives insights into the draw-
backs of using the microscopic chevron notch test in the particular case of silicon.  

Disclaimer: This Chapter contains extracts, including literal reproduction of full paragraphs and figures, of the 
following publications that the author has produced together with colleagues: Mueller et al. [380] (Section 3.1.1), 
Zagar et al. [381] (Section 3.1.2) and Mueller et al. [382] (Section 3.3). The text in each of those articles, which is 
extensively reproduced within this Chapter, was mainly in charge of its first author. The experimental work in 
Mueller et al. [380] (Section 3.1.1) and in Zagar et al. [381] (Section 3.1.2) was carried out, in equal parts, by the 
EPFL PhD candidates involved in each of the publications, i.e. the author and V. Pejchal in the former and the au-
thor, V. Pejchal and L. Michelet in the latter. The experimental work in Section 3.2 and in Mueller et al. [382] (Sec-
tion 3.3) was entirely carried out by the author. The finite element modelling in these publications (and hence 
throughout this Chapter on fracture toughness) was done by Dr. G. Zagar.  

3.1 Microscopic Chevron notch test 

3.1.1 Test development using test-bench materials 

(Adapted from Ref. [380]: M.G. Mueller, V. Pejchal, G. Žagar, A. Singh, M. Cantoni, A. Mortensen, Fracture 
toughness testing of nanocrystalline alumina and fused quartz using chevron-notched microbeams, Acta 
Materialia. 86 (2015) 385–395. doi:10.1016/j.actamat.2014.12.016) 

In this Subsection, it is shown that chevron-notched samples offer an attractive approach to the meas-
urement of fracture toughness in micron-scale samples of brittle materials. Focused ion beam (FIB) mill-
ing is used to carve bend bars of rectangular cross-section a few micrometres wide and containing a 
notch with a triangular ligament. Load-controlled testing is conducted using a nanoindentation appa-
ratus. If the notch is appropriately machined, cracks nucleate and propagate in a stable fashion before 
becoming unstable. Sample dimensions are measured using a scanning electron microscope, and are 
used as input in finite element simulations of the bars’ elastic deformation for various crack lengths. The 
calculated compliance calibration curve and the measured peak load then give the local fracture tough-
ness of the material. Advantages of the method include a low sensitivity to environmental subcritical 
crack growth, and the fact that it measures toughness at the tip of a sharp crack situated in material 
unaffected by ion-milling. The approach is demonstrated on two materials, namely, monolithic fused 
quartz and nanocrystalline alumina NextelTM 610 fibres; results for the latter give the intrinsic grain 
boundary toughness of alumina, free of grain bridging effects. 
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3.1.1.1 Methodology 

The chevron-notched test bar of this study is a rectangular cantilever beam, of cross-section ܹ ൈ ܤ and 
length ܮ. It has a thin notch with a triangular ligament, the apex of which is nominally situated in the 
middle of the cross-section. Depending on the notch parameters ܽ ଵ and ܾ ଵ, the notch is overcut if ܾ ଵ ൌ  ܤ
or undercut when ܽଵ ൌ ܹ, see Figure 3.1. In macroscopic samples, these geometrical differences are 
easily controlled; the standard for measuring the macroscopic fracture toughness of advanced ceramics 
(ASTM 1421-10) allows only overcut notch geometries, for which compliance calibration data are 
known [383,384]. When microscopic beams are prepared by FIB machining, however, it is generally 
difficult and time-consuming to produce notch geometries that comply with the standard. Because of 
this, here we calculate compliance parameters of each sample via computer modelling. We therefore 
also test samples with undercut notches.  

When the beam is loaded in bending under force ܲ, stress builds up normal to the notch. This promotes 
the development of a crack at the apex of the ligament and subsequent crack propagation across the 
triangular ligament. We define the instantaneous crack length ܽ using the top surface of the beam as the 
origin (Figure 3.1). Assuming that the crack front is straight, its instantaneous width is ܾ ൌ ܾଵ ሺܽ െܽ଴ሻ/ሺܽଵ െ ܽ଴ሻ. It is well known (e.g., page 36 of Ref. [385]) that the energy release rate ܩ for any speci-
men depends on the load ܲ, the width of the crack front ܾ and the derivative of the sample compliance ܥሺܽሻ with respect to crack length ܽ according to: 

ܩ ൌ ܲଶ2ܾ ൬݀ܽ݀ܥ൰ 
 

Equation 3-1 

ூܭ is also related to the stress intensity factor ܩ  ∶ ூଶܭ  ൌ  ,ᇱ is the effective elastic modulusܧ where ,ܩ ᇱܧ
given in terms of the Young’s modulus ܧ and the Poisson ratio ߥ ∶ ᇱܧ ൌ ሺ1/ܧ െ  ଶሻ for plane strainߥ
(which prevails over most of the crack front in chevron-notched samples). Considering the sample ge-
ometry shown in Figure 3.1, the average stress intensity factor along the straight crack front in a sym-
metric notch is: 

୍ܭ ൌ ܹ√ܤܲ ୴ሺܨ ෤ܽሻ 

 

Equation 3-2 

  
with ܨ୴ሺ ෤ܽሻ a dimensionless geometrical function given by: 

୴ሺܨ ෤ܽሻ ൌ ඨ 12෨ܾଵ ൬ ෤ܽଵ െ ෤ܽ଴෤ܽ െ ෤ܽ଴ ൰ ୚݀ܥ݀ ෤ܽ  

 

Equation 3-3 

  

where normalized lengths are ෤ܽ ൌ ܽ/ܹ, ෤ܽ଴ ൌ ܽ଴/ܹ, ෤ܽଵ ൌ ܽଵ/ܹ and ෨ܾଵ ൌ ܾଵ/ܤ, and the dimensionless 
compliance is ܥ୴ ൌ  ୚ are monotonically increasing functions of ෤ܽ. As a result of theܥ Both ܾ and .ܤᇱܧܥ
sample design, ܨ୴ in Equation 3-3 and hence both ୍ܭ in Equation 3-2 and ܩ in Equation 3-1, exhibit sim-
ultaneously a minimum at a single critical crack length ෤ܽୡ.  

If the material does not exhibit significant ܴ-curve behavior (i.e. if its toughness is independent of crack 
length), then at ෤ܽ ൌ ෤ܽୡ there is a transition from stable to unstable cracking. Since both ෤ܽୡ and ܨ୚ሺ ෤ܽሻ are 
functions only of the sample geometry, the fracture toughness ୍ܭ୴ୠ as measured with the chevron-
notched specimen is simply given as: 
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୴ୠ୍ܭ ൌ ୡܲܤ√ܹ ୴ሺܨ ෤ܽୡሻ 

 

Equation 3-4 

  
in both displacement- or load-controlled testing, where ܲ ୡ is the load at the onset of unstable crack prop-
agation. Practically, ୡܲ corresponds to the maximum load measured during the test. With the assump-
tions above, it is the only quantity (apart from geometrical dimensions) that needs to be measured to 
deduce the material’s fracture toughness. This is because ܨ୴ሺ ෤ܽୡሻ and ෤ܽୡ depend only weakly on the Pois-
son’s ratio of the material [386]; thus they can be determined separately via a compliance calibration 
procedure for the relevant test specimen geometry.  

A major advantage of this method when dealing with brittle materials is that it generally does not re-
quire an initial precrack. The high stress concentration that exists at the apex of the ligament is (depend-
ing on the material) often sufficient to initiate a short crack there, at a load that is well below the critical 
load, ୡܲ, at which crack instability sets in. In practice however, especially if the notch is insufficiently 
thin, the force needed to initiate a crack at the apex might exceed ୡܲ. Then, unstable failure takes place 
as soon as the crack is initiated, rendering the test invalid. To guard against this, it is convenient to rec-
ord both the load and the load point displacement during the test. Plotting the former vs. the latter will 
then provide a check for the necessary succession of events, namely: (i) crack nucleation followed by 
(ii) stable crack growth under increasing load before (iii) rapid unstable fracture at ୡܲ. Typically, what 
is seen in a successful test on such a curve is a first linear portion (corresponding to deformation of the 
uncracked beam), followed by either a sudden load decrease if the test is run in displacement control or 
a displacement jump if it is run in load control (this is called crack “pop-in”), followed by a non-linear 
reloading region of monotonically decreasing slope. In this work, we transpose this method to samples 
having dimensions of the order of a few micrometres. 

 

Figure 3.1 Sketch of the chevron-notched samples used to measure fracture toughness. (a) Overcut 
notch. (b) Undercut notch. (Reproduced from Mueller et al. [380]) 

 

3.1.1.2 Sample preparation 

Two materials are tested: (i) amorphous fused quartz, provided by Hysitron®  (Minneapolis, MN, USA) 
as a ~10 x 10 x 2 mm3 rectangular prism for use in nanoindenter calibration; and (ii) NextelTM 610 ~12 
μm-diameter alumina fibres produced by 3M (St. Paul, MN, USA), with a structure of equiaxed grains 
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about ~65 nm wide [387] and provided as the reinforcement of a continuous aluminium matrix wire 
~2 mm in diameter, itself also produced by 3M.  

Fused quartz bend bars were produced along the edge of the prism (Figure 3.2). Nano-crystalline alu-
mina samples were prepared as follows. An ~1 cm long segment of the aluminium matrix composite 
wire 2 mm in diameter was first mounted in resin. The mounted sample was then ground and polished 
along two planes, one parallel and one perpendicular to the common axis of the wire and the fibres, 
thereby creating a sharp 90° edge passing roughly along the diameter of the wire. Fibres were then 
exposed by deep etching of the aluminium matrix by immersion in 20 wt.% NaOH solution for approxi-
mately 1 h at room temperature, followed by rinsing in distilled water. A general view of the prepared 
wire is shown in Figure 3.4. The length of exposed fibres after etching was typically between 30 and 40 
μm. Loosely attached fibres, which remained after etching near the edge along the plane parallel to the 
fibres, were manually removed with tweezers under an optical microscope. By this procedure, fibres 
embedded in the aluminium and partly emerging from the matrix close to the sharp edge were readily 
accessible to the FIB. This, in turn, enabled us to machine the fibres both from the top (along their axis) 
and from the side (perpendicular to their axis); see Figure 3.5a. Fused quartz samples did not require 
any special preparation. Samples of both materials were covered with ~10 nm carbon coating using a 
CressingtonTM 208 Carbon Coater (Watford, England, UK) prior to FIB machining to avoid charging. 

Chevron-notched cantilever beams of both materials (Figure 3.3 and Figure 3.5) were fabricated by FIB 
milling with 30 kV Ga+ in a ZeissTM NVisionTM 40 (Oberkochen, Germany) dual beam (SEM/FIB) instru-
ment. All cantilevers were initially machined by rough milling with a 6.5 nA beam current, followed by 
finer milling steps at lower currents. The last milling step of all cantilever faces was done with a beam 
current of 0.7 nA. In order to produce cantilever beams of neatly rectangular cross-section, the angle of 
incidence of the ion beam on each machined surface was compensated by a 2.5° additional tilt. Guiding 
lines on the top surface of the cantilever, which were added to help position the nanoindenter tip, were 
milled using a 10 pA ion probe current for a few seconds. The final and most crucial step in the micro-
milling process was to machine the chevron notch. In most cases, a 10 pA ion probe was used; however, 
sometimes, e.g., for the larger samples or when substantial drift was experienced, a 40 pA ion probe was 
used. 

The notch was shaped so as to place its apex roughly in the centre of the cantilever beam cross-section. 
In this way, the notch sides above the apex collimated the roughly Gaussian ion beam spot profile, ena-
bling the notch width at the apex, where crack nucleation takes place, to be only a few tens of nanome-
tres. This collimation effect has been demonstrated, for example, by Minoshima et al. [388], where it was 
shown that at constant ion beam current, the radius of curvature at the root of FIB-machined grooves 
decreases with increasing depth. Note that in this configuration, due to beam collimation, the V-shaped 
notch is always wider at its top than at greater depths, as can be seen in Figure 3.5b. 
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Figure 3.2 Chevron-notched cantilever beams (indicated with red arrows) produced by FIB milling along 
the edge of a fused quartz sample. 

 

 

Figure 3.3 Chevron-notched cantilever beam prepared in fused quartz. (a) Overview of a beam after test-
ing, indicating the size of the beam support. (b) View of the beam and the notch after testing, indicating 

the point of load application and relevant beam dimensions. (Reproduced from Mueller et al. [380]) 
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Figure 3.4 (a) SEM image of alumina fibres (Nextel 610TM) exposed by deep etching the Al matrix of a 
composite wire polished along two planes with a ~90° edge passing roughly through the wire diameter. 
(b) Close-up of a random sector at the edge, showing the polished fibres protrouding from the Al matrix. 

 

Figure 3.5 Chevron-notched cantilever beam prepared in a NextelTM 610 alumina fibre, with relevant di-
mensions indicated. (a) Overview of a fibre from which a beam was machined. Note that the fibre is ac-
cessible from both its side and its top. (b) The same cantilever beam at higher magnification. (c) View of 
the triangular ligament (fracture surface) after testing. (d) Beam after testing, with an inset showing the 

trace of the point of load application. The bigger imprint corresponds to post-failure impact of the 
nanoindenter tip. (Reproduced from Mueller et al. [380]) 

 

3.1.1.3 Testing procedure 

The micrometric chevron-notched cantilever beams were tested using a TI 950 TriboIndenter® (Hy-
sitron® Corporation, Minneapolis, MN, USA) nanoindentation apparatus, equipped with a two-axis go-
niometric tilt stage (Newport Corp., Irvine, CA) fixed onto the nanoindenter positioning stage. Samples 
with FIB-machined cantilever beams were mounted on top of the tilt stage and aligned using the Scan-
ning Probe Microscope (SPM) capability of the nanoindenter's transducer, to bring the loading axis to 
within ±0.5° of the normal to the cantilever top surface. The load was applied along the centreline of the 
beam, close to its free end, utilizing the SPM image and the guiding lines as references. 
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Alumina cantilevers were tested with a sphero-conical diamond probe of tip radius ~220 nm. It was 
found in early tests that, due to the low loads at failure, imprints left in fused quartz samples by this 
sphero-conical probe were too shallow to be imaged properly; for this reason, all fused quartz samples 
presented here were tested with a cube-corner diamond probe with a tip radius of ~100 nm. The point 
of load application was in all cases determined from SEM images of the fractured beam after test had 
been completed. It was observed that the actual point of load application, made visible by the imprint 
left along the beam surface, was often several tens of nanometres away from the point of application 
that was programmed on the SPM reference image. Thus, tests in which fractured cantilevers could not 
be found for subsequent SEM imaging were discarded.  

Displacement measurements recorded during each fracture test were corrected for indentation by con-
sidering that they are the sum of the cantilever beam surface deflection and the displacement caused by 
the probe penetration into the material of the cantilever. The latter was measured by conducting several 
separate indentation tests (before and/or after the fracture test) into the support site to which each 
cantilever was attached, which was in the same FIB-polished condition as the cantilever beam surface. 
The net cantilever deflection is then obtained by subtracting indentation displacements for the current 
load level from the instantaneous nanoindenter tip displacement. 

Given the low stiffness of the nanoindentation instrument, all tests were run in a closed-loop, quasi-
static, load-control mode. The loading rates had to be sufficiently low to avoid introducing dynamic ef-
fects and achieve stable crack growth condition. They also had to be sufficiently high to minimize the 
effects of drift on the displacement data and to avoid the effects of environmentally assisted Sub-critical 
Crack Growth (SCG). Indeed, both silica and alumina are known to be susceptible to SCG [389] under the 
present testing conditions, i.e. air at room temperature and 20-50% relative humidity. The loading rate 
conditions for which the influence of SCG on the measured fracture toughness can be ignored (95% of 
confidence in ܭୡ) are analysed in Ref. [390]. For the materials at hand, the analysis indicates that the 
loading rates used in this work (between 1 and 3 μN/s) are in all cases high enough so that the SCG 
influence on test results is insignificant. An overview of the testing conditions for each sample of this 
work is given in Table 3-1 and Table 3-2. 

Table 3-1 Experimental conditions (the FIB current used to machine the notch ࢎࢉ࢚࢕࢔࡮ࡵࡲ࢏ and the loading rate ࡼሶ ), sample dimensions (ࢃ to ܁ࡿ , as defined in Figure 3.1 and Figure 3.3), indentation-corrected test stiff-
ness (ICTS), stiffness calculated from the model (FEM), parameters obtained via compliance calibration 

 for (Equation 3-4) ܊ܞ۷ࡷ and calculated fracture toughness ۱ࡼ measured critical load ,(ሻ܋෥ࢇሺܞࡲ and ܋෥ࢇ)
fused quartz chevron-notched microscopic samples. (Reproduced from Mueller et al. [380]) 
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Table 3-2 Experimental conditions (the FIB current used to machine the notch ࢎࢉ࢚࢕࢔࡮ࡵࡲ࢏ and the loading rate ࡼሶ  ), sample dimensions (ࢃ to ܁ࢃ, as defined in Figure 3.1 and Figure 3.5), parameters obtained via com-
pliance calibration (܁ࡿ to ܞࡲሺࢇ෥܋ሻ), measured critical load ۱ࡼ and calculated fracture toughness ܊ܞ۷ࡷ 
(Equation 3-4) for nanocrystalline alumina chevron-notched microscopic samples. (Reproduced from 

Mueller et al. [380]) 

 

 

3.1.1.4 Results 

Chevron notches, by design, create a site of high stress concentration at the apex of their triangular lig-
ament. This, in turn, promotes spontaneous crack initiation at that location – under a small load, if all 
goes well. In practice, this is not always achieved (regardless of the sample dimensions): with brittle 
materials, excessive pop-in at ܲ ൐ ୡܲ, leading to immediate unstable fracture, is the greatest source of 
unsuccessful testing of chevron-notched samples. This often occurs because the notches are not suffi-
ciently thin; indeed, producing sufficiently thin notches was indeed also found here to be a key factor in 
obtaining successful tests. In producing thin notches by FIB milling, we found two parameters to be 
important: (i) using, in the final notch machining stages, a low beam intensity; and (ii) machining a lig-
ament the apex of which is situated well below the top surface of the beam (ܽ଴/ܹ ൒ 0.4). This second 
feature helps produce a thin notch due to ion beam collimation effects along the notch walls [388].  

Load-deflection curves from successful tests are shown in Figure 3.6 for both sample series. All curves 
are initially linear. The onset of nonlinear deflection, which is associated with crack nucleation, is visible 
as a small discontinuity in the slope of the curves. Thereafter, stable crack extension sets in. This mani-
fests as a smooth continuous increase in compliance in the case of fused quartz, or a series of small 
stepwise displacements in nanocrystalline alumina. The peak load reached in the test, ୡܲ, is immediately 
followed by unstable crack propagation and unloading (this portion of the curves is more lightly col-
oured in the plots in Figure 3.6). The greater separation of individual data points shows that, once the 
maximum load has been reached, the nanoindenter probe begins to move very rapidly. This is a dual 
result of (i) the release of elastic energy stored in the relatively soft load-train of the apparatus and (ii) 
the fact that the machine was programmed to produce a monotonically increasing prescribed load func-
tion. The test ends with a full or nearly full separation of the cantilever arm from the remainder of the 
tested material. Often the fractured cantilever arm was found in the vicinity of the test location (at times, 
it was still attached to its base by a thin ligament). In some cases, it remained electrostatically attached 
to the sides of the nanoindenter probe and was then recovered by indenting a few micrometres into 
aluminium. Generally, the detached beam was found; on one occasion, however, it was lost, causing the 
data from that test to be discarded (because the load application point can only be determined precisely 
by examining this arm in the SEM). In total, in addition to the 10 tests reported here, 16 other tests were 
conducted, data from which were discarded for one or another of the following reasons: (i) “pop-in” 
without stable crack growth, (ii) a geometrical defect in the notch shape, (iii) loss of the broken beam or 
(iv) an earlier ill-adapted setting on the testing apparatus. 
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Fractography shows that cracks grew within the thin ligament of the chevron notch, without substantial 
deviations other than those caused by grain boundary deflection in the nanocrystalline alumina fibre 
material. With amorphous fused quartz, the crack surface was almost perfectly flat (Figure 3.7a). Alu-
mina samples showed characteristics typical of intergranular fracture, resulting in a relatively (nano-) 
rough fracture surface (Figure 3.7b). This, in turn, explains the stepped load–displacement response of 
this material (Figure 3.6b): displacement jumps most likely reflect the fracture of individual grain 
boundaries. Regions of stable or unstable crack growth could not be distinguished in the fractography 
of both materials.  

Plane strain is always lost at free surfaces, i.e. at the sides of the triangular ligament of the present sam-
ples. Moreover, ligament edges are areas susceptible to alterations and residual stresses caused by FIB 
milling-induced damage. It is therefore possible that the crack front was curved and that the fracture 
processes were somewhat different in the proximity of its borders; however, other than a very thin band 
of material lining the triangular ligament (Figure 3.7) there are no signs of a difference in fracture mode 
near free surfaces in both materials, or of a curved crack front. 

Knowing the point of load application is important in data analysis, since this is needed to measure dis-
tance ܵ (Figure 3.1); this, in turn, is needed to calculate the bending moment across the triangular liga-
ment. The point of load application was determined by examination of the top surface of fractured can-
tilevers. Along this surface, we found two indents on all tested specimens (e. g. Figure 3.3b and Figure 
3.5d), one being deeper than the other. Comparison of the depths of the two indents with those of in-
dents produced in conventional instrumented hardness tests on a fixed surface of the corresponding 
material under loads typical of that at which the samples fractured shows that the indent associated 
with the point where the load was applied during the test is the smaller of the two. The larger indent, 
which requires loads far higher than what was applied during the test, must therefore have been caused 
by post-fracture impact between the cantilever and the indenter (likely itself a result of the indenter 
following the beam once the crack became unstable, and then hitting it when the beam motion was 
stopped by the valley of solid material lying further down).  

The dimensions of each sample tested in this work were measured individually using SEM images col-
lected both before and after testing (the latter are needed to capture the ligament dimensions and the 
point of load application). The data are reported in Table 3-1 and Table 3-2.  Uncertainty associated with 
the determination of dimensions has two main sources: imprecision inherent to the SEM, and a certain 
degree of subjectivity in defining the exact positions of limits. This second source of uncertainty, of rel-
ative magnitude not larger than 5%, was found to be the most important. It originates mostly from the 
rounding of machined edges, and from the limited level of symmetry that could be achieved in FIB ma-
chining. As can be seen in Table 3-1 and Table 3-2, the dimensions vary significantly from sample to 
sample. This is a consequence of FIB milling being inherently less precise (in relative terms) than mac-
roscopic machining. For this reason, data interpretation leading to the fracture toughness values was 
conducted by coupling, for each sample, experimental data with a tailored numerical simulation, as de-
tailed next.  
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Figure 3.6 Indentation-corrected load—displacement responses of (a) fused quartz and (b) alumina chev-
ron-notched cantilever beam samples. The progressive increase in compliance, a signature of stable crack 

growth, is smooth in (a) and stepped in (b). Colours represent different samples. (Reproduced from 
Mueller et al. [380]) 

 

Figure 3.7 Fracture surface of (a) fused quartz and (b) alumina chevron-notched samples. (Reproduced 
from Mueller et al. [380]) 

3.1.1.5 Discussion 

3.1.1.5.1 Compliance calibration 

Because it is almost impossible to FIB mill a set of identical chevron-notched samples, we could not 
produce and use a single compliance calibration curve, together with its corresponding single value of ܨ୴ሺ ෤ܽୡሻ, for interpretation of all test data. Each test was therefore coupled with a bespoke finite element 
(FE) simulation to deduce, based on measured values of its geometry and dimensions, its compliance 
calibration curve ܥሺܽሻ and, from this, the relevant value of ܨ୴ሺ ෤ܽୡሻ. To this end, SEM images were used to 
retrieve relevant dimensions of every sample (Figure 3.1, Figure 3.3, Figure 3.5, Table 3-1 and Table 
3-2).  

A parametric, linear elastic, 3-D FE model for each tested specimen of isotropic fused quartz or alumina 
was implemented in the commercial software AbaqusTM FEA 6.11 (Dassault Systèmes S.A., Vélizy-Vil-
lacoublay, France). The crack front in the model is taken to be straight and normal to the sample plane 
of symmetry. Since samples are symmetrical, despite small variations and imprecisions, it suffices to 
model only half of each specimen. In addition, since the load is commonly applied at a significant dis-
tance away from the free end of the cantilever, in the model only the “effective” cantilever length ܵ is 
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considered (see Figure 3.1). Calculations use a general, quadratic brick (C8D20) finite element; however, 
middle nodes of elements associated with the crack front are shifted to a quarter-element size towards 
the crack front [391–393]. The mesh and element size are optimized to calculate converged values of 
system compliances for each simulation. 

The modelled domain for fused quartz samples comprises only the cantilever or both the cantilever and 
the beam-like support situated on the other side of the chevron notch, as shown in Figure 3.8a, depend-
ing on whether the notch was machined at distance ܵୗ away from the root of the cantilever or not (see 
Figure 3.3a and Table 3-1). In the former configuration, a fixed-displacement boundary condition is used 
for uncracked portions of the chevron face (highlighted in red in Figure 3.8). In the presence of a support, 
the uncracked chevron faces of the support and the cantilever are rigidly tied, while a fixed-displace-
ment boundary condition is applied on the support face opposite the chevron notch. In modelling, the 
thickness of the chevron notch was implicitly assumed to be zero; thus, possible effects arising from a 
finite notch thickness [393] are not accounted for.  

Fused quartz is treated as a homogeneous isotropic material with a Young’s modulus of 72 GPa and a 
Poisson ratio of 0.17. With all relevant sample dimensions known, the model has no free parameters; 
hence, predicted and measured (indentation-corrected) beam compliances can be compared. This com-
parison is given in Table 3-1; as seen, the initial compliance calculated for each fused quartz sample 
agrees with the data to within ~5%. 

The model for alumina cantilevers accounts for the fact that the cantilever is attached to a compliant 
circular-segment support, this being a consequence of FIB machining the cantilever from a small fibre 
(see Figure 3.8b) instead of a sample of bulk material. Since the height ܵୗ of the compliant support is ill-
defined in these samples (due to uneven FIB machining and because the cantilever is placed on top of 
an ~30 to ~40 μm long fibre segment), this parameter was considered as free. Its value was found by 
iteration until the initial compliance of the model matched the measured initial indentation-corrected 
compliance of the test to within 5%. All optimized values for the support length ܵୗ were in accordance, 
to within a few microns, with expectations based on SEM images. As with fused quartz, the ligament is 
considered to have no thickness, such that possible effects of the chevron notch thickness are not taken 
into account. The material parameters for isotropic, nanocrystalline alumina cantilevers are a Young’s 
modulus 373 GPa and a Poisson ratio 0.235 [394,395]. 

The general procedure that was used to calculate curves of the normalized compliance ܥ୴ versus the 
crack length ܽ෤, for each tested specimen consists in first generating a set of 30 stress-free sub-models of 
the same cantilever geometry, in which the crack length inside the notch is progressively incremented. 
Each of the sub-models is then subjected to a small-strain quasi-static FE analysis to obtain the individ-
ual sub-model initial stiffness. Loading during quasi-static analysis is generally performed by prescrib-
ing a small vertical displacement of the central node (in the plane of symmetry) at the free end of a 
cantilever top face (Figure 3.8; we thus ignore any departure of the actual loading position during the 
test from the centreline of the beam). The compliance ܥ for each sub-model (corresponding to a partic-
ular value of the crack length ܽ) is then calculated from individual sub-model force–displacement re-
sponses. The data for the normalized sample compliance ܥ୴ vs. crack length ෤ܽ collected over all sub-
models associated to a particular cantilever are then plotted and fitted by a fifth-order polynomial (Fig-
ure 3.9a,b).  This polynomial representation of ܥ୴ሺ ෤ܽሻ is then used to calculate the critical crack length, ෤ܽୡ, and the minimum of the geometrical function, ܨ୴ሺ ෤ܽୡሻ, for each cantilever (Figure 3.9c,d).  Then, know-
ing the measured peak load in the test, ୡܲ, the material’s fracture toughness, ୍ܭ୴ୠ, can be deduced as 
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described in Section 3.1.1.1. Critical crack lengths, ෤ܽୡ, and corresponding minima, ܨ୴ሺ ෤ܽୡሻ, are summa-
rized in Table 3-1 and Table 3-2, together with the experimentally measured maximal loads and, finally, 
the calculated values of the fracture toughness ୍ܭ୴ୠ according to Equation 3-4 for each sample. 

 

Figure 3.8 3-D FE model for (a) fused quartz and (b) alumina cantilever beams. The uncracked region of 
the chevron notch is highlighted in red. For clarity, deformation of the models is magnified by a factor 

100. (Reproduced from Mueller et al. [380]) 

 

Figure 3.9 Dimensionless compliance ܞ࡯ and geometrical function ܞࡲ as a function of normalized crack 
length ࢇ෥ for (a, c) fused quartz and (b, d) alumina samples with dimensions given in Table 3-1 and Table 

3-2. (Reproduced from Mueller et al. [380]) 
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3.1.1.5.2 Measured fracture toughness values 

The resulting measurement of fracture toughness for fused quartz, calculated as the mean and standard 
deviation over the five experiments given in Table 3-1, is ୍ܭ୴ୠ ൌ 0.65 േ 0.04 MPa√m. This result is in 
the middle of the range of values reported for fused quartz after testing macroscopic chevron-notched 
samples [185,396] or nanoindentation fracture testing [397] (see Table 3-3). Slightly higher values are 
reported by a few other authors for fused silica [398–401] (which is commonly referred to as vitreous 
SiO2 produced from high-purity synthetic silica instead of naturally occurring quartz).  

For alumina, the resulting fracture toughness (the mean and standard deviation over the five experi-
ments given in Table 3-2) is ୍ܭ୴ୠ ൌ 2.34 േ 0.15 MPa√m. To the best of our knowledge, the toughness of 
such fine-grained alumina has not been reported to date. Insight into the validity of this result can be 
found in the work of Chantikul et al. [402]. In that work, fracture toughness measurements on alumina 
over a range of (equiaxed) grain sizes from 80 to 2.5 μm were performed, and a model for the toughness 
dependence on grain size and crack length was developed by considering grain-bridging effects. The 
extrapolation of that model into the grain-size range of this study yields a value of fracture toughness, 2.75 MPa√m, which is close to our result. Our measurements thus give experimental confirmation of 
Chantikul et al.’s model-derived estimation of the intrinsic fracture toughness of alumina, free of grain 
bridging contributions. The slight difference between the two values might be due to the fact that sam-
ples of Chantikul et al. displayed a significant fraction of transgranular fracture (up to ~30%), whereas 
in the present alumina fibres, fracture was essentially all intergranular. 

Table 3-3 Fracture toughness values of vitreous SiO2 (fused quartz and fused silica) reported in the litera-
ture. Quoted references are Refs. [185,396–401]. (Reproduced from Mueller et al. [380]) 

 

3.1.1.5.3 Precision of the method 

The final toughness measurement is thus found to be quite reproducible across different chevron-
notched samples of each material, despite the variations in their shape and dimensions (Table 3-1 and 
Table 3-2). The slightly higher variation for the alumina is likely related to the more complex and hence 
more variable crack surface that is developed in this nanocrystalline material as compared to the amor-
phous fused quartz (Figure 3.7).  

The main source of error in calculating the fracture toughness via Equation 3-4 originates from the 
measurements of the sample dimensions taken from SEM images. It is therefore informative to examine 
the sensitivity and errors in the fracture toughness values arising from small perturbations in the sam-
ple dimensions.  

We thus considered a single fused quartz sample (Q3, Table 3-1) and perturbed its dimensions by in-
creasing each, one at a time, by 5%. The perturbed sample geometries were then compliance re-cali-
brated, first to obtain new values for ෤ܽୡ and ܨ୴ሺ ෤ܽୡሻ in the same way as explained above, and then to 
calculate deviations of the initial stiffness of the model and the fracture toughness values that would be 
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obtained for the same measured peak load. The relative difference in final stiffness and fracture tough-
ness resulting from each of these perturbations is given in Table 3-4. As can be seen, ~5% error in di-
mension measurements causes up to ~8% error in fracture toughness for most of the dimensional pa-
rameters. This is of the same order as the observed sample-to-sample variations across data in Table 
3-1. The exception to this is the cantilever beam height ܹ, to which toughness calculation is the most 
sensitive. This large sensitivity to error in ܹ is not surprising, since the bending stiffness at the notch, ܫܧ, via the cross-section moment of inertia, ܫ, is generally expected to scale with the third power of the 
ligament height, which is linearly connected to ܹ in this analysis. This, in turn, dramatically affects the 
sample compliance, ܥ୴, and its derivative, ݀ܥ୴/݀ ෤ܽ . Care must therefore be exerted in measuring this 
particular dimension. Interestingly, similarly large errors might be foreseen to be caused by errors in ܵ. 
For a cantilever beam of length ܵ with constant cross-section, the stiffness ܲ/ݑ ∝ 1/ܵଷ, where ݑ is the 
deflection due to applied force ܲ. However, this does not occur in chevron-notched cantilevers due to 
the localized rotation at the chevron notch, reflecting the hinge-like deformation of the sample.  

It is also interesting to note that larger errors in the fracture toughness values correlate well with devi-
ations of the initial sample stiffness. Thus, verification of the model against the measured initial sample 
stiffness or, when the beam is attached to a structure of finite compliance (as with the fibres in the pre-
sent tests), comparing the predicted compliant structure dimensions with those of the actual structure 
surrounding the beam, provides a convenient test of consistency for the FE simulations. In other words, 
in the procedure there is a method by which the researcher may be warned against significant errors in 
the measurement of sample dimensional characteristics, or in the computations that were used to cali-
brate the relation between the measured peak load and the material’s fracture toughness.  

Table 3-4 Sensitivity of the fracture toughness values on sample dimensional parameters investigated for 
fused quartz sample Q3. (Reproduced from Mueller et al. [380]) 

 

3.1.1.6 Conclusions 

A micron-scale fracture toughness measurement method based on the chevron-notch approach is pro-
posed and demonstrated on two brittle and isotropic materials, namely (i) a piece of fused quartz that 
is commercially available and is used as a standard for nanoindenter calibration and (ii) Nextel 610TM 
alumina fibres extracted from a commercially available wire of aluminium matrix composite. Data are 
interpreted using sample-specific finite element simulations, conducted assuming that the crack front 
is flat, that the material is isotropic and that there is no significant ܴ-curve behavior.  

The approach is shown to produce reproducible data consistent with what can be expected from the 
literature for both materials. Compared with other methods that have been proposed for the measure-
ment of fracture toughness in samples of microscopic dimensions, chevron-notched bend bars have the 
following advantages:  

• fracture toughness is measured using a real, atomically sharp crack;  



Fracture toughness 

95 
 

• when ୍ܭ୴ୠ is measured, the majority of the crack front is situated in pristine material, free of the vari-
ous forms of internal damage (such as roughening, surface contamination, ion implantation, internal 
stresses, vacancies, and redeposited material) that are typically produced by micromachining processes 
such as ion milling or chemical etching; and 

• if the material is susceptible to slow crack growth, lower loading rates are permissible than with 
straight-through, precracked or prenotched, sample geometries [390].  

The method is conveniently implemented once procedures have been established for (i) for the produc-
tion of triangular ligaments sufficiently thin to drive crack nucleation at low loads, and (ii) for paramet-
ric linear elastic finite element calculations that give the compliance calibration curve for each test. This 
latter step in the process is less limiting than it might at first glance appear to be: once procedures and 
computer routines have been established, FE calculations are typically far less time-consuming than mi-
cromilling procedures. 

We also report the first (to our knowledge) measurement of the fracture toughness of nanocrystalline 
alumina; our result confirms estimations of the intrinsic grain boundary toughness of crystalline alpha-
alumina predicted by a theoretical model for grain bridging toughening in alumina with micron-sized 
grains [402]. 

3.1.2 Extension of the chevron notch test to triangular microcantilevers 

(Adapted from Ref.  [381]: G. Žagar, V. Pejchal, M.G. Mueller, L. Michelet, A. Mortensen, Fracture toughness 
measurement in fused quartz using triangular chevron-notched micro-cantilevers, Scripta Materialia. 112 
(2016) 132–135. doi:10.1016/j.scriptamat.2015.09.032) 

In the previous Subsection (3.1.1), the microscopic chevron-notched sample method was demonstrated 
by measuring the fracture toughness of amorphous fused quartz and nanocrystalline alumina using FIB-
machined microscopic cantilever beams having a rectangular cross-section. These samples had to be 
prepared along a sharp ~90° edge of the material specimen. In this Subsection, the use of a different 
chevron-notched microsample sample geometry, which can be produced by micromilling along a single 
(polished) surface, is demonstrated. This eases sample production significantly and extends the field of 
application of the chevron-notched sample microtoughness test. 

3.1.2.1 Materials and methods 

We prepared triangular chevron-notched micro-cantilevers, Figure 3.10, by FIB milling the flat surface 
of the same fused quartz prism as used in Subsection 3.1.1 [380].  To avoid charging effects during mill-
ing, the fused quartz surface was first coated by an ~10 nm carbon layer using a CressingtonTM 208 
Carbon Coater (Watford, UK). Shaping of triangular cantilevers was done with a 30 kV Ga+ source in a 
ZeissTM NVisionTM 40 (Oberkochen, Germany) dual beam instrument with currents of ~0.3 nA in final 
machining stages.  The most important milling step is the final stage, in which the chevron-notch and its 
ligament are produced. To make the notch as thin as possible, milling was done using a low ion current, 
10 pA, and in a way, such that the ligament apex is located in the plane of cantilever symmetry roughly 
at one-half the total height of the triangular cross-section.  

As in Subsection 3.1.1 [380], each sample was modelled using finite element simulation to extract its 
compliance calibration curve. For convenience and efficiency of finite element analysis, the chevron 
notch was generally offset at some distance (ܵୗ) away from the cantilevers’ fixed end.  
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Machined chevron-notched cantilevers were fractured using the same nanoindentation instrument (Tri-
boIndenter TI950, Hysitron Corporation, Minneapolis, MN, USA) equipped with a cube corner probe (tip 
radius of ~100 nm). Vertical force ܲ was applied in the center of the top cantilever surface at distance ܵ 
from the notch (Figure 3.10a). All tests were done at room temperature and 20-50% relative humidity 
in load-controlled mode at loading rates around 2 to 3 μN/s. Before and after each test, the cantilever 
specimen was analysed by Scanning Electron Microscopy (SEM) in order to: measure all relevant spec-
imen dimensions (Table 3-5), confirm that the ligament was properly fabricated and ensure that frac-
ture took place within the notch, Figure 3.10c. The actual load application point in each test was deter-
mined by observation of broken cantilevers SEM micrographs, using the imprint left by the 
nanoindenter probe. Six specimens were tested in this way; of these, two were dismissed as being inva-
lid because of an irregularly machined ligament, and one due to a lack of detectable stable crack propa-
gation in the load–displacement curve. Thus, results presented here are from the three remaining suc-
cessful tests. 

 

Figure 3.10 (a) Triangular micro-cantilever beam with the chevron notch, as prepared on a flat fused 
quartz surface by FIB milling. (b) Sketch of chevron notch geometry with characteristic ligament dimen-
sions. The fractured surface of a chevron ligament is assumed to be triangular. Shaded region (in red) 

represents the unfractured portion of the ligament. (c) Fracture surface of a chevron-notch ligament. (Re-
produced from Zagar et al. [381]) 
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Table 3-5 Geometrical dimensions (as defined in Figure 3.10), experimental loading rates ࡼሶሶ , critical (peak) 
loads ۱ࡼ, minimum of the geometrical function ܞࡲሺࢇ෥܋ሻ at normalized critical crack length ࢇ෥܋ and calcu-

lated fracture toughness ܊ܞ۷ࡷ for triangular chevron-notched micro-cantilevers prepared from fused 
quartz. (Reproduced from Zagar et al. [381]) 

 

3.1.2.2 Results and discussion 

Load—displacement responses of those three microfracture tests are shown in Figure 3.11. Responses 
in Figure 3.11a are corrected for the effect of indentation, by assuming that the displacement measured 
directly in the test is the sum of the cantilever vertical deflection and the average of two to three meas-
ured displacements at load ܲ in conventional nanoindentation tests that were conducted within the 
(FIB-affected) region of the bulk fused quartz prism close to the fixed end of each cantilever. The mate-
rial in this region is representative of the material at the cantilever’s free end because both have been 
subjected to roughly the same (comparatively low) ion doses as the result of imaging with a low current 
FIB (10 pA) upon sample preparation.  

Each successful test response featured three different regions. The first is a linear region that represents 
the elastic cantilever downward deflection free of crack growth. This region extends up to the point 
where the concentrated tensile stress normal to the notch plane at the apex of the chevron ligament 
initiates a crack. Crack initiation in fused quartz specimens can be a smooth process; this was the case 
for two specimens, Figure 3.11a (squares and circles). The linear response then continuously transits 
into a second, nonlinear, region, in which stable crack propagation occurs, downwards through the lig-
ament. It was also found that crack initiation can be accompanied by a “pop-in” event; this was clearly 
visible for the third specimen (green curve in Figure 3.11a).  

Once initiated, the crack traverses the notch ligament; we define the crack length a using the top of the 
cantilever beam as the origin, Figure 3.10b.  Assuming that the crack front remains straight and sym-
metrically situated at all times up to position ܽ ൌ ܽଵ defined in Figure 3.10b, the crack front width ܾ is 
simply given by ܾሺܽሻ ൌ ሺ1ܤ െ ܽଵ/ܹሻሺܽ െ ܽ଴ሻ/ሺܽଵ െ ܽ଴ሻ, where ܤ, ܹ, ܽ଴ and ܽଵ are defined in Figure 
3.10b. As is well known, this increasing front width ܾ serves to stabilize crack growth because it causes 
the elastic strain energy release rate: ܩ ൌ ܲଶ/2ܾ ሺ݀ܥ/݀ܽሻ where ݀ܥ/݀ܽ is the change of the specimen 
compliance ܥ with crack length ܽ, to initially decrease with increasing ܽ.  

For brittle, linear elastic materials and under the condition of plane strain (which is commonly assumed 
to hold for cracks in chevron notched specimens), the stress intensity factor is ୍ܭ ൌ ᇱܧ with ,ܩ ᇱܧ√ ൌܧ/ሺ1 െ  the Young’s modulus and the Poisson’s ratio of the material, respectively.  The ߥ and ܧ ଶሻ andߥ
stress intensity factor can thus be expressed as ୍ܭ ൌ ܲ ሺܤ√ܹሻ⁄ ൈ ܨ୚ሺ ෤ܽሻ, where the dimensionless geo-
metrical function is defined in terms of the normalized crack length ෤ܽ ൌ ܽ/ܹ as: 

୚ሺܨ ෤ܽሻ ൌ ඨ 12ሺ1 െ ෤ܽଵሻ ൬ ෤ܽଵ െ ෤ܽ଴෤ܽ െ ෤ܽ଴ ൰ ୚݀ܥ݀ ෤ܽ  

 

Equation 3-5 
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In Equation 3-5 the normalized chevron notch geometrical parameters are ෤ܽ଴ ൌ ܽ଴/ܹ and ෤ܽଵ ൌ ܽଵ/ܹ, 
while the dimensionless compliance of the specimen is ܥ୴ ൌ   .ܤᇱܧܥ

As in the previous Subsection 3.1.1 [380], the compliance calibration curve, ܥ୴ሺ ෤ܽሻ, of each sample was 
calculated by bespoke linear elastic finite element (FE) analysis of the sample knowing its (measured) 
characteristic dimensions, given in Table 3-5. For each test specimen, a series of thirty FE models was 
generated in a such a way that the crack length over the series is progressively incremented over the 
range ܽ଴ ൑ ܽ ൏ ܽଵ, i.e. each model of the series represents the same specimen geometry at different 
crack lengths, Figure 3.11b.  

The results of FE calculations for tested specimens in Figure 3.11a are shown in Figure 3.11c with open 
symbols. Data obtained from FE calculations for each specimen were fitted using a fifth-order polyno-
mial function (solid line in Figure 3.11c), which then served as the closed form representation for the 
specimen dimensionless compliance function ܥ୴ሺ ෤ܽሻ. From this, the geometrical function ܨ୴ሺ ෤ܽሻ was com-
puted via Equation 3-5. The result is shown by dashed lines in Figure 3.11c.  

Typical curves giving the geometrical function ܨ୴ሺ ෤ܽሻ, and therefore the stress intensity factor depend-
ence on crack length, ୍ܭሺ ෤ܽሻ, for chevron-notched specimen are convex; for constant load ܲ, both func-
tions ܨ୴ሺ ෤ܽሻ and ୍ܭሺ ෤ܽሻ initially decrease with increasing crack length ෤ܽ, reach a minimum at ෤ܽ ൌ ෤ܽୡ, and 
then increase beyond ෤ܽୡ. The applied load ܲ scales with functions ܨ୴ሺ ෤ܽሻ and ୍ܭሺ ෤ܽሻ, causing those curves 
to shift vertically while their shape and the crack length corresponding to the minimum remain the 
same. At any fixed applied load ܲ it is trivial to see that the crack instability criterion, ୍݀ܭ/݀ܽ ൒ 0, is 
satisfied at stationary values of ܨ୴ሺ ෤ܽሻ and ୍ܭሺ ෤ܽሻ, where, for the critical crack length ෤ܽ ൌ ෤ܽୡ, both func-
tions are at their minimum. In the absence of plastic deformation in the material that is tested, the onset 
of crack instability in a chevron-notched specimen is uniquely predefined by the specimen geometry, 
which in turn defines the value of ܨ୴ሺ ෤ܽୡሻ. Therefore, to compute the fracture toughness the only required 
experimentally measured quantity is the critical (peak) load ୡܲ at which this instability takes place (in-
cidentally, note that this is valid in a load-controlled tests; on the other hand, in displacement-controlled 
tests the point of instability is often past the maximum measured load ܲ ୡ). Finally, with measured ܲ ୡ and 
the value of ܨ୴ሺ ෤ܽୡሻ determined by the (bespoke simulation-derived) compliance calibration curve, the 
fracture toughness is given as ୍ܭ୴ୠ ൌ ୡܲ ሺܤ√ܹሻ⁄ ൈ  ܨ୴ሺ ෤ܽୡሻ.  

Critical loads  ୡܲ, measured with the triangular chevron notched micro-cantilevers (Figure 3.11a), and 
the calculated critical crack lengths ෤ܽୡ and minima ܨ୴ሺ ෤ܽୡሻ are summarized in Table 3-5. The facture 
toughness of the fused quartz material tested here, averaged over the three tested triangular micro-
cantilever specimens, is found to be ୍ܭ୴ୠ ൌ 0.67 േ 0.01 MPa√m. This result is in good agreement with 
our previous measurements obtained with rectangular chevron-notched micro-cantilevers (Subsection 
3.1.1), namely ୍ܭ୴ୠ ൌ 0.65 േ 0.04 MPa√m [380]. The present study thus demonstrates that the chev-
ron-notched microfracture testing method exposed in Subsection 3.1.1 [380] can be transposed to tri-
angular beams; from a practical standpoint this is a significant simplification since triangular beams can 
be machined by micromilling into a single surface. 
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Figure 3.11 (a) Force–displacement response of tested triangular chevron-notched cantilevers corrected 
for the indentation. The critical (peak) load of each test is indicated with open symbols. (b) Example of 
the FE mesh (deformation is enhanced by the factor of 100) used for compliance calibration. Shaded re-
gion (in red) in half of the cross-sectional view represents the unfractured portion of the ligament. (c) 
Compliance calibration data for cantilevers tested in (a). Dimensionless compliance, ܞ࡯ ൌ  as a ,′ࡱ࡮࡯ 

function of normalized crack length, ̃ࢇ ൌ  is shown with open symbols (FE calculations) and solid ,ࢃ/ࢇ 
lines (fits). Minimum values, ܞࡲሺࢇ෥܋ሻ, of corresponding specimen geometrical functions ܞࡲ (dashed lines) 

are indicated with solid symbols. (Reproduced from Zagar et al. [381]) 

Note that fused quartz is a material that is strongly susceptible to environmentally assisted slow crack 
growth (SCG) caused by the presence of moisture in air [403,404]. Interaction between water molecules 
of air and Si—O bonds in fused quartz near the crack tip when the crack is under load, creates conditions 
that enable a crack to grow at finite velocity with its tip subjected to stress intensity values that are 
significantly lower than the (fast) fracture toughness of the material. For example, cracks in fused quartz 
at room temperature and ~70% relative humidity (corresponding to a water partial pressure of ~2.2 
kPa) subjected to a stress intensity that is ~75% of the fracture toughness and above (the so-called SCG 
Region II) grow at a rate of ~0.2 mm/s [404]. Because of this, SCG can lead to significant underestima-
tions of the fracture toughness values, since, at the moment of crack instability, the crack might in reality 
be significantly longer than what was initially measured or assumed; see Ref. [390].  
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With chevron-notched samples, measured variations in the specimen compliance up to crack instability 
serve, for brittle linear-elastic materials, as a signature of the crack length evolution. In Figure 3.12, by 
using the calculated compliance calibration curves of the present triangular chevron-notched speci-
mens, we calculated the crack position, and after smoothing of the resulting curve, the crack velocities 
in present tests (Figure 3.12b). Then, as shown in Figure 3.12c, one can deduce the crack tip stress in-
tensity factor at each moment (tracked by the applied load) of the test. As seen, although crack tip ve-
locities are low (Figure 3.12b), at no moment does the calculated stress intensity factor ୍ܭ in Figure 
3.12c fall below ୍ܭ୴ୠ. In other words, the low measured crack tip velocities are fully consistent with the 
crack being driven by the applied load, as dictated by the chevron-notched sample geometry, and not by 
subcritical crack growth mechanisms (if SCG was active ୍ܭ would take much smaller values, see data in 
Ref. [404]). It is concluded from this that there is no trace, in the present tests, of subcritical crack growth 
mechanisms being operative. This observation, which agrees with data in Subsection 3.1.1 [380], is not 
what one would expect from theory based on SCG data in the literature [390]. We presently have no 
simple explanation to offer for this observation. 

 

Figure 3.12 (a) Linear elastic compliance as a function of the applied load, up to critical load ܋ࡼ, as ob-
tained from force—displacement responses in Figure 3.11a (symbols are the same); compliance—load 

signals after smoothing are indicated with lines. (b) Crack velocity as a function of the load obtained from 
smooth compliance—load curves in (a). (c) Stress intensity factor at the crack tip versus applied load as 
calculated from experimental data (Figure 3.11 and Figure 3.12a) using compliance calibration curves. 

(Reproduced from Zagar et al. [381]) 
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3.1.2.3 Conclusion 

In this Subsection, fracture tests using microscopic chevron-notched fracture toughness samples of tri-
angular cross section were presented. This extends the method presented in Section 3.1.1 (Ref. [380]) 
to materials accessible from a single surface. The method is convenient for measuring the toughness of 
brittle, linear-elastic materials that exhibit no significant ܴ -curve and yields results which are unaffected 
by focused ion-beam milling. A consistent fracture toughness value of 0.67 േ  0.01 MPa√m is obtained 
using fused quartz, in agreement both with data in Subsection 3.1.1 (Ref. [380]) and with macroscopic 
test data in the literature. Against expectations, data also show no influence of subcritical crack growth 
on fracture during the test.  

3.2 Chevron-notch tests on silicon particles 
The microscopic Chevron-notch fracture toughness test developed using isotropic, benchmark, materi-
als in the previous Section 3.1 was subsequently tried on silicon particles extracted from Al-Si alloys. 
Early experiments and observations are briefly described in this short Section. These led to the work on 
silicon wafer in the following Section 3.3.  

Silicon particles were extracted from a binary Al-12.6%Si alloy heat treated at 550 °C for 6 days using a 
process described in detail below in Subsection 4.1.1.2 and further discussed in Subsection 4.1.3.3. In 
short, the aluminium matrix was first dissolved using a mixture of nitric, phosphoric, and acetic acids, 
and then particles were collected, filtered, and deposited on a polished steel substrate. This process re-
sulted in dry, isolated, silicon plate-like particles lying on one of their large (111) facets; Figure 3.13 
shows an example. Chevron-notched microcantilever beams of triangular cross section were then pro-
duced into the silicon particles using FIB milling as described in Section 3.1, see Figure 3.14. A difference, 
however, was that in this case the particle needed first to be welded to the substrate; otherwise, the 
particle would simply move (and disappear) upon scanning with the SPM in the nanoindenter before 
mechanical testing. The welding was done by means of carbon deposition under the electron beam in 
the SEM/FIB apparatus. 

An added degree of complexity with respect to the previous tests on fused quartz and on nanocrystalline 
alumina fibres (Section 3.1), is that silicon particles are single crystals; hence, anisotropy must be con-
sidered. If initial trials proved to be successful, the idea was to first retrieve the particle crystallographic 
orientation using Electron Back-Scattered Diffraction (EBSD) and then micromachine the specimen 
aligned along a specific orientation of interest.   

Chevron-notch tests on silicon particles (e.g., Figure 3.14) were, however, unsuccessful. The measured 
load—displacement response was linear up to fracture (Figure 3.14d), indicating an absence of crack 
formation and growth. This lack of signatures of stable crack growth (i.e. pop-ins or a non-linear curve 
indicative of an increasingly compliant sample) betrayed crack-initiation issues that rendered tests in-
valid. It was thus decided to conduct microscopic fracture toughness tests on single crystalline silicon 
wafers to further study the matter; this is discussed in the next Section. 
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Figure 3.13 Eutectic silicon particles (indicated with white arrows) lying on a polished steel substrate. The 
particles were extracted from a heat-treated Al-12.6Si alloy by selectively etching the aluminium matrix. 

 

Figure 3.14 Chevron-notch fracture toughness test on a eutectic silicon particle extracted from an Al-
12.6Si alloy. (a) Silicon particle lying of a steel substrate. (b) The same particle after FIB-micromachining 
to produce a cantilever beam of triangular cross section with a chevron notch. To prevent the particle 

from moving upon testing, it was welded to the substrate using carbon deposition. (c) Front view of the 
particle ready to be tested. (d) Force—displacement response: no sign of stable crack initiation and 

growth is observed. (e) Fractured cantilever after the micromechanical testing. (d) Fractography of the 
notch.  
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3.3 Chevron and straight-through notch tests on silicon wafer 
(Adapted from Ref. [382]: M.G. Mueller, G. Žagar, A. Mortensen, Stable room-temperature micron-scale 
crack growth in single-crystalline silicon. Accepted for publication in the Journal of Materials Research, 
2017) 

In this Section, room temperature fracture along the (111) plane of electronic grade silicon is probed at 
the micron-scale using straight-through and chevron notched cantilever beams. A work-around for the 
crack-initiation issue depicted in the previous Section and confirmed here is found. The main experi-
mental observation is that a growing crack can extend and arrest at different stress intensity factor val-
ues within the same specimen. The present data thus provide evidence of variations in the effective Si 
fracture toughness along the path of a growing crack. This effect could be explained by variations in the 
extent of limited crack-tip plasticity along the crack path. The present work also shows that the micro-
scopic chevron notch test is, from an experimental point of view, not a convenient method to probe the 
fracture toughness of silicon because it is difficult with silicon to nucleate a crack at the chevron tip at 
loads low enough to allow for subsequent stable crack growth. 

3.3.1 Materials and Methods 

Microscopic cantilever beams of triangular cross-section were carved into the surface of a ሺ1ത10ሻ Czo-
chralski silicon wafer slightly p-doped with B (resistivity 1 – 10 Ohm cm) using FIB milling on a ZeissTM 
NVisionTM 40 (Oberkochen, Germany) SEM/FIB dual-beam system using 30 kV Ga+ ions. Currents ranged 
from 3 nA for the initial rough milling steps down to 700 pA for the final milling steps. Close to the root 
of each cantilever one of two types of notch was machined: either (i) a chevron-notch (milled at +/- 30° 
from the top) or (ii) a straight-through notch (milled straight down from the top) was produced by FIB 
milling with a much lower current of 10 pA, chosen to minimize the notch thickness, Figure 3.15. Speci-
mens and the machined notches were oriented such as to probe the ሺ111ሻ fracture plane with a crack 
growing in the ሾ1ത10ሿ direction. Once prepared, samples were carefully checked in the SEM/FIB to ensure 
the absence of redeposited material along or around the notch. 

The micromechanical tests were conducted using a TI 950 TriboIndenter® (Hysitron® Corporation, Min-
neapolis, MN, USA) nanoindentation apparatus, equipped with a cube-corner diamond tip, to apply the 
load and measure the load-point displacement. Each specimen was aligned to have the loading axis 
within ±0.5 degrees of the normal to its top surface; this was achieved using the nanoindenter’s Scanning 
Probe Microscope (SPM) capability and a two-axis goniometric tilt stage (Newport Corp., Irvine, CA) 
fixed on the positioning stage. The SPM was also used to aim the point of load application at the cantile-
ver’s centreline close to its free end. The tests were conducted in the apparatus's "load control" mode. 
Prior to loading, the nanoindenter tip was put in contact with the sample, holding a load of 1 μN to 
measure the drift in the displacement data. The test was started when the observed drift rate was lower 
than 0.05 nm/s. The loading rate was set to 0.8 μN/s and kept at that value until fracture; note however 
that, as discussed below, the tests were not effectively run in an ideal but rather in an over-damped load 
control mode. At the end of a test, each sample was taken into the SEM to examine its fracture surface, 
measure the dimensions of the ligament, and identify the point of load application, which was revealed 
as an indent on the now-disconnected cantilever arm.  

The most usual difficulty encountered in the use of CN specimens for the fracture testing of brittle ma-
terials (regardless of sample sizes) is that cracks can be difficult to initiate at the tip of the chevron notch. 
This leads to the frequent observation of rapid fracture at loads well above those that would be required 
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to propagate the crack across the chevron-shaped ligament. This limitation was observed with the pre-
sent microscopic silicon samples during preliminary tests of this work on silicon wafer and on silicon 
particles extracted from an Al-Si alloy (Section 3.2). To ease crack initiation at low applied loads and 
thus overcome the crack-initiation problem encountered in early attempts (see Discussion for details) 
the following procedure was used before the fracture test. In the SEM/FIB apparatus, after having pro-
duced a cantilever beam with a chevron notch using FIB-milling as described above, a micromanipulator 
tungsten needle (Kleindiek Nanotechnik GmbH, Reutlingen, Germany) was approached to the cantile-
ver’s free end, welded to it with a small carbon deposit and moved cyclically up and down by a distance 
of roughly 0.5 μm 10 to 15 times, so as to produce slight, elastic bending of the chevron-notched canti-
lever; Figure 3.16 shows the process. This procedure induces concentrated cyclic strain in the material 
at the triangular ligament’s tip (a region composed of FIB-affected material). The needle was then de-
tached from the cantilever by FIB milling the weld and the cantilever’s free end, which shortened the 
beam by a few micrometres, bringing it to its final geometry. The result of this initial “small chevron 
notch tip pre-fatigue” step in the sample preparation process was found to be that, when subsequently 
loading the beam during the fracture toughness test, cracking was initiated at applied loads low enough 
to enable subsequent stable growth of the crack across the chevron ligament. 

The dimensions of all the samples tested in this work, which are defined in Figure 3.15, are given in 
Table 3-6. Based on that information, bespoke 3D finite element (FE) models were implemented in 
Abaqus/StandardTM 6.11 software (Dassault Systèmes, Providence, RI, USA) to calculate the compliance 
calibration functions of CN and STN samples, in a similar way as was done in Section 3.1 (Refs. 
[380,381]) with the difference, however, that here the material’s elastic anisotropy is considered : single 
crystalline silicon has a cubic-symmetry stiffness matrix with the three independent linear elastic con-
stants, ܿଵଵ ൌ 166 GPa, ܿଵଶ ൌ 64 GPa and ܿସସ ൌ 80 GPa [164]. The compliance dependence on crack 
length, ܥሺܽሻ, in CN samples is obtained by first calculating a series of the compliance values ܥ at increas-
ing values of crack length ܽ for each cantilever geometry (Figure 3.20a symbols) and subsequently fit-
ting those data with a polynomial function (Figure 3.20a, lines). Note that in all stages of the work (in 
both calculations and data interpretation) the crack is assumed to be straight. The change of the com-
pliance with respect to the crack length for each CN sample, ݀ܥ/݀ܽ, is then obtained by evaluating the 
derivative of the fitted polynomial.  

The released elastic strain energy rate G is finally calculated according to  

ܩ ൌ ܲଶ2ܾ  ܽ݀ܥ݀
Equation 3-6 

  
where ܲ is the load measured in the test, ܾ is the width of the crack front (see below) and dܥ dܽ⁄  is the 
derivative of the compliance function (calculated using bespoke finite element modelling as explained 
above) evaluated, in the case of CN tests, at the crack length that is derived from the measured compli-
ance, itself extracted from the slope of the line connecting each data point in the indentation-corrected 
load—displacement curve to the origin. 

Because FIB milling of straight-through notches causes removal of the material near the notch ends 
(Figure 3.15b and Figure 3.22), the geometry of the STN samples resembles that of the CN samples with 
a finite crack length ܽ ൌ ܽ௣ (outlined with dashed line in Figure 3.15b and Figure 3.22). Thus, the com-
pliance calibration function of STN samples was calculated in a similar way as for CN specimens, with 
the difference that the change of the compliance with respect to the crack length in STN samples is eval-
uated by the finite difference approximation, i.e. ݀ ܥ ݀ܽ⁄ ൌ ൫ܽ௣ܥൣ ൅ ݀ܽ൯ െ ൫ܽ௣ܥ ൫ܽ௣൯൧/݀ܽ whereܥ ൅ ݀ܽ൯ 
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and ܥ൫ܽ௣൯ are obtained from FE calculations with ݀ܽ ൌ 1 nm. Scripts that aid in generating Abaqus 
chevron-notch FE models, used here to obtain the compliance calibration functions, are made freely 
available for download from the web site of our laboratory [405]. 

For CN samples, the crack front width ܾ (assumed to be straight) is an increasing function of the crack 
length, i.e. ܾ ൌ ሺ1ܤ െ ܽଵ/ܹሻൈ ሺܽ െ ܽ଴ሻ ሺܽଵ െ ܽ଴ሻ⁄  Equation 3-7 

For STN samples, the crack front width is a constant obtained simply by evaluating the expression for ܾ 
of CN samples at ܽ ൌ ܽ௣. For simplicity, Equation 3-6 can be contracted to ܩ ൌ ܲଶ݃ிሺܽሻ, if we define the 
geometrical function ݃ிሺܽሻ ൌ 1 ሺ2ܾሻൈ ܥ݀ ݀ܽ⁄⁄  (note that this is simply the dimensional counterpart in 
units of [N-1m-1] of the geometrical function, ܨ௩ሺ ܽ/ܹሻ, reported in Section 3.1 and Refs. [380,381]).  

 

Figure 3.15 (a) General geometry of triangular micro-cantilevers prepared by FIB milling single crystal sili-
con (110) wafer. (b) Straight-through notch (sample S4, Table 3-6) and (c) chevron notch (sample C2, Ta-

ble 3-6) fracture surfaces of tested cantilevers (shaded in grey on the right-hand sketches). Straight-
through notches are FIB milled perpendicular to the ሺ૚ഥ૚૙ሻ plane, which preferentially removes material 
near the edges of the notch front. To account for that, the geometry of these samples is approximated in 
calculations as being chevron-like with static crack length ࢇ ൌ  Reproduced from Mueller) .(see sketch) ࢖ࢇ

et al. [382]) 
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Table 3-6 Geometrical parameters of straight-through (S1—S4) and chevron (C1—C3) notched cantile-
vers, as defined in Figure 3.15. (Reproduced from Mueller et al. [382]) 

Sample ܹ[μm] ܤ [μm] ܵ [μm] ܽ଴ [μm] ܽଵ[μm] ܽ௣ [μm] ܵ௦ [μm] 
S1 3.13 3.03 13.72 0.43 1.42 1.06 3.43 
S2 3.94 3.66 11.00 0.01 1.50 1.16 3.50 
S3 3.84 3.68 11.40 0.185 1.80 1.24 2.00 
S4 4.96 5.08 12.80 0.1 2.24 1.51 2.10 
C1 2.86 2.32 11.64 0.57 1.59 - 1.34 
C2 3.62 3.26 9.86 0.70 2.04 - 2.10 
C3 3.73 3.04 12.41 0.58 1.93 - 2.33 

 

 

Figure 3.16 Sample C1 during the “small chevron notch pre-fatigue” preparation step to ease crack initia-
tion at the subsequent testing stage. (a) The micromanipulator is approached to the FIB-produced canti-
lever beam. (b) The micromanipulator is carbon-welded to the beam. The dashed white line is for refer-

ence. In (c) and (d) the beam is slightly bent downwards and upwards, respectively. (e) The micromanipu-
lator is detached by FIB milling its tip. (f) The free-end of the cantilever beam is cut by FIB milling, leaving 
the sample ready for micromechanical testing. (Reproduced from the Supplementary Material of Mueller 

et al. [382]) 
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Figure 3.17 (a) SEM image of Sample C2 from a tilted point of view. Close-up views of the notch (dashed 
square in (a)) before and after the small cyclic pre-deformation step are shown in (b) and (c), respec-

tively, where the view is straight down from the top. Signs of a small crack may be distinguished in (c) at 
the tip of the triangular ligament. (Reproduced from the Supplementary Material of Mueller et al. [382]) 

3.3.2 Results 

The load—displacement responses corrected for indentation of the STN or CN cantilever beams are 
shown, respectively, in Figure 3.18 and Figure 3.19. STN curves are linear until the point of sudden frac-
ture, defined by a sudden large load drop and displacement jump (Figure 3.18). Predictions of the finite 
element model were validated for all four STN samples in that the measured compliance and the calcu-
lated compliance match for all samples, Table 3-7, where apparent silicon fracture toughness values 
computed by assimilating the notches to cracks are also listed. Geometrical functions ݃ி calculated for 
CN specimens of this work are given in Figure 3.20b. 

With CN specimens (Figure 3.19), loading curves are only linear up to a point where a first, small “pop-
in” (load drop and displacement jump) is observed: this is the moment of crack initiation. During pop-
ins, displacement of the sample is sudden and rapid; load-displacement data during those phases of the 
test are therefore not to be trusted, given that the indenter load control loop might not have had the 
capacity to follow the sample, leading to the possibility that there was temporary loss of contact during 
the rapid pop-in phase of the event. Thereafter, the curve stabilizes, and continues with a lower slope, 
betraying an increased compliance as a result of the pop-in event. With Samples C1 and C2 the curves 
present successive pop-in events appearing prior to the point of final, catastrophic fracture, which is 
characterized by a final large drop down to zero load.  

The portion of the load-displacement curves that stretches between crack initiation and final fracture is 
indicated in bold for each CN sample in Figure 3.19. The measured compliance as a function of the dis-
placement in that region is plotted in the top row of Figure 3.21. As seen, the compliance increases sig-
nificantly with each pop-in in Samples C1 and C2, while it only increases slightly between pop-ins. 
Changes in compliance are signatures of crack growth; thus, pop-ins are sudden crack extensions fol-
lowed by crack arrest and periods of crack growth at a much slower rate under increasing load. The 
bottom row of Figure 3.21 shows how the strain energy release rate G (or stress intensity factor KI in 
the right-hand axis) varied during the crack growth process in each of Samples C1, C2 and C3; as seen, 
the data vary significantly from sample to sample.  

The fracture surfaces of all STN and CN specimens are globally flat, showing that the general crack prop-
agation plane did not deviate significantly from (111); see Figure 3.15b-c, Figure 3.22 and Figure 3.23. 
Besides the easily visible terrace-kink feature on Sample C2, in the fracture surfaces several tiny marks 
parallel or oblique to the expected crack front direction can be distinguished upon examination at high 
resolution (bottom row of Figure 3.22 and Figure 3.23).  



Fracture toughness 

108 
 

Finally, we note that the justification for taking ܩ ൌ  throughout this work comes out of the evaluation ୍ܩ
of the Mode II contribution to the total strain energy release rate G for the present specimen configura-
tions (for details, see Subsection 3.3.3.4). Results indicate that it reaches, in the worst case, only 5% of 
the total G value; hence, we deem it negligible. We also neglect the possibility of producing beam twisting 
either by off-centred loading or because of an off-centred position of the ligament at the notch. This is 
justified by the post-mortem observations in the SEM that, in all cases, the small indent left at the point 
of load application on the top surface of the post-test disconnected cantilevers was found to be within 
~50 nm of the cantilever centreline (Figure 3.24), and the ligament at the notch was well-centred within 
~100 nm. 

 

Figure 3.18 Force—displacement response of micro-cantilevers with straight-through notches (STN Sam-
ples S1—S4, Table 3-6). All data are corrected for additional displacement caused by tip indentation into 

the cantilevers. (Reproduced from Mueller et al. [382]) 

 

 

Figure 3.19 Force—displacement response of micro-cantilevers with chevron notch (CN Samples C1—C3, 
Table 3-6). All data are corrected for displacements due to relative tip indentation into the cantilevers. 

Region of the response of chevron-notched cantilevers where the crack is growing is indicated with bold 
lines. (Reproduced from Mueller et al. [382]) 
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Figure 3.20 Calculated compliance calibration curves of the three chevron-notched cantilever samples: 
compliance ࡯ (a) and geometrical function ࡲࢍ (b) vs. crack length ࢇ for chevron-notched micro-cantile-
vers samples: C1 (red), C2 (green) and C3 (blue). Square symbol in Panel (b) indicates minimum of ࡲࢍ. 

(Reproduced from the Supplementary Material of Mueller et al. [382]) 
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Figure 3.21 (Top row) Linear elastic compliance ࡯ ൌ ࢛ ⁄ࡼ  vs. displacement ࢛ obtained from CN cantilever 
responses shown in Figure 3 (only data indicated with a bold line are considered). (Bottom row) Calcu-
lated elastic strain energy release rate ࡳ versus measured displacement ࢛. For convenience, right-hand 
scale corresponding to the stress intensity is indicated according to, ۷ࡷ ൌ ඥࡹࡳሺ૚૚૚ሻ, where the elastic 

fracture factor of SC Si for (111) plane ࡹሺ૚૚૚ሻ ൌ ૚ૠૡ GPa [164]. The dotted line indicates the critical com-
pliance that corresponds to the critical crack length of the chevron-notched geometry. (Reproduced from 

Mueller et al. [382])  
Table 3-7 Experimentally measured fracture load ࢉࡼ and compliance ࢋ࡯, and calculated model compli-

ance ࢓࡯, geometrical function ࡲࢍ, critical released elastic energy rate ࢉࡳ and fracture toughness ࢉ۷ࡷ for 
micro-cantilevers having straight-through notch. (Reproduced from Mueller et al. [382]) 

Sample ௖ܲ 
[μN] 

 ௘ܥ
 [μm/mN] 

 ௠ܥ
 [μm/mN] 

݃ி  
[1/(mN μm)] 

  ௖ܩ
[J/m2] 

௖୍ܭ  
[MPa m1/2] 

S1 72 6.54 6.562 2.447 12.69 1.50 
S2 146 1.62 1.612 0.308 6.60 1.08 
S3 105 1.80 1.824 0.572 6.35 1.06 
S4 202 0.85 0.869 0.143 5.83 1.02  
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Figure 3.22 Fractured surfaces, all along (111) planes, of the four tested single crystal silicon micro-canti-
levers with a straight-through notch (STN). Scale bar in all images represents 1 μm. Columns of images (a) 

to (d) correspond to different images of the fracture surface of Specimen S1 to S4, respectively. Images 
on the top and middle rows are taken from different perspectives. Notch geometries used for calcula-
tions are superimposed and indicated with a white dashed line in the top-row images. The brightness 

and contrast of the bottom-row images have been manipulated to enhance the visibility of marks on the 
fracture surfaces. (Reproduced from the Supplementary Material of Mueller et al. [382]) 
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Figure 3.23 Fractured surfaces, (111) planes, of the three tested single crystal silicon micro-cantilevers 
with a chevron notch (CN). Scale bar in all images represents 0.5 μm. Columns of images (a) to (c) corre-
spond to different images of the fracture surface of Specimens C1 to C3, respectively. Images on the top 
and middle rows are taken from different perspectives. The brightness and contrast of the bottom-row 
images have been manipulated to enhance the visibility of marks on the fracture surfaces. (Reproduced 

from the Supplementary Material of Mueller et al. [382]) 
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Figure 3.24 Post-test SEM examination of the chevron-notched specimens. The location of the load-appli-
cation point, identified as a shallow indent, is indicated with black arrows in the lower images, which are 

close-ups of the area marked with a black, dashed, rectangle in the top images. 

3.3.3 Discussion 

3.3.3.1 Straight-through notched samples 

As is known, using FIB-milled STN specimens to evaluate fracture toughness at a small scale is question-
able; reasons for this are three-fold: (i) assimilating a notch to a crack, given the finite notch-tip radius 
[164], (ii) the fact that the material itself at, and around, the crack tip is modified, to a higher or lesser 
extend depending on the material, after FIB–milling [274–276] (especially when the incident FIB is per-
pendicular to the surface [274,276,406], which is how STN samples are mostly produced; see also Sec-
tion 3.3.3.3) and (iii) ion implantation, which can locally produce residual stresses that alter, to a re-
markably large extent in some materials [244], the effective stress field at the notch tip.  

Here, measured critical strain energy release rate ୍ܩୡሺଵଵଵሻ values in STN Specimens S2-S4 are near ൎ6 J/mଶ. This value comes close to the result of the pioneering work of Di Maio and Roberts [236] that 
constitutes, together with the present work, the only (to the best of our knowledge) fracture toughness 
measurement of the ሺ111ሻ fracture plane in silicon done at the microscopic scale. In Specimen S1, how-
ever, a value roughly twice as high was recorded (୍ܩୡሺଵଵଵሻ ൌ 12.7 J/mଶ), even though no particularity is 
observed in this specimen with respect to the other three similar specimens, except that it is a bit smaller 
in size. Overall, the STN results are about twice and four times, respectively, the theoretical fracture 
energy of Si along ሺ111ሻ planes: 2ߛሺଵଵଵሻ ൌ 2.94 J/mଶ [164] and fall above the range of experimental val-
ues reported in the literature for the ሺ111ሻ fracture plane in silicon (omitting measurements that used 
either indentation or ion-beam-notched techniques, see Literature Review on Sections 2.3, 2.5 and Ref. 
[164]).  

This overestimation seems to be in contrast with the work of Jaya et al. [216] on fracture along the (110) 
plane in silicon, who reported, using notched microscopic specimens, measured fracture toughness val-
ues that fall within the expected range for that plane (note that there is a typo in the notch orientation 
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in [216], which should read “ሺ1ത10ሻሾ001ሿ” [407]). It is, however, noteworthy that in an earlier contribu-
tion the fracture toughness values gleaned using similar notched microscopic specimens in that same 
plane were far higher [243]. Also, in a separate work, high fracture toughness values were obtained in 
silicon microscopic STN clamped beams probing a ሺ110ሻ plane [269], prompting the authors to intro-
duce a correction factor to lower the fracture toughness closer to expected values.  

In summary, even though it seems that the concerns about the STN technique mentioned above do not 
always affect results to a large extent in silicon (e.g., Ref. [216] and Samples S2-S4 in this work), the 
present data confirm that measurements of the toughness in silicon using microscopic STN samples 
must be taken with extreme caution because of the established potential for (large) overestimations. 

3.3.3.2 Crack initiation in microscopic Chevron-notched specimens 

The ability to initiate the crack at an early stage of the test and to subsequently grow it in a stable fashion 
are key requirements for a valid CN test. Early attempts by ourselves to perform microscopic CN fracture 
toughness tests on ሺ1ത10ሻ and on ሺ111ሻ silicon wafers oriented to probe the ሺ111ሻሾ1ത10ሿ or the ሺ1ത10ሻሾ111ሿ fracture systems were unsuccessful in that crack initiation was not followed by crack growth 
and thus occurred at a load higher than the critical load (which in CN samples is defined by their geom-
etry and the material’s fracture toughness). As a result, complete fracture of the samples occurred as 
soon as a crack was nucleated, rendering the tests invalid.  

This crack-initiation problem was not encountered when nanocrystalline alumina or amorphous fused 
quartz were tested in the same way [380,381]. Reasons why it is present with single-crystalline silicon 
are unclear. One possible explanation is that difficulty in initiating a crack in silicon results from the 
nature and/or extent of FIB damage to the machined surface, as the tip of the triangular ligament is a 
spot highly exposed to the FIB. Amorphization of the silicon at that spot is to be expected [274–276] and 
FIB damage in the form of gallium implantation is clearly present; we observed the formation of gallium 
droplets at the notch of Specimen C2 after performing the initial pre-fatigue step, see Figure 3.25 (these 
droplets were subsequently removed using the FIB before testing the sample). Residual stresses caused 
by gallium implantation could also play a role, this effect being likely strongly material-specific; for ex-
ample, Norton et al. [244] estimated the residual stress at the notch of a microscopic STN specimen in 
alumina to be in the range 12 – 15 GPa in compression over a depth of 20 nm. In one of our early trials 
on silicon, we introduced a CN sample into a furnace at 500 °C for 30 min under vacuum before the 
mechanical test (in an attempt to test whether residual stresses were the cause for the difficulty in crack 
initiation). Here too we found that a droplet had exuded at the notch after the heat-treatment (Figure 
3.26; in the subsequent mechanical test this sample did not show stable crack growth and was therefore 
discarded, as was the use of heat-treatment prior to testing). The difficulty in initiating a crack at the tip 
of the chevron notch in silicon, and/or the relative ease found in doing so in silica or nano-crystalline 
alumina [380,381], might thus be related to differences in the nature and level of FIB-induced micro-
damage from one material to the other [244]. 

We therefore explored several approaches to ease crack initiation in silicon CN specimens; among these, 
the only successful procedure was the “chevron notch tip pre-fatigue” process described above, in the 
Materials and Methods section (Section 3.3.1). This procedure enabled the production of CN samples 
that could initiate stable cracks; however, operationally it is not trivial. Half of the cantilevers (four other 
samples than those tested) were fatally damaged in the process and had to be discarded. Furthermore, 
its effects are not fully understood (e.g., it might be that the cycling caused migration of implanted Ga 
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atoms). This said, this preparation step was successful in that it did promote crack initiation at low ap-
plied loads in three (Samples C1-C3) out of the four specimens that had survived the preparation and 
pre-fatigue procedure.  

What remains unclear is whether the process produces a (tiny) pre-crack or a different effect at the apex 
of the chevron notch. In observing the notch at high magnification before and after the process on Sam-
ple C2, a pre-crack may arguably be recognized (see Figure 3.17); however, fully clear images of the 
notches could not be produced and hence we cannot provide a firm conclusion. Measured initial com-
pliances and those calculated via FE match well in all three samples (see Table 3-7), indicating that, if a 
pre-crack was present, it was sufficiently small not to have a detectable effect on the mechanical re-
sponse of the beam and hence on the interpretation of the test.  

 

Figure 3.25 CN Sample C2 before (a) and after (b) cyclic elastic deformation. Cyclic deformation of the mi-
cro-cantilever resulted in the formation of spherical drops at the notch end. The drop was removed prior 
to the mechanical test by additional FIB milling under a current of 10 pA. (Reproduced from the Supple-

mentary Material of Mueller et al. [382]) 

 

Figure 3.26 SEM images (b) and (c) are close-ups of the chevron-notch of the specimen in (a) before and 
after subjecting the sample to 500 °C in vacuum, respectively. The arrow in (c) points to a droplet, likely 
of Ga, that appeared after the heat treatment. This specimen was at a later stage dismissed because a 

stable crack could not be initiated upon mechanical testing. (Reproduced from the Supplementary Mate-
rial of Mueller et al. [382]) 

3.3.3.3 Crack growth and fracture toughness 

In a perfectly load-controlled chevron-notch fracture toughness test the geometry alone defines a spe-
cific crack length up to which a crack grows stably, and beyond which the sample fractures completely 
and suddenly, regardless of the material as long as its fracture toughness is constant. The point of insta-
bility is defined by the crack location at which the stress intensity factor has ceased to decrease with 
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increasing crack length. In other words, the critical crack length, ܽୡ, is at the minimum of the function ݃ிሺܽሻ, itself computed from a compliance calibration procedure.  

The test data for the silicon CN samples of this work, however, show deviations from this expected be-
haviour. Namely, Samples C1 and C2 show that stable crack growth occurred also beyond the critical 
point at a > ac (see Figure 3.21, where dotted lines indicate the compliance corresponding to the critical 
crack lengths) and that instability was reached at a lower load after passing the maximum value (Figure 
3.19). Moreover, Samples C1 and C2 also feature several pop-ins, which are indications of sudden crack 
extension followed by crack arrest. Close examination of the load as a function of time in these tests 
reveals that after each pop-in, the load immediately dropped and the set point in load was re-sought 
very slowly by the nanoindenter, indicating an over-damped machine response. Such sluggish load-con-
trol most likely allowed the crack to immediately lose its driving force after a pop-in and hence to arrest, 
such that, due to the imperfect load control, the present tests have characteristics of displacement-con-
trolled tests. Now, as seen in Figure 3.21 bottom row, neither the values of G at which the crack suddenly 
extends nor the G values at which the crack arrests are the same across successive pop-ins; rather, val-
ues are scattered over the range ୍ܩୡሺଵଵଵሻ ൎ 5 െ 7.7 J/mଶ (excluding the first crack extension of Sample 
C1 at 10.8 J/mଶ). These values are about twice the theoretical fracture energy of (111), 2ߛሺଵଵଵሻ ൌ2.94 J/mଶ [164]. 

The response of Sample C3 is altogether different. Here, other than at crack initiation, there is no suc-
cession of jump-like crack advances (Figure 3.19); rather, the load and the associated apparent compli-
ance increase continuously after crack initiation (Figure 3.21c top row; this can also be seen directly on 
Figure 3.19 using a ruler). This increase in compliance can be interpreted in two possible ways. In the 
first interpretation, the compliance increase is attributed to stable crack growth, which progresses 
smoothly at a slow rate. The corresponding variation in strain energy release rate is over the range ୍ܩୡሺଵଵଵሻ ൎ 2.5 െ 10.3 J/mଶ, ending with the latter value before the onset of rapid crack growth (Figure 
3.21c bottom row). In a second interpretation of the C3 test, the apparent change in compliance is caused 
by drift in the displacement measurement (note that the drift rate is assessed prior to loading but its 
instantaneous value during a test is unknown). One can then evaluate the fracture toughness using the 
crack length calculated from the compliance right after the crack was initiated (Figure 3.21c) and the 
measured forces corresponding to the initial crack arrest and to the final fracture events; this gives ୍ܩୡሺଵଵଵሻ ൎ 2.5 J/mଶ and ୍ܩୡሺଵଵଵሻ ൎ 10.7 J/mଶ, respectively. As seen, regardless of whether stable crack 
growth took place or not in Sample C3 (after crack initiation), one obtains similar extreme values of ୍ܩୡሺଵଵଵሻ ; the reason for this is the weak dependence of ݃ி with crack length near the minimum of ݃ி in 
this specimen (see Figure 3.20b). We note in passing that the toughness value at crack arrest is close to 2ߛሺଵଵଵሻ. 

Several studies have documented that the thickness of the amorphous layer on a side-wall (a wall par-
allel to the ion beam) produced by milling with a 30 kV Ga+ FIB is in the range 20 – 30 nm at saturation 
[274–276]; this is what can be expected at the edges of the triangular ligament in the CN specimens 
tested in this work. Hence, except at the beginning of stable crack propagation, the proportion of dam-
aged material along the crack front is small and becomes even smaller as the crack advances (because b 
increases linearly with a, see Figure 3.15 and Equation 3-7). The amorphous FIB-induced damage layer 
is thus not expected to pollute toughness measurements produced by a developed crack in a CN speci-
men. This is contrary to STN specimens, which probe the onset of propagation of a notch made of FIB-
milled material, furthermore known to be thicker since in milling STN notches the ion beam is applied 



Fracture toughness 

117 
 

perpendicularly to the silicon (in this case the amorphous layer is ~60 nm [274,276], and the silicon 
structure can actually be affected down to a depth of 230 nm [406]).  

Summing up, we find that, also with the CN geometry and despite the expectation that this test is unaf-
fected by FIB-damage, erratic values, well above the expected value of 2ߛሺଵଵଵሻ ൌ 2.94 J/mଶ [164] are 
measured, with the exception of values at crack arrest in Specimen C3. Also, we note that the apparent 
fracture toughness values measured using CN samples are comparable to the values obtained from STN 
samples.  

The finding that a growing crack in the (111) plane can propagate at a certain apparent critical stress 
intensity value and then arrest at a lower value, both values being higher than 2ߛሺଵଵଵሻ, is in line with 
results reported by John [350], where similar behaviour and ܩூ௖ ranging from ~4.6 to ~5.4 J/m2 for Si 
in the same fracture system as in this work were measured at room temperature and also at -196Ԩ 
using much larger (millimetre-wide) double cantilever specimens in displacement-controlled testing 
[350]. Thus, it is unlikely that the erratic crack growth leading to the scatter in fracture toughness was 
a consequence of the small sample size or a result of FIB damage.  

As a candidate reason for the erratic response obtained in CN specimens, we studied the possibility that 
the “small chevron notch pre-fatigue” preparation step introduces extensive plastic deformation into 
the material through which the crack grows during the test. Using the largest beam-end displacements 
gathered from SEM images during the preparation step (e.g. Figure 3.16) and the FE models constructed 
to calculate the compliance calibration curves, the stress field at the chevron ligament was estimated for 
Specimen C1. In these simulations, silicon was taken as isotropic, ideally elastoplastic, with Young mod-
ulus E ൌ 163 GPa, Poisson ratio 0.223 [164] and yield stress 7.6 GPa (based on compression measure-
ments of fully crystalline nanopillars [342]). As shown in Figure 3.27(a) for the maximum deformation 
during the pre-fatigue step, only in a very thin layer of material at the top tip of the ligament does the 
von Mises equivalent stress exceed the critical value for the onset of plasticity. This means that a small 
amount of plasticity (e.g., the generation of a limited number of dislocations) might occur at that loca-
tion, particularly if a pre-crack is produced. On the other hand, the great majority of material along which 
the crack grows during the mechanical test has not seen stresses high enough to introduce defects (dis-
locations) during the preparation step. This analysis was also done for the maximum load reached upon 
the initial loading in the tests (the load before the first pop-in in Figure 3.19), leading to the same con-
clusion (Figure 3.27 (b)). Hence, the effect of the pre-fatigue step or the initial sample loading is unlikely 
to be the cause for the erratic responses of the different CN samples. Results show that extensive plas-
ticity is very unlikely in the great majority of the ligament, except at the very tip of the triangular liga-
ment, where stress might be high enough to introduce some dislocations, which might have travelled 
some distance into the specimen (particularly if a pre-crack was created in the pre-fatigue process). 

A likely explanation for the erratic response is, therefore, that it resulted from the fact that, in both Ref. 
[350] and the present work, Si toughness measurements were produced using growing cracks. This 
might have caused some, limited but finite, amount of dislocation emission and subsequent interaction 
with growing cracks. It was recently observed by TEM that dislocations are emitted at the tip of sharp 
cracks grown by microindentation in Si at room temperature [376] (Figure 2.52, a phenomenon that 
was also suggested to hold for many brittle materials in Ref. [377]). It is thus possible that, as was also 
suggested in Ref. [350], the emission of dislocations at the tip of growing cracks, and the ensuing finite 
and variable crack tip shielding, cause a departure in measured toughness values upward of the ex-
pected value for the onset of the propagation of a pristine crack.  
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Specifically, if we assume in a simple back-of-the-envelope calculation that advancing a crack in silicon 
will cause the nucleation of a new dislocation every time a increases by ∆a, we can estimate that the 
increment ∆Gc in the work of fracture that is linked to dislocation emission is roughly μb2/(∆a). With μ 
taken equal to the shear modulus of polycrystalline silicon (64.9 GPa) and b the dislocation Burgers 
vector (0.383 nm) [408], we can solve for the value ∆a needed to account for the difference between the 
theoretical fracture toughness value in silicon (≈ 3 J/mଶ for (111)) and the values measured here (which 
fluctuate around 6 J/mଶ). We arrive at ∆a ≈ 3 nm, which is close to the distance measured between dis-
locations that were observed just ahead of a crack tip produced at room temperature in silicon and ob-
served in Ref. [376] (see Figure 2.52).  

We thus propose that the tips of growing cracks in present samples might stochastically emit a few dis-
locations and encounter previously emitted dislocations along the crack path, causing in the process 
variations in the apparent toughness linked with the number, nature, and orientation of the dislocations 
involved in those events. This could explain the observed variable excess in critical strain energy release 
rate that is required for the propagation of cracks in (111) silicon over and above the Griffith value 2ߛሺଵଵଵሻ ൌ 2.94 J/mଶ, because crack tips in present samples could stochastically emit a few dislocations 
along the crack path, variations in the apparent toughness being caused by variations in the number, 
nature, and orientation of the dislocations. One question this interpretation would raise is whether or 
not the FIB-affected layer of material at the edges of the ligament (and thus at the borders of the crack 
front) in the present CN tests play a role in this process, by enhancing the level of dislocation activity, 
similarly to what was identified in FIB-produced silicon nanopillars [342]. 

 

Figure 3.27 Von Mises stress distribution in the chevron ligament of Sample C1 at (a) the maximal dis-
placement recorded during the pre-fatigue preparation step and (b) immediately before the crack initia-
tion pop-in during the micromechanical test. The results are obtained for isotropic, elastic-perfectly plas-

tic silicon (see the main text for material parameters). Plastic yielding (von Mises stress exceeding 7.6 
GPa) is found in a very narrow region near the edges at the top part of the chevron notch. (Reproduced 

from the Supplementary Material of Mueller et al. [382]) 

3.3.3.4 Influence of Mode II in the interpretation of CN and STN tests 

An alternative reason why the apparent Mode I fracture toughness values might be too high could orig-
inate from the fact that cantilever samples unavoidably have some shear stress present within the notch 
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plane. If this shear stress if large enough, it might lead to a contribution of Mode II cracking in the test 
data.  

Since in the presence of Mode I and Mode II crack loading the total strain energy release rate is the sum 
of the energy rates for each of the two modes, ܩ ൌ ூܩ ൅  to ܩ ூூ, Mode I propagation requires the totalܩ
be higher by ܩூூ than it need be for pure Mode I loading. Since values for ܩ computed above via compli-
ance calibration function correspond (given the use of a full three-dimensional finite element model) to 
the total released strain energy rates, maintaining the driving force for Mode I fracture in the presence 
of Mode II loading requires somewhat higher load ܲ. The magnitude of this overloading essentially de-
pends on the sample’s Mode I and II crack stress singularity strengths, i.e. the Mode I and II crack stress 
intensity factors, ܭூ and ܭூூ, respectively. 

To estimate ܭூ and ܭூூ for our cantilever samples we revert to FE calculations.  We use the same FE 
models as for the compliance calibration, but now with more refined mesh around the crack front and 
the quarter point elements located immediately next to the crack front. This modelling strategy is com-
monly used to improve and obtain the theoretically expected crack stress singularity, i.e. ߪ ∝ 1 ⁄ݎ√ , 
where ݎ is the radial distance from the crack front [385]. Since the normal to the notch plane in our 
models is aligned with the ݖ-axis and the crack propagation direction is along the ݕ-axis (see Figure 
3.28a, inset), the stress components of interest for estimating the crack stress intensity factors are ߪଷଷሺݕሻ for Mode I and ߪଷଶሺݕሻ for Mode II. The theoretical expressions for the near-field stress distribu-
tions of Mode I and Mode II cracks are well known and can be found, for example, in the book of Ander-
son [385]. The stress distribution along the symmetry line, ݕ, within the notch ligament, are theoretically 
expected to be: ߪଷଷሺݕሻ ൌ ூܭ ඥ2ݕߨ⁄  for Mode I and ߪଷଶሺݕሻ ൌ ூூܭ ඥ2ݕߨ⁄  for Mode II. The angle-dependent 
part in these expressions vanished since we are considering the stress distributions along the crack 
propagation direction for which the angle ߠ ൌ 0.   

In Figure 3.28a and b, we show in linear and logarithmic plots respectively, the dependence of the stress 
components ߪଷଷ (filled symbols) and ߪଷଶ (open symbols) on the distance from the crack front ݕ along 
the symmetry line of a chevron notch ligament, as obtained from FE models for chevron-notched Sample 
C1. Stress distributions are plotted for several values of the relative crack length ොܽ ൌ ሺܽ െ ܽ଴ሻ/ሺܽଵ െܽ଴ሻ.  Fits of the expected theoretical expressions to the FEM data in the vicinity of crack fronts, with ܭூ 
and ܭூூ being the free fitting parameters, are indicated in Figure 3.28a and b with solid lines for ߪଷଷ and 
a dashed line for ߪଷଶ. As seen, FE models reproduce reasonably well expected stress distributions; this 
is truer for ߪଷଷ than for ߪଷଶ. For Sample C1, the ratios ܭூ/ܭூூ, obtained after fitting FEM data, at each 
relative crack length ොܽ are shown in Figure 3.28c with circles. Similarly obtained ratios ܭூ/ܭூூ for chev-
ron-notched Samples C2 (squares) and C3 (triangle) are also shown in Figure 3.28c. As seen, the ratios 
of Mode I to Mode II crack stress singularities for the three samples are reasonably similar. 

For small cracks, the ratio ܭூ/ܭூூ is quite high indicating a clear dominance of Mode I over Mode II. As 
the crack gets longer, the ratio ܭூ/ܭூூ is settling to a constant value near ∼ 4.5.  Writing ܩ ൌ  ,ܯ/ଶܭ
where ܯ is the elastic stress factor (e.g. the Young’s modulus in case of isotropic materials), a ratio value ܭூ ⁄ூூܭ ൎ 4.5 suggests that ܩூ ൎ -Consid .ܩ ூூ. Mode I thus accounts for more than ~95% of the totalܩ 20
ering all other sources of error, it can be concluded that the importance of Mode II for the present chev-
ron-notched cantilever samples can be neglected. Thus, the increase of here measured ܩ’s due to the 
presence of Mode II crack loading is small. 
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Figure 3.28 (a) Linear and (b) logarithmic plot of the normal (࣌૜૜) and the shear (࣌૜૛) stress as a function 
of the distance from the crack, ࢟, along the line of symmetry in the chevron notch plane of the cantilever 
specimen C1 at several relative crack lengths, ࢇෝ ൌ ሺࢇ െ ૙ሻࢇ ሺࢇ૚ െ ⁄૙ሻࢇ . Stress distributions obtained by 
FEM at ࢇෝ = 0.05, 0.26 0.48 0.69 and 0.90 are shown with filled (࣌૜૜) and open (࣌૜૛) circles. Fitted near-
field crack singularity expressions are indicated with solid (࣌૜૜) and dashed (࣌૜૛) lines. (c) Ratio of the 
stress intensity factors, ࡵࡵࡷ/ࡵࡷ, as a function of the relative crack length ࢇෝ for chevron-notched speci-

mens C1 (circle) C2 (square) and C3 (triangle). (Reproduced from the Supplementary Material of Mueller 
et al. [382]) 

3.3.4 Conclusion 

The fracture toughness of silicon at room temperature was probed at the microscopic scale using trian-
gular cantilever beams with either straight-through (STN) or chevron (CN) notches along the ሺ111ሻ frac-
ture plane with a ሾ1ത10ሿ crack growth direction. CN tests reveal crack extension and arrest together with 
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a jerky evolution of the fracture toughness during crack growth of a (short) crack. The mechanism re-
sponsible for this is at present undetermined; a strong candidate is stochastic crack tip dislocation ac-
tivity producing crack-tip shielding, which can also account for the fact that measured fracture tough-
ness values (both here and in practically every study in the literature) exceed the theoretical fracture 
energy 2ߛሺଵଵଵሻ. A second conclusion of this work is that the microscopic CN test, which promotes stable 
crack growth and is hence free from the artefacts of the STN test (and might be used in a far more ex-
tensive testing program aiming to generate statistically significant data on the stochastics of growing 
cracks in silicon), has in single-crystalline silicon crack initiation issues that make it inconvenient for 
this particular material. 

 





 

 

123 

 Strength 
This Chapter tackles the question of the mechanical strength of silicon particles within Al-Si 

alloys. In Section 4.1, a microscopic 3-point bending test is developed and used to probe Si particles 
extracted from a binary, eutectic, Al-Si alloy. In Section 4.2, silicon particles within an industrially im-
portant Al-Si-Mg alloy are probed using a different, in-situ, micromechanical test, which is complemen-
tary to the previous 3-point bending test and was inspired by the method of C-shaped sample testing 
(Refs. [348,409], see Figure 2.49 and Figure 4.15). As will be seen, a main finding of the micromechanical 
tests on silicon particles is the realization that they can be very strong but feature identifiable deleteri-
ous surface defects. Thus, in Section 4.3 the defects are investigated using FIB-serial sectioning to gain 
insight into their origin. 

Disclaimer: This Chapter contains extracts, including literal reproduction of full paragraphs and figures, of the 
following publications, which the author has produced together with colleagues working on this project: Mueller 
et al. [410] (Section 4.1), Mueller et al. [411] (Section 4.2) and Mueller et al. [412] (Section 4.3). The author was 
the main contributor to all experimental work, finite element modelling, and writing in these publications, except 
for the TEM examinations in Section 4.1.3.3, which were carried out by Dr. M. Fornabaio.  

4.1 Microscopic 3-point bending test of silicon particles 
(Adapted from Ref. [410]: M.G. Mueller, M. Fornabaio, G. Žagar, A. Mortensen, Microscopic strength of sili-
con particles in an aluminium–silicon alloy, Acta Materialia. 105 (2016) 165–175. doi:10.1016/j.ac-
tamat.2015.12.006) 

As illustrated in detail in the Introduction and the Literature Review (Chapter 1 and Chapter 2), the 
strength of the silicon phase in Al-Si alloys has been mostly assessed using approaches that measure 
averaged back-calculated phase properties. Observed differences in measured strength values have 
been interpreted in terms of average geometrical and morphological features of the Si phase such as 
size, aspect ratio and interconnectivity. Reasons why Si particles are as strong or as weak as they are 
found to be, or in other words structure/property relations in these particles viewed as a material with 
its own strength-limiting defects, have not yet been explored in depth. In this Section, a microscopic 
three-point bending test that measures the strength of faceted particles of high aspect ratio is developed 
and used to probe individual coarsened plate-like silicon particles extracted from the eutectic Al-
12.6%Si alloy. Focused ion beam (FIB) milling is used in sample preparation; as will be seen, the tapered 
beam cross-section and multistep preparation procedure used here ensure that the particle surface area 
subject to tension in mechanical testing is free of ion beam damage. Results in this Section show that 
coarsened silicon particles in aluminium can reach strength values on the order of 9 GPa when they are 
free of visible surface defects; such high strength values are comparable to what has been reported for 
electronic-grade silicon specimens of the same size. By contrast, tests on eutectic silicon particles that 
feature visible surface defects, notably pinholes or boundary grooves, result in much lower particle 
strength values. 
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4.1.1 Method 

4.1.1.1 Principle of the test 

The flexural strength of plate-like silicon extracted from a binary Al-Si alloy is measured in this work 
using a microscopic three-point bending test conducted on particles that have been removed from the 
alloy by selective leaching the aluminium matrix. Prior to leaching, the alloy is heat-treated to coarsen 
the particles; this causes them to adopt naturally a variety of plate-like shapes showing flat surfaces 
oriented along (111) planes of the Si crystal [94,100,104,106]. We use one such flat surface, as it pre-
sents itself after etching, as the probed surface subjected to peak tensile stress during the bend test.  

The sides of the specimens are shaped by focused ion-milling to turn the particles into straight beams 
amenable to bend testing: this inevitably causes material in the corners of the lower beam surface to be 
altered by the ion beam. In early measurements conducted with beams that had parallel sides and rec-
tangular cross-sections, we found that fracture surfaces can betray crack initiation at, or near, the beam 
corner, i.e. from a portion of irradiated and gallium-implanted material which is likely not to be repre-
sentative of silicon as it is within the alloy (Figure 4.1). This problem was alleviated by giving the beams 
a trapezoidal (tapered) cross-section, with the wider side of the beam subjected to tension during the 
test. This alters the stress distribution, causing tensile stresses to decrease as one approaches the edge 
of the beam. Figure 4.2 illustrates this by showing results of finite element simulations, conducted as 
described below, on two beams: one with a near-rectangular cross section and the other with a cross 
section typical of tests conducted here. As seen, whereas in the former the first principal stress is uni-
form along the X axis, in the latter the stress at the mid-span edge is 10% lower than the peak stress and 
decreases rapidly in the Z direction. This is representative of all specimens tested in this work: the min-
imum difference in computed stress between the edge and the peak stress in the centre was always 
between 10% and 20%. With such trapezoidal beams, thus, the region of the samples that is exposed to 
peak values of applied tensile stress during the test does not include material that was altered by focused 
ion beam milling, which is situated along the sidewalls of the sample. This is an important feature of the 
present test method, which we describe in more specific detail in the following Subsections.  

We note in passing that such trapezoidally tapered specimens are often used in fracture toughness test-
ing; however, in such tests the taper is oriented the other way around (i.e. with the narrower end at the 
location of peak tensile stress). This is practiced where crack growth stability is sought, since in the 
inverse orientation, as the crack advances, its front broadens, decreasing the driving force. This is ulti-
mately exploited in the well-known chevron-notch fracture toughness test first introduced by Barker 
[386], developed into standards [383] and used to measure fracture toughness at microscopic scale in 
Chapter 3 [380,381,390]. By contrast, here the goal is to measure strength and hence it is accepted that 
the taper will, in the present orientation, accelerate crack growth once incipient cracks become unstable. 
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Figure 4.1 Fractured half-beam and fracture surface of a rectangular cross-section specimen produced in 
early phases of the work described in this Section. The fracture origin is at a FIB-damaged edge of the 

beam (indicated with a white arrow). Throughout the rest of the present body of work a tapered cross-
section design was used instead, to prevent fracture from starting from the edges as shown here. (Repro-

duced from the Supplementary Material of Mueller et al. [410]) 

 

 

Figure 4.2 Illustration of the difference in the maximum principal stress distribution between a rectangu-
lar (left) and a trapezoidal (right) cross-section three-point bending specimen (cut view through mid-span 

plane). The design with a trapezoidal cross-section was thus used here to keep the higher maximum 
stresses away from the edges of the beam, which are affected by ion milling. (Reproduced from Mueller 

et al. [410]) 

4.1.1.2 Material 

The silicon particles probed in this body of work (Section 4.1) belong to a commercially pure near-eu-
tectic Al-Si alloy (which is the same used in Section 3.2), which was first produced as a cast ingot by 
Alusuisse Technology & Management AG (Neuhausen am Rheinfall, Switzerland). Chemical analysis pro-
vided along with the alloy gives 12.6 ± 0.4 wt. % Si, with 0.033 ± 0.002 wt. % Fe as the main impurity 
and <0.003 wt. % of Cu, Mn, Mg, Cr, Ni, Zn and Ti. The as-received alloy microstructure largely consists 
of lamellar Al-Si eutectic containing interconnected silicon plate-like particles, plus small amounts of (i) 
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relatively equiaxed and larger primary silicon particles, (ii) primary ߙ-aluminium dendrites and (iii) 
pores.  

This alloy was heat-treated for 7 days at 550 °C to coarsen and disconnect from each other the eutectic 
silicon plate-like particles, which as a result became also somewhat more regular in shape, Figure 4.3.  
Silicon particles were then extracted from the alloy by selectively dissolving the aluminium matrix for 1 
week at room temperature in a solution prepared using H3PO4 85%, CH3COOH 100% and HNO3 70% 
mixed in volume ratio 83:5.5:5.5. The solution containing the extracted silicon particles was then filtered 
using qualitative filter paper grade 413 (VWR International bvba, Leuven, Belgium). Particles captured 
on the filter paper were rinsed several times, first with water, and finally with ethanol. The particles 
were then recovered within ethanol from the filter paper and were, in this wet condition, spread over a 
flat polished quenched K990 steel substrate of hardness 950 HV/100 (Böhler International GmbH, Vi-
enna, Austria). The ethanol quickly evaporated, leaving dry silicon particles lying on the steel substrate. 

 

Figure 4.3 Optical micrograph of the heat-treated near-eutectic Al-Si alloy used in this work. Inset: SEM 
image of a few eutectic silicon particles such as the ones probed in this work after selectively etching the 

aluminium phase to expose them. (Reproduced from Mueller et al. [410]) 

4.1.1.3 Test specimen preparation 

The bend specimen preparation method is summarized in Figure 4.4. The steel substrate with silicon 
particles resting along its surface was introduced in a ZeissTM NVisionTM 40 (Oberkochen, Germany) dual 
beam (SEM/FIB) instrument. One or a few plate-like particles were selected (Figure 4.4a) and shaped 
into a beam by 30kV Ga+ Focused Ion Beam (FIB) milling. To produce its trapezoidal cross-section, the 
sample was tilted so that the angle between the FIB and the top surface of the particle was 70° to mill 
one side of the particle (Figure 4.4b) and 110° to mill the other side (Figure 4.4c). The FIB currents used 
ranged from 3 nA in initial rough-milling steps down to 80 pA in the last milling steps, notably to finish 
the sides of the beam.  
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Once each silicon beam was milled, a carbon FIB-induced deposit was applied to weld the beam to a 
micromanipulator needle (Figure 4.4d). The beam was then lifted (Figure 4.4f) and deposited onto a 
rectangular hole previously dug elsewhere by FIB milling the surface of the steel substrate (Figure 4.4e). 
Thin carbon welds were then made to (gently) fix the silicon beam to the substrate (Figure 4.4g) before 
releasing the silicon beam from the needle; this was done by FIB milling the weld holding them together 
(Figure 4.4h).  

A typical specimen ready for testing, prepared from the eutectic particle in Figure 4.5a, is shown in Fig-
ure 4.5b. Note that, in this process and in this testing configuration, the particle surface that will later be 
subjected to tensile stress was never contacted by the FIB, and was furthermore protected, by the un-
derlying steel, from being coated with redeposited matter while the beam was being machined.  

Apart from the regular specimens just described, four specimens were prepared so as to subject to ten-
sion a surface along which a flaw was spotted by SEM imaging; one such example is Figure 4.6e. These 
four flaw-containing particles (Figure 4.6a-d) had to be turned over before milling, such that their 
flawed surface was made to contact the steel surface before carving the three-point bend specimen. To 
achieve this, the particle was first welded to the micromanipulator needle with a carbon deposit. Then, 
the silicon particle was transported and welded to the edge of a stainless steel razor blade. The razor 
blade was next extracted from the SEM/FIB instrument, flipped upside-down by hand, re-introduced in 
the microscope, the silicon particle rewelded to the micromanipulator needle, separated from the blade, 
transported, and placed along the steel substrate. Thereafter, it was machined with its defect-containing 
surface contacting the steel, following the procedure described above and summarized in Figure 4.4. 

 

Figure 4.4 Scheme of the preparation of a microscopic three-point bending specimen from a silicon parti-
cle extracted from the Al-Si alloy. (Reproduced from Mueller et al. [410]) 
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Figure 4.5 (a) Eutectic silicon plate-like particle extracted from the Al-Si alloy, lying on a steel substrate. 
(b) Microscopic three-point bending specimen (S8 in Table 4-1) ready to be tested prepared from the par-
ticle in (a). FIB milling, transportation with a micromanipulator and carbon FIB induced depositing were 
used for the preparation; however, the bottom surface of the specimen is unaffected by these. Relevant 
geometrical dimensions are indicated on the image and on the inset. Bottom-view (c) and side-view (d) 
of the nanoindenter diamond tip used for the microscopic three-point bending tests. (Reproduced from 

Mueller et al. [410]) 

 

Figure 4.6 (a-d) Eutectic silicon particles extracted from the Al-Si alloy featuring distinctive surface de-
fects: a small pore in (a), a larger pore in (b), a deep trench-like interface in (c) and a shallow stepped in-
terface in (d). These particles were turned over before producing a three-point bending specimen out of 
each, to probe the strength of their defect-containing surface. One such specimen (S11 in Table 4-1) is 
shown in (e); it was prepared from the particle in (c). Image (f) is the fractured half-beam and fracture 
surface after the three-point bending test of the specimen in (e). The fracture origin in (f) is indicated 

with a white arrow. (Reproduced from Mueller et al. [410]) 

4.1.1.4 Testing procedure 

Micrometric three-point bending tests were conducted, using a TI 950 TriboIndenter® (Hysitron® Cor-
poration, Minneapolis, MN, USA) nanoindentation apparatus, on the machined beams resting over a 
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square hole cut into the steel substrate. To this end, the steel substrate with the FIB-prepared speci-
men(s) was first mounted on top of a rotation-tilt stage (Newport Corp., Irvine, CA, USA) that was fixed 
on the nanoindenter positioning stage. Parallelism between the tip and the specimen was achieved 
within ±0.5 degrees by iteratively making a shallow indent in the steel substrate, scanning the indent 
with the Scanning Probe Microscope (SPM) of the NanoDMATM transducer and correcting the tilt with 
the rotation-tilt stage. Once parallelism was achieved, the bend tests were carried out using the 3D Om-
niProbeTM transducer in displacement control mode at 60 nm/s. Load was applied up to fracture, with 
1 to 4 partial unloading/reloading sequences in-between. The nanoindenter probe that was used to con-
duct these three-point bend tests was a diamond probe custom-shaped by FIB-milling to feature, at its 
tip, a cylindrical ridge with a diameter of ~1.5 μm and a length of ~8.5 μm, Figure 4.5c-d.  

4.1.2 Results 

4.1.2.1 General response 

A representative measured load—displacement curve is shown in Figure 4.7. Initially, up to a displace-
ment of ~250 nm, the signal is ill-defined and features a few load drops. This portion of the curve is 
likely a signature of specimen accommodation and of the thin carbon welds on the side of the bent silicon 
beam being chipped off (see Figure 4.6f, which shows craters along the sides of a beam where the welds 
were located). This interpretation is suggested by the observation (e.g. Figure 4.5b and Figure 4.6e) that 
the specimen and steel substrate preparation procedure tends to leave a gap of some tens or hundreds 
of nanometres between the specimen and the substrate. After this first transient regime, the load in-
creases steadily with displacement, at first with an increasing slope (a signature of indentation effects) 
and then linearly, suggesting that the deflection is now dominated by bending of the beam. This steady-
slope loading curve then continues up to a maximum force ܨ୫ୟ୶ followed by a sudden load-drop and a 
jump in displacement, which evidently corresponds to fracture of the bending beam. The curve in Figure 
4.7 shows also a partial unloading-reloading cycle, which was conducted starting from a load near 6 mN 
in the range of displacements between 400 and 500 nm: the slight difference in slope between this and 
the monotonic loading curve shows that some irreversible deformation takes place during loading. In 
some specimens, this difference was more pronounced: these were specimens with greater amounts of 
powder-like material along their surface (see for example Figure 4.6b and Figure 4.6f). Separate obser-
vations in the SEM (not shown here) of indented locations where such fine particulate material covered 
silicon particle surfaces show that this layer of nanoscopic powder-like particles deforms plastically un-
der the indenter, explaining, together with some possible plastic deformation of the silicon under the 
indenter, the slightly higher compliance upon initial loading of the sample. 
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Figure 4.7 Typical measured load—displacement response of a microscopic three-point bending test of 
the silicon specimen shown in the inset (specimen S1 in Table 4-1). Responses calculated by finite ele-

ment modelling with rigid supports (long-dashed line) and with elastic supports (short-dashed line) are 
also shown (corresponding to the models in Figure 4.8a and Figure 4.8b respectively). (Reproduced from 

Mueller et al. [410]) 

4.1.2.2 Stress analysis and sensitivity analysis 

Each individual three-point bending specimen was analysed by means of a bespoke quasi-static three-
dimensional Finite Element (FE) model using Abaqus/StandardTM 6.11 software (Dassault Systèmes, 
Providence, RI, USA), Figure 4.8. The indenter was modelled as a cylindrical rigid analytical surface of 
diameter 1.5 μm. The dimensions of each silicon bending beam (h, b1 and b2) and of the corresponding 
hole in the steel defining the span S were obtained from SEM images of each sample, in place before 
testing. Despite the careful FIB-machining procedure (Figure 4.4), small deviations from symmetry in 
the geometry of silicon bending specimens were unavoidable. When such deviations were noted, they 
were neglected and the specimens were assumed to be symmetric.  

It is known that the large facets of plate-like Si particles in aluminium are {111} planes and that the 
particles contain multiple {111} twins parallel to their large facets [94,100,104,106]. Here, simulations 
were run using linear elastic constants ܥଵଵ ൌ 165.6 GPa, ܥଵଶ ൌ 63.9 GPa and ܥସସ ൌ 79.5 GPa [413] and 
assuming that the silicon beams are single crystals free of twins with [111] in the Y direction (Figure 
4.8). The (unknown) orientation of the silicon beam axis (i.e. the Z direction in Figure 4.8), on the other 
hand, was arbitrarily chosen since the (111) plane in diamond cubic crystal structures is elastically iso-
tropic [414].  

In finite element modelling, two alternatives were used for the steel supports that define the span: (i) 
rigid analytical surfaces (Figure 4.8a), and (ii) isotropic linear elastic material of Young's modulus 210 
GPa and Poisson's ratio 0.3 (Figure 4.8b). As for the geometry of the support, in both cases the edge was 
filleted with a radius of 150 nm. In Figure 4.7 the load—displacement responses resulting from these 
two models are indicated in dashed lines. The response is obviously more compliant when the support 
is considered to be elastic; however, when the peak load is reached, the difference in maximum first 
principal stress value for the two configurations is less than 1%. Given this negligible difference and the 
fact that the model with rigid analytical surfaces (Figure 4.8b) is computationally far less demanding, 
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this type of model was implemented and used in data interpretation of the ensemble of samples tested 
here.  

The model with elastic supports (Figure 4.8b) was nevertheless used to investigate numerically the in-
fluence of possible misalignments using the specimen in Figure 4.7. Separate simulations were run with 
misalignments having magnitudes that represent extreme cases of reasonable experimental impreci-
sion, namely: (i) the indenter rotated 5° about the Y axis (i.e. beam axis and indenter ridge not perpen-
dicular, Figure 4.9a); (ii) the supports rotated 5° about the Y axis (i.e. beam axis and support edges not 
perpendicular, Figure 4.9b); (iii) the indenter rotated 2° about the Z axis (i.e. loss of parallel contact 
between the indenter and the beam, Figure 4.9c); and (iv) the indenter off-centre by 1 μm in the Z direc-
tion (i.e. lateral misalignment, Figure 4.9d). Results show that for Cases (i), (ii) and (iii) the maximum 
first principal stress varies by less than 2%. Only for Case (iv) is the influence more important: for 1 μm 
of lateral misalignment the calculated maximum first principal stress at ܨ୫ୟ୶ is 5% lower than with a 
well-aligned sample. This type of misalignment was therefore also simulated for the specimen with the 
shortest span (specimen S5 in Table 4-1), this being the sample most affected by lateral misalignment; 
here, a 1 μm misalignment leads to an error slightly lower than 10%. An interesting observation in run-
ning these calculations was that in all cases of misalignment (in particular for the lateral misalignment) 
the simulation predicted a lower peak stress at given load than it did for the perfectly centred and 
aligned system. These sources of error are therefore taken as being ones that lead to overestimate the 
peak stress within the sample when it is calculated using the bespoke finite element model knowing the 
peak load ܨ୫ୟ୶ that is reached when it fractures. 

The friction coefficient μ in the models was taken as 0.2 both for the beam-supports [415] and the beam-
indenter contacts. To evaluate the influence of this parameter, simulations were run for several speci-
mens also with μ = 0.1 and 0.3. Results show that the maximum first principal stress at Fmax does not 
change by more than 5% compared to the result with μ = 0.2.  

Also, the sensitivity to possible errors in the determination of dimensions was evaluated by running 
simulations for the specimen in Figure 4.7 varying widths b1 and b2, height h and span S, one at the time, 
by ±5%. Results indicate that such errors in width and span lead to approximately ±5% error in the 
resulting maximum first principal stress at the load of fracture, whereas ±5% error in the determination 
of the height h leads to approximately ±10% error in the computed stress.  

Summarizing the results of the sensitivity analysis described above, we conclude that misalignments 
can overestimate the calculated strength value of a specimen by at most 10%, that uncertainty in the 
friction coefficient can lead to a ±5% error, and that errors in the measurement of dimensions lead to a 
±10% uncertainty in the computed particle strength. Pooling results of these calculations, we deem it 
reasonable to consider that strength values reported here could be overestimated by up to about 15% 
and underestimated by up to about 10% of the reported values. Those are therefore the magnitudes of 
the error bars used in Figure 4.10. 
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Figure 4.8 Finite element models of the microscopic three-point bending test on silicon particles (Speci-
men S1 in Table 4-1). The model in (a), where the supports are rigid surfaces, was used to obtain the 

maximum first principal stress of each tested specimen. The model in (b), where the supports are elastic, 
was used to analyse the influence of various possible misalignments. The stress field shown in (a) is the 
first (tensile) principal stress in GPa. The values are largest at the centre of the bottom surface and de-

crease towards the edges in the X-direction as a consequence of the tapered cross-section. (Reproduced 
from Mueller et al. [410]) 

 

Figure 4.9 Finite element models of different misaligned testing configurations that were considered to 
evaluate uncertainty sources of the microscopic 3-point bending test.  
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4.1.2.3 Measurements and test results 

Three-point bending tests were carried out on ten specimens such as that in Figure 4.5b, whose bottom 
surfaces –the surfaces subjected to the maximum tensile stress– were not observed before testing. A 
priori, not having observed signs of defects along the sample sides before or after ion-milling, these can 
be assumed to be free of large flaws (as data later confirm, see below). An additional four tests were 
conducted using specimens that contained a clearly identified defect along the tested surface, Figure 
4.6a-d. These required identification of the defect along the upper, visible, surface of the Si particle, fol-
lowed by an operation in which the samples were turned over before being carved and tested with the 
flaw on their lower surface (see Section 4.1.1.3).  

Measurements and results are collected in Table 4-1. Here, the flexural strength is evaluated at ܨ୫ୟ୶ 
using two calculation schemes: (i) the maximum first principal stress calculated from the bespoke FE 
model of each specimen assuming rigid supports (ߪ୊୉), or (ii) Simple Beam Theory (ߪୗ୆୘, see below).  

After testing, fractographic analysis was in general not possible because all but the weakest specimen 
(S11 in Table 4-1, shown in Figure 4.6c-e-f) could not be found after fracture along the steel substrate. 
In some cases, small debris was found scattered around the test site, whereas in other cases no remain-
ing portion of the specimen could be found at all. In fact, the only fractured half-beam that could be found 
after testing (Figure 4.6f) was situated approximately 600 μm away from the test site. These observa-
tions suggest that, for all but one sample, the specimens shattered into a few or many small pieces that 
were dispersed by release of the high stored elastic energy density stored within the samples upon frac-
ture. 

 

4.1.3 Discussion 

4.1.3.1 Flexural strength of the silicon plate-like particles 

The particle flexural strength is evaluated as the calculated maximum first principal stress at the exper-
imentally measured load at fracture. This means that Mode I failure is assumed throughout this work. 
Resulting values of ߪ୊୉ are plotted in Figure 4.10, using uncertainty bars corresponding to +10% and -
15%, this being an educated approximation based on the analysis of uncertainties detailed above, versus 
the effective area ୣܣ୤୤ that was subjected to tensile stress in the sample in question, defined as follows 
on the assumption that the particle strength is governed by Weibull statistics.  

In plotting the data in terms of ୣܣ୤୤ (Figure 4.10), we implicitly assume that fracture is only caused by 
surface defects. Moreover, in what follows we also assume that fracture only occurs from the bottom 
surface of the beams, i.e. we neglect the possibility of fracture occurring from their sides (this assump-
tion being motivated by the fact that the bending beams have a trapezoidal cross-section, see Figure 
4.2). Along this line of thought, one can seek whether the present bending strength data can be ex-
pressed in terms of the two-parameter Weibull cumulative distribution function, according to which the 
probability that a bent sample breaks at or before reaching an arbitrary reference stress ߪ୰ is given by 
,ܚሺ࣌ࡼ [416] ሻ܎܎܍࡭ ൌ ૚ െ ࢖࢞ࡱ ቀെ ૙࡭܎܎܍࡭ ቀ࣌࣌ܚ૙ቁ࢓ቁ, Equation 4-1 

where 
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܎܎܍࡭ ൌ ∬ ቀ࣌૚࣌ܚቁ࢓ ࣌ ࡭ࢊ ૚வ૙ , Equation 4-2 

is the effective area, calculated by integrating the tensile component of the first principal stress ߪଵ over 
the surface subjected to tension (i.e. over the bottom surface) to the power of ݉ . Here, the Weibull mod-
ulus ݉ and ܣ଴ߪ଴௠ are two independent material parameters. Defining a "Weibull stress" ߪ୛ ൌሺୣܣ୤୤ߪ୰௠ሻଵ ௠⁄  (note that the units of ߪ୛ are ሺሾlengthሿଶሾstressሿ୫ሻଵ ୫⁄ ) and correspondingly ߪ୛଴ ൌሺܣ଴ߪ଴௠ሻଵ ௠⁄ , Equation 4-1 can then be recast as ࡼሺ࣌܅ሻ ൌ ૚ െ ࢖࢞ࡱ ቀെ ቀ  ቁ. Equation 4-3࢓૙ቁ܅࣌܅࣌

In using the stress field at the load of fracture from the finite element simulations to interpret data, we 
insert ߪ୰ ൌ maxሺߪଵሻ ൌ  ୊୉ into Equation 4-2, and we assign a fracture probability to each experimentߪ
using the probability estimator function ௜ܲ ൌ ሺ݅ െ 0.5ሻ/ܰ, where ݅ ∈ ሾ1, … , ܰሿ is the ranked specimen 
index and ܰ the total number of specimens. With this, we numerically solve the associated maximum 
likelihood problem to calculate ݉ and ߪ୛଴. 

Weibull parameters are estimated in this way using data from Specimens S1 to S10 in Table 4-1 (i.e. 
excluding particles selected for identified defects), giving ݉ ൌ 5.86 and ߪ୛଴ ൌ12.41 ሺμmଶGPaହ.଼଺ሻଵ/ହ.଼଺; the fit is shown as an inset in Figure 4.10. Note that this Weibull modulus must 
be viewed as highly approximate given the small sample size (10 tests) and the assumptions made in 
the analysis. Nevertheless, it is a reasonable value for a brittle material such as Si, which in turn allows 
estimating on a reasonable basis the magnitude of the effective surface area being probed in these ex-
periments. From this result it follows that, if the average ୣܣ୤୤ is taken as the characteristic area ܣ଴, i.e. ܣ଴ ൌ 7.1 μmଶ, then the characteristic strength ߪ଴ equals 8.8 GPa.  

Strength values measured with the ten samples that were not selected for the presence of a given defect 
(Samples S1 to S10, filled circles in Figure 4.10) show a significant scatter range but invariably reach 
very high values of peak stress upon fracture: bending strengths vary roughly between 6 and 12 GPa. 
Scatter in the value of the samples’ bending strength has two obvious potential sources, namely the sta-
tistical distribution (in size and in shape) of flaws that act as the origin for fracture, and the directional 
anisotropy of the fracture toughness of monocrystalline silicon [164,260,349,417].  

These measured strengths far exceed fracture stress values that have been either estimated using mean-
field methods or measured directly on silicon particles within aluminium: the literature review in Sec-
tion 2.2 shows that work to date has yielded values in the range from roughly 200 to 3000 MPa. Still, 
values measured here, although much higher, are not outlandish. There have been a great number of 
measurements of the fracture strength in small-scale samples of (generally single-crystalline) electronic 
grade silicon produced by lithographic methods or in silicon nanowires; a comprehensive review was 
recently written by Del Rio et al. [164].  Such samples give fracture strength values that have a marked 
dependency on sample size (e.g. Fig. 28 in Ref. [164] and Fig. 10 in Ref. [418]): the strength of relatively 
large specimens often lies in the range from 1 to 4 GPa (e.g. [419–426]) while as the specimen size be-
comes smaller, the fracture strength has been reported to exceed 10 GPa [65,427], at times significantly 
[379,428] (see Section 2.5), approaching silicon's theoretical strength of 21-23 GPa along <111> tensile 
directions [46,378]. Noteworthy in the literature is the study by Namazu et al. [65], who produced and 
tested bend beams of similarly trapezoidal cross-section (this being a result of anisotropic wet etching) 
spanning a wide range of sizes. Their data were expressed in terms of Weibull strength statistics using 
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the area-based expression in Equation 4-1. Transposing their fracture statistics data to the present sam-
ple size ranges gives the three fracture probability lines in Figure 4.10. As seen, present data are broadly 
compatible with the data of Namazu et al. [65].  

To sum up, the present test data show that Si platelets tested for bend strength along plate surfaces, 
reach strength values consistent with what is measured in high-perfection single-crystalline silicon sam-
ples produced by deposition and etching processes typical of the Microelectromechanical Systems 
(MEMS) industry. 

In contrast, the four specimens prepared from visible-flaw containing particles (Figure 4.6a-d, speci-
mens S11 to S14 in Table 4-1) gave strength values significantly lower than Specimens S1 to S10 (Table 
4-1), Figure 4.10. Among these four samples, the specimen containing the deepest trench-like surface 
feature (Figure 4.6e, likely a twin boundary groove or a line where two ridges limiting the growth of 
(111) facets were blocked before coalescing) was the weakest; this was the only sample for which a half-
beam was found after fracture (Figure 4.6f). In this fractured half-beam, it can be observed that fracture 
started at the defect and initiated away from the edges (white arrow in Figure 4.6f). The fracture path 
then produced a zigzag surface towards the upper surface. This upper surface is a {111} plane, which is 
known to be the family of planes with the lowest surface energy [210,349] and the easiest cleavage 
planes in silicon (followed closely by the {110} planes in <110>) [260,349,417,429,430]. Noting also 
that {111} planes are 19.5° from each other, the walls of the trench and the zigzag planes of the fracture 
path are probably {111} planes. In Figure 4.6f one can also observe the chipping-off of material around 
the carbon weld bead, which occurred by locally breaking the silicon around the weld rather than along 
the carbon deposit-silicon interphase. 

Having determined that microstructural defects at the surface of the plate-like silicon particles decrease 
considerably their strength, a statistical analysis of the occurrence of defects was carried out to have an 
insight into the possible relevance of such defects on particle fracture in the alloy. A total of 225 ran-
domly selected plate-like silicon particles extracted from the alloy were examined in the SEM. The ob-
servable defects (i.e. surface defects on the SEM-accessible surface(s) of each particle) were here classi-
fied into three types and it was then counted how many particles featured each type of defect, see Figure 
4.11. Another characteristic weakening feature of silicon particles, namely necks (parts of the particles 
of significantly reduced cross section), were also included in this analysis. The result indicates that pores 
(e.g. Figure 4.6a and Figure 4.6b) are present in 32% of the particles, necks in 26%, trench-like interfaces 
(e.g. Figure 4.6c) in 52% and step-like interfaces (e.g. Figure 4.6d) in 12% of all examined particles, 
whereas no noticeable flaw could be observed in 30% of the particles. The results of this analysis shows 
that most silicon particles within the alloy feature defects. Indeed, roughly half of them feature at least 
one trench-like interface similar to that in the weakest specimen in Figure 4.10.  

The facts that silicon particles with defects are weaker - likely due to stress concentration effects - and 
that weakening defects occur in great numbers within the alloy is probably what reconciles the silicon 
particle strength values measured in this work with the far lower strength values calculated by indirect 
means in previous work (reviewed in Section 2.2). 

 

 

 



Strength 

136 
 

Table 4-1 Dimensions (ࡿ to ࢻ), experimentally measured force at fracture (ܠ܉ܕࡲ) and calculated flexural 
strength by Simple Beam Theory (࣌܂۰܁) and by Finite Element analysis (࣌۴۳) of microscopic three-point 

bending tests of plate-like eutectic silicon particles extracted from the Al-Si alloy. Specimens marked with 
(*) are ones that probe particles containing visible flaws. (Reproduced from Mueller et al. [410]) 

 

 

 

Figure 4.10 Flexural strength (evaluated as the maximum first principal stress calculated from finite ele-
ment model of each specimen) versus the specimen effective probed area for "regular" three-point bend-

ing specimens (black dots) and for specimens produced with a visible defect along the lower beam sur-
face (hollow squares; their indications with letters a—f refers to the corresponding images in Figure 4.6). 
The error bars are +10% and -15%, which is an estimate of the pooled uncertainty arising from the sensi-

tivity analysis (see main text). Strength of electronic grade silicon as reported by Namazu et al. [65] is 
shown with lines indicating 10%, 63% and 90% of failure probability. Inset: Weibull fit of regular speci-

mens. (Adapted from Mueller et al. [410])  
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Figure 4.11 Ocurrence of different types of surface defects and necks on eutectic silicon plate-like parti-
cles extracted from heat-treated Al-12.6Si. 

4.1.3.2 Re-evaluation using Simple Beam Theory 

We have used bespoke finite element models to evaluate the strength of each three-point bending spec-
imen and to analyse statistically the results (see above); however, the testing method exposed here is 
obviously easier to implement if data can be interpreted using analytical methods. To explore whether 
this is a viable approach, in this subsection we revisit the data analysis using a rougher, straightforward 
approach based on Simple Beam Theory (SBT). We do so –despite the fact that specimens in this work 
cannot be considered to be slender– to show that such a simple approach can also be used to evaluate 
data from three-point bending experiments on specimens with tapered cross-section such as those pro-
duced and tested here. 

According to SBT, in a three-point bending configuration the maximum tensile stress occurs at mid-span 
and is ߪୗ୆୘ ൌ ܯ where ,ܫ/ݕ ܯ ൌ ݕ ,୫ୟ୶ ܵ/4 is the applied moment at mid-spanܨ ൌ ሺ݄/3ሻሺ2ܾଵ ൅ܾଶሻ/ሺܾଵ ൅ ܾଶሻ is the distance from the neutral axis to the bottom surface and ܫ ൌ ሺ݄ଷ/36ሻሺܾଵଶ ൅ 4ܾଵܾଶ ൅ܾଶଶሻ/ሺܾଵ ൅ ܾଶሻ is the moment of inertia about the axis that passes through the centroid of the trapezoi-
dal cross-section in the X direction (see Figure 4.5 for a definition of geometrical parameters in preced-
ing expressions). As can be seen in Table 4-1, ߪୗ୆୘ values for the tests in this work are between 3 and 
11% higher than ߪ୊୉ values. In other words, using SBT in data analysis would lead to an additional error 
of the same sign (i.e. overestimation of the strength) and comparable magnitude as uncertainty arising 
from the various types of misalignment (Section 4.1.2.2). 

As was done above using results of FE simulations, here too we can analyse strength data in terms of 
two-parameter Weibull statistics assuming that fracture is caused by flaws on the bottom surface of the 
specimens. In this case, we take ߪ୰ ൌ ሻݖଵሺߪ ୗ୆୘, andߪ ൌ  ఙ౏ా౐ௌ/ଶ  as given by SBT. Replacing these into ݖ

Equation 4-2 leads to ୣܣ୤୤ ൌ ܾଶ 2 ׬ ቀఙሺ௭ሻఙ౏ా౐ቁ௠ௌ/ଶ଴ ݖ݀ ൌ ௌ ௕మ௠ାଵ, whereas the "Weibull stress" now reads ߪ୛ ൌሺୣܣ୤୤ߪୗ୆୘௠ሻଵ ௠⁄ . The solution to the maximum likelihood problem of finding the Weibull parameters in 
Equation 4-3 using data from Specimens S1 to S10 gives with this approach ݉ ൌ 5.84 and ߪ୛଴ ൌ13.25ሺμmଶGPaହ.଼ସሻଵ/ହ.଼ସ. It follows that if the average ୣܣ୤୤ is taken as the characteristic area ܣ଴, i.e. ܣ଴ ൌ6.8 μmଶ, then the characteristic strength ߪ଴ ൌ 9.5 GPa.  
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These results obtained using SBT compared to those obtained using the outputs of finite element mod-
elling (Section 4.1.3.1) indicate that the estimated Weibull modulus is the same for both approaches, 
whereas the effective areas and the strength values are under- and overestimated, respectively, by at 
most 10%. Therefore, if one lacks the time or means to conduct bespoke finite element analysis to inter-
pret tests conducted according to the procedure developed in this work, SBT provides rapid and simple 
access to relatively precise data. 

4.1.3.3 Influence of the etching procedure 

In this work, the surfaces of the silicon particles probed for strength were not affected by focused ion 
beam milling; however, the potential effect of the etching procedure that was used in sample prepara-
tion has to be addressed.  

When silicon is exposed to acidic media that do not contain fluorine ions, a nanometric passivating layer 
of silicon oxide forms immediately along its surface, thereafter preventing further oxidation [431]. Oxide 
layers ~1 - 3 nm thick have been measured for silicon immersed in aqueous HNO3 solutions at room 
temperature and it has been furthermore determined that the thickness does not increase with time 
even under an applied anodic voltage of 5 V [432,433]. In phosphoric acid and in acetic acid, anodic 
voltages of a few or a few tens of V must similarly be applied to increase the oxide thickness on silicon 
[431]. In a study on surface treatments of a Al-Si-Mg alloy it was determined that a short (2 minute) 
exposure to phosphoric acid leaves silicon particles within the alloy unaffected, and that aluminium 
phosphate is not deposited on the particle surface, given that they are cathodic when compared to both 
the Al matrix and Mg2Si particles [434].  

Solutions based on a mixture of nitric, phosphoric and acetic acids, in similar proportions as in the etch-
ant used here, are typical aluminium wet-etching solutions that have been used for decades in micro-
fabrication [435–438]. Aluminium is known to be etched in these solutions through a two-step mecha-
nism [436,437]: the nitric acid reacts with aluminium producing aluminium oxide, which is then dis-
solved by the phosphoric acid. The acetic acid buffers the solution and improves wetting. These solu-
tions are known not to etch silicon microcomponents nor silicon oxide (or very slowly, even at 50 °C) 
[435,437,438].  

Still, exposure times typical of microfabrication are much shorter than the 7 days used here to extract 
particles tested in this work (note, however, that this is an upper limit of the time spent by the particles 
in contact with the solution, as silicon particles from the alloy were progressively exposed by the slowly 
advancing etching front). Therefore, to get an insight on the thickness of the oxide layer of the particles 
tested here in three-point bending, a TEM lamella was prepared using FIB milling, from a particle that 
had been subjected to the etching procedure used here to extract particles from the alloy (Figure 4.12). 
The observed oxide thickness was ~30 nm (Figure 4.13). We note in passing that, upon TEM examina-
tion, we observed the presence of Al-rich nanoprecipitates inside the silicon particle such as those dis-
cussed in Section 2.1 and shown in Figure 2.23. In a study on fracture of silicon nanospheres of size in 
the order of 100 nm, Mook et al. [219] suggested that the thickness of the oxide layer around the nano-
spheres could account for the size of crack-initiating defects. Now, if we solve for strength ߪ in ୍ܭେ ൌߪ√πܽ, with a = 30 nm and ୍ܭେ ൌ 0.9 MPa√m as is typical of silicon [216,260,417], one obtains 3 ≈ ߪ GPa, 
which is below values of strength measured here for specimens without large flaws, i.e. specimens S1 to 
S10 (Table 4-1 and Figure 4.10). This leads to conclude that the layer of oxide formed during etching did 
not govern the strength of the Si particles tested here, since measured strength values correspond to 
critical flaws even smaller than the oxide thickness. It is, on the other hand, possible that the oxide layer 
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could have healed small cracks along the Si particle surfaces; however, the presence of such cracks along 
the surface of individual Si crystals is unlikely as they would be healed by Si diffusion along the Al/Si 
interface or through the aluminium phase during the Si particle coarsening heat treatment.  

We thus deem the influence of larger flaws on the strength of the Si particles measured here to be rep-
resentative of the behaviour of Si particles within the coarsened Al-12.6%Si alloy from which they were 
extracted. 

We also studied the possibility that Si particle surface defects might have been produced by the etching 
procedure used in this work. To this end, we extracted particles from the alloy also by electroetching 
with sodium chloride and with nitric acid as electrolytes. We found no indication of a difference in the 
observable particle defects with etching procedure, giving confidence that the observed defects are pre-
sent originally in the silicon particles within the alloy. 

 

Figure 4.12 (a) Eutectic silicon particle extracted from the Al-12.6Si alloy. (b) Image during the process of 
producing a TEM lamella out of the particle using FIB. Note that a protective layer of carbon was depos-
ited on top of the particle. (c) SEM image of the prepared TEM lamella. The red rectangle indicates the 

area at the particle-carbon layer interface that is imaged in Figure 4.13. 

 

Figure 4.13 Bright field TEM image and EDS element maps of the area in the red rectangle in Figure 4.12c. 
The thickness of the oxygen-containing layer is found to be about 30 nm. 

4.1.4 Conclusion 
A microscopic three-point bending test is developed to measure the flexural strength of hard reinforcing 
particles of high aspect ratio. Although focused ion beam milling is used in sample preparation, the par-
ticle surface probed in tension is pristine, in the sense that it is not affected by focused ion beam milling 
or by redeposition of milled matter. This is achieved on one hand through a specific specimen prepara-
tion procedure and on the other hand through the use of a tapered bend beam cross-section, which fo-
cuses the stress at the centre of the bottom surface of the bending beam while reducing it at the edges.  
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Bespoke finite element modelling is used to access the peak stress at fracture. Misalignment can lead to 
overestimate calculated strength values by at most 10%, the most critical source of error being devia-
tions of the indenter placement point from the beam span centre. This level of error is of the same order 
as uncertainty resulting from error in sample dimension measurement. Alternatively, simple beam the-
ory can be used to interpret data; this leads to overestimate resulting strengths by about 10%, largely 
as a consequence of the rather short span of the specimens.  

Results on coarsened eutectic silicon particles extracted from Al-12.6wt.%Si show that: 

• coarsened Si particles can be very strong, with a characteristic strength around 9 GPa when bend par-
ticles of effective surface area near 7 μm2 are tested; and that  

• when such particles contain microstructural flaws, such as pin-holes and particularly trench-like in-
terfaces along their facets, their strength is strongly diminished.  

Given the high particle strength values that are recorded in the absence of such flaws, their elimination 
from Si particles in Al-Si alloys should be a potent pathway to strongly improved strength and ductility 
in 3xx series aluminium casting alloys. 

4.2 In-situ strength measurements of individual silicon particles 
(Adapted from Ref. [411]: M.G. Mueller, G. Žagar, A. Mortensen, In-situ strength of individual silicon parti-
cles within an aluminium casting alloy (Submitted, 2017)) 

In this Section, measurements of local strength are performed in-situ on individual silicon particles that 
constitute the second phase of aluminium alloy A356. Particles are shaped using Focused Ion Beam (FIB) 
milling such that, upon the application of a compressive force on the particle, a volume of material un-
affected by FIB milling is subjected to bending. The volume of material subjected to peak tensile stress 
is situated along the edge of the flat Si particles; as such, these tests are complementary to tests in Sec-
tion 4.1, where material subjected to peak tensile stress is situated along the flat sides of the Si particles. 
Data confirm what was found in Section 4.1: (i) silicon particles in this commercial aluminium casting 
alloy are shown to be capable of locally sustaining tensile stresses (as high as 16 GPa), i.e., approaching 
theoretical strength and (ii) the reason why such strengths are not reached by most alloy Si particles is 
shown to be the presence of specific surface defects. The most deleterious defects are grooves at the 
interfaces between merged silicon crystals; therefore, the present data confirm that eliminating these 
might lead to significantly enhanced strength and ductility in this widely-used casting alloy family. 

4.2.1 Materials and Methods 

4.2.1.1 Material 

The particles probed in this work are Si particles produced in the course of conventional alloy pro-
cessing within aluminium casting alloy A356 (Alu Metall Guss AG, Gontenschwil, Switzerland), of com-
position limits: 6.5 to 7.5 wt.% Si, 0.25 to 0.45 wt.% Mg, max 0.20 wt.% Fe, max 0.20 wt.% Cu, max 0.10 
wt.% Mn, max 0.10 wt.% Zn, max 0.20 wt.% Ti, max 0.05 wt.% of others (each), max 0.15 wt.% others 
(total), balance Al. The alloy was remelted and cast as a rod 15 cm high and 2 cm in diameter using a 
copper permanent mould. Heat-treatment was then conducted at 540 °C for 6 h, these being standard 
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parameters for the solutionizing step of this alloy’s T6 heat-treatment schedule [439]. The resulting mi-
crostructure is shown in Figure 4.14a on a polished section of the material, where the silicon particles 
are dark and the -aluminium phase is bright. 

To expose the silicon particles within the microstructure, the aluminium phase was selectively dissolved 
to a depth of a few tens of micrometres by soaking a polished sample of the alloy in a mixture of phos-
phoric acid 85%, acetic acid 100% and nitric acid 70% in volume ratios 83:5.5:5.5 for 2 hours. Figure 
4.14b-c shows the topography after this deep-etching procedure, where the partly protruding silicon 
particles are readily visible. 

 

Figure 4.14 Microstructure of the alloy A356 heat-treated 6 hours at 540 °C used in this work. (a) Optical 
micrograph of a polished section. (b-c) SEM images showing silicon particles exposed after a deep-etching 

procedure. (Reproduced from Mueller et al. [411]) 

4.2.1.2 Generalities of the method 

We probe the strength of individual particles a few micrometres in size, produced within the alloy after 
standard alloy processing steps detailed above. As will be seen, test geometries on different particles 
vary; however, the general idea in all cases is that the particle be shaped using a Focused Ion Beam (FIB) 
such that a well-defined part of the particle that was not ion-milled be subjected to bending upon the 
application of a compressive force using the tip of an instrumented (tungsten) needle. This defines a 
portion of the particle surface that is subjected to tensile stress, which is where fracture will eventually 
take place.  

A main premise of the method is that the surface where strength is probed be left in its pristine condi-
tion; it thus must be unaffected by FIB milling and its shape thus cannot be altered. This, together with 
the fact that particles are all different from each other, both morphologically and in terms of their dis-
position in space, makes it impossible to prepare specimens of the same shape and the same dimensions 
out of the many different particles within the alloy. Instead, each particle is shaped individually exploit-
ing its own characteristics. This makes each specimen probed in this work unique in terms of its geom-
etry. There are, nevertheless, two common features to most particles tested here (exceptions are de-
scribed in the next subsection). One is a deep, rectangular, notch micromilled with the FIB so as to define 
a remaining ligament that will be subjected to bending upon the subsequent mechanical testing (Figure 
4.16c). The second is a roof at the top of the particle, introduced to ease load application. 

This particle strength test method is an adaptation of a notched sample test that was developed using 
the Nextel 610TM alumina fibres shown in Figure 3.4 as a test bench material [409]. The work in Ref. 
[409], which was done within the ERC project of which this thesis is part (see Section 1.3), extended to 
the microscopic scale the concept of machining a deep blunt notch to produce, upon the application of a 
compressive force, bending in a pristine ligament of material (this microtest was inspired by the work 
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of Wereszczak et al. [348] on ceramic bearings discussed in Section 2.4). Figure 4.15 shows an example 
of what we call a C-shape test on an alumina fibre [409].  

There are, nevertheless, important differences between the methodology that was developed in Ref. 
[409] and that of the present Section. Namely, the particles tested here are randomly oriented and sig-
nificantly more irregular morphologically. Also, they are nearly one order of magnitude smaller. Fur-
thermore, a main difference between the present test and that in Ref. [409] is the kind of data that are 
used to determine the particle strength: in Ref. [409] tests were conducted within a nanoindentation 
apparatus (in air) and the record of load—displacement was used to feed bespoke finite element mod-
els, while in this Section test were conducted within the SEM and we use SEM images acquired during 
the test to calculate the stress state, as detailed below. The reason for these differences is that the small 
size and irregular shapes of particles tested here make it essential to be able to see the sample in real 
time and have sufficient tilt and rotation capability in performing sample positioning and alignment ad-
justments prior to mechanical testing. Therefore, particles in this work are tested within a SEM; an 
added advantage is then that a live video recording of the test can be produced.  

 

Figure 4.15 C-shape test of a nanocrystalline alumina fibre exposed by deep-etching from a composite 
wire, itself shown in lower magnification in Figure 3.4. The fibre ready to be tested is shown in (a). Me-
chanical testing is conducted within a nanoindentation apparatus (in air), by loading the fibre tip up to 
fracture with a diamond flat punch. The interpretation scheme uses the load—displacement measure-
ment and bespoke finite element model of the tested fibre section to compute the stress field at frac-

ture, shown in (b), from which a measurement of local strength within the ligament material can be ex-
tracted. (Figure adapted from Ref. [409]) 

4.2.1.3 Sample preparation and testing 

Selected plate-like silicon particles were individually micromachined using Focused Ion Beam milling 
with 30 kV Ga+ ions in a Zeiss NVision 40 SEM/FIB dual-beam apparatus (Oberkochen, Germany). Due 
to limitations of the set-up, only particles tilted at least 26° with respect to the normal of the alloy sample 
surface could be shaped with the FIB and tested (details of this can be found in the Supplementary Ma-
terial of Ref. [411]). As described in the previous Subsection the particles were shaped so as to produce 
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bending upon load application within a well-defined volume of material, whose surface subjected to 
tension is unaffected by FIB milling (Figure 4.16).  

For each particle, the sample was thus rotated and tilted such as to have the incident FIB perpendicular 
to one of the particle’s large, flat, facets, which are known to be (111) planes [100,106,104,94]. There-
fore, the ligament was, in all samples tested here, located along the edge of the plate-like particle. More-
over, because one of the goals of the present work was to measure the severity of the different types of 
surface defects of silicon particles, most specimens were produced in such a way as to probe particle 
edges containing an identified defect.  

Most of the particles were prepared with a notch milled in this way using the FIB; however, there are 
two exceptions. One is the particle in Figure 4.21h: this particle was tested as a simple cantilever beam 
that could be easily produced by virtue of its natural morphology. FIB-milling on this particle was there-
fore only applied at the lower side of the cantilever, so as to make its thickness reasonably uniform. 
Upon testing, fracture occurred at the interface between silicon crystals that were meeting at the root 
of the cantilever; the particle strength at that location was evaluated using simple beam theory assuming 
a rectangular beam cross-section.  The second exception is a particle that also consisted in two silicon 
crystals merged together along a visible interface (Figure 4.20). This particle’s shape and disposition in 
space made it amenable for testing such that, upon the application of a load on its top, the volume of 
material around the interface was naturally subjected to bending. No FIB milling was thus used to pre-
pare that particular specimen. 

The in-situ tests were done in a Zeiss Merlin SEM apparatus (Oberkochen, Germany) using a FT-NMT03 
Nanomechanical Testing System from Femtotools (Buchs ZH, Switzerland) mounted with a tungsten 
needle. Proper alignment was achieved using the rotation and tilt capabilities of the testing device stage 
(see Figure 4.17). Loading was done in displacement control at a constant speed in the range 0.01 – 0.04 
μm/s, up to sample fracture. All tests were video-recorded and films are available in the Suplementary 
Material of Ref. [411]. 

 

Figure 4.16 Sample fabrication procedure (Specimen #10 in Figure 4.24). (a) Original silicon particle. (b) 
Sketch of the FIB milling process used to produce a C-shaped specimen out of the silicon particle (side 

and perspective views). (c) Resulting C-shaped particle ready to be tested. A surface pinhole defect is in-
dicated with red arrows; note that it is located along a surface that is unaffected by the FIB and that it is 
stressed in tension upon the subsequent micromechanical test. (Reproduced from Mueller et al. [411]) 
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Figure 4.17 Testing procedure (Specimen #10 in Figure 4.24). (a) Sketch of the in-situ micromechanical 
test (side and perspective views). (b) The C-shaped particle of Figure 4.16 and the instrumented tungsten 

tip before testing. (c) Last frame before fracture during testing. (d) Fractured particle after testing. (e) 
Fractography of the particle showing the surface defect that originated fracture (red arrow). (Reproduced 

from Mueller et al. [411]) 

4.2.1.4 Test interpretation 

To calculate the particle strength, bespoke 3D finite element (FE) half-models of each specimen were 
constructed using the Abaqus FEA 6.11 (Dassault Systèmes S.A., Vélizy-Villacoublay, France) software, 
using as input notched particle dimensions measured from SEM images. The cross section of the liga-
ment, which is a critical part of the model because this is where the largest deformation takes place, was 
modelled according to the following criteria.  

In the few cases where the tensile surface of the ligament was (approximately) flat (e.g. Figure 4.21 b 
and e), the cross section was taken to be a rectangle. In the more usual case where the surface was 
somewhat rounded or faceted, a semi elliptic approximation of the rounded or faceted edge was used 
(e.g. Figure 4.18 and Figure 4.19). The surface defects on the particles, e.g., pinholes or interfaces, were 
not introduced in the models. Silicon was modelled as elastically isotropic with a Young’s modulus 168.9 
GPa and Poisson ratio 0.262; these are the isotropic, in-plane, properties of the (111) plane in silicon 
[414]. This choice is justified by the fact that the large facets of silicon plate-like particles in Al-Si alloys 
are known to be (111) planes [100,106,104,94] and also by the fact that most deformation in the parti-
cles tested here occurs within that plane. The validity of using elastic constants of high-purity electronic-
grade silicon to model the elastic behaviour of microscopic, eutectic, silicon particles from Al-Si alloys 
was confirmed in the Section 4.1, where measured and modelled load—displacement responses largely 
matched in microscopic 3-point bending tests of such particles. 

The encastre boundary condition was applied to the base of each half-model; this base was typically 
situated at the particle-aluminium interface, while a symmetric boundary condition was applied in the 
Z plane (half-model plane of symmetry parallel to the particle’s largest facet). Despite the fact that the 
micromechanical system used here is capable of measuring axial forces, this set of data was not used to 
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drive the FE models because the point of load application is ill-defined (the needle’s tip radius is rela-
tively large) and also because it changes throughout the test (due to relative lateral displacement be-
tween the tip and the particle, see for example Figure 4.23). Instead, interpretation was based on frames 
of the recorded SEM video. Namely, the bespoke FE model of each specimen was driven by the displace-
ment of a specific edge, measured from frames before starting to load and at the critical moment, which 
was set as a boundary condition in the finite element model. The selected edge, perpendicular to the 
particle large facets, was typically located at the top of the particle, away from the ligament, in a part 
that undergoes exclusively rigid translations. In Figure 4.18f and Figure 4.19f the relevant edge and the 
imposed displacement are indicated with black spots and a black arrow. The undeformed and deformed 
shapes resulting from the FE model were finally compared with the corresponding SEM images to check 
that the deformation of the whole particle –and particularly that of the ligament– were mutually con-
sistent; this was systematically the case in data of this work. These shapes are indicated in blue and in 
red, respectively, for each particle in Figure 4.18 to Figure 4.21. 

Tests were also analysed using an alternative, rough yet much simpler, analytical approach. According 
to classical beam bending theory, the maximum stress σ of a straight bent beam deformed to a radius of 
curvature ߩ (measured at the neutral axis) is given by 

ߪ ൌ ߩݕ ܧ  Equation 4-4 

  
where E is the Young’s modulus, here taken as 168.9 GPa; this being the (isotropic) modulus of Si along 
the (111) plane, and y is the distance from the neutral axis to the outermost surface. Here, the actual 
shape of the particle ligament cross section was not taken into account; instead, the ligament was con-
sidered to be symmetric and unaffected by FIB milling along its compressive surface; the neutral axis 
was thus taken to pass through the middle of the ligament’s cross section; in other words, we take y = t 
/ 2, where t is the (measured) ligament thickness. SEM images were used to determine t in the unde-
formed state and ߩ at the critical deformation (i.e. from an image taken right before catastrophic failure). 
A representative example of the curvature measurement, ߩ, is shown in Figure 4.22a1-a2. For simplicity, 
measurements of ߩ were done on the specimen’s outermost surface rather than on the neutral axis as it 
was observed that the former, which is easier to identify in SEM images, described fairly accurately the 
curvature of the ligament at any position along its thickness, justifying the underlying assumption that 
deformation along the ligament's outer surface was relatively uniform, see Figure 4.22a2. In this ap-
proach particle strength was then taken as the maximum stress at failure, as computed from Equation 
4-4. Finally, note that in Specimen #2 (Figure 4.22b1—b2), the initial shape of the ligament was natu-
rally curved. To account for the initial curvature (of the stress-free particle), first a stress was computed 
using Equation 4-4 with ߩ being the initial curvature, which was then substracted from the stress com-
puted with ߩ being the critical curvature.  
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Figure 4.18 A step-by-step example of the methodology used in this work to probe the strength of indi-
vidual silicon particles of the alloy (Specimen #7 in Figure 4.24). (a) The original silicon particle from a 

perspective view. (b) Same particle after shaping using FIB milling, ready to be tested. (c) Last frame of 
the video recorded upon mechanical testing, immediately before particle fracture. (d) Fractography of 

the sample. (e) Linear elastic finite element modelling results of the deformed particle. (f) Superimposed 
SEM images and results of the FE model of the particle before the test (undeformed) and at the critical 

moment (deformed). (Reproduced from Mueller et al. [411]) 

 

Figure 4.19 A second step-by-step example of the methodology used in this work (Specimen #1 in Figure 
4.24). (a) The original silicon particle from a perspective view (and from a top view in the inset). (b) The 
particle ready to be tested. (c) Last frame before particle fracture. (d) Fractured particle. (e-f) Finite ele-

ment modelling results of the deformed particle. (g) Superimposed SEM images and the shapes resulting 
from the FE model. (Reproduced from Mueller et al. [411]) 
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4.2.2 Results 

A total of 15 particles were tested in this work; these are shown in Figure 4.16 to Figure 4.23. Figure 
4.18 and Figure 4.19 show two step-by-step examples of the method: the selection of a given particle, 
its shape after FIB milling, the micromechanical test, the fracture surface, the analysis by finite element 
modelling and finally the cross-check for consistency between modelled and actual particle shapes. 
While in some of the probed surfaces no defect could be distinguished by SEM examination (e.g. Figure 
4.19, Figure 4.21a and Figure 4.22), in most specimens one of the following was detected:  

 a surface pinhole (Figure 4.16, Figure 4.17 and Figure 4.21e),  

 an interface between two silicon crystals (Figure 4.21g-h-i and Figure 4.20),  

 a burr-like feature running diagonally along the particle edge (Figure 4.21d),  

 a (111) twin boundary producing either a slight ridge or groove along the edge (Figure 4.18 and 
Figure 4.21c),  

 a tiny feature attached to the surface (labelled here “surface scale”, Figure 4.21f).  

Moreover, two samples where tested in which the surface subjected to tension was intentionally flat-
tened with the FIB prior to testing, so as to probe whether the strength of such a FIB-produced surface 
is affected by ion-milling (Figure 4.21b and Figure 4.23).  

The measured strength values (based on the bespoke FE analysis) are given in Figure 4.24 (tabulated 
data can be found in Table 4-2). In the graph, samples are separated into groups according the specific 
characteristics of the probed surface, namely samples with no apparent defect, samples with a FIB-pro-
duced surface or samples featuring one of the different types of particle defects listed above. In several 
tests, it was noted that particle fracture had initiated at a location subjected to a first principal stress 
that was not the highest within the specimen. For those cases, two values of strength are reported in 
Figure 4.24: (i) the maximum of the first principal stress in the ligament at the moment of fracture (full 
squares), and (ii) the value of the first principal stress at the moment of fracture at the location where 
fracture actually initiated (hollow squares). An example of such a particle is Specimen #15 (Figure 
4.21f), whose fractographic analysis indicates that the crack leading to fracture took off from a spot on 
the side of the ligament where a rare feature (here called a surface scale) was present. Another example 
is Specimen #2 (Figure 4.22b1—b4), in which fracture originated in a spot subjected to significantly 
lower stress than the maximum stress in the specimen (though, in this case, no specific defect could be 
identified upon fractographic examination). 

 

Figure 4.20 (a) A particle (Specimen #14 in Figure 4.24) featuring an interface that could be readily 
probed (no FIB-milling was required to prepare this sample). (b) The particle right after fracture. (c) 
Close-up, from a tilted angle, of the point of fracture, situated at a grooved silicon-silicon interface. 
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Figure 4.21 A representative selection of the particles tested in this work (each specimen is identified 
with a number, #nn, which is used correspondingly in Figure 4.24). In each subfigure (a-i), the unde-

formed and the deformed (just before fracture) images of each particle are superimposed. The corre-
sponding shapes extracted from the finite element model (FEM) are also superimposed in blue and red, 

respectively –except for specimen (h), as this was only analysed using simple beam theory–. The fracture 
surface of each particle is shown as an inset in a white frame. The scale bar is 1 μm. Particles in (c-i) fea-
ture various surface defects that naturally occur in silicon particles within the alloy. On the other hand, 
no defect could be distinguished on the tensile surface of particle (a). The specimen in (b) was prepared 
deliberately such as to probe the strength of a surface milled with the FIB. (Reproduced from Mueller et 

al. [411]) 
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Figure 4.22 An alternative, simple, way to estimate the specimen fracture stress is based on curvature 
measurements (Equation 4-4), here exemplified with Specimen #1 (a1—a2) and with Specimen #2 (b1—
b4). The location of maximum stress in Specimen #2 is indicated in green (b1—b2); to account for the ini-
tial curvature (of the stress-free particle), first a stress was computed using Equation 4-4 with ࣋ being the 

initial curvature (measured in b1), which was then substracted from the stress computed with ࣋ being 
the critical curvature (measured in b2). Note that, as seen in b3—b4, the specimen fractured in a location 

of lower stress (a critical defect could not be identified, though): the critical stress at that location was 
estimated from the curvature measurement indicated in purple. The radii of curvature indicated in the 

images are in nm. Results are tabulated in Table 4-2. 
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Figure 4.23 Test on a particle (Specimen #4 in Figure 4.24) featuring a FIB-milled tensile surface (the parti-
cle before and after preparation is shown in (a) and (b), respectively). Image (g) is the moment before 

catastrophic failure. The fractured particle is shown in (h). Note that the load application point and the 
deflection of the ligament change substantially throughout the test (c)—(g). The interpretation approach 
based on FEM used in this Section nevertheless captures well the particle deformation; this is shown in 

(i), where the initial and critical shapes extracted from the FEM calculations are superimposed to the ex-
perimental SEM images. 
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Figure 4.24 Measured strength of individual silicon particles (Specimens #1—#15), which are classified 
according to the type of feature on their probed surface (see examples in Figure 4.21 and data in Table 
4-2). Results from finite element model (FEM) calculations are reported with squares. Full squares indi-
cate the maximum value of the first principal stress in the ligament at fracture. Specimens that have full 
squares only are specimens that fractured at the location of maximum first principal stress. Specimens in 
which fracture originated at a location of lower stress are reported also with hollow squares, which indi-

cate the first principal stress at the location where fracture actually originated. For particles featuring 
“pinholes” (Specimens #9 and #10), arrows and grey circles indicate the stress concentration effect of 

those defects calculated as the value in full squares multiplied by the corresponding stress concentration 
factor (SCF), itself computed from Ref. [440] (see main text in Section 4.2.3.2). (Reproduced from Mueller 

et al. [411]) 
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Table 4-2 Data from the eutectic silicon particles probed in this work. Columns 1 and 2 indicate the speci-
men ID# and the characteristics of the surface probed in tension. Dimensions of the particle sections sub-

jected to the highest deformations (i.e. the ligaments) are indicated in Columns 3 through 5. Column 6 
indicates whether the surface probed in tension (i.e. the outermost surface of the ligament) was consi-
dered flat or curved in the bespoke 3D finite element models (FEM). Columns 7 and 8 indicate results 

from the FEM and Columns 9 and 10 indicate results from curvature measurements (Equation 4-4 in the 
main text). 
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Figure 4.25 (a)—(f) A sample that twisted before catastrophic failure, rendering the test invalid. Note the 
slight shift of the tungesten needle towards the back between (c) and (d). 

4.2.3 Discussion 

4.2.3.1 The method and its precision 

This work uses a method to measure strength that is an adaptation of the notched particle test of Ref. 
[409], designed to test individual samples of microscopic, irregular, second phases in alloys and compo-
sites (e.g., [441]). The method offers a few advantages with respect to the microscopic three-point bend-
ing test [410,442] that was previously used to probe larger silicon particles extracted from an eutectic, 
binary, Al-Si alloy (Section 4.1 [410]). One is the obvious benefit that comes with performing the test in 
the SEM, namely that preparation and the test progression can directly be observed. For example, SEM 
video recording permitted identifying (and more easily discharging) unsuccessful tests (e.g., Figure 4.25 
shows an unsuccessful test in which the tungsten needle slipped sideways and produced particle frac-
ture by twisting). The micromachining, using the FIB, of a specimen is furthermore much faster —de-
spite the need for careful alignment— and it is easier to probe smaller particles. Plus, it is easier to aim 
the test so as to probe a given surface feature on a particle; this is simply achieved by milling a notch 
opposite to an observed feature. And finally, fractographic examination can always be done because at 
least one part of the broken particle always stays in place after the test, permitting the identification of 
the fracture initiation site (in contrast, both ends of microbend bars in Section 4.1 [410] tended to fly off 
upon fracture). On the other hand, the present test is less well adapted than that in Section 4.1 [410] to 
the testing of the large facets in plate-like particles – in that sense, the method developed here and that 
of Section 4.1 [410] are complementary, as they allow to probe the strength along complementary sec-
tions of the silicon particle surface. 

Prior to discussing the results in this work and their meaning we estimate the accuracy and precision of 
the tests. Due to the small size of the specimens, a main factor that affects the precision of the measure-
ments is uncertainty in the dimensions measured from SEM images. We estimate this uncertainty as ±20 
nm, this being mainly as a result of the “edge-effect” on SEM images. In this sense, the dimensions of the 
ligament are the most critical values because this is where most deformation takes place and dimensions 
are typically submicronic. A maximum limit to the influence of this factor on the global precision of the 
method can be estimated by taking representative dimensions of the smallest ligaments tested here, 
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namely 400 x 800 nm, as the cross section of a bar in simple bending. Knowing from simple beam theory 
that the maximum tensile stress in the beam is ߪ ൌ ሺ݄ܯሻ/ሺ2ܫሻ where ܯ is the applied moment, ܫ ൌܾ݄ଷ/12 is the area moment of inertia, and ܾ and ݄ are the width and height of the cross section, respec-
tively, then ݁ݎఙଶ ൌ ெଶݎ݁ ൅ ௛ଶݎ݁ ൅ ூଶݎ݁ ூଶ withݎ݁ ൌ ௕ଶݎ݁ ൅  ௑ is the relative random error ofݎ݁ ௛ଶ, whereݎ3݁
Variable ܺ. Letting ݁ݎெ ൌ ௛ݎ݁ ,0 ൌ 20 nm / 400 nm and ݁ݎ௕ ൌ 20 nm / 800 nm leads to the relative ran-
dom error in measured strength values equal to ݁ݎఙ ≅ 10%.  

Another factor that can affect accuracy is the particle morphology simplification that is adopted in the 
finite element model of the test. Namely, ligament cross sections are taken as idealized geometries, with 
either a semi-elliptical or a flat side, as described above Section 4.2.1.4. In reality, particle edges are 
sometimes faceted and are not necessarily symmetrical. In addition, the FIB milling process itself gen-
erates a small asymmetry because the removal of material is not perfectly parallel to the incoming ion 
beam axis (and is thus not accurately perpendicular to the large (111) facets in the particles): there is, 
instead, a 2-3° taper. Moreover, the alignment procedures (shown in Figures S1 and S2 of the Supple-
mentary Material of Ref. [411]), even though carefully performed, could also result in slight misalign-
ments of the same order. These factors, which are hard to quantify globally, can be a source for addi-
tional slight error (including overestimation) in the present strength measurements.  

Other factors related to the finite element model must also be considered as possible sources of inaccu-
racy. One is the use of linear instead of higher order elasticity. In principle, this could lead to an overes-
timation of the stresses when deformations are very large; however, tensile data on silicon nanowires 
[294] suggests that the linear assumption is safe since the measured stress-strain responses in Ref. 
[294] were linear up to fracture, which occurred at values exceeding those measured in the present 
work. Another factor to consider is the encastre boundary condition applied on the particle base: this 
does not seem to affect much the maximum first principal stress in the models, if one uses as a guide 
simulations of several tests in which particles were also modelled with longer bases. The reason is that 
deformation is highly localized at the ligament. In line with this, it is worth noting that we have not 
observed any sign of deformation of the aluminium around the particle base in any of the experiments. 

While the main interpretation scheme in this body of work is based on coupling displacements meas-
ured from SEM images with bespoke FE models (described in Subsection 4.2.1.4 and discussed above), 
the simple, analytical, approach based on Equation 4-4 was also applied. The analytical model compu-
tations of strength fall within 20% of the FE results (Table 4-2). Thus, unless a higher precision is sought, 
the simple analytical approach based on engineering beam theory can be a quick and convenient ap-
proach to interpret this kind of tests because it avoids running time- and resources-consuming FEM 
calculations on data that will often vary, for other reasons, by much more than 20%. Note, however, that 
measurements of the curvature of deformed particles could only be made on ligaments that were sub-
stantially bent, which means that only particles that were subject to relatively high stress (over roughly 
6 GPa) could be evaluated in this way: the ligament of the weakest particles bent too little to extract a 
meaningful radius of curvature from the SEM images (e.g., Figure 4.21 g and i). 

From the above, it seems a reasonable estimation that the present strength measurements (Figure 4.24) 
are accurate to within 20%. This is sufficient precision to ensure the robustness of trends obtained in 
this work and hence of the conclusions that follow from the present Si particle strength data, discussed 
next. 



Strength 

155 
 

4.2.3.2 Silicon deformation and particle strength 

This work presents direct evidence that silicon particles in Al-based casting alloys can attain very high 
levels of elastic deformation at the microscopic scale. This is seen on those particles where no particular 
surface feature could be spotted, on those featuring shallow surface indications of a twin boundary along 
the axis of the ligament and on those where the surface subjected to tension was milled with the FIB 
(e.g. Figure 4.18, Figure 4.19, Figure 4.21b and c.). The affirmation that the deformation was exclusively 
elastic is based on the fact that every time a test was aborted, which happened many times (either on 
purpose or simply because mispositioning of the tip was noted and needed correction), the particles 
fully returned back to their initial position upon retraction of the tip. In turn, the observed large elastic 
deformations also show that silicon particles can locally reach extremely high strength values: i.e. tensile 
stresses up to 16 GPa were measured, a value not too far from <111> silicon’s ideal strength in tension 
(21–23 GPa [46,378]).  

Comparable (in some cases higher) strength values and purely elastic response have been measured on 
silicon nanowires ~100 nm in diameter grown by a vapour-liquid-solid process tested in bending 
[297,379] and in tension [294], and on nanometric bending beams ~250 nm thick prepared by photoli-
thography [65]. Note that in the cited works, as well as in the present work, linear elasticity was assumed 
[65,297,379] or observed [294] in Si deformed to such high strain levels. Despite the difference in global 
dimensions between the nanowires in the literature and the eutectic silicon particles tested in this work, 
the fact that they reach similarly high strength values can be understood by the fact that the actual sur-
face area that is probed is comparable. For example, Zhang et al. [294] obtained ~13% of strain on se-
veral <110>-oriented Si nanowires of diameter in the range 80 to 150 nm and roughly 2 μm long tested 
in tension. The surface area of these nanowires adds to roughly 0.6 to 0.8 μm2 and the strength is ~17 
GPa (using a Young’s modulus of 130 GPa [294]). This can be compared to the surface of specimens of 
the present work that attained the highest strength values (Specimens #1 to #8 in Figure 4.24 and in 
Table 4-2). A rough –yet illustrative– estimation of the surface area subjected to tension on those speci-
mens can be taken as the length of each ligament multiplied by its width (i.e. the ligament surface, con-
sidered flat, opposite to the notch). This gives values in the range 0.9 – 5.5 μm2; as seen, not only strength 
values but also probed surface areas are roughly of the same order of magnitude in the present study 
and in nanowires of Ref. [294]. Other strength measurements in the literature of Si nanowires some tens 
of nanometres in diameter give lower values: up to 12 GPa for specimen surface areas of roughly 0.1 
μm2 [428,443]. The reason for these lower values was proposed to be the fact that nanowires grown in 
the <111> direction (e.g., Refs [428,443]) feature less smooth surfaces than <110>-oriented nanowires 
[294], which once more reflects the fact that strength is controlled by surface features.  

We also find in this work that certain silicon particle surface defects are stress concentration sites that 
decrease markedly the particle strength. These defects, some of which had been recognized in earlier 
studies (Section 4.1 above and Section 4.3 below [410,412]), occur in large numbers across the particle 
population of Al-Si alloys. The present results show that the most deleterious defects are those that are 
here categorized as interfaces; namely, grooved edges at the particle surface where two silicon crystals 
merge together forming one particle. These defects lower the strength down to 2 to 3 GPa, which is 
roughly a factor 5 to 6 from the strongest particles measured in this work, Figure 4.24. Stress concen-
tration factors (SCF) of that order imply that these grooves must be very sharp (i.e. the radius of curva-
ture at their bottom, which we were not able to measure in this work, must be very small).   
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A specimen featuring a rare defect that we call here “surface scale” also showed very low strength; how-
ever, this result could unfortunately not be reproduced because no other particle with a similar defect 
could be spotted and tested.  

“Pinhole” defects, which are caused by alloy impurities such as Fe and Ti [412], are found to decrease 
particle strength down to 5 or 6 GPa, which betrays a SCF of ~ 2 to 3. For comparison, an expression for 
the SCF of a semi-elliptical surface pit characterized by its depth a and its radius c can be found in the 
work of Cerit et al. [440] (note, however, that the loading mode is uniaxial tension in Ref. [440] instead 
of bending as in the present work). Measurements based on SEM images of the pinhole of Specimen #10 
(Figure 4.16 and Figure 4.17) give a ≈ 70 nm and c ≈ 80 nm, which yields a SCF according to Ref. [440] 
of ~ 2.1. In the case of Specimen #9 (Figure 4.21e), a ≈ 120 nm and c ≈ 50 nm, leading to SCF of ~ 2.6. 
The effect on strength of the calculated SCF is shown in Figure 4.24 with grey circles for these two par-
ticles. As seen, the strength values obtained here are realistic given the shape of these defects. 

Surface “burrs”, which are produced at aluminium grain boundaries upon heat treatment [412], are 
found to be less critical, as expected given their ridge-like shape. Finally, FIB-machined surfaces and 
shallow axial grooves produced by (111) twin boundaries do not act as stress raisers and hence do not 
affect particle strength, see Figure 4.24. 

Present results can be compared to the microscopic three-point bending investigation of Section 4.1 
[410], in which the local strength of coarsened eutectic silicon particles extracted from a binary Al-
12.6%Si alloy was probed. Besides the testing approaches and the alloys’ composition, other important 
differences between both studies include the size of the eutectic silicon particles that were probed 
(which were roughly 10 times larger in Ref. [410] than in the present work), and most importantly the 
fact that in Ref. [410] particles were tested along their large (111) facets, whereas in the present work 
particles are tested along their edges; testing methods of this work and of Ref. [410] are thus comple-
mentary in that they probe two complementary portions of the particle surface. Strength results of sur-
face defect-free particles are scattered in both studies ; yet, it can be noted that they give somewhat 
higher strength values in the present work than in Ref. [410] (~ 7 to 15 GPa vs. ~ 6 to 12 GPa). This 
might be a consequence of the smaller volume (or surface area) of material that is probed here. On the 
other hand, the strength of particles featuring similar “pinhole” defects are close across both studies (~ 
5 to 6 GPa vs. 4.7 GPa) indicating that particle strength is then governed by the stress concentration 
effect associated with the defect. Similarly, the local strength of particles featuring interfaces measured 
here (~ 2 to 3 GPa) falls within the values of the two particles featuring interfaces that were probed in 
Ref. [410] (1.1 GPa and 3.6 GPa), although in this case the differences are larger, probably reflecting the 
differences in the geometry of the probed interfaces. Overall, both studies agree in that (i) silicon par-
ticles can achieve high, near-theoretical, local strength values, and (ii) surface defects on the silicon par-
ticles strongly decrease particle strength. We note in passing that the surface defects on silicon particles 
within Al-Si alloys are not related to the etching procedure (this is demonstrated in Section 4.3 below 
[412]) and that the etchant is expected to produce a surface layer of only a couple of nanometres of 
silicon oxide (see discussion in Section 4.1.3.3 while noting that the etching times were significantly 
shorter in this Section than in Section 4.1). 

Previous estimations of the strength of the silicon particles in aluminium (see Section 2.2) give values 
in the range 0.1 – 3.5 GPa [13,29,40–45,50,163]. These values were, in some of those publications, 
deemed reasonable on the basis that they compare roughly with the strength of 2 GPa measured on 
silicon whiskers in the late 1950’s [296]; however, they are significantly lower than the highest strength 
values measured in the present work, which reflect better, we believe, the actual potential of the silicon 
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particles as a reinforcing phase for aluminium. Indeed, the high strength measured here on some silicon 
particles reflects the great degree of surface perfection that these eutectic particles, nucleated and 
grown during alloy solidification and subsequent solid-state heat-treatment, can attain (which is com-
parable to that of silicon nanowires). Given that particle fracture is the main mechanism during the first 
stage of damage in this class of alloys when they are subjected to stress [444,14,13,12,19], it would 
therefore be beneficial to alloy strength and ductility to prevent, through appropriate processing sched-
ules yet to be designed, the formation of the most deleterious particle defects identified here, namely 
(grooved) interfaces, which result in particular from the joining of growing or coarsening Si particles. 

4.2.4 Conclusion 

In-situ measurements of local strength on individual, microscopic, silicon particles within cast alumin-
ium Alloy A356 were performed using a micromechanical testing method that probes in tension a por-
tion of the particle surface that is unaffected by artefacts arising from FIB milling. Results show that: 

• the local strength of these particles can be very high, reaching 16 GPa,  

• in the absence of visible defects, along FIB-machined surfaces or near defects that do not pro-
duce strong stress concentration, particles were found to fracture at surface stresses in the range from 
7 to 15 GPa, while 

• the presence of defects that act as stress concentration sites lowers substantially particle 
strength, to values in the range from 2 to 6 GPa.  

The most important defect is found to be at the triple line where aluminium meets a silicon-silicon grain 
boundary, as this produces grooves along the particle surfaces. These defects, occurring in large num-
bers within particles in Al-Si alloys, lower particle strength down to only a few GPa. It follows that one 
way of improving mechanical properties of Al-Si alloys is the avoidance of this particular type of defect.  

4.3 Investigation on the origin of particle defects 
(Adapted from Ref.  [412]: M.G. Mueller, M. Fornabaio, A. Mortensen, Silicon particle pinhole defects in al-
uminium–silicon alloys, J Mater Sci. 52 (2017) 858–868. doi:10.1007/s10853-016-0381-y) 

In Sections 4.1 and 4.2 it was shown that silicon particles in heat-treated Al–Si casting alloys can contain 
flaws such as surface pinholes and grooves, which cause varying degrees of reduction in the in-situ par-
ticle fracture strength and hence influence the mechanical properties of this class of alloys. In this Sec-
tion, the formation of one class of such strength-limiting flaws in solidified and coarsened Si particles, 
namely surface pinholes, is shown to be caused by alloy impurities such as Fe and Ti in both binary 
eutectic Al–Si alloys and also in casting alloy A356. This is evidenced by using Focused Ion Beam serial 
sectioning tomography coupled with Energy-Dispersive X-Ray Spectroscopy, and confirmed by the ob-
servation that a high-purity Al–Si alloy presents a significantly lower proportion of pinholes along the 
surface of the silicon phase than does an alloy of commercial purity. A similar correlation between alloy 
purity and the formation of another, more severe strength-limiting particle defect, namely grooved in-
terfaces, was on the other hand not found. 

4.3.1 Introduction and examination of fractured particles 

In Sections 4.1 and 4.2, the strength of individual silicon particles was measured directly using a novel 
microscopic 3-point bending technique [410] or an ‘C-shape’ test in a SEM [411]. These approaches treat 
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individual particles as separate samples of material, each with their own microstructure and strength-
limiting flaws. The probed particles, which were extracted from a coarsened eutectic Al-Si alloy by deep 
etching in one case, and exposed out of a polished and deep-etched surface of a Al-Si-Mg alloy in the 
other case, could be classified into two groups: (i) those in which the surface subjected to tensile stress 
contained no pre-identified defects, and (ii) those that had a distinct microstructural defect visible along 
the tested surface (see Figure 4.6 and Figure 4.21). Results show that silicon particles from the first 
group have very high local strength values, commensurate with strength values found in specimens of 
the same size produced from electronic grade silicon [65] and thus approaching the theoretical strength 
of silicon. Particles from the second group were, on the other hand, found to be much weaker. The im-
plication is that silicon particles within Al-Si casting alloys can be very strong, but many of them feature 
defects along their surface that strongly reduce the particle strength, notably because they act as stress 
concentrators.  

Examples of silicon particles in binary Al-12.6%Si and A356 alloys in either as-cast or heat-treated con-
ditions are shown in Figure 4.26. The presence of defects on the particles such as surface holes or "pin-
holes" of various sizes (indicated with white arrows), surface step- or groove-like interfaces, burrs and 
necks is evident along the particle surfaces, in both alloy conditions. Figure 4.27 shows fractured silicon 
particles from macroscopic specimens of each alloy, in either condition, which were deformed in tension 
before selectively deep-etching the aluminium phase for SEM examination of the particles. Surface pin-
holes and internal "cavities" (the latter seen along the fracture surfaces in Figure 4.27 f and g) are here 
too indicated with white arrows. In most of these particles the fracture origin can be identified by ex-
amining the beach-marks and/or by following the river pattern on the particle fracture surface: these 
point to a stress-concentrating defect along the particle surface. Pinholes (or similar defects) were the 
fracture origin of particles in Figure 4.27 b, c, d, h and, arguably, a. The particle in Figure 4.27e fractured 
at a location situated along a neck (see low-magnification image in the inset); here, the precise fracture 
origin is a shallow surface groove, which is likely related to a twin plane. The particles in Figure 4.27 f 
and i broke at interfaces, the latter a deeply grooved one. All those flaws are important factors affecting 
the strength of the silicon particles within the alloy, and hence govern in turn the strength or toughness 
of the Al-Si based alloy. 

SEM examination of defects on silicon particles such as those in Sections 4.1 and 4.2, and in Figure 4.26 
and Figure 4.27, was made possible after subjecting each alloy to a deep-etching procedure, so as to 
selectively dissolve the primary aluminium phase over a depth of a few micrometres and expose silicon 
particles that were present within the microstructure. Even though the etching procedures, described 
in the next section, are generally known to be harmless to silicon (other than producing some nanome-
tre-thick surface oxidation, see the discussion in Subsection 4.1.3.3), it is not granted that the surface 
defects observed on silicon particles after etching were not modified by the etching procedure, particu-
larly if they were the seat of (removed) variations in the composition of the particle or if the defects 
neighboured second phases that were also dissolved. In the extreme, pinholes might even be suspected 
to be the result of a pitting corrosion mechanism during the deep etching procedure, rather than being 
intrinsic particle defects.  

To alleviate the limitations and concerns linked to the use of an etching procedure, in this work we in-
vestigate the (strength-limiting) Si particle defects identified earlier using FIB-tomographic examina-
tion of the microstructures within polished samples of two Al-Si alloys. Results reveal the presence of 
small intermetallic particles at the root of surface pinholes and in internal "cavities" within the silicon 
particles. Other defects, namely grooves and burrs, are on the other hand not linked to such impurities. 
To corroborate that surface pinholes are the result of the presence of impurities, an Al-Si alloy of very 
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high purity was also produced and compared to a lower purity alloy using a statistical survey of defects 
found along exposed Si particles.  

 

Figure 4.26 SEM images of silicon particles from an Al-12.6 %Si alloy (a1–a2) and from alloy A356 (b1–b2) 
exposed by selectively dissolving the aluminium matrix of the alloys in either the as-cast or heat-treated 
conditions. Several defects on the particles are observable (see main text); among them pinholes are in-

dicated with white arrows. (Reproduced from Mueller et al. [412]) 
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Figure 4.27 Fractured silicon particles from Al-12.6 %Si and alloy A356, in the as-cast and heat-treated 
conditions. The alloy samples were deformed in tension, followed by aluminium selective etching to ex-
pose the silicon particles for subsequent examination in the SEM. Surface pinholes (or similar surface de-
fects) and internal cavities along fracture surfaces are indicated with white arrows. In the insets, a lower 

magnification image of the fractured particle is shown. In most particles, the fracture origin can be identi-
fied and is found to be a stress-concentrating defect on the silicon particles: pinholes in (a), (b), (c), (d) 

and (h), a shallow-groove linked to a twin boundary in (e) and deep grooved interfaces in (f) and (i). (Re-
produced from Mueller et al. [412]) 

4.3.2 Materials and methods 

Two alloys, namely a binary eutectic Al–12.6 %Si alloy—also referred to as a standard-purity eutectic 
alloy—and a A356 alloy, were used to examine the silicon particles within their microstructure using 
FIB-tomography coupled with Energy-Dispersive X-ray Spectroscopy (EDXS) analysis. The chemical 
composition of these two alloys is given in Table 4-3. For Al-12.6 %Si, the as-cast condition refers to the 
state in which it was delivered by the producer, Alusuisse Technology & Management AG (Neuhausen 
am Rheinfall, Switzerland), within cast ingots roughly 40 cm × 9 cm × 2 cm in size. The heat-treated 
condition refers for this alloy to exposure for 7 days to 550 °C, a heat-treatment that was conducted with 
a goal to coarsen the silicon particles. The A356 alloy (from Alu Metall Guss AG, Gontenschwil, Switzer-
land) was cast by ourselves into a copper permanent mould producing a rod 15 cm high and 2 cm in 
diameter. Its heat-treatment was conducted at 540 °C during 6 h, followed by air cooling. 
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The FIB-tomographic examination was carried out along the surface of polished samples of the two al-
loys described above, in either the as-cast or heat-treated conditions. Progressive cross sections of sili-
con particles and their surrounding aluminium matrix were produced by ion-milling using 30 kV Ga+ 
ions and imaged using a secondary electron in-lens detector (which gives contrast based particularly on 
the electronic properties of the elements in a given phase). The apparatus used was a Zeiss™ NVision™ 
40 (Oberkochen, Germany) SEM/FIB dual-beam system. Local chemical analyses were conducted using 
qualitative EDXS at an electron acceleration voltage of 10 kV to identify the chemical elements of the 
observed phases (80 mm2 X-Max™ silicon drift detector from Oxford Instruments, Tubney Wood, Ab-
ingdon, Oxfordshire, UK). No automated FIB milling methods were used in this work; instead, the 
SEM/FIB operator controlled the progressive sectioning. In this way, the thickness of each successive 
section could be adjusted (between about 100 nm up to about 700 nm) according to the observed pres-
ence or absence of interesting features within the particle under investigation. When a defect was spot-
ted, its nature (i.e. whether it was a surface pinhole or a surface grooved interface for example) could be 
deduced by the analysis of successive cross sections. 

Moreover, a control experiment was performed with a goal to compare the occurrence frequency of 
pinholes on the silicon particles of the standard-purity eutectic alloy with that of this type of defects on 
the particles of a high-purity eutectic alloy (as shown in the next sections, the main finding of this work 
is that impurities cause pinholes on silicon particles). This high-purity eutectic alloy was produced in an 
induction furnace under an argon atmosphere using a carbon crucible and a steel mould 15 cm tall of 2 
× 2 cm square cross section. The mould was open at the bottom, where a large copper piece was attached 
for enhanced heat extraction by direct contact with the solidifying alloy. The crucible and the mould 
were beforehand coated with boron nitride. The raw materials were 5N6 aluminium (from Alcoa, Pitts-
burgh PR, USA) (see its chemical analysis in Table 4-4) mixed with 12.6 wt.% of polycrystalline silicon 
flakes of purity 5 N or higher (from Wacker Chemie AG, Munich, Germany). The temperature, measured 
on the crucible, was cycled 4 times between 650 °C and 900 °C to enhance dissolution of the silicon 
flakes and to homogenise the melt before casting at 800 °C. The alloy was subsequently heat-treated in 
the same way as the standard-purity Al-12.6 %Si alloy (i.e. 7 days at 550 °C). 

The control experiment consisted in individually examining, using the SEM, 225 silicon particles ex-
tracted from each of the standard-purity or the high-purity eutectic alloys in the heat-treated condition, 
and then counting how many of them featured pinhole defects on their visible surfaces. Results from the 
same measurement conducted with the standard-purity alloy have already been reported in Section 4.1 
[410]. 

The procedure used to extract particles from the alloys and to place them along a flat surface is based 
on chemical etching (using a solution prepared with H3PO4 85 %, CH3COOH 100 % and HNO3 70 % mixed 
in volume ratio 83:5.5:5.5 as described in detail in Section 4.1.1.2) or electro-chemical etching (using 
HNO3 6.5 % or NaCl in water as electrolyte) to selectively dissolve the aluminium matrix, then filtering 
the solution containing extracted particles by passing it through a filter paper to recover the particles, 
washing them with deionised water and ethanol and finally spreading them on a flat substrate that could 
be brought to the SEM after drying. 
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Table 4-3 Chemical composition in wt.% of the alloys used in this work for FIB-tomography and EDX ex-
amination. (Reproduced from Mueller et al. [412]) 

Alloy Si Mg Cu Fe Mn Cr Ni Ti Zn other 
(total) 

Al 

Al-12.6%Si 12.6±0.4 < 0.003 < 0.003 0.033 ± 
0.002 

< 0.003 < 0.003 < 0.003 < 0.003 < 0.003  bal 

            
A356 6.5 - 7.5 0.25 - 0.45 0.2 

max 
0.2 max 0.1 

max 
0.05 
max 

0.05 
max 

0.2 
max 

0.1 
max 

0.15 
max 

bal 

 

Table 4-4 Chemical composition in ppm of the 5N6 aluminium used, together with high-purity silicon, to 
produce the high-purity Al-12.6 %Si alloy. (Reproduced from Mueller et al. [412]) 

Li <0.002 Ti 0.14 Fe 0.26 As <0.009 Sb <0.009 Ca <0.2 
B 0.019 V 0.056 Ni <0.004 Zr 0.018 La 0.0056 Si 1.4 

Mg 0.92 Cr 0.11 Cu 0.24 Ag <0.01 Ce 0.041 Al bal 
P 0.056 Mn 0.087 Zn <0.01 Sn <0.02 Na <0.1   

 

4.3.3 Results 

4.3.3.1 FIB-tomography 

In the heat-treated standard-purity Al-12.6 %Si alloy, a total of 14 silicon particles embedded within the 
aluminium matrix were partially or fully sectioned using FIB-tomography. In 6 of those 14 silicon parti-
cles, a Fe-rich intermetallic particle containing also Al and Si and having submicronic dimensions was 
found at the bottom of what could be identified as a metal-filled surface hole (or “pinhole”); Figure 4.28a 
gives an example. Also, in this alloy no such Fe-rich particle was found to be fully encapsulated by a 
silicon particle, and only one was found to be surrounded by aluminium (i.e. not to be in contact with 
Si). 

In the same sample, ten other small intermetallic particles containing Al, Ti and Cr were also found; two 
of these were located at the root of surface pinholes on silicon particles (one is shown in Figure 4.28b). 
Of the remaining eight intermetallic particles, seven were located inside silicon particles, while one was 
embedded within the aluminium-rich phase. These particles were even smaller than the Fe-rich inter-
metallic particles mentioned above: their size was on the order of 100 nm. Given their small size, it is 
likely that many other particles of this kind were missed due to the relatively thick sectioning that was 
used. On their EDXS spectra, a small peak corresponding to Si was also present; however, it is not pos-
sible to tell whether that Si signal originated from the small intermetallic particle, from the silicon par-
ticle around it or whether it is simply an artefact (e.g. an internal fluorescence peak). 

Intermetallic particles similarly located within surface pinholes or fully embedded inside silicon parti-
cles were also found in the heat-treated A356 alloy. Several Fe-rich particles of size on the order of 100 
nm were found to be fully embedded within different silicon particles; one example is shown in Figure 
4.29a1 and the corresponding EDXS spectrum of the Fe-rich particle is given in Figure 4.29a2. The cav-
ities on the fracture surface of a silicon particle of this alloy shown in Figure 4.27g are possibly linked to 
such nanoscopic Fe-rich internal precipitates, which disappeared together with the aluminium matrix 
during the etching procedure. Moreover, Figure 4.29b1 shows a Ti-rich intermetallic particle within a 
surface hole on a silicon particle. In Figure 4.29b2, the EDXS spectrum of the intermetallic particle shows 
the presence of Ti, V and arguably some Ni. Measured Al, Si and Mg peaks could come from the interme-
tallic particle, but potentially also from the phases around it (the silicon particle and the aluminium 
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matrix). We note in passing that a particle smaller than 100 nm with its EDXS spectrum showing the 
presence of P, Al, Si and Mg was found within a silicon particle (data not shown); this could be a particle 
onto which silicon nucleated heterogeneously, see Section 2.1 [109,108,117]. 

FIB-tomographic examinations were also done on the standard-purity Al-12.6 %Si alloy in the as-cast 
condition. There again, Fe-rich intermetallics were found to be connected to silicon particles; however, 
in this condition their shape was very irregular, see Figure 4.29c. Similarly, Figure 4.29d shows a silicon 
particle of the as-cast A356 alloy featuring irregular Fe-rich intermetallic particles, both along its surface 
and within a surface hole. 

Such irregular intermetallic particle shapes were not observed in the heat-treated alloys, indicating that 
the intermetallic phases also undergo strong morphological changes upon heat-treatment (as do silicon 
particles). We note in passing that Fe- or Ti-rich intermetallics were not easy to find on silicon particles 
after deep-etching, suggesting that the intermetallics are mostly removed together with the aluminium 
matrix in the etching process. In other words, structures such as that in Figure 4.29d were a rather rare 
occurrence after deep-etching; instead, silicon surface pinholes are generally found to be empty when 
an etching procedure is used to extract and examine the silicon phase. 

Apart from surface pinholes and internal defects, we identified and examined eight groove- or step-like 
defects and four ridge-like features (or “burrs”) on the Al–Si interface of different embedded silicon par-
ticles of both alloys after heat-treatment. An example of a groove-/step-like interface is shown in Figure 
4.30, where the white arrows indicate the defect along successive sections. Two examples of burrs can 
be observed in the cross section shown in Figure 4.28b1, one of which is magnified in Figure 4.28b2. 
Along such embedded surface grooves, steps or ridges, nothing but aluminium and silicon were de-
tected. 

4.3.3.2 Control experiment 

A statistical comparison between the occurrence frequency of pinholes between high-purity and stand-
ard-purity eutectic binary Al–Si alloys was also conducted as a control experiment. Particles extracted 
by deep-etching from either alloy and spread on a flat substrate were examined one by one with the 
SEM to check whether they had any pinhole on their SEM-accessible surfaces. It was found that 32 % of 
the particles from the standard-purity alloy feature at least one surface pinhole (Figure 4.11, [410]), 
while only 6 % of the particles from the high-purity alloy do. Note that these numbers underestimate 
the actual proportion of particles featuring pinholes because particle facets in contact with the flat sub-
strate were not accessible for SEM examination, such that it was impossible to know whether pinholes 
were present on those facets or not. Such bias, nevertheless, is similar for both alloys and thus the ob-
served difference between them is conclusive. 
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Figure 4.28 SEM images obtained from cross sections of silicon particles embedded within the primary 
aluminium phase, produced by FIB milling. The alloy is Al-12.6 %Si. Images (a2) and (b2) are close-ups of 
the area indicated in (a1) and (b1), respectively, which correspond to pinholes on the surface of the sili-

con particles. EDX spectra (a3) and (b3) correspond to the intermetallic particles indicated with an arrow 
on images (a2) and (b2), respectively. In images (b1) and (b2), a burr-like ridge on the silicon surface can 

also be observed. (Reproduced from Mueller et al. [412]) 

 

Figure 4.29 (a)–(c) SEM images of silicon particles within the aluminium–silicon alloys obtained from 
cross sections produced by FIB milling. (a1) and (b1) show an intermetallic particle inside silicon and in a 
surface feature, respectively, in a A356 heat-treated alloy. (a2) and (b2) are the EDX spectra correspond-
ing the intermetallic particles indicated with an arrow in (a1) and (b1), respectively. (c) Cross section of a 
silicon particle within aluminium showing the presence of irregular (eutectic) Fe-rich intermetallic phase 
in the as-cast Al-12.6 %Si alloy. (d) SEM image of a silicon particle extracted by deep-etching from the as-
cast A356 alloy showing irregular (eutectic) Fe-rich intermetallic phase on its surface and in a shallow pin-

hole defect. (Reproduced from Mueller et al. [412]) 
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Figure 4.30 (a)–(f) Successive cross sections produced by FIB milling of a silicon particle within aluminium, 
imaged using the SEM. The white arrows indicate a groove-/step-like interface; here, no intermetallic 

particle became apparent. (Reproduced from Mueller et al. [412]) 

4.3.4 Discussion 

The FIB-tomography investigation shows conclusively that, at the root of surface pinholes and inside 
internal defects of silicon particles, there are Fe-rich or Ti-rich intermetallics. Moreover, the control ex-
periment shows that far fewer pinholes exist along the surface of silicon particles within a high-purity 
alloy compared to a standard-purity alloy, which further demonstrates the link between the occurrence 
of those flaws and the presence of Fe- or Ti-containing intermetallic second phases.  

Fe and Ti impurities are therefore linked with the formation of this particular strength-reducing Si par-
ticle defect. Whether this is one of the main mechanisms by which those impurities reduce the mechan-
ical properties of aluminium casting alloys could, on the other hand, not be determined here, for two 
reasons: (i) these impurities exert other influences on the alloy microstructure (e.g., they also appear as 
large brittle intermetallic particles and can affect the Si particle size and distribution), and (ii) there are 
other, more strongly strength-limiting, defects in Si particles that do not seem to be triggered by the 
presence of Fe, Ti or other impurities. Grooves, which are shown here not to be correlated with the 
presence of intermetallic precipitates, are one important example.   

In Al-Si alloys, Fe-rich intermetallics are virtually always present to some degree: Fe, which has very 
limited solid solubility [147,445] in aluminium alloys, is one of the main alloy impurities (it is sometimes 
also used as a deliberate alloying element in hypereutectic Al-Si alloys [446]). The most common and 
important known Fe-intermetallic is the ߚ-Al5FeSi phase. This normally forms large and elongated plate-
lets [447], which are at times connected, at times not, to silicon particles [448] and are known to severely 
reduce the alloy ductility [21]. Another common Fe-containing phase is the ߙ-Al8Fe2Si intermetallic, 
which has a Chinese-script morphology [445]. Also small Fe-rich particles (closer to those observed in 
the present work) have been observed before using Electron Back-Scatter Diffraction in Al-Si alloys 
[112,449]. In fact, there are many other intermetallic phases that can form in the Al-Si-Fe system 
[118,445,450] and their number increases significantly when other alloying elements such as Cu, Mg, 
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Mn, Ti or Ni are present [149,450]. We have not sought here to identify the exact crystallographic nature 
of the various small intermetallic particles that were found within Si pinholes, in part because there is 
uncertainty on their composition with the method used here: quantitative EDXS results can be affected 
by the surrounding phases, given the small size of the intermetallic particles compared to the interaction 
volume of 10 kV electrons. 

Ti, Cr and V are impurities normally found in aluminium alloys, though in lesser proportion than Fe. In 
particular Ti is widely used for grain refinement, notably through added Al-Ti-B grain-refining master 
alloys [451]. Even though the exact mechanisms of grain refinement in aluminium wrought and casting 
alloys are not yet fully understood, it is known that operative phases are TiAl3 and TiB2 [452,453] (the 
EDXS analysis in this work unfortunately cannot detect B). A number of intermetallic phases containing 
different combinations of Ti, Cr, Zr, V, Al, Si, Mg and Cu have also been identified in a recent study on an 
Al-Si casting alloy [454]; this is in line with our findings of Ti-Cr and Ti-V together with Al forming in-
termetallic phases in the present alloy. 

It is interesting that small particles such as those Fe- or Ti-containing intermetallics are able to pin the 
Al–Si interface so strongly as to form circular holes that are, at times, many particle diameters deep, see 
Figure 4.26 to Figure 4.28. Likely, this betrays values of the interfacial energy between those interme-
tallics and silicon that exceed the interfacial energy between those intermetallics and aluminium (2D 
“contact angles” of Si on the intermetallic, Figure 4.28 and Figure 4.29, suggest this; note, however, that 
one must be careful with the transposition to 3D of values measured along individual 2D sections). An-
other cause for the formation of relatively deep pinholes might be the likely anisotropic distribution of 
the solid Al–Si interfacial energy with interface orientation. This will in turn create torque terms, which 
could prevent Al–Si interfaces from meeting to engulf intermetallic nanoparticles within the much larger 
coarsening Si particles. 

Another feature that can be noted, particularly on the edges of coarsened silicon particles, is ridges re-
sembling burrs, Figure 4.26a2. Their presence is easily explained as a result of local capillary equilibra-
tion along the triple line formed where an aluminium grain boundary meets the Al–Si interface; see Fig-
ure 4.28b1–b2. With Al-Si interfacial energies on the order of 0.26 to 0.40 J/m2 (from the values for Si 
with liquid aluminium at the eutectic temperature [455–457]) and aluminium grain boundary energies 
roughly between 0.2 and 0.6 J/m2 [458,459], given the long hold times and high temperatures of heat-
treatment, the formation of broad ridges characteristic of equilibration with a finite dihedral angle in 
the middle of the range between 0 and 180° makes sense. Along the linear burr-like ridges no interme-
tallic particles were observed; this was also the case for the grooves and the steps. While it remains a 
possibility that impurities smaller than can be caught at the resolution of the present technique (i.e. in 
the order of a couple of tens of nanometres) might actually exist there, there is a clear difference be-
tween what was found along these kinds of defects, and what was found at the bottom of surface pin-
holes, where intermetallic particles were readily visible and could be identified as the cause underlying 
formation of that particular class of strength-limiting silicon particle defect. 

4.3.5 Conclusions 

In conclusion, this body of work complements Sections 4.1 and 4.2, in which the strength of individual 
silicon particles from Al–Si alloys was measured to show that there are identifiable, specific defects that 
weaken Si particles in aluminium casting alloys. It is demonstrated here, using FIB-tomography and 
EDXS examination of Al-12.6 %Si and A356 alloys, that: 
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(i) Burr-like defects exist on the edges of some coarsened silicon particles. These are a conse-
quence of capillary force equilibration where aluminium grain boundaries meet the particles 
(and are not associated with the presence of other second phases). 

(ii) Groove- and step-like defects on silicon particles are also not linked to impurity-containing 
intermetallic particles; their existence is therefore likely related to mechanisms of Si particle 
growth or coarsening. 

(iii) Pinholes found along the surface of etched silicon particles are not voids but contain, in the 
alloy, submicronic Fe-rich or Ti-rich intermetallic particles at their root, and are otherwise 
filled with the aluminium-rich primary phase. 

The well-known deleterious influence of impurities in aluminium casting alloys is thus twofold: not only 
are impurity-containing intermetallics weak second phases that promote the early onset of internal 
damage, but they also form stress-concentrating “pinhole” defects that contribute, together with other 
silicon particle defects found here not to be connected to those impurities, to decrease the silicon parti-
cle fracture strength to values below the ideal strength of Si. 
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 Summary and conclusions 
In this Chapter, a summary of the work developed in the previous Chapters is presented in 

Section 5.1, followed by the statement of the main conclusions of this thesis in Section 5.2. 

5.1 Summary 
At the time the present project started, the state of the art of micromechanics of two-phase (brittle-
ductile) materials included significant progress in modelling the relations between local and global me-
chanical properties, several existing experimental approaches to measure average phase properties, 
and an important body of work on the properties of the ductile phase at small scale. There was, however, 
still a lack of direct assessment of the local fracture properties of the brittle phase in such alloys or com-
posites. This applies specifically to Al-Si-based casting alloys, where the fracture of brittle, microscopic, 
silicon particles strongly affects the alloys’ mechanical properties.  

In view of this, the present work focused on:  

 developing micromechanical testing techniques to probe the fracture toughness and the local 
strength of hard, brittle, particulate, second phases in alloys and composite materials; and  

 studying, notably using those techniques, the local fracture properties of eutectic silicon parti-
cles that constitute the main second phase in Al-Si alloys.  

To measure fracture toughness at the micron-scale, a microscopic chevron notch fracture toughness test 
was developed using two benchmark materials, namely a bulk sample of fused quartz, whose fracture 
toughness is well-documented in the literature and thus enabled checking the accuracy of the novel 
method, and nanocrystalline alumina fibres 12 μm in diameter, which are material samples that are 
closer (but simpler) than reinforcing particles such as silicon particles in Al-Si alloys. 

The chevron notch test has a fundamental advantage over common existing methods that use a pre-
notch to simulate a sharp crack. Namely, fracture toughness is measured on an actual (sharp) crack: by 
virtue of the geometry of the chevron notch, a crack is first initiated and then undergoes stable growth 
before reaching the point of instability (in a valid test).  

A main experimental challenge was shown to be the proper micromachining of a sufficiently thin and 
sharp notch that would enable crack initiation at applied loads low enough to allow for subsequent sta-
ble crack growth. Indeed, preliminary attempts to measure the fracture toughness of eutectic plate-like 
silicon particles that were extracted from an Al-Si alloy were unsuccessful because stable crack initiation 
could not be achieved. This problem was also consistently encountered in tests on material from a single 
crystalline silicon wafer. In this material, after trying many different approaches to initiate a stable crack 
in the chevron-notched samples, a fairly effective but tedious work-around was found. It consisted in 
applying small, cyclic, elastic deformation to the cantilever with a micromanipulator in the SEM/FIB 
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apparatus before the actual mechanical test in the nanoindenter. The specific mechanism by which this 
promotes crack initiation at the notch at relatively low loads could not be positively determined.  

In this way, a limited number of valid microscopic chevron notch tests on single crystalline silicon wafer 
could be produced. Results indicate that stable crack growth in the (111) fracture plane of silicon can 
proceed as a series of erratic crack extension and crack arrest events. Consecutive crack extension epi-
sodes, which provide measurements of the material fracture toughness, are found not to necessarily 
occur at a constant critical strain energy release rate value.  

The proposed responsible mechanism for this complex crack growth behaviour is the presence of lim-
ited (but finite), stochastic, dislocation activity at the crack tip, producing varying levels of crack tip 
shielding. This is also consistent with the fact that fracture energy values of the (111) fracture plane of 
silicon, measured here and also in the literature, are typically over and above the expected value in a 
perfectly brittle material, of twice the surface energy.  

To measure local strength, a microscopic 3-point bending technique was developed and used to probe 
coarsened, plate-like, eutectic silicon particles extracted from a heat-treated Al-12.6Si alloy. Using a 
trapezoidal cross section beam design and by virtue of the specific way in which specimens are pre-
pared, the particle surface subjected to tension upon testing is free from FIB damage even though FIB-
milling is used in sample preparation. From the measured fracture force, particle strength can be calcu-
lated using two possible approaches: bespoke finite element modelling, and an analytical expression 
from simple beam theory. 

An alternative microscopic local strength test method was also developed and used to probe eutectic 
silicon particles protruding from the surface of a deep-etched sample of heat-treated Al-7Si-Mg (A356) 
alloy. Most tested particles were beforehand micromachined into a C-shape using FIB-milling. Tests 
were run in-situ within an SEM using an instrumented needle to deform individual particles, which pro-
duces tensile stress states that eventually lead to fracture along a particle surface region that is free from 
ion beam-induced artefacts. 

Strength results from those two tests show that the measured values depend strongly on the presence 
or absence of certain surface defects (which have been identified in this thesis), as follows. 

In the case of silicon plate-like eutectic particles without visible defects on their probed surface, local 
strength values up to 9 GPa for probed effective surface area of ~7 μm2 were measured using the micro-
scopic 3-point bending method on particles extracted from a heat-treated Al-12.6Si alloy. Moreover, 
particles roughly 10 times smaller of a heat-treated A356 alloy tested in-situ in an SEM resulted in sim-
ilar strength values in the range 7 – 16 GPa along defect-free surfaces.  

Such high strength values, which approach silicon’s theoretical strength and are comparable to strength 
measurements reported in the literature on ultra-pure silicon samples of similar size shaped using lith-
ographic techniques, had not been reported before for silicon particles within Al-Si alloys.  

In contrast, significantly lower local strength values are measured on particles that feature visible sur-
face defects. The main strength-limiting defects on silicon particles were identified as: 

- surface grooves, typically at interfaces between two silicon crystals, and 

- surface pinholes. 
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Other, less detrimental, defects identified were: 

- surface steps, 

- shallow grooves or ridges produced by twin boundaries at particle edges, and 

- surface burrs. 

These observations are in agreement with SEM examinations of the fracture surfaces of silicon particles 
within Al-Si samples deformed macroscopically in tension. Here, visible particle surface defects were 
frequently observed to be crack initiation sites. 

Finally, a study using FIB-milling cross-sectioning coupled with EDX analyses on silicon particles within 
Al-Si showed that:  

- Pinholes, as well as internal cavities, are filled with an intermetallic phase and are thus connected 
to the presence of alloy impurities, namely Fe and Ti.  

- In contrast, no intermetallic phases were detected in surface grooves and around surface steps, 
hence their occurrence is likely a consequence of particle growth and coarsening.  

- Surface burrs are produced upon heat treatment at the point where a -Al grain boundary meets 
a silicon particle. 

5.2 General conclusions 
 The chevron notch fracture toughness test is extended to the microscale. The main advantage 

over existing microfracture methods is that it probes the material’s resistance to the growth of 
a real, sharp, crack.  

 This test method, which was successfully demonstrated on two benchmark materials, is incon-
venient to probe silicon because early crack initiation and stable crack growth are difficult to 
achieve in this specific material. 

 Two novel techniques are exposed towards measuring the local strength of silicon particles 
within heat-treated Al-Si alloys, namely a microscopic 3-point bending test, and an in-situ C-
shape test. 

 Most silicon particles in the studied Al-Si alloys feature visible surface defects, some of which 
strongly decrease particle strength. 

 The most deleterious defects, i.e. surface grooves produced at interfaces between two silicon 
crystals, are most probably related to particle growth and coarsening mechanisms. On the other 
hand, pinhole defects are caused by the presence of alloy impurities, namely Fe and Ti.  

 Defect-free particles within Al-Si can be as strong as ultra-pure silicon at the microscale, and 
approach the theoretical strength of Si, reflecting the true potential of silicon particles as rein-
forcements in Al-Si alloys if particle strength-limiting defects identified in this work can be sup-
pressed.   
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 Outlook 
This brief perspective of the work presented in this thesis will consider methods- and material-

related aspects separately in the following paragraphs. 

In the author’s viewpoint, future developments on small-scale fracture toughness testing should stick to 
the concept that crack growth resistance must be measured on real cracks. Even though achieving this 
at microscopic scale is a substantial challenge compared to testing pre-notched samples, the methodol-
ogy developed here (i.e. the miniature chevron notch test) is an example of the fact that it can be accom-
plished even in brittle materials. It would be interesting to explore other more effective and convenient 
ways to achieve this. In particular, strategies to ease crack initiation at low loads should be developed. 
These could be based on probing more stable structures such as clamped bending beams, for example. 
In this line, a design using the chevron notch approach in bowtie-shaped clamped beams was published 
very recently [248]. Alternatively, new micromachining technologies and/or methods may become 
available by which less damage and a sharper apex at the chevron notch could be produced.  

Regarding the fracture toughness of silicon second-phase particles in Al-Si alloys, a measurement 
thereof would be valuable because this property is sometimes used in micromechanical modelling. Val-
ues that are considered are typically those measured on ultra-pure single crystalline silicon; however, 
silicon particles in alloys are known not to be that pure (e.g., they can contain aluminium nanoprecipi-
tates, see Figure 2.23). Unfortunately, the present work was not able to give a fracture toughness meas-
urement of silicon particles. In principle, the crack-initiation work-around used to probe single crystal-
line silicon wafer (Section 3.3) could be applied to produce fracture toughness measurements of silicon 
particles following a procedure such as in Section 3.2. This was not done in this work simply due to 
resources limitations (time and SEM/FIB accessibility). Priority was given to the investigation of particle 
strength rather than to fracture toughness measurements because the former is a property that can be 
improved significantly by metallurgical processes (aiming at avoiding particle defects) whereas less can 
a priori be done to enhance the Si particle fracture toughness.  

Micromechanical strength testing of brittle second-phases in alloys or reinforcing phases in composites 
will likely be an active topic in the following years, driven by enabling technologies and techniques that 
become increasingly available. In this sense, the main idea of the microscopic C-shape test, which is to 
produce bending in a pristine volume of material upon the application of a compressive force (inspired 
from a macroscopic test developed for ceramic bearings [348]), can be readily exploited on many other 
particles or short fibres used as reinforcement in metal matrix composites (e.g., Al2O3, SiC or B4C; in fact, 
the present work on C-shape testing of Si particles was conducted in parallel with the thesis of my col-
league Vaclav Pejchal, who developed an alternative version of this test to measure the strength of alu-
mina reinforcements [441]). Appropriate techniques to characterize the strength of microscopic parti-
cles depend on the specific shape of the particles. For example, to probe platelets, the microscopic 3-
point bending test developed here is appropriate (if possible done in an SEM to ease alignment) and has 
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been already applied elsewhere recently in the literature [442]. Awareness of the deleterious effect on 
strength of stress-concentrating defects shall also be of interest to developments in processing routes. 

A main conclusion of this thesis is that an objective of future alloy development of coarsened Al-Si alloys 
could be the avoidance of silicon particle strength-limiting defects that were here identified. This would 
delay the onset of particle fracture and hence enhance the strength and ductility of this important class 
of alloys. To avoid pinhole defects, it was shown here that a high purity composition is required. This, 
unfortunately, is cost-prohibitive for most industrial applications. Efforts should therefore rather be fo-
cused on avoiding the most deleterious defects, which are particle-particle interfaces and other particle 
surface grooves. This is a challenging undertaking because these defects seem to be produced on pre-
cipitated particles no matter the alloy cooling rate and heat treatment. Indeed, in side-excursions done 
in the context of this thesis, the presence of defects was observed even in the two following extreme 
cases: in melt spun Al-Si ribbon (i.e. very high solidification rate) subjected to only a few minutes of heat 
treatment, and in alloys solidified very slowly in a furnace. It was also observed that defects do not dis-
appear after extremely long heat treatments (several weeks). 

To tackle this challenge, the mechanisms by which these type of strength-limiting particle defects occur 
need first to be better understood. One could pursue the idea of finding alloying elements that discour-
age the merging of growing silicon crystals, for example by affecting the energetics of the Si/Al interfa-
cial or Si/Si grain boundary energies. On the other hand, if the formation of these particle defects cannot 
be avoided, an alternative line of research could be based on exploring ways of fracturing the weak par-
ticles into separated, stronger, particles during processing, healing afterwards the crack formed be-
tween the two. To achieve this, a potential approach could be stirring (i.e. shearing) vigorously the alloy 
in semi-solid (mushy) state, as is done in semi-solid metal casting processes (e.g., rheocasting and thix-
ocasting). These processes, which are applied to alloys with compositions having a solidification tem-
perature range (i.e. a solid-liquid region in the phase diagram), break up the dendrites of the primary 
phase and hence lead to more globular and homogeneous microstructures. Although in principle this 
approach seems unsuitable to break up the eutectic silicon phase too, claims have been made that also 
Al-Si alloys of eutectic composition can be rheocast [460] and eutectic silicon fragmentation has been 
reported on a rheocast hypereutectic Al-Si alloy [461]. 

Alternatively, it could be envisaged to fracture intentionally the weakest eutectic particles within the 
alloy in the solid state (i.e. after casting). This might be achieved using, for example, a powerful ultra-
sound horn to produce strong vibrations, which would produce periods of tensile stress within the par-
ticles that shall be high enough to produce particle fracture at particle stress concentration sites. Such 
an approach would require a subsequent step, namely the healing of the damage by filling with alumin-
ium the cracks formed due to particle fracture, which may potentially be achieved through heat treat-
ment. Incidentally, note that ultrasonic treatments on Al-Si alloys have been the subject of past research 
efforts, where its use was to treat the melts with the objective of obtaining finer microstructures. To the 
author’s best knowledge, there are no reported works in the literature that explore the above-described 
idea of using a strong ultrasonic horn on solidified alloys to deliberately introduce damage on weak 
spots that could subsequently be healed resulting in an alloy with enhanced mechanical properties. 
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