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This study presents a design strategy for Al–Mg–Si alloys to control natural aging. Recently, 

trace addition of Sn was shown to suppress natural aging for up to two weeks, which was 

explained by the strong trapping of vacancies to Sn atoms. Here we explore the effect of 

solution treatment temperature, the combination of trace elements such as Sn and In, and the 

composition of main hardening elements Mg, Si and Cu on natural aging. The results are 

discussed based on the dissolvable amount of trace elements and their effect on diffusion 

retardation, and solute clustering mechanisms in Al–Mg–Si alloys. Thermodynamic 

calculations using the CALPHAD approach show that maximum retardation of natural aging 

is achievable at the highest trace element solubility, which exists at significantly different 

solution treatment temperatures for Sn or In. The effects of Mg, Si and Cu content on natural 

aging kinetics are interpreted via their influence on the Sn solubility and clustering 

mechanisms. It is proposed that Sn additions reduce the concentration of excess vacancies, 

which is most important for early Si clustering, and that the effect of Cu is comparable to the 

effect of Sn, but less pronounced. Based on the investigated parameter space, a design 

concept is proposed and an Al–Mg–Si alloy showing suppression of natural aging for > 6 

months and significant artificial aging potential is demonstrated.  
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elements 
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1. Introduction 

 Age hardenable Al–Mg–Si alloys (6xxx-series) are widely used in the transport, 

automotive, shipbuilding, and aviation industry [1–3]. Aluminum allows lightweight 

construction for improved fuel efficiency and reduced CO2-emissions. 6xxx-series alloys are 

especially attractive as they combine good formability with medium to high strength after age 

hardening, good corrosion resistance, and weldability. In the automotive industry, for 

example, they are used as outer skin alloys, for non-decorative inner parts, and structural or 

crash components with individual property criteria [1–5]. Yet, the ever-growing demand to 

increase formability and strength for more complex parts of lower weight drives the alloy 

development considerably [4–7].  

 The delivery of semi-finished products mostly occurs after quenching to enable forming 

operations at low strength prior to the final heat treatment to gain high strength [4,8–10]. 

During natural aging (n.a.), which starts directly after quenching from solution heat 

treatment, the material hardness increases due to solute clustering of Mg- and Si-atoms [11–

15]. This generates two problems for the transportation industry: first, dynamic hardening 

during n.a. reduces formability [4]; second, clustering results in a negative effect of n.a. on 

subsequent artificial aging (a.a.) [12,13,16–18]. The transportation industry, however, 

requires several months of stable formability combined with good a.a. performance so as to 

obtain reproducibility of designs that have increasing complexity [4,10]. Hence, pre-aging 

treatments have been developed to improve a.a. and to achieve a relatively “stable” material 

state [8,10,19–22]. Pre-aging treatments, however, result in undesired hardness increase [10].  

 This study presents a novel design strategy for 6xxx-alloys to achieve maximal 

suppression of n.a. hardening after quenching while still achieving a potential for significant 

a.a. The study builds on recent research showing that trace tin (Sn) addition to the alloy 

AA6061 can suppress n.a. for 2 weeks and simultaneously improve the a.a. potential [23–25]. 
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Here, detailed investigation of the effects of solution treatment temperature and Mg, Si and 

Cu content in alloys, with and without trace element additions, leads to a designed Al–Mg–Si 

alloy showing n.a. stability for more than 6 months. 

 

2. Methods 

 Table 1 shows the alloys studied here. Alloys 1-13 were produced at the laboratory 

scale starting from AA6061 base alloys. After re-melting, pure Mg, Si, Cu, Sn or Sn+In were 

added to the base alloys to obtain the compositions listed in Table 1. Ar gas purging was 

applied to reduce the hydrogen content before the alloys were cast to slabs. After cutting and 

homogenization, hot rolling was conducted. To check the chemical composition of the final 

sheets, optical emission spectrometry and, for In, inductively coupled plasma mass 

spectroscopy, were used. Alloys 14 and 15 with and without Sn addition were industrially 

produced and supplied by AMAG rolling GmbH in the form of wrought plates. Note that all 

chemical compositions in Table 1 are near to commercial AA6061 alloys.  

Table 1: Composition of alloys (Al in balance) 
Alloy Symbol Sn Sn In Mg Si Cu Fe Mn Cr Zn Ti 

 MgSiCu [at.ppm] [wt.%] [wt.%] [wt.%] [wt.%] [wt.%] [wt.%] [wt.%] [wt.%] [wt.%] [wt.%] 
1 ↓↓↓ 430 0.188  0.82 0.63 0.232 0.59 0.111 0.147 0.059 0.079 
2 ↓↓↓ 96 0.042  0.78 0.61 0.210 0.493 0.119 0.154 0.045 0.040 
3 ↓↓↓ 70 0.030  0.79 0.58 0.213 0.482 0.11 0.147 0.057 0.088 
4 ↓↓↓ 6 0.0026  0.81 0.62 0.220 0.485 0.111 0.146 0.059 0.081 
5 ~~~ 94 0.041  0.87 0.72 0.300 0.510 0.118 0.148 0.045 0.041 
6 ↑~~ 94 0.041  0.96 0.71 0.288 0.456 0.116 0.147 0.044 0.043 
7 ↓~~ 96 0.042  0.77 0.73 0.298 0.462 0.117 0.148 0.045 0.042 
8 ~↑~ 91 0.040  0.85 0.83 0.287 0.449 0.116 0.147 0.045 0.043 
9 ~↓~ 94 0.041  0.86 0.61 0.245 0.456 0.116 0.148 0.045 0.042 
10 ~~↑ 91 0.040  0.84 0.70 0.379 0.443 0.115 0.150 0.043 0.043 
11 ~~↓ 89 0.039  0.86 0.74 0.203 0.476 0.116 0.151 0.045 0.044 
12 ↓↓↓ 98 0.043 0.039 0.78 0.62 0.211 0.5 0.118 0.152 0.045 0.039 
13 ~~~ 91 0.040 0.04 0.84 0.71 0.245 0.447 0.115 0.150 0.043 0.044 
14 ↓⬇↑ 96 0.042  0.78 0.434 0.357 0.455 0.109 0.136 0.047 0.056 
15 ↓⬇↑ 5 0.002  0.76 0.411 0.355 0.452 0.109 0.138 0.045 0.053 
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 Solution heat treatment of hardness test samples was performed in a circulating air 

furnace (Nabertherm N60/85 SHA) at temperatures between 510-570 °C for 1.2 × 103 s. 

Subsequent quenching was carried out in water at room temperature and, for n.a., samples 

were kept in a Peltier-cooled incubator IPP (Memmert) at 25 °C. Artificial aging was 

undertaken in an oil bath. 

 Brinell hardness measurements (HBW 2.5/62.5) were carried out using an EMCO-Test 

M4 unit. A maximum standard deviation of 2.0 HBW was achieved.  

 Thermodynamic calculations of the alloys were performed using FactSageTM 6.4 

software [11] together with the FACT FTlite light alloy database (2014). For the equilibrium 

calculations the alloy compositions according to Table 1 were entered and all possible phases 

selected from the databases. Data of phases and their stabilities, compositions and element 

solubility were calculated between 320 °C and 600 °C.  

 

3. Results 

3.1. Influence of solution treatment temperature 

 Figures 1 and 2 show the effect of solution treatment temperature on n.a. kinetics of 

alloys 1-3 containing 430, 96 and 70 at. ppm Sn, respectively, and alloy 4 (Table 1). Alloy 4 

represents the “Sn-free” reference alloy with low Mg, Si and Cu content (↓: low, symbol: 

↓↓↓) and commercial amounts of impurity elements (compare ref. [23]). A solution heat 

treatment at 570 °C is compared to 550 °C, 530 °C and 510 °C. After annealing at 570 °C, the 

alloys containing 430 and 96 at. ppm Sn preserve the as-quenched hardness for ~14 days 

(Fig. 1a). The alloy with 70 at. ppm Sn starts hardening after more than 4 days (Fig. 1b). At 

lower solution treatment temperatures hardening starts earlier, followed by a steep 

logarithmic increase in hardening. Between 530 °C and 570 °C, all alloys reach comparable 

hardness maxima, which is in contrast to a lower peak hardness after annealing at 510 °C. 
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 The “Sn-free” reference alloy 4 starts hardening within minutes and exhibits similar 

kinetics after all solution treatment temperatures (Fig. 2). Between 530 °C and 570 °C, 

hardness values are similar. After annealing at 510 °C, in contrast, the alloy shows ~5-8 

HBW lower hardness until 360 days. The final hardness maxima, however, are comparable to 

the Sn-added alloys 1-3 after same heat treatments. 

 

3.2 Addition of In as a second trace element 

 To elucidate the effect of combined Sn and In addition on n.a. kinetics (Fig. 3), alloys 

12 (symbol: ↓↓↓) and 13 (symbol: ~~~) with low or average Mg, Si and Cu content contain 

~0.04 wt.% In (~100 at. ppm, Table 1) in addition to ~0.04 wt.% Sn. Figure 3 shows the n.a. 

curves after annealing at 530 °C and 570 °C. The In-added low-alloyed alloy starts hardening 

after ~14 days nearly independent of solution treatment temperature. The In-added average 

alloy shows slightly retarded hardening kinetics after 530 °C compared to annealing at 570 

°C.  

 

3.3 Influence of Mg, Si and Cu content 

 To evaluate the influence of Mg, Si and Cu on n.a. kinetics for alloys with Sn addition, 

Fig. 4-6 compare the average alloy 5 (symbol: ~~~; for Mg Si Cu), with alloys containing 

~0.1 wt.% higher (↑: high) or lower (↓: low) concentrations of the corresponding element 

(Table 1). After annealing at 570 °C (Fig. 4a-6a) the average alloy starts hardening after ~1 

day; after 530 °C (Fig. 4b-6b) n.a. starts earlier. Alloys 8 (symbol: ~↑~) and 9 (symbol: ~↓~) 

with high or low Si content demonstrate a significant influence of Si on hardening kinetics 

(Fig. 4). After both solution treatment temperatures, a higher Si content (0.83 wt.%) results in 

earlier hardening than the average alloy. With lower Si content (0.61 wt.%) hardening is 

retarded, starting after ~7 days after annealing at 570 °C (Fig. 4a). For Mg-variation (Fig. 5, 
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alloys 6 and 7), a weaker effect on n.a. kinetics is found, although the trend is similar to Si: a 

lower Mg content produces slightly retarded n.a. hardening and vice versa. Cu variations 

(Fig. 6) show a general tendency to marginally retard hardening with increasing Cu content. 

 Further, for the alloy with high Si content, significantly higher initial hardness values 

are measured after annealing at 570 °C. The same applies for high Mg content, but less 

pronounced as compared to Si. For Cu variations, no significant shift of the initial hardness is 

seen.   

 

3.4 Thermodynamic calculations 

 The thermodynamic calculations in Fig. 7 show the temperature-dependent Sn 

solubility in the fcc Al matrix between 320 °C and 600 °C for alloys 1, 3 and 14 (Table 1). 

The low alloyed alloys with 430 and 70 at. ppm Sn show the maximum solubility of Sn at 

570 °C (Fig. 7). At lower temperature the solubility decreases. Similar values were calculated 

for alloy 2, but for the sake of clarity not shown in Fig. 7. The same trend applies for alloy 

14, but at 570 °C it exhibits a higher Sn solubility. 

 For combined Sn and In addition, the thermodynamic calculations in Fig. 8 show two 

contrary effects of the Sn and In solubility for alloys 12 and 13, with low and average Mg, Si 

and Cu content, respectively. The higher the Sn solubility, the lower the solubility of In and 

vice versa, because with decreasing temperature, the In solubility increases. 

 To evaluate the influence of Si, Mg and Cu on Sn solubility, Figs. 9a-c compare the 

thermodynamic calculation of the average alloy 5 to alloys 6-11 with varied element contents. 

According to the calculations, Si addition (in blue) significantly reduces the Sn solubility at 

temperatures above ~550 °C and below 530 °C (Fig. 9a). An opposite effect is found for 

lower Si content (in pink). Similar to Si, Fig. 9b indicates a lower Sn solubility for higher Mg 
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concentrations. For Cu variations, the thermodynamic calculations between 0.20 and 0.38 

wt.% Cu do not suggest any influence on the Sn solubility (Fig. 9c). 

 

4. Discussion 

 The results showed that n.a. kinetics of the Sn-added Al–Mg–Si alloys is significantly 

influenced by the Sn content, the solution treatment temperature applied, the Mg, Si and Cu 

content and additional trace elements.  

 

4.1 Solution treatment temperature 

The n.a. results of alloys 1-3 with 430, 96 and 70 at. ppm Sn in Fig. 1 showed after solution 

heat treatments between 570 °C and 510 °C earlier hardening with decreasing temperature. In 

contrast, the n.a. kinetics of the “Sn-free” reference alloy 4 showed no dependence on 

solution treatment temperature (Fig. 2). The lower hardness level of the alloy after annealing 

at 510 °C is supposed to result from the reduced Mg and Si solubility at this temperature in 

fcc Al, because of the solvus temperature of Mg2Si being >510 °C (not depicted). The same 

applies for the lower peak hardness of alloys 1-3 at 510 °C. The other results can be 

interpreted with the Sn solubility calculations in Fig. 7.  

 For the solution heat treatments applied, it is assumed that the total amount of Sn 

dissolved at the solution treatment temperature is quenched-in, resulting in a concentration of 

Sn in fcc Al 𝑐%& at room temperature. This implies that the maximum quenchable 𝑐%& is 

limited by the Sn solubility at a given solution treatment temperature. According to the 

calculations in Fig. 7, at lower temperature the Sn solubility decreases, which reduces 𝑐%& at 

room temperature. To quantify the retardation of n.a. hardening at temperature 𝑇 due to Sn 

additions, we recently proposed a retardation factor 𝑅 [23] which shows a linear dependency 

on 𝑐%&,  
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   𝑅 = 1 + 12𝑐%&(𝑒∆012/45)                                                                             (1) 
 

Where ∆𝐸%8 is the solute-vacancy binding energy and 𝑘 the Boltzmann’s constant. Thus the 

link between the influence of solution treatment temperature on retardation of n.a. hardening 

(Fig. 1) and the calculated temperature-dependency of the Sn solubility (Fig. 7) can be easily 

established. A lower quenched-in 𝑐%& at room temperature with decreasing solution treatment 

temperature explains why alloys 1, 2 and 3 start hardening earlier (Fig. 1). Thus the 

calculated Sn solubility values are expected to give accurate trends, if not absolute values.  

The Sn solubility at 570 °C for alloys 1-3 was calculated to be ~55 at. ppm. From this 

calculation one would expect no difference in hardening retardation since the Sn content of 

all alloys is above this value. However, the 70 at. ppm Sn alloy starts hardening earlier than 

the 96  and 430 at. ppm Sn alloys (compare Fig. 1a and 1b). Alloy 2 with 96 at. ppm and 

alloy 3 with 430 at. ppm Sn, on the other hand, start hardening at nearly the same time. From 

this observation we assume that the real Sn solubility of alloys 1-3 is higher than the 

calculated 55 at. ppm, namely >70 ppm but ≦100 at. ppm. Indeed, the Sn solubility in an 

AA6061 alloy containing a Mg, Si and Cu content comparable to alloys 1-3 was 

experimentally found to be ~100 at. ppm after annealing at 570 °C [23]. Consequently, it is 

assumed that the 96 and 430 at. ppm Sn alloys generate comparable quenched-in 𝑐%&, which 

explains the similar hardening kinetics (Fig. 1a). Based on these results, the Sn content in 

alloys 5-14 was adjusted at ~100 at. ppm. 

 

4.2 Additional trace elements 

 Equation 1 predicts that the retardation of n.a. hardening also depends on the strong Sn-

vacancy binding energy ∆𝐸%8 (~0.24-0.3 eV [23,26,27]). The Sn addition is envisioned to 

result in trapping of excess vacancies, which reduces the amount of untrapped vacancies in 

the Al matrix that control diffusional processes. Consequently, any diffusional processes, like 
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clustering, are slowed down [23]. Yet, this favorable trapping of excess vacancies is limited 

by the Sn solubility at the solution treatment temperature (section 4.1). Therefore a second 

element with strong solute-vacancy binding energy, if soluble in fcc Al, is expected to 

increase the effect of Sn on n.a. kinetics. 

 To evaluate the effect of combined trace element addition, a diffusion retardation factor 

𝑅 for two different types of trace elements is required. The thermodynamic model assumes 

two types of dilute solutes dissolved in fcc Al after quenching, with the solute concentrations 

much higher than the total quenched-in vacancy concentration at the effective quench 

temperature T; [28], c=
(>) and c=

(?) ≫ cABCB(T;). During quenching, some excess vacancies are 

trapped in solute-vacancy pairs at the beginning of n.a. at temperature T (solute-divacancy 

arrangements, or similar, types of configuration are assumed to be negligible). Only the 

residual untrapped vacancy concentration cA(T) is present to control any vacancy-mediated 

diffusional processes. Thus, n.a. hardening is retarded by a factor R = cABCB(T;)/cA T . 

Following the lines of the derivation in ref. [23] and with the solute-vacancy binding energies 

∆E=A of each solute type denoted with a superscript, the retardation factor is 

										𝑅 = F2(5G)
F2(5)

= >H>?F1
(I)(J∆K12

I /LM)H>?F1
(N)(J∆K12

N /LM)

>H>?F1
(I)(J∆K12

I /LMG)H>?F1
(N)(J∆K12

N /LMG)
																																										(2) 

For sufficient high T;, the denominator approaches 1 and can be neglected. Thus, the 

retardation factor for combined trace element addition is approximately 

𝑅 = 1 + 12𝑐%
(>)(𝑒∆012

I /45) + 12𝑐%
(?)(𝑒∆012

N /45)																																												(3)	

 According to Eq. 3, In fulfills both preconditions to be effective in the retardation of 

n.a. hardening: (i) it shows a strong solute-vacancy binding energy of ~0.20 eV [26] and (ii) 

thermodynamic calculations indicate a reasonable solubility in fcc Al (see Fig. 8). 

 Compared to the solely Sn-added alloys 2 and 5 of comparable composition, the In-

added alloys 12 and 13 with low or average Mg, Si and Cu content show significantly 
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retarded n.a. hardening after annealing at 530 °C, while n.a. kinetics after 570 °C are only 

reduced slightly (compare Fig. 3 to alloy 2 in Fig. 1a and alloy 5 in Fig. 4-6). This can be 

explained by the trend toward increasing In solubility at lower solution treatment 

temperatures (Fig. 8). It is concluded that the effect of trace elements on retardation of n.a. 

hardening can be expanded to a broad solution treatment temperature range by a combination 

of Sn and In additions. However, this effect is limited by the mutual influences on element 

solubility as shown in Fig. 8. 

 

4.3 Influence of Mg, Si and Cu content and mechanisms 

 The influence of Mg, Si and Cu content on n.a. kinetics in Fig. 4-6 can be interpreted 

with the Sn solubility curves in Fig. 9 and considering clustering mechanisms in Al–Mg–Si 

alloys.  

 According to Fig. 9a, an increase in Si content reduces the Sn solubility at the solution 

treatment temperatures investigated and thus reduces 𝑐%&. According to Eq. 1, the reduction 

of 𝑐%& at 570 °C by a factor of ~1.8 should increase n.a. kinetics by the same factor. The ratio 

of hardening onset times in Fig. 4a is, however, ~20, decreasing from ~7 days (alloy 9) to ~8 

h (alloy 8). Although the computed values of 𝑐%& might be not totally accurate, it is not 

expected that the error of the thermodynamic calculations is sufficient to account for the 

observed differences. Thus the lower 𝑐%& only partly explains the observed earlier n.a. 

hardening for higher Si content (Fig. 4).  

 We compare our findings with the latest research on n.a. clustering in Sn-free Al–Mg–

Si alloys. At the beginning of n.a., clustering is dominated by solute-vacancy complexes 

(stage I). In the following clustering stage II, the fraction of vacancy-free clusters 

continuously increases until these dominate [15]. Both types of clusters are interpreted as 

predominantly involving Si and result in an increase of electrical resistivity or hardening at an 
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initial rate in stage I and a more rapid increase in stage II [13,14,29,30]. Both linear 

logarithmic stages are present in the hardening curves in Fig. 1-6.  With exception of a recent 

study by Kim et al. [31], most studies on n.a. kinetics of Sn-free Al–Mg–Si alloys including 

the effect of Si show, unfortunately, only results for ≥ 60 min n.a. [16,32], so that the first 

stages are not revealed. The only effect observed is a higher n.a. hardness for alloys with 

increased Si content. Note that the same effect is observable here for Si variations in Fig. 4. 

In ref. [31] an earlier onset of n.a. hardening is seen the higher the Si content. All studies, 

including those focusing on the influence of Si content on a.a. kinetics [16,31–33], interpret 

the higher n.a. hardness or better a.a. performance of high Si-alloyed Al–Mg–Si alloys (e.g. 

6016) as being primarily influenced by the early clustering processes [16] and rapidly 

forming Si(-rich) clusters [31–33], respectively. A higher Si content can be consequently 

expected to increase early stage clustering kinetics during n.a. [13,14,29,31,34]. The higher 

initial hardness for high Si content after annealing at 570 °C (Fig. 4a), in contrast, may be 

attributed to pre-existing Si clusters formed during quenching. Indirect evidence of faster 

hardening kinetics at higher Si content is given in ref. [34,35] where a pure Al-Mg-Si alloy is 

compared to an alloy with Fe and Mn addition. The slower hardening kinetics of the Fe- and 

Mn-containing alloy is attributed to the formation of intermetallic phases containing Si. This 

lowers the quenchable Si-concentration in the matrix and thus the rate of clustering [34]. 

Summing up, these studies support the hypothesis that Si-related clustering controls the 

beginning of n.a. and its kinetics [13,14,29–31,36]. This implies that, due to the formation of 

Si-vacancy complexes, early Si clustering is controlled by the availability of quenched-in 

excess vacancies (compare ref. [29,30]) because during n.a., vacancies detach from unstable 

solute-vacancy complexes or vacancy-containing clusters to transport further solute atoms to 

emerging vacancy-free clusters [29,30,37]. With Sn additions, the formation kinetics of 

vacancy free-clusters is supposed to be slowed down due to the favorable trapping of 

This is a pre-print of the following article: Werinos, M.; Antrekowitsch, H.; Ebner, T.; Prillhofer, R.; Curtin, W. A.; Uggowitzer, P. J.;
Pogatscher, S. Acta Mater. 2016, 118, 296–305.. The formal publication is available at http://dx.doi.org/10.1016/j.actamat.2016.07.048

http://dx.doi.org/10.1016/j.actamat.2016.07.048


12	
	

vacancies in stable Sn-vacancy pairs [23], resulting in a reduction of untrapped vacancies 

available for Si clustering. Thus two trends may produce the accelerated n.a. kinetics at 

higher Si content in stages I and II (Fig. 4): first, the lower quenched-in 𝑐%& (Fig. 9a) 

corresponds to fewer trapped vacancies and thus more untrapped vacancies; second, in alloys 

with higher Si content the vacancy diffusion distances to nearby Si atoms are reduced for 

untrapped and detached vacancies (compare ref. [38]). A more detailed analysis of the 

mechanisms involved is the subject of on-going research. 

 Only in the later clustering stages diffusion of Mg atoms into the emerging clusters 

does occur (stage III), causing intermediate hardening rate perceived by a transition range 

before the slowest hardening rate seen at the end of n.a. (stage IV) [13–15,29]. Thus, Mg is 

believed not to take part in the early clustering processes in stages I and II. Figure 9b shows 

that Mg addition reduces the calculated Sn solubility by a factor of 1.5 (at 570 °C) to ~2.6 (at 

530 °C), which is, at 570 °C, comparable to the difference in retardation of n.a. hardening 

(Fig. 5). At lower Mg content, the higher quenched-in 𝑐%& favors the trapping of vacancies by 

Sn and reduces the number of untrapped vacancies. This is presumed to reduce Si clustering 

in stages I and II and the diffusion velocity of Mg atoms by a comparable factor. 

Consequently, in contrast to the strong direct effect of Si on early clustering, it is believed 

that Mg shows only a secondary effect by influencing the Sn solubility. The higher initial 

hardness for high Mg content after annealing at 570 °C (Fig. 5a) is attributed to solid solution 

strengthening. The reduced n.a. kinetics of the alloy with high Mg content after annealing at 

530 °C may result from a combination of effects: Thermodynamic calculations of the Sn-

added alloys show for increased Mg and same Si content a constant Si solubility at 570 °C, 

whereas at 530 °C the Si solubility already decreases the higher the Mg content, assumingly 

due to Mg2Si-Phase formation. Hence, the lower quenched-in Si concentration may reduce 
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n.a. kinetics while the simultaneously reduced quenched-in 𝑐%& increases n.a. kinetics. For the 

average alloy with fastest n.a. kinetics one or both effects may contribute weaker. 

 An increase in Cu content does not influence Sn solubility, but shows a trend toward 

retardation of n.a. hardening (compare Fig. 5 and 9c). Cu addition to Al–Mg–Si alloys is 

known to lower the first clustering peak in DSC-measurements that is related to Si clustering 

in stages I-II and also to reduce early stage n.a. kinetics [34,39–41]. Cu also shows an 

attractive solute-vacancy binding energy [26,42]. Assuming that Cu stays dissolved in the fcc 

Al matrix, it may bind vacancies and lower the number of Si-vacancy complexes, which 

slows down clustering kinetics. This interpretation by ref. [34] is compatible with our 

interpretation of the effect of Sn on clustering processes in Al–Mg–Si alloys. A higher Cu 

content may thus add to the effect of Sn in Fig. 5 in some way. But in contrast to Sn, we 

assume that Cu only weakly immobilizes vacancies, which would explain the weaker effect 

of Cu on n.a. kinetics.    

 

4.4 Design strategy for maximum retardation of natural aging 

Based on the knowledge established through the studies reported above, we propose the 

following design strategy to obtain Al–Mg–Si alloys with considerably reduced n.a. kinetics: 

(i) Identification of the solution treatment temperature with maximum solubility of 

Sn; 

(ii) Detailed adjustment of the Mg, Si and Cu contents according to their individual 

effects on the solubility of Sn and on early Si clustering;  

(iii) Alloying of additional trace elements of high solute-vacancy binding energy. 

Step (i) is applicable to any Al–Mg–Si alloy. With thermodynamic calculations of Sn-added 

alloys, the solution treatment temperature with the highest Sn solubility is computable. For 

the alloy investigated in this study, this is ~560-570 °C (Fig. 7). 

This is a pre-print of the following article: Werinos, M.; Antrekowitsch, H.; Ebner, T.; Prillhofer, R.; Curtin, W. A.; Uggowitzer, P. J.;
Pogatscher, S. Acta Mater. 2016, 118, 296–305.. The formal publication is available at http://dx.doi.org/10.1016/j.actamat.2016.07.048

http://dx.doi.org/10.1016/j.actamat.2016.07.048


14	
	

Step (ii) requires understanding of the influence of composition on n.a. kinetics. Compared to 

the average alloy 5 (Tab. 1), the investigations on alloys within the standards of AA6061 

revealed retarded n.a. hardening for low Si- and high Cu-content, and a small effect of Mg on 

kinetics (Fig. 3-5). However, Cu addition should be treated with care, to still meet the product 

requirements on corrosion resistivity [43–45]. 

Step (iii) expands steps (i) and (ii) with a second trace element of high solute-vacancy 

binding energy and reasonable solubility in the Al–Mg–Si alloy. A significant retardation of 

n.a. hardening at low solution treatment temperatures (~530 °C) was found with In addition 

to Sn-added AA6061 (Fig. 6). For industrial application of In, however, the high metal price 

needs to be considered. 

 

4.5 Designed alloy  

In light of the above, we have developed a Sn-added Al–Mg–Si alloy that contains low Mg, 

very low Si and high Cu content, while remaining within the standards of alloy AA6061 

(alloy 14 in Tab. 1, symbol: ↓⬇↑). For reference, we have also prepared a similar alloy, alloy 

15, containing essentially no Sn additions. Derived from the strategy steps this approach 

focuses on identifying the maximum suppression of n.a. hardening with trace Sn addition. 

 The calculations presented in Fig. 7 confirm that the developed alloy shows the highest 

calculated Sn solubility in fcc Al of all alloys investigated in this study. Figure 10a compares 

n.a. hardening curves of the designed alloy 14 with the “Sn-free” alloy 15 of comparable 

composition. The designed alloy shows improved n.a. stability at both solution treatment 

temperatures, i.e. after annealing at 530 °C hardening starts after 14 days. After a solution 

heat treatment at 570 °C, the as-quenched alloy 14 is stable for more than 180 days. 

Thereafter, it takes ~405 days of n.a. until alloy 14 reaches a peak hardness that is similar to 

that of the “Sn-free” alloy 15. As further shown in Fig. 10a, the “Sn-free” alloy 15 shows 
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comparable hardness values and n.a. kinetics for both solution treatment temperatures 

investigated. But compared to the “Sn-free” alloy 4 with low Mg, Si and Cu content (Fig. 2), 

alloy 15 reveals significantly slower hardening kinetics, i.e. it starts hardening only after ~3 h 

and takes more than 90 days to reach maximum hardness. Consequently, Sn-free Al–Mg–Si 

alloys within the range of commercial compositions can achieve retarded n.a. hardening for 

low Si and high Cu content. 

 For applications of Al–Mg–Si alloys, the a.a. performance for optimum strength in 

service is also required. Figure 10b shows the a.a. performance of the designed alloy 14 after 

annealing at 570 °C followed by 3 months of n.a.; results for the “Sn-free” alloy 15 are also 

shown. During a.a. at 185 °C, the designed alloy 14 starts hardening immediately and reaches 

a maximum hardness of ~103 HBW. After 1800 s of a.a. the “Sn-free” variant shows similar 

hardness. The inset to Fig. 10b compares the a.a. results after 1800 s to higher a.a. 

temperatures, i.e. 195 °C, 205 °C, 215 °C, 225 °C and 235 °C. Here, the designed alloy 

shows the greatest increase in hardness of up to ~97 HBW, which can be explained by 

unconventional fast a.a. kinetics of Sn-added Al–Mg–Si alloys found at high a.a. 

temperatures (ref. [24]). 

 

4. Conclusions 

The objective of this study was to develop a design strategy to reduce natural aging (n.a.) 

kinetics of Al–Mg–Si alloys while still achieving a significant artificial aging (a.a.) potential. 

Through an extensive study across a range of composition space, we have found that  

• The addition of trace elements with high solute-vacancy binding energy and reasonable 

solubility in the Al matrix retards diffusional processes during n.a. 
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• For maximum retardation of n.a. hardening with trace Sn addition, the application of a 

high solution treatment temperature is necessary to obtain the maximum quenchable 

Sn solubility. 

• The influences of Mg, Si and Cu content are explained via their effect on Sn solubility 

and individual effect on clustering. Si increases n.a. clustering kinetics and lowers the 

quenchable Sn solubility. Cu retards n.a. hardening, but does not influence the Sn 

solubility and is therefore believed to show a similar, but weaker effect as Sn. Mg 

lowers the quenchable Sn solubility only.  

• Application of a new design strategy has led to the development of a new Sn-added Al–

Mg–Si alloy that shows n.a. stability of more than 6 months and a significant a.a. 

potential. 

 

Overall, the new design strategy and underlying aging mechanisms have the potential to 

trigger the development of new industrial Al–Mg–Si alloys in general, and especially in the 

field of transportation industries that have a demand for highly formable materials. 
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Figure captions 

 

Fig. 1: Influence of solution treatment temperature (570-510 °C) on natural aging kinetics of 

Sn-added Al–Mg–Si alloys containing a) 430, 96 or b) 70 at. ppm Sn. For all alloys 

hardening starts earlier at lower solution treatment temperatures. 
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Fig. 2: Influence of solution treatment temperature (570-510 °C) on natural aging kinetics of 

a commercial, “Sn-free” Al–Mg–Si alloy. The alloy shows similar hardening kinetics for the 

solutions treatment temperatures investigated.  

 
Fig. 3. Natural aging (n.a.) kinetics of two different Sn- and In-added Al–Mg–Si alloys (Tab. 

1), annealed at 530 °C and 570 °C. The alloys only show small differences in their hardening 

kinetics for the solutions treatment temperatures investigated. 
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Fig. 4. Influence of Si content on natural aging kinetics of Sn-added Al–Mg–Si alloys 

annealed at a) 570 °C or b) 530 °C. An alloy with average Mg, Si and Cu content (symbol: 

~~~) is compared to alloys with high (↑) or low (↓) Si content (Tab. 1). With lower Si content 

hardening starts delayed. 
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Fig. 5. Influence of Mg content on natural aging kinetics of Sn-added Al–Mg–Si alloys 

annealed at a) 570 °C or b) 530 °C. An alloy with average Mg, Si and Cu content (symbol: 

~~~) is compared to alloys with high (↑) or low (↓) Mg content (Tab. 1). The effect of Mg is 

not pronounced at 530 °C, but hardening starts delayed for a lower Mg content at 570 °C.  
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Fig. 6.  Influence of Cu content on natural aging kinetics of Sn-added Al–Mg–Si alloys 

annealed at a) 570 °C or b) 530 °C. An alloy with average Mg, Si and Cu content (symbol: 

~~~) is compared to alloys with high (↑) or low (↓) Cu content (Tab. 1). The results show a 

general tendency to marginally retarded hardening with increasing Cu content. 
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Fig. 7. Calculated temperature dependency of the Sn solubility in fcc Al in Al–Mg–Si alloys 

containing low Mg, Si and Cu content (symbol: ↓↓↓) or low Mg, very low Si and high Cu 

content (symbol: ↓⬇↑). 

  
Fig. 8. Calculated temperature dependency of the Sn and In solubility in fcc Al in two 

different Sn- and In-added Al–Mg–Si alloys (Tab. 1). 
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Fig. 9. Influence of the a) Si, b) Mg or c) Cu content on the calculated Sn solubility in fcc Al 

in Al–Mg–Si alloys. For the nomenclature see Tab. 1 and Fig. 4-6. 
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Fig. 10. Aging potential of the designed, Sn-added Al–Mg–Si alloy containing low Mg, very 

low Si and high Cu content (symbol: ↓⬇↑); results for the “Sn-free” reference alloy are also 

shown. a) Natural aging (n.a.) kinetics after annealing at 530 °C and 570 °C where after 

annealing at 570 °C, the designed alloy is stable for >180 days. b) Artificial aging (a.a.) after 

annealing at 570 °C followed by 3 months of n.a. where the designed alloy shows a 

significant a.a. potential.  
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Graphical Abstract 
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