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Abstract

Nanocrystalline (NC) metals have attracted widespread interest in materials science due to their high
strength compared to coarse-grained (CG) counterparts. It is well know that during uniaxial deformation,
the stress-strain behaviour exhibits an extraordinary work-hardening followed by an early observation of
constant flow stress. Information on possible deformation mechanisms have been gathered by extensive
research combining in situ deformation experiments, electron microscopy observations and computational
modelling. Generally, these mechanisms are categorized into two types: dislocation slip and grain boundary
(GB) accommodation processes, as for instance, GB sliding based mechanisms and GB migration eventually
coupled to the shear stress. However, the interplay between these mechanisms resulting in the constant
deformation resistance is not fully understood.

Transient testing has proven to be a suitable tool to gather information on the rate limiting deformation
mechanisms that are activated during the deformation path. In particular in stress reduction experiments,
after an intermediate/ large stress drop thermally activated dislocation slip is suppressed so that other
underlying mechanisms are brought into foreground during subsequent transient creep. Those mechanisms
may play a minor role in the determination of the flow stress but might still be essential to the
development of a constant deformation resistance. Within this thesis, transient testing is combined with in
situ X-ray diffraction at the Swiss Light Source. Therefore, transient responses are captured in terms of
evolution of macrostrain as well as diffraction peak broadening. Since dislocation slip and GB
accommodation have an opposite footprint on the peak broadening, the presence of these two types of
mechanisms can be distinguished.

Three electrodeposited NC materials with different grain sizes are investigated: two NC Ni batches and one
NC NisoFeso batch. The results reveal that the constant flow stress reached during uniaxial deformation of
electrodeposited NC metals reflects a quasi-stationary balance between dislocation-based mechanisms and
GB-mediated accommodation. The latter plays an important role in the generation of plastic strain and the
recovery of defects and internal stresses. Depending on the magnitude of the stress drop, a non-monotonic
behaviour of the diffraction peak width is observed, suggesting an alternation of mechanisms. Also, by
comparing transient responses among different NC materials, the relative contributions of dislocation slip
and GB accommodation mechanisms are discussed in terms of grain size and alloying.

Finally, different magnitudes of stress reduction are carried out by molecular dynamics (MD) simulations
with the aim of verifying in situ experimental results and exploring the mechanisms responsible for GB
accommodation. MD simulations confirm that dislocation slip is reduced after a moderate stress drop,
however can continue to operate after adaption of the GB structures by a variety of GB accommodation
mechanisms. This can explain the non-monotonic behaviour of the peak broadening duringtransient creep.
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Zusammenfassung

Nanokristalline (NK) Metalle haben, aufgrund ihrer hohen Starke, verglichen mit ihren grobkérnigen (GK)
Gegenstiicken, ein weit gefachertes Interesse in den Materialwissenschaften geweckt. Es ist sehr gut
bekannt, dass die Spannungs-Dehnungs-Beziehung eine ausgeprdgte Arbeitsverfestigung zeigt, die von
einer frihen konstante FlieBspannung gefolgt wird. Informationen Uber mogliche Verformungs-
mechanismen wurden durch intensive Forschungen, welche in-situ Verformungsexperimente, Elektronen-
mikroskopie und Computersimulationen kombinieren, ggwonnen. Im Allgemeinen lassen sich diese in zwei
Kategorien einteilen: Versetzungsgleiten und Komgrenzen-Koharenzspannung- Prozesse, zum Beispiel
Korngrenzen-Gleit-Prozesse, die moglicherweise mit Scherspannungen kombiniert sind. Wie auch immer,
das Zusammenspiel dieser Mechanismen resultiert in einem konstanten Verformungswiederstand, der
noch nichtvoll verstandenist.

Ubergangs-Verformungsexperimente sind eine geeignete Methode um Informationen {ber die
Geschwindigkeit abhangigen Verformungsmechanismen zu gewinnen, die wdhrend der Verformung
aktiviert werden. In Besonderen sind bei Spannungs-Reduktions-Experimenten nach einem
moderaten/ hohen Spannungsabfall die thermisch aktivierten Versetzungsgleit-Prozesse unterdriickt, so
dass die zugrundeliegenden Mechanismen bei kleinen Ubergangskriechschritten sichtbar werde n.

Diese Mechanismen spielen zwar eine untergeordnete Rolle bei der Bestimmung der FlieRBspannung, sind
aber grundlegend fir die Entwicklung des konstanten Verformungswiderstandes. In dieser Arbeit werden
Ubergangs-Verformungsexperimente mit in-situ R&ntgenbeugungsexperimenten an der Swiss Light Source
(SLS) kombiniert. Dabei wird die Reaktion beim Ubergang als Entwicklung der Makrospannung sowie der
Verbreiterung der Beugungspeaks gemessen. Da das Versetzungsgleiten und die Korngrenzen-
Koharenzspannungen einen entgegengesetzten Einfluss auf die Verbreiterung der Beugungspeaks haben,
kann die Anwesenheit dieser beiden Mechanismen wahrend des Prozesses bestimmt werden.

Es wurden drei galvanisch abgeschiedene nanokristalline Materialien mit unterschiedlichen KomgréRen
untersucht: zwei Satze nanokristallines Nickel (Ni) und ein Satz einer nanokristallinen Nickel-Eisen-
Legierung (NisoFesy). Die Ergebnisse zeigen, dass der konstante Verformungswiderstand, der sich bei
uniaxialen Verformungsexperimenten von galvanisch abgeschiedene nanokristalline Materialien einstellt,
ein quasi-stationares Gleichgewicht zwischen versetzungsbasierten und Korngrenzen-Koharenzspannungs-
basierten Mechanismen darstellt. Der Letztere spielt eine wichtige Rolle bei der Erzeugung von plastischer
Verformung, dem Abbau von Defekten und allgemein bei intemen Spannungen. In Abhéangigkeit von der
Amplitude des Spannungsabfalls kann eine nicht -monotone Entwicklung der Verbreiterung der
Beugungspeaks beobachtet werden, die einen Wechsel der zugrundeliegenden Mechanismen vermuten
lasst. Des Weiteren werden die relativen Beitrdge der Versetzungsgleit- und Korngrenzen-
Koharenzspannungs-Mechanismen anhand eines Vergleichs der Ubergangsreaktionen zwischen den
verschiedenen nanokristallinen  Materialien in  Hinsicht auf die KomgréRen und die
Materialzusammensetzung diskutiert.



Zusammenfassung

AbschlieBend wurden Molekular dynamische Simulationen mit verschiedenen Spannungs-
reduktionsstarken durchgefiihrt, um die in-situ Experimente zu verifizieren und die verantwortlichen
Mechanismen fiur die Korngrenzen-Koharenzspannung zu bestimmen. Die MD Simulationen bestatigen,
dass das Versetzungsgleiten nach einem moderaten Spannungsabfall unterdriickt ist, aber nach Anpassung
an die Korngrenzenstruktur durch verschiedene Korngrenzen-Kohdrenz-spannung-Prozesses das
Versetzungsgleiten weiterhin aktiv sein kann. Dieses liefert eine Erklarung fir das nicht-monotone
Verhalten derVerbreiterung der Beugungspeaks wahrend des Ubergangskriechvorganges.

Schlagworte

Nanokristalline Metalle und Legierungen, in-situ Rontgen Beugung (XRD), Spannungsabfall Tests,
Molekulare Dynamik, konstanter Verformungswiderstand
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Chapter 1  Introduction

Nanocrystalline (NC) materials are defined as polycrystals with a grain size below 100 nm. Initial research
interest in this class of materials originates from the pioneering work of H. Gleiter and co-workers [1]. Over
the last three decades NC materials have witnessed an explosion of research interest, which is strongly
related to their advanced mechanical properties. It has been reported that, as the crystallite size scales
below 100 nm, NC materials exhibit enhanced strength/ hardness and increased strain rate sensitivity as
compared to theircoarse-grained (CG) counterparts (10-300 um) [2].

Various NC metals have been suggested as potential candidates for applications, for instance, for the
development of Micro-Electro-Mechanical Systems (MEMS) and Nano-electro-Mechanical Systems (NEMS).
However their usage in real-life applications is currently rather limited. This is related to their limited
ductility in tension, thermomechanical stability, time-consuming synthesis method, etc. In order to further
develop and improve existing dasses of NC metals a detailed understanding of the deformation
mechanismsisthereforeessential.

In NC metals, it is suggested that the very small scale of grain size limits the presence of dislocation sources
inside grain interiors and largely reduces dislocation pile-ups. On the other hand, grain boundaries (GBs)
start playing a more prominent role as their volume fraction increases significantly with decreasing grain
size [3]. As a consequence, the Hall-Petch relation [4][5] in equation (1-1), a phenomenological scaling law
that describes the relation between the yield stress ay, the friction stress gy, and grainsize d,

oy =0 + ky_pd=1/2 (1)
exhibits a different scaling coeffident ky_p (ky_p > 0) for grain sizes below 100 nm, and even breaks
down (ky_p < 0) below a critical grain size regime, typically around 10 to 20 nm [6][7][8]. It is therefore
suggested that the deformation mechanisms change from conventional intragranular dislocation activity to
GB mediated mechanisms. In Ref. [9], a maximum strength for NC Ni-W was observed in the regime of 10
to 20 nm; below that there is a crossover to glass-like deformation (i.e. shear banding) at finest grain sizes.
To pin down the picture of plastic deformation in NC materials, a wide variety of techniques has been used,
such as mechanical testing, X-ray diffraction (XRD), transmission electron microscopy (TEM), and
computational modelling [10][11]. End of the nineties molecular dynamics (MD) simulations have proposed
that during plastic deformation of NC materials GBs act as sources and sinks for dislocations [12][13][14], a
model that has been verified by experimental technique [15] and which is now widely accepted. To date,
many deformation mechanisms have been proposed, mainly characterized as dislocation-based processes
and GB accommodation processes. The latter can involve GB sliding based mechanisms and GB migration
such as migration coupled toshearstress.

There exist many different techniques to synthesize NC metals and alloys [10][16][17], such as mechanical
alloying, inert gas condensation, electrodeposition, severe plastic deformation, and sputtering techniques.
Electrodeposited (ED) NC samples are frequently used in studies because this technique can synthesize a



1.1 Deformation mechanismsin nanocrystalline metals

large variety of porosity-free NC metals with little size and shape limitations. On the other hand, ED NC
samplesexhibit large internal stress variations in their as-prepared state in comparison to CG and ultra-fine
grained (UFG) materials. As suggested by previous investigations [16][18] this initial stored intermal stress
has an effect on their deformation behaviour.

1.1  Deformation mechanisms in nanocrystalline metals

Figure 1-1 presents a schematic picture of various possible deformation mechanisms in NC metals [19].
Dislocation-based mechanisms are presented in grains A-D and a-c, while GB-mediated accommodation in
grains 1-4. In what follows the most important results from simulations and TEM/ HRTEM found in
literature willbe highlighted.

grain boundary (GB)
stacking fault

twin fault

leading partial dislocation
trailing partial dislocation
atomic shuffling

free volume migration
GB shear

grain rotation
triple junction motion

rofinnstr] [

Figure 1-1 Deformation mechanisms in NC face-centred cubic (FCC) metals [19].

1.1.1 Dislocation-based mechanisms

Simulations

In NC regime, atomistic simulations demonstrate that dislocation activity involving dislocation nudeation,
propagation, and absorption are mediated by dislocation-GB interaction. Refs. [12][13][14] have shown
that a dislocation can be emitted from stress concentrations at GBs, travel through the entire grain, and
eventually be absorbed at neighbouring and opposite GBs (see grain A-D in Figure 1-1). Whether partial or
full dislocation activity is predominant within the nanosecond simulation time frame is determined by the
ratio of the stable to unstable stacking fault energy (SFE) of the simulated material [20]. Also, it is proposed
that under the condition of emitting a partial dislocation, the formation of a deformation twin is possible if
the second partial of the same type as the first one is emitted on an adjacent slip plane (see grain a-cin
Figure 1-1) [21][22]. During the propagation of a dislocation, GB ledges or misfit regions may act as
obstacles; the pinning-unpinning process is thermally activated [23]. The subsequent work in Ref. [24]
suggests that the pinning site can also be overcome via dislocation cross-slip. Note that dislocation activity
as mentioned above changes the structural details of GBs.
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Experiments

E. Ma and his co-workers performed uniaxial tensile tests on NC Ni (25 nm) at liquid-nitrogen temperature
[25][26], capturing the trapped full dislocations in the grain interior as well as near GBs in post-mortem
HRTEM. At ambient temperature, however, there is no clear evidence of dislocation debris by post-mortem
investigations [27]. Mostly, dislocation-based processes in NC materials are revealed during in situ TEM
deformation [28][29]. In Ref. [30], trapped dislocations in a 5nm NC Ni grain were detected during in situ
HRTEM straining; during a subsequent relaxation period these dislocations annihilated. In Ref. [31], L. Wang
et al. observed the annihilation of dislocation dipoles as well as dislocations storage in the grain interior for
a NC Ni with a grain size less than 10 nm. Moreover, deformation twinning in NC Al has been
experimentally detected using HRTEM although Al has high stacking fault energy (SFE) [32][33][34].
Nevertheless, it should be noted that the dislocation behaviour observed by TEM/ HRTEM may not be
active in bulk NC materials because the thinning process can change the microstructure and the large free
surface with few grainslongitudinally stacked may have a stronginfluence on the dislocation activity.

1.1.2 GB-mediated accommodation

Simulations

As mentioned earlier, it is expected that GB-mediated mechanisms become more important with
decreasing grain size. The GB structures in Ni and Cu with grain sizes in the range of 5-12 nm were detailed
analysed in Refs. [35][36]. The presence of highly structured GBs provides evidence against the view of
being highly disordered, amorphous, or liquid-like interfaces. On the other hand, the results suggest the
disordered regions in the GBs as candidates for playing a primary role in plastic deformation. To date, a
variety of GB-mediated mechanisms have been studied by means of MD simulations (see grains 1-4 in
Figure 1-1) induding GB sliding (grain 3), GB motion (grain 1), triple junction (TJ) migration (grain 3), grain
rotation (grain4), and GB diffusion.

Refs. [12][37][38][39] show that GB sliding is the primary deformation mechanism for NC metals with grain
sizes below 12 nm. Such GB activity is facilitated by atomic shuffling and stress-assisted free volume
migration (see grain 2 in Figure 1-1) [39]. Since pure GB sliding is not fully compatible, it requires other
cooperative processes such as GB motion and TJ migration, dislocation activity, and grain rotation to relieve
the stress built up across neighbouring grains [40][41]. An alternative deformation mechanism is GB
motion, which can contribute to grain growth during deformation. In Ref. [42], strain-driven GB migration
(normal motion) was reported for NC Ni at room temperature , whereas in Refs. [43][44] GB migration
coupled to shear deformation was observed. The latter is in consistent with the early work done by A.
Suzuki and Y. M. Mishin [45][46] on bicrystal configurations. In addition to GB motion, grain growth can
result from grain rotation-induced grain coalescence [42][43][47] and GB diffusion as well. The latter,
however, usually operates at high temperature and low rate [48]. Diffusion at room temperature can hardly
be observedin MD simulation due to the restrictions of high deformation rates and short timescale.

Experiments

HRTEM experimental observations on NC Ni (30-40nm) and Pd (5nm) identified the crystallinity
maintained in the GBs [28][49][50], suggesting GB structures of NC metals are similar to those in CG
polycrystals. Direct experimental evidences of GB accommodation mechanisms, more often, are seen as
grain coarsening during deformation [51][52][53]. In Ref. [54], K. Zhang et al. performed micro-indentation
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tests on NC Cu (20nm), detecting faster grain growth at cryogenic temperature than at ambient
temperature. This result suggests that grain growth in this case is a stress-driven rather than a diffusion-
driven mechanism. T.J. Rupert et al. [55] performed tensile tests on NC Al thin films (60-90 nm) that were
spedally designed with stress and strain concentrators, demonstrating that grain growth is driven more by
shear stresses than by plastic strain. This result is supported by in situ TEM observations of ultrafast grain
boundary motion in Ref. [56]. In contrast, strain-driven GB migration was reported by M. Jin et al. [57]
during in situ nano-indentation tests. By performing high pressure torsion (HPT) on NC Ni (22 nm), R.
Pippan and his co-workers [58] observed an increased extent of coarsening and softening with increasing
applied stress, suggesting large strains and high stresses being required to induce grain growth. Additionally,
grain rotation-induced grain coalescence upon in situ TEM tensile straining was observed for NC Ni with
respective average grain size of 10 nm in Ref. [59] and 20 nm in Ref. [60].

1.1.3 Theoretical models of deformation

Composite model

The deformation behaviour of NC materials is often interpreted in terms of a composite model. The basic
principle is to distinguish different responses of grain interiors and GBs regions when a material is subjected
to an applied stress, and coupled these two in terms of their relative volume fraction varying with grain size.
In literature, a variety of models [10] have been proposed which predict, for instance, the grain size
dependent hardnessandyield stressinaccordance with experimental results.

In Ref. [61] Meyers-Ashworth model proposed that the plastic deformation is initiated in GBs regions at the
localized stress concentrations arising from elastic incompatibility and dislocation sources in GBs. As the
applied stress increases, these two effects combined with activated multislip at GBs lead to the formation
of a work hardened GB layer that exhibits a faster rise in dislocation density. Further extension of this
model to the NC regime was made by D.J. Benson et al. in Ref. [62]. Since GB sliding is not incorporated in
this model, only a reduction of Hall-Petch slope with decreasing grain size is presented. Also, the validity of
this model in NC regime is questioned: (1) an early formation of a work hardened GB in microplastic region
is unlikely because only a fraction of grains are supposed to be deformed [8]; (2) the thickness of work
hardened layer is largely dependent on the grain size, which is not addressed experimentally [28][49][50] as
wellasin MD simulations.

H.S. Kim et al. [63] developed a composite model: the deformation of the grain interior is modelled as
being viscoelastic, involving both dislocation-based mechanisms and diffusion creep, whereas that of GB
phase is modelled as a diffusional flow and independent of GB thickness. In this model, the dislocation
mechanism cannot operate below a critical grain size, and the upper limit of the stress in GB is set to be
equal to the strength of an amorphous phase. This model is consistent with a thermally activated GB
shearing model below a critical grain size proposed by H. Conrad and J. Narayan [37]. Both interpret the
breakdown of the Hall-Petch relation with decreasing grain size in terms of importance of GB sliding
mechanismes.

R.J. Asaro and his co-workers proposed a model [64][65] that involves the dislocation-GB interaction,
including mechanisms of the emission of perfect and partial dislocations, along with deformation twins
from GBs, and GB sliding in the NC regime. By accounting for the grain size, strain rate, and temperature
dependent transition between these mechanisms, this model interprets the increasing strain rate
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sensitivity in NC FCC metals. Further extension of this approach was made by B. Zhu et al. [66], in which the
effectof grainsize distributionsisincorporated, exhibiting good agreement with experimental data.

A quantized crystal plasticity model

The quantized crystal plasticity (QCP) model was proposed by L. Li et al. [67][68] where a key feature of
grain-averaged shear strain/ stress jumps by discrete slip events in MD simulations was adopted. This
model is characterized by four fundamental microstructural features: (1) anisotropic elastic moduli, (2) a
grain orientation distribution, (3) a grain-to-grain distribution of critical resolved shear stress at which a slip
event occurs, and (4) a grain-to-grain distribution of the local plastic strain jump by a slip event across an
entire grain. Hence, the latter feature scales as ~ 1/d (d: grain size). QCP model is capable of predicting the
stress-strain response of NC metals as observed in the experiments, for instance, enhanced flow stress,
extended plastic transition strain, and propensity for strain localization. Furthermore, their recent work in
Ref. [69] has shown that QCP model can successfully reproduce the X-ray diffraction footprints of in situ
experiments performed on NC and UFG Ni. In contrast to composite models mentioned above, QCP model
does not incorporate deformation induced GB migration and GB sliding, the complex nature of Tls, and
otherdetailed aspects, such as grain shapes and grain size distribution.

1.2 Nanocrystalline alloy

In comparison to pure NC metals, NC alloys have potential wider applications due to their increased
thermal stability and grain size control. J. Weissmuller [70] and C.C. Koch et al. [71] have reviewed the grain
size stabilization by solute additions. It is pointed out that further reduction in grain size can be achieved
either through kinetic reduction of GB mobility, e.g. solute drag, or through a thermodynamic approach of
lowing GB energy, i.e. solute segregation. By this means, the limitin refinement of single-phase materials
by SPD processes can be overcome [72], forinstance, a significant reduction in grain size from ~200 nm in
Ni to ~100 nm in Ni-25wt%Fe alloy. On the other hand, electrodeposited NC Ni-W alloys with a large range
of grain sizes down to the amorphous limit (3-150 nm) have been synthesized with W promoting grain
refinement by J.R. Trelewicz and C.A. Schuh [9]. They found that in the regime of 10-20 nm the onset of the
Hall-Petch breakdown corresponds to a minimum value for the activation volume. This result suggests that
below this regime an increase of activation volume is associated with a mechanism shift to glass-like
plasticity. However, in contrast to pure NC metals, the main issue with alloys is that the concentration of
solutes in the grain interior and at the GBs is not constant when changing the grain size. As a consequence,
the deformation mechanisms may be affected by this.

In CG alloys, it is known that the interaction of an alloying element with dislocations gives rise to an
increased glide resistance, causing solid solution strengthening. For NC alloys, T.J. Rupert et al. [73]
suggests that solute addition has an important effect on the global average elastic modulus as well due to a
model of dislocation pinning at NC GBs. By combining both models, one can predict solute solution
strengthening orsoftening foravariety of NCmetals.

Furthermore, the addition of alloying can reduce the SFE of a material [74], and accordingly affect the
strength of NC alloys as well as their deformation mechanisms. Experimentally, it is antidipated that at a
relatively low SFE the emission of partial dislocations in terms of a leading and trailing partial will be
favoured overafull dislocation and become dominant during plasticdeformation.
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1.3 Insitu testing

1.3.1 In situ TEM

In contrast to post-mortem characterization, an in situ TEM/ HRTEM experiment provides an opportunity to
observe dislocation and/ or GB activity that is active in NC metals upon straining. In literature, qualitative in
situ TEM/ HRTEM have been performedinthe works of [28][29][30][31][56][59][75][76][77][78](79].

To relate the direct evidence of deformation mechanisms to the stress-strain behaviour, quantitative in situ
TEM testing on NC metals in terms of force and displacement measurement has been developed. This was
driven by the pioneering work of M.A. Haque and M.T.A. Saif [80][81][82][83]. In Ref. [84], the new
generation of the Haque-Saif device has been designed and applied for an in situ TEM study of
microplasticity and Bauschinger effect in NC metals during load-unload experiments. Also, it is worth
mentioning that H. D. Espinosa and his co-workers developed a different MEMS-based tensile testing stage,
as was reported in Ref. [85]. To date, a growing number of MEMS devices have been invented, which
enable different types of testing to be performed, for instance, in situ TEM tensile fatigue testing [86] and
time-resolved HRTEM creep/ relaxation testing [87]. The latter was conducted on a novel lab-on-chip set-up
developed by T. Pardoen and his co-workers. This set-up allows performing thousands of nanomechanical
tests simultaneously without time consuming calibration procedures and sophisticated actuating/loading
devices [88][89]. Their tests performed on NC Pd films (30 nm) reported unexpectedly large creep rates at
room temperature and dislocation-mediated relaxation behaviours that were derived from the evolution of
dislocation density as well as twinning boundary thickness in HRTEMinvestigations [87].

Recently, a novel technique of combining automated crystal orientation mapping (ACOM) with in situ TEM
has been developed and applied on NC/ sub-micro grained metals [90][91][92]. This technique enables a
statistically quantitative evaluation of grain size distribution, crystal orientation and texture evolution
during in situ plastic deformation, which can provide evidence for mechanisms of grain growth and rotation,
and twinning/ detwinning.

1.3.2 In situ X-ray diffraction

The deformation processes during in situ TEM may not be always representative for bulk NC materials. In
situ synchrotron X-ray measurements during deformation allow the investigation of the bulk mechanical
behaviours of NC microstructures. Depending on the applied energy of synchrotron radiation, in situ
experiments can be performed eitherin reflection orintransmission mode.

Medium energy X-ray diffraction in reflection geometry was used in Van Swygenhoven’s group. The
diffraction patterns collected by one-dimensional (1D) Microstrip detector provide the information
on transverse lattice planes. The early work published in Ref. [15] revealed a reversible peak broadening
during load-unload cycles of NC Ni. This result suggests a lack of permanent residual dislocation network
after plastic deformation of a NC metal, and supports the suggestions from MD simulation that GBs act as
dislocation sources and sinks. Similar in situ load-unload cycles were later performed at 180 K, evidencing
no reversible peak broadening [93]. In Ref. [94] this type of mechanical testing was further utilized for the
sake of studying different strain-hardening mechanisms in the micro- and macroplastic regimes. Other in
situ mechanical testing, such as stress reduction (relatively mild stress drops) experiments followed by
creep were reported in Ref. [95]. The signatures of the peak profile at different creep stress levels suggest
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the presence of two competing deformation mechanisms with opposite effects on the diffraction peak
width.

High energy synchrotron radiation permits high penetration depth, thus allowing applying transmission
geometry in which the information of structure evolution on both longitudinal and transverse lattice planes
can be obtained. In the meantime, the utilization of two-dimensional (2D) (area) detector records complete
Debye-Scherrer rings, which allows monitoring the texture development and differentiating the types of
mechanisms involved. In literature, this technique has been applied on the study of deformation behaviour
of a bulk Ni-Fe alloy during uniaxial tension [53][96] and fatigue [97]. In Ref. [96], the investigation of the
deflection of the lattice strain proposes that the initial localized deformation occurs in GBs regions. For NC
Ni, the in situ uniaxial tension [98][99][100] and compression experiments [91] have been carried out. The
latter suggests that the deformation in NC metals is governed by a succession of different, partly
overlapping mechanisms.

1.4  Transient testing

Transient testing has proven to be a suitable tool to obtain information on rate limiting deformation
mechanisms [101]. The basic principle behind such tests is to suddenly change the imposed deformation
conditions during a monotonic test and evaluate the subsequent response of the material to these new
conditions [101]. Here one assumes that the microstructure remains constant during the transient so that
one is solely probing the effect of the rate sensitivity of the deformation mechanisms. Activation volume V
and strain rate sensitivity m are two quantities that one frequently obtains from transient testing. They are
respectively defined as

dlné (1-2)
V= ﬁkBT( do )
dlno  3kgT
"= 9me Vo (1-3)

where kg isthe Boltzmann constant, T the temperature, € the strainrate, and o the flow stress.

Overall, there are two main philosophies in transient testing: one is to conduct sudden changes in the strain
rate, usually called strain rate jump tests [102][103]{104][105], the other is to control the stress and
conduct sudden changes in the applied stress, followed by a measurement of the stress relaxation
[102][103][106][107]1[108][109] or the strain at constant stress [110][111][112]. Transient testing on FCC
metals has revealed a strong grain size dependence on the V and m. For NC metals, as for instance NC Ni
with an average grain size of the order of 30 nm, much lowerV values of 10-20 b3 than those of
conventional forest dislocation cutting mechanism (on the order of 100-1000 b3) as well as ten times
higher m values of 0.011-0.02 have been measured in comparison to their CG counterparts
[102][103][105]. Also, these V and m values are inconsistent with those expected for GB diffusion creep
(V~ b3 m ~ 1) and GB sliding (V. =1 b3, m =0.5). Y.M. Wang et al. [103] performed transient testing on
NC Ni over a range of temperature (77-373 K) and reported an inverse temperature-dependent behaviour,
i.e. anincrease of Vwith decreasing T. The authors suggest that the interactions of mobile dislocations with



1.5 Thesisoutline

GBs such as nudeation, unpinning, and transmission are the rate controlling processes. Similar
experimental observations were obtained by G. Guisbiers et al. performing relaxation tests on NC Pd film
from 293 K to 323 K [109]. They propose a transition from dislocations-dislocations dominated interactions
to dislocations-GBs dominated interactions. For Ni-Fe alloy, however, m value about one order of
magnitude smaller than those for pure NC metals was reported in Ref. [113]. Reduced GB mobility by the
alloyingelementsis suggested by G.J. Fan et al. [53].

Generally, strain rate jump tests need large magnitudes of plastic and anelastic strains to reach the new
level of flow stress such that the condition of constant structure may be violated. In contrast, stress change
tests can be performed relatively fast, as, in principle, only changes of elastic strain are required. In other
words, the assumption of constant microstructure is easier to fulfil when transient is controlled by stress at
very short times. Traditionally, stress change tests at constant temperature are focusing on three major
goals: (1) determination of the activation volume of the dominant deformation mechanism by examining
the relation between plastic strain rate and stress during the transient; (2) decomposition of the
macroscopic stress into an effective (thermal) stress 0 and an internal (athermal) stress a,:n; (3)
identification of those deformation mechanisms that may play a minor role in the determination of the high
value of the flow stress but mightbe essentialtothe development of a constant deformation resistance.

The study of dynamic recovery processes via a long-term stress reduction is based on the concept of the
third goal. By performing a large stress drop, the thermally activated dislocation glide is suppressed enough
so that dynamic recovery of defects can be brought into foreground and captured during the subsequent
transient period. This technique has been early applied on single crystals [114][115] and CG polycrystals
[116]{117][118][119][120] that after prior deformation contained subgrains with (mainly) low-angle
boundaries. These works reveal that itis low-angle boundaries that control the recovery processes as well
as strength evolution during plastic deformation. In the present work, this technique will be applied on NC
metals that have predominantly high-angle grain boundaries.

1.5 Thesis outline

It is known that NC metals exhibit rather limited ductility during uniaxial tensile deformation. On the other
hand, much larger plastic deformation can be achieved during compression experiments, as illustrated in
Figure 1-2. Note that in both deformation modes, the deformation curves are characterized by an initial
hardening followed by a constant flow stress, whereas in CG counterparts a mild work-hardening regime
extends over a large strain interval. As reported above there exists a large variety of possible deformation
mechanisms in NC metals to explain the observed increased strength of NC metals. However, relatively
little is known about the interplay between these mechanisms that lead to an early observation of plateau
regime.

The main objective of this thesis is to develop a better understanding on the interplay between disl ocation-
based and GB accommodation mechanisms resulting in the development of a constant deformation
resistance. The methods proposed are stress reduction experiments: after an intermediate/ large stress
drop thermally activated dislocation slip is suppressed so that other underlying mechanisms will become
visible during subsequent transient creep. Those mechanisms may play a minor role in the determination of
the flow stress but might still be essential to the control of the strength evolution. The combination of such
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tests with in situ synchrotron X-ray diffraction allows studying transient responses in terms of evolution of
macrostrain as well as diffraction peak broadening. Since dislocation slip and GB accommodation have an
opposite footprint on the peak broadening, the presence of these two types of mechanisms can be
distinguished.

1.5¢
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Figure 1-2 Stress—strain curves for a tensile test (green) and a compression test (red) in NC Ni

Figure 1-3is a graph of thesis outline. Within this thesis, three electrodeposited NC materials with different
grain sizes are investigated: two NC Ni batches and one NC NisgFes, batch. The latter is the same batch as
studied in Refs. [121][122][113]. The research is initiated by performing in situ/ ex situ continuous tests and
in situ load-unload tests on NC Ni batches with the aim of obtaining their mechanical properties and
comparing their results with former findings on NC Ni from Goodfellow [15][18][94][113]. On the other
hand, by performing in situ load-unload tests on all materials, the grain size evolution during/ after tensile
deformation is to be probed from X-ray diffraction patterns analysis. Complementary post-mortem TEM
characterizationis alsoimplemented for the selected sample.

Stress reduction experiments are performed using in situ/ ex situ methods to follow the footprints of
deformation mechanisms during transient creep. Tension and compression modes are both applied since
the latter allows conducting stress reductions at larger deformation. In addition, to inspect the transient
behaviour after a larger stress reduction, a modified method is developed where the reduced stress is
stepwise increased. To further explore the effects of grain size as well as alloying on the interplay between
dislocation-based and GB accommodation mechanisms, the results obtained for different batches are
compared.

Finally, different magnitudes of stress reduction are carried out by molecular dynamics (MD) simulations so
as to further understand the experimental results, in particular the interplay between different
deformation mechanisms.
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Figure 1-3 A graph of thesis outline

1.6 Thesis structure

The presentthesisisdividedintosix chapters.

Chapter 2: introduces the experimental and technical details, including materials description, specimen
preparation procedure, mechanical testing technique, in situ X-ray diffraction method, and MD simulations
approach.

Chapter 3: presents the major results from experiments. First, the results of in situ/ex situ continuous
deformation tests and in situ load-unload tests performed on two NC Ni batches are displayed. Afterwards,
the results of stress reduction experiments are presented, first for NC Ni batches and then for NisgFese.
Finally, the evolution of grain size during/ after deformation is addressed.

Chapter 4: presents the results from MD simulations of stress reduction tests, which are composed of two
parts. The first part aims to provide an overview of transient responses to different magnitudes of stress
drop, showing the influence of applied stress on the transient behaviour. The second part focuses on one
stress reduction test followed by a longer simulation time, for which dislocation and GB activity after the
stressdrop are detailed analysed.

Chapter 5: highlights the observations in Chapter 3 and Chapter 4, and elaborates them in terms of the
interplay between dislocation-based and GB accommodation mechanisms. The discussion begins on one NC
Ni batch followed by a comparison with another NC Ni batch so as to explore the grain size effect. Further
discussion is held by comparing the results of NC NisoFes, with those of NC Ni. The elaboration focuses on
the peculiar behaviours of NC NisgFeso in which both grain size and alloying effects are present. Finally, a
brief comparison between present MD simulations and those reported for MD simulations at higher strain
ratesin literatureis provided.

10
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Chapter 6: summarizes the most important findings and provides the suggestions for unsolved issues and
possible future directions of the work.
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Chapter 2
details

Experimental and technical

2.1  Materials description

2.1.1 NC Nickel

Two batches of NC Ni were synthesized by pulsed electrodeposition at the University of Erlangen-Nirnberg.
Table 2-1 provides the deposition parameters. The main difference between the two batches is the
saccharin content added for grain refinement. Under these conditions, it is well know that S, C and O
impurities are present both in the grain interiors and at the GBs [28]. This technique is widely used to
produce NC materials because it has the advantage of producing pore-free nanostructures. However, it
generally leads to columnar grains along the growth direction [27][28]. In the deposition plane of grain
growth the grains are equiaxed [28].

Table 2-1 Deposition parameters of NC Ni

Pulse Pulse .
X Duty Bath Saccharin
current repletion Electrolyte Surfactant .
. cycle temperature inhibitor
density rate
Nickel sulphate (280 g/1), | Sodium dodecyl
40 mA cm™ 20 Hz 50 % 50 °C Nickel chloride (60 g/l), sulphate 0.5/1.5 g/l
Boric acid (30 g/l) (0.2 g/l)

Table 2-2 displays their structural parameters obtained by X-ray powder diffraction (XRD) at the Swiss Light
Source (SLS). The ratio of the integral intensities of the {111}/{200} diffraction peaks provides a measure for
the texture. It is found that the intensity ratios for both are lower than that of a randomly textured FCC
metal (~2), in agreement with the expected (100) out-of-plane texture. A measure of the average grain size
and root-mean-square (RMS) microstrainis obtained by a Williamson-Hall analysis of the {111}-grain family.
The NC Ni batches have average grain sizes of 35 nm (NC Ni_35) and 65 nm (NC Ni_65) and a similar RMS
microstrain of ~0.3 %. It is noteworthy to mention that here the columnarlength were measured by XRD.

Table 2-2 Structural parameters of as-received NC Ni determined by X-ray powder diffraction

. Ratio of integral intensities of the . . -
Material {111}/{200} diffraction peaks Average grain size (nm) RMS microstrain (%)
NC Ni_35 1.05, Mild (100) texture 35 0.32
NC Ni_65 0.35, Strong (100) texture 65 0.29
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The grain size distribution of as-received NC Ni is obtained by TEM characterization, performed respectively
along the grain growth direction (cross-sectional view) and in the deposition plane (in-plane view),
respectively. For NC Ni_35, the bright field images as well as grain size distributions are displayed in Figure
2-1 and Figure 2-2; for NC Ni_65, they are displayed in Figure 2-3and Figure 2-4.

As seen in these bright filed images, the determination of a clear grain structure is problematic. Firstly, the
high internal strain field causes frequently changing black white contrast within the grains. Secondly, when
the thickness of the TEM lamella is larger than the average grain size, it contains several overlapping grains.
Within this thesis, a statistical evaluation of grain size was therefore performed on a series of dark field
images that were taken by moving selected area diffraction (SAD) aperture along 111, 200, 220, and 311
rings, respectively. Extracting grain size information from those dark field images required subsequent
image processing that were performed successively via GIMP and Image) software. In GIMP, the following
procedures were followed: (1) created a transparent and a black layer (in invisible mode) on top of the
imported image, (2) hand-traced the edge of each grain with the free select tool, (3) filled each grain with
white colour. Once all grains have been outlined, the multi-layers were merged and fed into Imagel) for
particle analysing where the grains were picked out by thresholding. Finally, the size of each grain was
calculated asthe diameter of a sphere with similarareaas the original grain.

The results of TEM characterization are summarized as follows. Firstly, for both electrodeposited NC Ni
batches, the grains are slightly elongated along the growth direction. The elongation direction is estimated
by the yellow line in Figure 2-1a and Figure 2-3a. In contrast, the in-plane view shows rather equiaxed
grains. Secondly, all grain size histograms obtained by TEM can be well fitted by log-normal distributions. It
was found that NC Ni_35 has an out-of-plane and in-plane mean grain size of 29.2 +12.2nm and
27.8 +12.0nm, respectively, whereas for NC Ni_65 values of 53.2 +30.0nm and 43.7 +22.4nm are
obtained. This shows that NC Ni_65 has a larger mean grain size as well as a broader size distribution.
Additionally, it has been noted that for both batches the average grain size measured by TEM at the cross-
section is slightly smaller than the columnar length measured by XRD. The assumption of a circular grain by
TEM characterization can be one of the reasons for underestimating the columnarlength.

(b) As-received NC Ni_35: cross-section
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Figure 2-1 Cross-sectional view of as-received NC Ni_35: (a) a bright field TEM image and (b) grain size distribution.
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Figure 2-2 In-plane view of as-received NC Ni_35: (a) a bright field TEM image and (b) grain size distribution.
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Figure 2-3 Cross-sectional view of as-received NC Ni_65: (a) a bright field TEM image and (b) grain size distribution.

As-received NC Ni_65: in-plane
20+ mean grain size: 43.7 nm

standard deviation: 22.4 nm
Total number of grains: 233

151

N
10} /S\\

L N
5 ¥

Oﬁ AN

0 20 40 60 80 100 120 140
Grain size (nm)

Number fraction (%)

Figure 2-4 In-plane view of as-received NC Ni_65: (a) a bright field TEM image and (b) grain size distribution.
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2.2 Specimen preparation

212 NCNisoFeso alloy

NC NisoFes, was purchased in sheet form from Integran Technologies. It has an face-centred cubic (FCC)
crystal structure, where the Fe atoms are in solute solution in the Ni matrix. Table 2-3 provides structural
information obtained from X-ray powder diffraction. It is observed that NC NisyFes, exhibits a mild (100)
texture, a rather small grain size of 15nm and high RMS microstrain of 0.5%. A more in-depth
characterisation for NC NisoFeso can be foundin Ref. [122].

Table 2-3 Structural parameters of as-received NC NisoFeso determined by X-ray powder diffraction.

. Ratio of integral intensities of the N ; fey (0
Material {111}/{200} diffraction peaks Average grain size (nm) RMS microstrain (%)
NC NisoFesg 0.85, Mild (100) texture 15 0.5

2.2  Specimen preparation

2.2.1 Mechanical testing

The specdmens for mechanical testing were cut from the original bulk/ sheet materials by wire electrical-
discharge machining (EDM). Although different sample geometries were used for tensile and compression
tests, the loading directions are identical, which is perpendicular to the normal vector of the deposition
plane. This is visualized in Figure 2-5a. Additionally, in order to remove the resulting recast-layer produced
by EDM cutting, the resulting samples were further electro-chemically polished using a solution of 3%
Perchloric acid (70 %), 30 % 2-Butoxyethanol, and 67 % Methanol. This process was operated with a voltage
of 15 V and a bath temperature of -15 °C. More detailed description can be foundin Ref. [18].

(a) (b) cross-section

normal vector of deposition plane

tensile direction
— — /
@ in-plane

L__J loading direction
Figure 2-5 (a) During mechanical testing, the loading direction is perpendicular to the normal vector of the deposition

(O
(
(
(

plane. (b) For both non-deformed and deformed specimens, lamellae along the cross-section and in-plane direction
were cut for TEM characterization.

2.2.2 TEM characterization

”

The specdmens for TEM characterization were prepared by focused ion beam (FIB) thinning with a “lift-out
procedure. The primary advantage of this technique is that multiple TEM lamellae of well-defined areas (all
orientations) can be directly made at the nanometre scale without sacrificing the entire specimen. This
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becomes critical to miniature specimens studied in this thesis. Here, TEM characterization along the cross-
section as well as in-plane direction was performed on both as-received NC Ni specimens and on a largely
deformed NCNi_35specimen under compression.

The preparation procedure started with the deposition of a protective layer on the area of interest. In this
thesis, a triple-layered deposition of carbon/platinum/carbon with a total thickness of 2 um was utilized to
protect the surface of the investigated material from being damaged by the incident Ga+ beam. After that
the lamella was milled by FIB; differention beam parameters were employed for different steps. Before a
“lift-out” procedure, 30kV-13nA to 30kV-3nA were used for coarse milling and lamella-cutting. After
being “lift-out” and welded to the Cu-grip, the lamella was thinned down step by step at gradually reduced
current. The high currents provide fast milling while low currents increase milling precsion. Once the
wanted thickness has been achieved, usually between 80 and 120 nm, a final polishing of lamella was
carried out at a lower voltage in order to minimize the amorphous layers generated during high-voltage
milling.

2.3 Mechanical testing
2.3.1 Tensile testing
Machine and specimen geometry

All mechanical tensile tests were performed with a Micro Tensile Machine (MTM) [18][123][124], in which
3mm mini dogbone-shaped specimens with a gauge length of 1.7 mm and a nominal cross-section of
0.2x0.2 mm’ were used. Figure 2-6aand b show the technical drawings of the MTM and the dogbone.

3.074 Thickness 0.3 mm

(a) (b)

1

0

Length measuring CCD !

0.584
896
0.145

Sample grips

1M /
————| /
Dogbone  ZNr. 5202 \

Moving sledge

(c)

N o

» \\\\\\\\\\\\\\\\\\\\\\\\\\ Steppermotor

Load cell

Figure 2-6 Technical drawings of (a) the micro tensile machine (MTM) [18]. (b) the mini dogbone-shaped tensile test

specimen, and (c) the specimen grips [124].
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During a tensile test, the dogbone is placed in the grips as shown in Figure 2-6¢ and is loaded via a moving
sledge driven by a stepper-motor with minimum step size of 16 nm. During loading, the force measurement
is done by a load cell (MLP50, Transduce Techniques) connected to one end of the left grip, and the length
measurement of the dogbone is carried out with a CCD camera with back illumination. Thus, the specimen
length [ is measured as the distance between its two ends. In this method, the resolution of strain is limited
to0 0.01 %. More information on the MTM operation can be foundin the thesis of S. Brandstetter [18].

Stress and strain

The calculation of the engineering strain €., 4 and engineering stress e, is given by

AL
Eeng = L_O , AL=1— lO (2-1)
and
F
Oeng =S_0 , So=W=+H (2-2)

Here, Ly is the initial gauge length, a fixed value of 1.7 mm is used for a mini dogbone; AL is the elongation
of the specimen, extracted from the difference between the actual length [ and the initial length l; F is the
measured force; Sy is the initial cross-section, derived from the multiplication of specimen width W and
thickness H thatare both measured with a high precision micrometer.

Assuminga constant volume during deformation, the true strain € and true stress o defined by

dL

&= I (2-3)
and
F
o=3 (2-4)
can be calculated from &,,,4 and gy 4 using equations of
e=In(1+ seng) (2-5)
and
0 = Oeng (1 + £eng) (2-6)

Here, S is the true cross-section. Note that Al represents the length change of the whole dogbone, not of
gauge section only. With other words, Al also includes length changes in the ears of the dogbone. Even
though this effect is relatively small (as the stress in the earsis much lower compared to the gauge section)
it does lead to a significant underestimation of the Young's modulus. In the plastic regime deformation is
localized at the gauge section and therefore Al is less affected by this artifact.
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Machine compliance

For transient testing, however, the inelastic strain €;,,,; needs to be further extracted. It is composed as the
sum of anelastic strain and plastic strain. There are a few methods of deducting elastic strain from the total
strain g;0¢. One simple methodistoapply the equation

Einel = €tot — O'/Eapp (2-7)

where E;,,is the apparent elastic modulus comprising the contribution from the machine and the
spedmen. In this thesis, the term Eg;,,, as a function of force F, seen in Figure 2-7a, was determined by
studying the slope of the stress-strain curve during the subsequent stress increases in the so-called
multistep test (see also Section 3.2.3). In this test the stress is incremented in small steps. Here each step
can be considered as elastic deformation with an apparent elastic modulus Egp,, = Ac/Agiye. In Figure
2-7b, the logarithm of 1/Eam,is observed to be linearly proportional to the applied force F, thus an

equation of

1/Eqppy = exp(1/ ¢y + c3F) (2-8)

can be derived with ¢; and ¢, as constants.
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Figure 2-7 (a) E,;,,, was determined as a function of force F from a multistep test. (b) The logarithm of 1/Eam, is

linearly proportional to the force F.

Further optimization of E ), is done by checking the stress versus inelastic strain curves for load-unload
tests. In these tests the total stress-strain curve is seen as a mixture of elastic strain, anelastic strain, and
forward plastic strain at high stresses. Figure 2-8a provides a qualitative picture for one load-unload cycle.
In the unload cycle (red), it contains plastic forward flow at the beginning, elastic behaviour in the central
part, and anelastic back flow behaviour at low stresses. During reloading (blue), the curve exhibits elastic
behaviour in the beginning, anelastic forward flow during further loading, and finally plastic forward flow.
Figure 2-8b shows the qualitative feature of the stress-inelastic strain curve, in which the elastic
component has been subtracted. However, in practice a perfect correction is rather demanding and not
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required. In compromise, a sufficient extent, e.g. 90 % correctness, is enough to improve the data
presentation, in particular making the anelasticeffect bettervisible.

(a) (b)
forward plastic
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forward plastic
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Figure 2-8 (a) A qualitative picture of stress versus total strain curve for a load-unload test. (b) Stress versus inelastic

strain curve after subtracting the elastic component.

Strain rate

The inelastic strain rate &, is determined from the derivative of the inelastic strain &;;,,,; With respect to
time t, denoted as

. dsinel
Einel = dt (2-9)
G = Eineti+1(ti+1) — Eineti—1 (ti-1) (2-10)
et tiv1 —ti—1

In this thesis, the calculations were performed on the treated data, which have been smoothed by the
average software SmooMuDS [125][126]. This procedure allows eliminating the data noise and generating

smooth &;,,.;-curves.

2.3.2 Compression testing

Machine and specimen geometry

The compression tests were carried out with a deformation rig from Kammrath & Weiss (K&W), in which
1.1 mm cuboidal specimens with a gauge cross-section of 0.8x0.9 mm” were used. Figure 2-9a and b display
the technical drawings of the machine and the specimen. This specimen geometry was chosen by
considering two main factors. First of all, the cross-section of specimen is restricted by the upper limit of
the load cell (2kN) due to the extremely high flow stress of NC metals. Secondly, the specimen needs to be
deformed to high plastic strains without buckling. This can be achieved by considering the following
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constraint for the spedmen aspect ratioky = Lo/ /So <1.2 ~1.3 (Lg: initial gauge height, Sy: cross
section).

In order to handle this micro-sized specimen on the commercial K&W machine, the grips had to be
redesigned. As shown in Figure 2-9a, the new grips system consists of a pair of carbide inserts and a pair of
pressurizers wrapping outside. Compared with MTM machine, this device has a limited deformation speed
ranging from 0.3 to 50 um/s and a largerstepsize.

(a) pressurizers carbide inserts (b)

specimen

Figure 2-9 Technical drawings of (a) the micro compression machine (K&W) and (b) the cuboid specimen.

Friction correction

For the compression tests the same equations as for tensile testing were applied for the calculation of the
stress and the strain, where now AL =1 — [, < 0. Considering the influence of friction at the contact
surface between the specimen and the compression machine, the nominal true stress o was corrected by
multiplying with an empiricalfactor f [127]

f=01- exp(—K/c3))C4 (2-11)
K = Ko * exp(—1.5¢) (2-12)

where c3 and ¢4 are the fitting constants, respectively taken as 0.4 and 0.5 that were reported for steel in
Ref. [127]. In this thesis, this factor decreases slightly from 0.975 to 0.954 as € increasesin the interval from
0.05 to 0.2 where all change tests have been done.

The sticking friction at the end of surface of the specimen does influence the fracture tende ncy. However,
when the specimen is deformed near to the quasi-stationary state, its influence on the hindrance of
deformation during compression is expected to be negligible. The argument is that: when the resolved
shear stress is high enough, the dislocations glide on the activated slip planes, and transfer stress to their
environment by local relaxation. As a result, the neighbourhood also starts deforming by dislocation
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2.4 X-ray powder diffraction

motion, and the whole volume of the specimen deforms at approximately equal rate by stress

redistribution.

2.3.3  Stress reduction operation mode

In this thesis, transient testing via stress reduction was carried out during constant strain rate deformation.
Figure 2-10 is a schematic representation of such a transient test, which consists of constant strain rate,
stress dip, and constant stress mode. Each specimeniis first strained to a pre-defined stress o at a constant
loading rate. Then upon reaching g, the applied stress is suddenly reduced to a new stress level g, followed
by a certain period of creep. The ratio between both stress levels is denoted by the relative reduced stress

R = O'T/O-().
” 0, = O
%)
o
I c
- 2
Kol
3 °
o —— constant strain rate mode
— _r .
R - --== stress dip mode
0
Time

Figure 2-10 Schematic representation of transient testing via stress reduction during a constant strain rate test.

The operation of stress reduction on MTM machine is realized in the following way: at a pre-defined stress
0y, the crosshead is moved backwards at very high speed (opposite to the loading direction) by a certain
distance and stopped; then the average of the stress value o, is determined immediately and it is kept
constantvia a proportional-integral-derivative (PID) controllerin aLabView program.

Such an operation on K&W machine is done via motor control, from which constant strain rate deformation
in “manual mode” can be switched to creep deformation in “load constant mode”. In this latter mode, the
machine will achieve the input load value in a way defined by the control parameters P, vin, and Vpay,- P
is regulator sensitivity, increased for fast reaction and decreased for invert reaction. v, and vy, are the
minimum velocity and maximum velocity for regulation.
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2.4  X-ray powder diffraction

2.4.1 Fundamental principle

The fundamental principle of X-ray powder diffraction is based on the constructive interference that is
produced by the interaction of monochromatic X-ray beams with crystalline structures when a simple
geometrical relation Bragg’s law is fulfilled. This law is described by the equation

nl= Zdhlein ghkl (2-13)

where nis the reflection order, A the X-ray wavelength, dj,;; the lattice spacing of (hkl) planes, and 6y,
the diffraction angle thatis half of the (hkl) peak position 26y;.

Peak profile analysis yields information on peak broadening, peak position, peak intensity, and peak
asymmetry, which allows furthering examination of defects, grain size and internal strain. More details
aboutthe data treatmentwill beillustratedin Section 2.4.4and Section 2.4.5.

2.4.2 Material Science Beamline at the SLS

The Swiss Light Source (SLS) at the Paul Scherrer Institute (PSI) is a third-generation synchrotron light
source operated at energy of 2.4 GeV. In this thesis, all in situ mechanical experiments were performed at
the powderdiffraction station (PD) of the materials science (MS) beam line at the SLS.

Compared with conventional laboratory sources, synchrotron X-ray beams (energy resolution AE/E ~ 10™)
have high collimation and monochromaticity that improve the angular resolution of the acquired pattems,
and high brilliance that reduces measurement times by several orders of magnitude. The latter allows
researchers studying the dynamics of samples onthe timescale of seconds.

The MS beamline underwent an upgrade in late 2010. The original wigger source was replaced with a
cryogenically-cooled permanent-magnet undulator (CPMU). The CPMU produces divergent radiation and
allows accessing to high photon energies from the storage ring. Also, in order to adapt to the new X-ray
source, the entire front-end and optics at MS beamline were redesigned. Figure 2-11 schematically displays
the most important beamline components. Their abbreviations are briefly illustrated in Table 2-4. In Figure
2-11a, as it can be seen, the conversion of white beam (in purple) to the monochromatic beam (in yellow) is
operated through the optics lying between 20 and 31 m. Figure 2-11b is a schematic of new optics set-up,
in which the two mirrors are downstream of a double-crystal Si (111) monochromator (DCM). The powder
diffractometer (PD) is positioned at 32.8 m with respect to the centre of the CPMU (U14). Compared with
wigger source, the improved brilliance from the CPMU resulted in an order of magnitude improvement in
diffraction intensity, whereas the increased transverse coherence lengths opened up the possibility of
performing coherent diffraction imagingin the Bragg geometry. More details on the design of upgraded MS
beamline are published inatechnical paper [128].
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Figure 2-11 (a) Block diagram of the positions of the most important beamline components, the abbreviations of

which are briefly illustrated in Table 2-4. The white beam is shown in purple, and the monochromatic beamin yellow.

(b) A schematic of the optics set-up (reproduced from [128]).

Table 2-4 The most important components at MS beamline layout.

Abbreviation Component

uld ul4 CPMU

D1,D2 diaphragm1,2

CvDf CVD diamond filter: absorbs soft X-rays

CVDw CVD diamond window: vacuum protection for front-end
BDF Beam-defining slits

gB1(2,3) Three quadrantCVD-diamond beam position monitors
DCM Double-crystal monochromator

Mx2 Double mirror chamber

BSB Bremsstrahlungblocker: protection againstBremsstrahlungoriginatingin thestorage ring
PD Centre of powder diffractometer

2.4.3 Insitu experiments

Experimental setup

All in situ experiments were carried out with MTM or K&W at the powder diffraction station at MS

beamline. Figure 2-12 and Figure 2-13 provide an overview of the in situ setups for tension and

compression mode. In each case, the machine is mounted on a goniometer that provides two translations
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Chapter2 Experimental and technical details

and one rotational degree of freedom. For the MTM the conventional setup as described in Ref. [124] was
used. Forthe K&W deformationrigaspecificholder had to be designed, asshownin Figure 2-13aand b.

length
measurement

-7‘\

X-ray beam

tensile
microstrip direction

detector

Figure 2-12 In situ tensile deformation apparatus at the MS beamline.

— microstrip
(®) N detector

(@)

X-ray beam

K&W adapter

tilttable  plate on tilt table

Front view Back view

Figure 2-13 In situ compression deformation apparatus at the MS beamline: (a) front view, and (b) back view at the

connection between K&W machine and goniometer.

During in situ deformation, the machine has a fixed position and the specimen is continuously deformed
and illuminated by the incoming monochromatic X-ray beam. The diffracted beam is acquired with a one-
dimensional position-sensitive multistrip detector MYTHEN. This detector is designed for time-resolved
experiment, allowing continuous measurement of X-ray diffraction patterns spanning 120° with an angular
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2.4 X-ray powder diffraction

resolution of 0.0039°. In the thesis, the typical acquisition times for one full diffraction spectrum is 10 s.
More detailsonthe detectorcan be foundin Refs. [128][129].

Diffraction geometry

Figure 2-14 displays the scattering geometry used in this work. Here the angle between the incoming X-ray
beam and a specimen is fixed. In such geometry, a grain initially contributing to a diffraction peak may lose
its diffraction condition during loading. Figure 2-14a represents a non-deformed state, of which grain 1 and
grain 3 respectively fulfil the Bragg condition for the (111) plane and (400) plane. Once a force
perpendicular to the viewing plane is applied on the specimen, the corresponding change of the lattice
spacing (e.g. due to poisson response) alters the Bragg diffraction condition. Under the condition of
tension, the lattice spacing is reduced as illustrated in Figure 2-14b. As a result, grains 2 and grain 4 now
contribute to the (111) and (400) peaks respectively, and shift peak position towards larger angle. An
opposite change is seen in compression, in which diffraction peaks shift towards smaller angle due to an
increase of the lattice spacing. Consequently, a large amount of grains need to be illuminated in order to
have a constant number of grains that fulfil the Bragg equation during deformation. This necessary

condition is usually fulfilled for specimens with grain sizes below 1 um. More information on this topic can
be foundin Refs. [18][123][124].

Figure 2-14 The scattering geometry for X-ray diffraction: (a) before deformation, and (b) under tension.

Additionally, this diffraction geometry endows each set of lattice planes {hkl} being diffracted with a unique
direction of scattering vector. This can lead to bias in the estimation of grain size when a Williamson-Hall
(WH) analysis on the {111}-grain family is performed (see also Section 2.4.5). Figure 2-15a demonstrates
this issue schematically. The scattering vectors for the {111} and {222} grain family are not parallel to each
other. As a consequence, they probe along different directions in the grains. When the grains are not
equiaxed along this direction this may lead to a wrong estimation of grain size and RMS strain. This can be
avoided by performing two measurements, during which the sample is rotated such that the scattering
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vectors of the two grain families are parallel to each other (Figure 2-15b). For the WH analysis cited within
this thesis the second procedure was used. Here 50 diffraction patterns were recorded for each alignment
of the sampleinthe beam.

(@) (b) 1%t alignment 2™ alignment
| N ey {111} /{222}
. ! / \ : H / .
specimen specimen
surface surface é
[ \ \

AT
VI

L Ll2L2 ‘ ’ L1=12

Figure 2-15 A schematic illustration of grain size measurement during in situ deformation: (a) under the condition of a
fixed angle, the estimation of coherent scattering length (seen as grain size) from Willison-Hall analysis use {111} and
{222} diffraction peaks that differ in the direction of scattering vector. (b) After the alignment of the scattering vector

inthe same direction, the accuracy of measurement can be improved.

Resolution function

The resolution function is associated with the instrumental broade ning determined by beam size, specimen
geometry, and diffraction angle. In the case of tensile test on MTM machine, a mini dogbone -shaped
spedmen is fully illuminated by incoming beam due to its small cross-section, as shown in Figure 2-16a.
Thus, the width of the diffracted beam w; is estimated by

wg = Wsin(20 — ) (2-14)

where W is the specimen width, 8 the diffraction angle, and a the angle between incoming beam and the
specdmen. In the case of compression test on K&W machine, the specimen geometry is relatively large so
that the width of the diffracted beamw,is determined by the beam size (typically a few hundred
micrometres), as shownin Figure 2-16b. The aforementioned equation (2-15) can be rewritten as

Wgq = Wyeamsin(260 — a) (2-15)
where W eam istheilluminated size on the specimen.

Thus, the width of the diffracted beam w, increases with increasing diffraction angle and W or Wyeam.
Fortunately, the peak broadening for NC materials with grain sizes of a few tens of nanometers is at least
one order of magnitude larger compared to the resolution function. Therefore its contribution is ignored in
thiswork [124].
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(@) (b)

Microstrip Microstrip
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Figure 2-16 Influence of the specimen geometry on the instrumental broadening: (a) a typical case for a mini dogbone-
shaped specimen used in MTM, and (b) a typical case for a cuboid specimen used in K&W. This figureis reproduced
from Ref. [123].

2.4.4 Peakprofilefitting

The raw data recorded from powder diffraction is stored in terms of diffracted intensity versus diffraction
angle 26. For each full spectrum, freestanding peaks of {111}, {200} and {220} are fitted separately; {311}
and {222} peaks with peak position close to each other are fitted in a 2-peak model. In this thesis, a split
Pearson-VII function plus a linear function as background is applied for peak profile fitting. This function has
following analyticalshape:

9_00

2 ~Mr
P(6) = Hpeak[l +(2v/Mr —1)(107# + 1) ( )] if 6> 6, (2-16)

P() = Hpeak[1 +(2vM - 1)(107F + 1)2(6 ;/90

—-My,

)] if 6 <86, (2-17)
where 6 is the diffraction angle, 6, the angle corresponding to peak maximum, Hy.x the peak height, w
the full-width at half-maximum (FWHM), 5 the asymmetry parameter, and My and M the left and right
decay exponents, respectively. For Mg, — oo the Pearson-VIl tends to a Gaussian profile; for Mg, = 1it

resembles a Cauchy (Lorentzian) profile. Further information on the peak profile fitting can be found in
paper[18][124].

2.4.5 Extracting structural parameters

Grain size and RMS microstrain

For a diffraction peak at a certain angle 26, size and strain broadening are two main factors that determine
the peak width. In this thesis, Williamson-Hall method is utilized, allowing separating the individual
contributions of these two based on their different dependence on the diffractionangle 6.

The size broadening §6;,, arises from incomplete cancelling of small deviations from the Bragg angle 6,
and can be described by the formula:
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60, = A (2-18)
S2€ T Loncos@

Here, L.y is the coherentscatteringlength thatis parallel to the diffraction vector.

The strain broadening §6s:,-4in is caused by a distribution of lattice spacing. It can be denoted by the RMS
strain (2)1/2 ,i.e. the variations around the average strain. The 88;qin is Written as

8Ost rqin = 4etanf (2-19)

Here, e is an upper limit for the inhomogeneous strain. The commonly used value {(£2)1/2 equals to
4e /5.

The aforementioned equations with the peak position and the peak width in diffraction angle 8 can be
further convertedintermsof the scattering vectors

2sinf
s= (2-20)
A
that isindependent of the photon energy E (E = hc/A, Planck’s constant h, speed of light ¢).
The resultingsize broadeningis rewritten as
1
8Sgige = — (2-21)
coh
and strainbroadeningas
8Sstrain = 2€s (2-22)

It is noted that size broadening in equation (2-21) is independent of scattering vector s, whereas strain
broadening in equation (2-22) islinear proportional to s value. To separate the size and strain contributions
from the total peak broadening &s;o¢q1, @ Cauchy-Gaussian method is utilized in this thesis. It is assumed
that the functional shape of Bragg peak profiles induced by size broadening is described by a Cauchy
distribution whereas strain broadening exhibits a Gaussian profile [130][131]. Thus, §S¢o¢q1 1S given by the
convolution of these two contributions and can be written as:

exp(— (555ize/5sstrain)2/n)

8Stotar = OSsize (2-23)
1- erf (V 2/” (6ssize/6sstrain)>
where the erf (x) is defined by
1 X
erf () = = f e-t/2 dt (2-24)
0
Thisrelation can be approximated as
2
é\ssize =1— [5sstrain] (2_25)
55total 6Stotal
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with an error of at most 10 % according to Ref. [132]. By resubstituting equations (2-21) and (2-22) it results

in
és z 1 [6s
[ total] = 4e2 + [ t(;tal] (2-26)
S Leonl s
. SStotal 2 SStotall - . . . .
By plotting B ] versus [5—2] in a linear fit, one can obtain the coherent scattering length L., from

the slope 1/ L., and the RMS strain (£2)1/2 fromthe intercept 4e2.

It is suggested that the Williamson-Hall analysis should be applied on the peaks from the same diffraction
family due to a directional strain field caused by defects, such as dislocations. In this thesis, {111}-grain
family was selected. Other methods of extracting the size and strain contribution, such as Warren-Averbach
method can be foundin Refs. [130][131].

Internal stressesinrelationto peak profile

Based on the length scales of grain size, the internal stresses in polycrystalline materials can be
distinguished into three types: macrostress o;, intergranular microstress a;;, and intragranular microstress
oy;- Plastic deformation during in situ X-ray diffraction allows following the evolution of these intemnal
stresses. Table 2-5 provides a description of each stress type as well as its influence on the X-ray diffraction
profile, in particular in terms of peak position and peak broadening. Moreover, by following the change of
peak position and peak broadening during deformation, one can obtain the information on structure
evolution. The details are explained in the paragraphs below.

Table 2-5 The classification of internal stresses and their influence on the peak profile (peak position, and peak width).

Influence on peak profile

Internal stress types Definition — -
yp nitt Peak position Peak broadening

Homogeneous over a very large
o, Type | Macrostress . v
number of crystal domains

Intergranular Reflects average stress variations

o, Type |l ) . v v
microstress from one grain to another
Intragranular Reflects the inhomogeneous stress

oy, Type 1l . o . Vv
microstress within a grain

Evolution of lattice strain

According to Bragg’s law, the peak shift during in situ loading reflects the change of lattice spacing. For a
given crystallographicdirection hkl, the resulting lattice strain gy, can be derived from

dnir — donkt

EnL = (2-27)

dohki
Here d i is the reference value before applying the stress.

By substituting equation (2-13) in equation (2-27), €pk;in units of microstrainis written as
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Enkl = _COt(ehkl)Aghkl X 106 (2-28)

where ABy; is the deviation of the peak position 8y, from the reference value. In the elastic deformation
regime, the lattice strain is linearly proportional to the applied stress; as soon as the plastic deformation
sets in, it will deviate from linearity. Depending on the deflection direction, one can obtain the information
of load transferamongthe grains for a single-phase material [133].

Evolution of peak broadening

In this thesis, the usage of different definitions for the diffraction peak width is case dependent. For grain
size and RMS microstrain analysis, the integral width IW is used as it is defined in Williamson-Hall method.
In the case of in situ deformation, the evolution of peak broadening is presented in terms of the FWHM, the
usage of which is to be consistent with literature. In addition, FWHM data exhibits less noisy than the IW
because the statistical error of the latter comes from both integral area and the peak intensity. The FWHM
interms of scatteringvector s is written as

8Shkl = ZCOSBhkl 69hkl/l (2-29)
where 266y isthe measured FWHM in units of rad.

The interpretation of peak broadening can be described as follows:

e For small-grained materials, the peak broadening is a convolution of multiple contributions. The most
important ones are: (1) the coherent scattering length that is related to the grain size, twin density, and
stacking fault density, and (2) elastic strain variations that are either caused intragranularly by defects
(for instance dislocations) in the grain interior or intergranularly by inhomogeneous strains among the
grains.

e During an in situ continuous loading, the evolution of peak broadening is a net balance between
multiple contributions. On the one hand, the peak width is expected to increase when defects (such as
dislocations, twins etc.) are involved or when different grains experience an increasing different average
stress. It was shown by L Li et al. that in NC Ni the signature of the evolution of intergranular strain
conforms with dislocation slip [69]. On the other hand, GB-mediated mechanisms play an important
role in the recovery of defects as well as internal stresses, which leads to a reduction of the diffraction
peak width [95]. In addition, a dedine of peak width may be ascribed to an increase in coherent
scattering length when deformation mechanisms such as grain coarsening or detwinning are triggered
duringloading [52][54][91][134][135][136].

2.5  Molecular dynamicsimulations

2.5.1 Molecular dynamics

MD involvesthe solution of Newton’s equation of motion foran N-atom system:

mi#i () = F(7y, ..., y) = =V, V(#, ..., Ty) (2-30)

31



2.5 Moleculardynamicsimulations

where m; is the atomic mass, F the acting force on the atom, 7; the position of the i™ atom, andV the
potential energy. Since the precise atom dynamics is governed by N non-linearly coupled differential
equations, a numerical approach involving the discretisation of time is employed to evolve the system
through time. For example, by approximating the acceleration via a simple finite difference representation
one obtains

m, [r; (¢ + 2At) — 27 (¢ + At) +1;(0)]

AtZ = V(@ (), .., 7 (1)) (2-31)

from which a new configuration at time t + 2At can be derived from the previous configurations at time
t + At and t. To integrate, the Gear predictor/ corrector integrators [137] is used. Such finite-difference or
integrator methods generally employ a time-step of the order of a femto-second. The initial velocities of
the atoms are assigned according the desired temperature T usingthe principle of equipartition of energy:

—ka— Zm o 7 (2-32)

Here, kjis the Boltzmann constant. More details on the MD simulation algorithm can be found in Ref.
[137].

2.5.2  Simulation procedure

MD simulations of stress reduction were performed on a NC Al sample (Al17) that contains 15 randomly
orientated grains with an average grain size of 12 nm (~ 10° atoms) in an orthonormal simulation box of
the initial size 27.5x27.5x27.5 nm>. The actual MD simulation work was carried out with Large-scale
Atomic/ Molecular Massively Parallel Simulator (LAMMPS) code [138][139] by Dr. Christian Brandl in
Karlsruhe Institute of Technology. The initial sample was geometrically constructed using the Voronoi
procedure [140] under full 3D periodic boundary conditions. This procedure produces a log-normal grain
size distribution as reported for experimental results, however, creates an energetically unfavourable GB
network and local GB structures, which are subsequently locally relaxed by molecular statics, i.e. molecular
dynamics with a quenching condition, and equilibrated for 100 ps at zero pressure MD [14] at 300K
temperature by the Nose-Hoover thermostat throughout all dynamic simulations. In the past, this
configuration has been studied extensively in terms of its deformation behaviour under monotonic loading
[23].

Sample consideration

Due to the restrictions of the simulation timescale, the selection of aforementioned simulation box size is a
compromise between various opposite considerations:

e Havingenough grainsforintergranularaccommodation activity.

e Havinglarge enough grain size for observing dislocation activity.

e Havinglongenough creep periods for observing the transient responses.

e Several stressreduction tests with different magnitudes of stress drops to be carried out.

Additionally, Al was chosen instead of Ni, as in Ni predominately only leading partial dislocation activity is
observed within the timescale of the simulations. In Al the emission of full dislocations has been observed

32



Chapter 2 Experimental and technical details

[20]. The embedded atom method (EAM) potential for Al of Y. Mishin et al. [141] was used here to model
the interaction between atoms.

In general, much higher applied stresses (2-3 times higher) and strain rates (> 10’ /s) in MD simulation
facilitate dislocation activity and limit the role of GB accommodation mainly to the mechanically driven
processes. Also, note that the simulated sample typically lacks transgranular and intergranular intemal
stresses that typically prevail on length scale exceeding the grain size, and lacks impurities as well [142].
Nevertheless, relatively short-ranged (fraction of the grain size) intragranular intemal stress by the GBs and
triple junction extend into the FCC grain. With this in mind the MD simulation offers a model system that
provides more details regarding to deformation mechanisms and defect interaction at the atomic scale
rather than reproducing the experimental results obtained by macroscopic in situ experiments.

The simulations were performed at a temperature of 300 K where the sample was subject to a uniaxial
tensile load along z axis. In the course of the simulation, a time-average procedure is generally used to
improve the atomic visualization due to thermal fluctuations. In Ref. [23] a time interval of 250 fs was
chosen because it is slightly larger than the typical vibration period of an atom. Within this thesis, an
alternative method to supress thermal fluctuation was applied for the analysis: the instantaneous
configuration at the required simulation step was quenched by viscous damped dynamics for 250 fs. Since
the average lattice constant at 300 K was maintained virtually in a 0K configuration in the method, i.e. the
volume and box shape was kept constant, the overall pressure (trace of the stress tenor) has changed with
the imposed temperature by quenching.

2.5.3  Analysis techniques

The output dump files generated by LAMMPS were analysed via the open-source software Open
Visualization Tool (OVITO) [143][144] in PSI.

Common neighbour analysis

Common neighbour analysis (CNA) [145] is an effective filtering method to classify atoms based on their
local crystalline structural environment. Figure 2-17 displays a cell structure of NC Al sample where FCC
atoms are coloured grey, hexagonal close-packed atoms (HCP) red, and other coordinated atoms blue. One
can identify structure defects such as GBs, stacking faults, and twins. The presence of a stacking fault is
identified by two consecutive {111} planes of HCP atoms and a twin fault by only one single {111} HCP plane.

Displacement vectors

The displacement vector modifier in OVITO calculates the displacement vectors of each atom by
subtracting its position in the reference configuration from that of current configuration. All the atomic
positions need to be mapped into the same simulation box before this calculation due to the macroscopic,
homogeneous deformation of the simulation cell. By eliminating this artificial shift, the calculated vectors
reflect only the internal, microscopicdisplacements of atoms.
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Figure 2-17 A cell structure of the constructed sample, in which atoms are coloured via CNA analysis.

Local hydrostatic pressure

Within MD simulations the virial theorem has been generally used to calculate the global stress tensor,
which is in the limit of a large volume and a large number of atoms and represents the bulk homogeneous
stress [146]. In order to inspect the spatial variance of the stress field within the sample, the virial theorem
will be applied directly to each atom. In the present work, the momentum conserving representation
developed by J. Cormier et al. [147] was utilized to compute the local stress quantities. A volume element
around each atom with radius of 4 A was chosen (as was done in previous investigations [19][23][146]). In
the past work [19][23][146], it has been shown that the local hydrostatic pressure is a sensitive indicator for
GB structural changes once dislocation activity occurs, such as emission, pinning, and absorption.

Local shear strain

The atomic strain modifier calculates the atomic-level strain tensors based on two configurations of the
system: the current configuration with respect to the reference configuration. This requires the same
operation of eliminating homogeneous cell deformation as that done for displacement vector in the
beginning. After that the local deformation gradient tensor for each particle is calculated from the relative
displacements of the atom’s neighbours within the given cut-off radius. In this thesis, local von Mises
invariant computed by OVITO was utilized toinspect the local shearstrain [148].
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3.1  Plastic deformation of nanocrystalline Nickel

This section reports on in situ continuous deformation and load-unload experiments performed on two NC
Ni batches, allowing a comparison with previous studies performed on NC Ni obtained from Goodfellow
[15][18][94].

3.1.1 Insitu continuous deformation

Tensile tests

Continuous tensile testing during in situ X-ray diffraction was carried out at room temperature with a strain
rate £, of 6x10° /s.

For NC Ni_35, the mechanical data and in situ data are displayed in Figure 3-1a-d. Figure 3-1a shows the
stress-strain curve, evidencing first a pronounced strain hardening followed by a constant flow stress
before necking. The dashed line is a linear fit in the elastic regime. Due to the length calibration issue in
instruments and machine compliance (discussed in Section 2.3.1), the Young’s module measured is smaller
than the theoretical value of 200 GPa. Figure 3-1b shows the lattice strain as a function of the applied
stress. {111}, {200}, {220} and {311} grain families are along the transverse direction. Figure 3-1c shows the
deviation from linear behaviour (shown as dashed lines in Figure 3-1b). These deviations are clearly grain
family dependent, indicating a load transfer up to 1.4 GPa. At higher stresses, due to elastic anisotropy the
softer {200} grain family exhibits a tensile shift, whereas some other grain families go into compression, in
particular for {220} grain family. Figure 3-1d displays the corresponding evolution of the FWHM for all grain
families. It is evident that the FWHM remains constant up to 0.6 GPa and shows a strong increase when the
specimenisloadedto higherstresses.

For NC Ni_65, the mechanical and in situ data are displayed in Figure 3-1le-h. The corresponding stress-
strain curve in Figure 3-1e demonstrates the same characteristics but a lower value of ultimate tensile
strength (UTS). The deviation from linearity is more pronounced in all grain families, with a remarkable
tensile deflection of the {200} family after a stress level of 0.6 GPa (see Figure 3-1g). This stress value seems
to be alsothe lowerlimitforobservingachange in FWHM that increases with applied stress ( Figure 3-1h).

Figure 3-2 presents the evolution of the FWHM for all grain families as a function of total strain for both
batches. Compared with the stress-strain curve, the increase in FWHM is stagnating when the flow stress
reachesthe maximum.
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Figure 3-1 Overview of deformation behaviour during the in situ continuous tensile tests for Ni_35 (a-d) and Ni_65 (e-
h): (a, e) the stress-strain curves; (b, f) corresponding evolution of the transverse lattice strain for {111}, {200}, {220},

and {311} grain families; (c, g) deviation of lattice strain from the linear fit (dashed line); (d, h) corresponding evolution
of FWHM for all grain families.
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Figure 3-2 The evolution of the FWHM for {111}, {200}, {220}, and {311} grain families as a function of total strain: (a)
NC Ni_35 and (b) NC Ni_65

Compression tests

Continuous compression testing during X-ray diffraction was performed at a constant total strain rate &;,;
of 10" /s. Figure 3-3a shows the stress-strain curve for NC Ni_35. Due to the differences in machine
compliance between MTM and K&W and their respective length calibration systems, here the slope in the
elastic regime is lower. Nevertheless, a plateau regime is observed. The most interesting result of in situ
data analysis is the evolution of the FWHM as a function of total strain shown in Figure 3-3b. After the flow
stress becomes essentially constant, the peak width of all grain families gets saturated. This result confirms
the previous observation from tensile test. Afterwards, some reflections exhibit subsequent reductions in
FWHM, which may be associated with grain growth. The in situ data recorded for NC Ni_65 is unfortunately
not valid due to severe distortion on specimen surface.
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Figure 3-3 NC Ni_35: (a) the stress-strain curve of a compression test; (b) the evolution of the FWHM for {111}, {200},

{220}, and {311} grain families as a function of total strain.
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3.1 Plasticdeformation of nanocrystalline Nickel

3.1.2 Continuous deformation at different strain rates

A series of ex situ continuous tensile tests with constant strain rates é,,; ranging from 10° /s to 107 /s
were conducted on both NC Ni batches. The characteristic of the stress-strain curve of NC Ni have been
shown in Figure 3-1 (tension) and Figure 3-3 (compression). The constant flow stress can be considered as a
guasi-stationary state where there is a balance between different deformation mechanisms. Figure 3-4
presents these quasi-stationary stress values for NC Ni_35 (solid) and compares them with the values
obtained for NC Ni_65 (open). For all strain rates, the material with larger average grain size has lower
values for the flow stress, suggesting a Hall-Petch strengthening. For both NC Ni batches the quasi-
stationary stress values increase with increasing strain rate. However, this is not the case for NC NisFesq:
the maximum flow stress is hardly dependent on the strain rate within the range 6x10” /s to 3x107 /s, as
reported in Ref. [113]. In this section, deformation in tension was selected because MTM machine with
small stepsize is capable of a widerrange of test speeds.

1 O-2 T T T T T T T T
o quasi-stationary state for Ni_65
® quasi-stationary state for Ni_35

10° o E

10°F 3

Strain rate €, (s)

10° ¢ 3

10’7 1 1 1 1
0.0 0.5 1.0 1.5 2.0 2.5

Stress g (GPa)

Figure 3-4 The quasi-stationary stress values for NC Ni_35 (solid) and NC Ni_65 (open) obtained in continuous tensile
tests at constant strain rates.

3.1.3 Insituload-unload deformation

Tensile tests

A series of load-unload cycles during X-ray diffraction was performed, which allows investigating the
evolution of residual lattice strain as well as peak broadening. Figure 3-5a and b display the corresponding
stress-strain curves for NC Ni_35 and Ni_65. In both tests, the first load-unload cycle starts in the elastic
regime (< 0.5GPa) whereas the last load-unload cycle ends near the maximum flow stresses. For each
cycle, the specimen after unloading was kept at a macrostress-free state for 20 min.
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Figure 3-5 The corresponding stress-strain curves of a series of load-unload cycles for (a) NC Ni_35 and (b) Ni_65.

For NC Ni_35, given the stress-time relation in Figure 3-6a, the corresponding evolution of the lattice strain,
and the FWHM of {111}, {200}, {220}, {311} diffraction peaks are displayed in Figure 3-6b and c. Similar as
what has been observed before [94][113], three regimes may be distinguished based on the evolution of
the lattice strain and the peak broadening: I-elastic, II-microplasticand I1l-macroplasticregime.

In the microplastic regime, there is hardly any change in lattice strain but clearly a decrease in peak
broadening associated with structural relaxation upon loading. Once entering the macroplastic regime,
both lattice strain and peak broadening are changing in the unloaded state. The observation of residual
lattice strains after unloading from 1.5 GPa indicates the development of intergranular strains. In the last
two cydes, the specimen was loaded to the maximum flow stress. Upon unloading the extra recovery in
FWHM obtained during previous load cycles disappears to a great extend: the {200} and {220} reflections
remain still a bit narrower compared to their initial values, but the {311} has returned back, even slightly
increased relative to the non-deformed state.

For NC Ni_65, the corresponding mechanical and in situ data sets are shown in Figure 3-6d-f. Here, the
development of the residual lattice strain starts already at low stresses, suggesting an early onset of plastic
deformation. Compared to Ni_35, Ni_65 generates remarkably higher amounts of residual stress (intemal
strain) after unloading from the macroplastic regime. The difference has to be attributed to a larger
average grain size, but the strong {100} texture along the transverse direction might also play an important
role.
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Figure 3-6 Overview of deformation behaviour during in situ load-unload tensile tests for Ni_35 (a-c) and Ni_65 (d-f):
(a, d) the stress-time relation; (b, e) corresponding evolution of the lattice strain for {111}, {200}, {220}, and {311}

grainfamilies; (c, f) corresponding evolution of the FWHM for all grain families.

Compression tests

Further investigation of peak broadening in the plateau regime (constant deformation resistance) is
feasible under the condition of compression. Figure 3-7a displays the corresponding stress-strain curve for
the NC Ni_35, where the first load-unload cycle starts at 1.5 GPa whereas the remaining cycles are in the
plateau regime. Figure 3-7b shows the evolution of the FWHM as a function of time. There is an extra
recovery of FWHM for all grain families upon first unloading. Then upon unloading from the next cycles, the
recovery observed for {111} and {311} grain families vanishes and the FWHM of {220} grain family increases
well above its original value before deformation.
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Figure 3-7 NC Ni_35: (a) the stress-strain curve of a series of load-unload cycles in compression; (b) the evolution of
the FWHM for {111}, {200}, {220}, and {311} grain families as a function of time.

3.1.4 Summary

The measurements of in situ continuous and load-unload deformation on NC Ni batches confirm the early
findings performed on NC material from Goodfellow [15][18][94], demonstrating that it is a characteristic
behaviourfor NCNi. Inaddition, the following results have been obtained

e In situ continuous deformation in tension and compression confirm that the peak widths for all grain
families get saturated afterthe flow stress becomes essentially constant.

e For NC Ni, the quasi-stationary flow stress, i.e. the constant flow stress reached in continuous
deformation is strain rate dependent. For a given strain rate, the quasi-stationary flow stress of NC
Ni_65 is always lowerthan that of NCNi_35, suggesting a Hall-Petch strengthening.

e NCNi_65 exhibits an earlier onset of plastic deformation and generates remarkably higher amounts of
residual stress (internal strain) upon unloading from the macroplastic regime. This has to be attributed
to two microstructural differences: alargeraverage grainsize and a stronger {100} texture.

3.2  Stress reduction tests on nanocrystalline Nickel

To explore the interplay between the deformation mechanisms responsible for the development of a
constant deformation resistance in NC metals, stress reduction tests were performed. This technique was
combined with in situ X-ray diffraction, allowing following the structure evolution and capturing the
underlying deformation mechanisms that control the strength. Stress reductions tests were carried out in
the conventional way (Section 3.2.1) and subsequently in the modified ways (Section 3.2.2 and Section
3.2.3).

3.2.1 Conventional stress reduction tests

Figure 3-8 provides a schematic of the principle of conventional stress reduction tests. Each specimen was
first strained to a pre-defined stress o, at a constant loading rate 10” /s except mentioned otherwise. Then
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3.2 Stress reduction tests on nanocrystalline Nickel

upon reaching o, the specimen was fast unloaded by a certain amount of stress Ag, and allowed to creep
at the reduced stress g,, for a certain period of time. The ratio between these two stress levels is denoted
by the relative reduced stress R= a,./a,, which is used to compare the transient behaviour of materials
with different microstructures. In the case of a tensile test, it was chosen to perform the stress reduction
tests at a stress level prior to reaching the quasi-stationary regime. This was done to avoid the influence of
necking. In the case of a compression test, larger strain can be achieved so that stress reduction could be
carried out at a strain well within the quasi-stationary state. At the end of the creep period the specimen
was reloaded with the same initial loading rate of 10° /s until fracture.

Applied stress

Time
Figure 3-8 Schematic representation of a series of conventional stress reduction tests: the specimen is first strained to

a pre-defined stress g, reached with a constant loading rate, followed by a fast stress reduction and creep at a

reduced stress o,.. Finally, atthe end of creep the specimen is reloaded until fracture.

Tensile tests

Table 3-1 provides an overview of the conventional stress reduction experiments that have been done on
NC Ni batches. Note that all tests were performed in the macroplastic regime, the onset of which can be
either determined from in situ load-unload testing (Section 3.1.3) or the yield criterion defined by L. Thilly
et al. [149]. Using Thilly’s criterion, a relative high value 1.6 GPa for NC Ni_35 and 1.2 GPa for NC Ni_65 was
obtained.

Table 3-1 Overview of all conventional stress reduction tests done on NC Ni batches.

Batch Number of specimens o, (GPa) R Creep time Instrument
12 1.75 0.1~1 30min in situ
1 1.75 0.67 60 min in situ
NC Ni_35 - —
2 0.82 60 min in situ
1 2 0.70 165h ex situ
NC Ni_65 11 15 0.18~1 30min in situ
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Creep after stress reduction

For NC Ni_35, 12 specimens were employed in the standard in situ stress reduction tests series (see 1*' row
in Table 3-1). Stress reductions with different magnitudes were carried out at oy =1.75GPa; at each
reduced stress level the specimen was allowed to creep 30 min during in situ X-ray diffraction. Figure 3-9a
and b summarizes the stress-dependent transient behaviour for R ranging from 1 to 0.1. Note that the
specdmens of the tests with R=1and R = 0.96 were pre-deformed under the constant loading strain rate
&0t 0f 10 /swhereasthe others were deformed at 10 /s.

Figure 3-9a and Figure 3-9b describe the evolution of the inelastic strain and the FWHM of the {311}
diffraction peak as a function of time, respectively. The {311} peak was chosen because both simulations
and in situ experiments show that the {311} peak exhibits the greatest increase in peak width when the
microstructure of the sample is dominated by dislocations [18][150]. Two distinguished behaviours of the
initial inelastic strain rate &,.; can be recognized immediately after the stress drop. When the stress drop is
mild the specdmen continues to deform plastically in a forward direction, i.e. &.; > 0, however, with
decreasing inelastic strain rate €;,.;. At larger stress drops the immediately measured strain rate is
negative, i.e. &,; < 0, evidencing the dominance of anelastic back flow. After sufficient relaxation of the
internal back stresses driving the back flow, forward straining is observed again, at | east when the stress
drop is not too large. This positive strain rate £;,; reaches a relative maximum £,..,,4,, after which £,
decreases further with increasing creep time. Figure 3-10 schematically illustrates different definitions of
strain rate as mentioned above. For the lowest R (largest stress drop) no forward straining is observed, but
thismightbe due to a too short measuringtime.

Inelastic strain £ - €, (107)
FWHM - FWHM, (10° nm")

Time (min) Time (min)

Figure 3-9 Results of the standard in situ stress reduction tests series on NC Ni_35. Transient responses in dependence
of R for 0, = 1.75 GPa: (a) the inelastic strain, and (b) the FWHM of the {311} diffraction peak as a function of creep
time. £; and FWHM); refer to the values atthe beginning of creep.
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Figure 3-10 Schematic illustration of different definitions of strain rate during transient creep: (a) €,; > 0 and (b)
ér’i < 0

Combining the aforementioned inelastic strain behaviours with the signatures for the FWHM, four regimes
can be recognized. In Regime |, corresponding with the smallest stress drops, positive inelastic strain is
measured together with an increase in FWHM. In Regime Il, corresponding with slightly larger stress drops,
still positive inelastic strain is produced, but the FWHM decreases. At larger stress drops, Regime Ill, a
transient behaviour is observed where first negative and then positive inelastic strain is produced both
accompanied by a reduction in FWHM. At the largest stress drops, Regime IV, the inelastic strain seems to
be always negative during the time of observation and is combined with areductionin FWHM.

Inspection of the behaviour of the FWHM in Regime Il hints to an increasing FWHM at the end of the
30 min creep regime. Therefore, two additional in situ stress reduction experiments were carried out in
Regime Il with different values of reduced stress and different values of initial plastic strain, both followed
by a creep period of 60 min (see 2™ and 3™ row in Table 3-1). Thisis schematically sketched in Figure 3-11a.

Figure 3-11b shows the corresponding results of the first in situ test with R = 0.67, whereby the evolution
of the strain rate &;,,¢ (black curve) and the FWHM (blue curve) are plotted as a function of inelastic strain.
Here, using strain as abscissa instead of time has the advantage of evidencing the structural development,
in particular during transient creep with long periods of time. It can be seen that while the strain rate (black
curve) decreases continuously, the FWHM of the {311} diffraction peak starts to increase again after a
plastic strain of approximately 1x10” was produced. This cross-over in the peak broadening could not be
observed forthe otherdiffraction peaks which remain decreasing.

The second in situ test with R=0.82 was carried out after reaching a flow stress of 2 GPa, corresponding to
a larger plastic strain at the moment of the stress drop. Figure 3-11c shows the corresponding behaviour of
the strain rate (black curve) and the FWHM of the {311} diffraction peak (blue curve). Also here the strain
rate remains decreasing, while the FWHM first decreases and then increases. For this specimen such
behaviour is observed for all diffraction peaks. The strain at which the FWHM starts increasing again is
larger in this specimen, suggesting that the strain produced by mechanisms that reduce the FWHM
depends not only on the reduced stress, but probably also on the amount of plastic strain obtained prior to
the stressdrop.
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Figure 3-11 Results of in situ/ ex situ stress reduction experiments with long creep times on NC Ni_35: (a) the
schematic representation of the in situ experiments; (b) and (c) the evolution of the strain rate (black curve) and the
peak broadening (blue curve) for the 60 min stress reduction tests performed at o, = 1.75 GPa and g, = 2 GPa with R
values of 0.67 and 0.82, respectively. Also shown in (c) is the evolution of the strainrate (black open symbols) fora 165

hours creep period test with R value of 0.70. FWHMgq refers to the valueat non-deformed state.

It is important to note that in all the tests carried out in Regime | and Il where immediate positive strains
are measured, the strain rate £;,,; always decreases and no increase in strain rate after a certain amount of
creep time is observed. Such an increase was typically observed in CG materials [115][117][120]. To be sure
that this is not related to the restriction of creep time during an in situ experiment, an ex situ creep test
was carried out during 165 hours (4" row in Table 3-1). A specimen was deformed up to 2 GPa followed by
a stress drop to 1.4 GPa (R = 0.7). The initial transient strain rate is &,; = 4x 10 /s. The evolution of the
strain rate as a function of inelastic strain is added in Figure 3-11c (black open symbols). At the end of the
creep experiment the inelastic strain reached 1.4 % with a continuously decreasing strain rate that finally
dropped to ~10? /s. Interestingly, the strain rate seems not to reach a quasi-stationary value after 165
hours of creep time. To observe the quasi-stationary rate larger strains need to be produced.

For NC Ni_65, the standard in situ stress reduction tests series were carried out at 6y = 1.5 GPa, which is
slightly below the UTS of 1.6 GPa attained at ., of 10° /s. Figure 3-12 summarizes the stress-dependent
transient behaviours for R ranging between 1 to 0.1: four regimes can be categorized based on the
evolution of the inelastic strain (Figure 3-12a) and the change of the FWHM of {311} diffraction peak (Figure
3-12b) during creep periods of 30 min. They exhibit similar characteristics to those of NC Ni_35. The non-
monotonic change of FWHM is observed for the specimen with R = 0.91 after it has been crept for 10 min
only.
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Figure 3-12 Results of the standard in situ stress reduction tests series on NC Ni_65. Transient responses in
dependence of R for g, = 1.5 GPa: (a) the inelastic strain, and (b) the FWHM of {311} diffraction peak as a function of

creep time. €; and FWHM); refer to the values atthe beginningof creep.

Stress dependence of creep rate

Assuming that the microstructure does not change during the sudden stress drop, it is possible to derive
the stress dependence of the initial creep rate at constant microstructure. In Figure 3-13, the normalized
forward creep rate &, /&g as a function of normalized stress /g is plotted on a semi-logarithmic scale. The
data points in NC Ni_35 (only tests with gy, =1.75 GPa are considered) and Ni_65 are respectively
represented by solid and open symbols; the colours refer to three different regimes observed in Figure 3-9
(for NC Ni_35) and Figure 3-12 (for NC Ni_65). According to different definitions of strain rate illustrated in
Figure 3-10, &, equals &.;in Regimes | and Il, while in Regime Il €, is the maximal forward strain rate
£rmax after stress reduction and anelastic back flow; gy, £y refer to the values just prior to the stress
reduction. Since positive strain rate &, 4, in Regime Il (green) was measured only after a timeinterval of a
few minutes where anelastic back flow and recovery have modified the microstructure, the term “constant
structure” is not exact with regard to fast changing parameters like dislocation density and internal stress
distribution. Still, it is an acceptable presumption, which allows investigating the individual contribution
from multiple deformation mechanisms.

46



Chapter 3 Experimental Results

10°F @ Regimel 3
& Regimell ]
A Regmelll
10"k E
_ 107 E .
T
o o2 | solid: NC Ni_35 nm 1
7 slope=5
10" A E
open: NC Ni_65 nm
10'5 1 I I 1 1
0.0 0.2 0.4 086 0.8 1.0

crr/csu:R

Figure 3-13 For NC Ni_35 (solid symbols)and NC Ni_65 (open symbols), the normalized forward creep rate €,. /¢, as a
function of normalized stress a,. /0, is plotted on a semi-logarithmic scale. Each group of data is fitted by a sum of two

exponential functions (dashed lines). The solid linerepresents the resultingfit.

Inspection of the plots for both materials show that for moderate and large stress drops (Regimes Il-I11), for
which the FWHM always decreases immediately after the stress drop, the logarithm of the creep rate &, is
linearly proportional to the stress (slope 4.6 for NC Ni_35 and slope 5 for NC Ni_65), independent of
whether the drop is done in a regime where there is a continuation of forward flow (Regime Il) or in a
regime where first anelastic back flow is observed (Regimes lll). However, in Regime | where the stress
drops are small and the diffraction peak broadens continuously, the fit to the data points (solid line)
deviates from linearity and the stress dependence increases. In fact, the &, data can be described as a sum
of two &,-contributions with different exponential stress dependence as shown by the straight dashed lines
inFigure 3-13.

Reloading after stress reduction

After the transient creep period the specimens were reloaded until failure with a loading rate of 107 /s.
Figure 3-14a and b display the corresponding stress-strain curves (black curve) for NC Ni_35 and Ni_65,
both with relative reduced stress R =0.87, evidencing a smooth extrapolation over the stress drop point.
Additionally, for both NC Ni batches such a curve is found to coincide approximately with the stress-strain
curve obtained from a continuous tensile test at the same loading rate, as indicated by the red dashed
curve.

To further explore the influence of stress drops with different magnitudes on the deformation behaviour,
the shape of stress-strain curves in particular reloading parts were examined. It is found that most tests
obtain a similar stress value at the quasi-stationary state; some scattering may associate with the diversity
of specimen and the resolution of measurements. The interpretation of this observation may refer to a
strain-path independent quasi-stationary flow stress solely dependent on the strain rate. Also, it indicates
that there is no significant grain coarsening after transient creep, otherwise the maximum flow stress
would have be reduced according to Hall-Petch law.
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Figure 3-14 stress-strain curves of a conventional stress reduction test (black curve) and a continuous tensile test (red

Compression tests

dashed curve) at the same loading rate: (a) NC Ni_35 and (b) NC Ni_65, both with R = 0.87

For NC Ni_35, the in situ stress reduction experiments in compression were performed at a well-defined
guasi-stationary state (a regime without work-hardening). Figure 3-15a shows the stress-strain curve for a
compression experiment, in which a small stress drop of R =0.93 was done at a true strain of >10 %,
followed by a 30 min creep and reloading until failure. Figure 3-15b shows the corresponding behaviour of
FWHM for {111}, {200}, {220}, and {311} diffraction peaks. It is observed that during the creep period the
FWHM continuously decreases independent of the magnitude of the stress drop. This is in contrast to the

results fortensile experiments, in which the FWHM increases with time after asimilar stress drop.
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Figure 3-15 Results from an in situ stress reduction experiment during compression on NC Ni_35: (a) the stress-strain
curve and (b) the change of the FWHM with total strain. FWHMgq refers to the value at non-deformed state.
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Figure 3-16a and b inspect the evolution of the strain rate (black curve) and the FWHM of {311} diffraction
peak as a function of inelastic strain. It can be seen that both strain rates and the FWHM monotonically
decrease although alargerstrain of 2.5 % has been reached
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Figure 3-16 The evolution of (a) the strain rate (black curve) and (b) the FWHM of {311} diffraction peak (blue curve)

as a function of inelastic strain during transient creep. FWHM)j, refers to the value at non-deformed state.

3.2.2

Inserting creep before stress reduction

All conventional stress reduction tests in tension (Section 3.2.1) were carried out prior to the quasi-
stationary flow stress, see Figure 3-14. This may lead to a continuation of work-hardening by a net increase
of defects even after a limited stress reduction. Inserting a short creep period at o before stress reduction
helps further approach the quasi-stationary state, whereby the results may be comparable to those of
stressreduction experimentsin compression.

Figure 3-17a shows the stress-time relation of such an experiment performed on NC Ni_35: after the
spedmen was loaded to 0, = 1.8 GPa at &, of 10 /s, the transient periods were composed of four stress-
controlled stages that are specified in Table 2-1. Figure 3-17b is the corresponding stress-strain curve. It can
be seen that after inserting 1°* stage the stress reduction with R = 0.89 was performed at an extended
strain, 1 % more thanthat in a conventional stress reduction test as shown in Figure 3-14a.
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Figure 3-17 A modified stress reduction experiment performed on NC Ni_35, in which a short creep period was
inserted before the stress reduction so that the quasi-stationary state can be further approached: (a) the stress-time

relation and (b) the stress-strain curve.

Table 3-2 Amodified stress reduction test in which the transient periods are composed of four different stress-
controlled stages.

Transient stages g, (GPa) o (GPa) R Creep (min)
1™ 1.8 1.8 1 10
2™ 1.8 16 0.89 30
3" 1.6 1.8 1.13 25
4" 1.8 16 0.89 30

Figure 3-18a and b show the corresponding evolution of the strain rate and the FWHM of {311} diffraction
peak as a function of inelastic strain. In the 1°" and 3™ stage the specimen was crept at 1.8 GPa. The strain
rate and the FWHM in the 3™ stage show a continuation of the existing trend in the 1°*' stage: they
respectively decrease andincrease with the increasing strain, approaching the quasi-stationary values. Such
continuation of the trends would be expected as well for the 2" and 4" stage where the specimen was
crept at 1.6 GPa. However, very limited inelastic strain was produced. Moreover, at this stress level one
observes a continuous reduction in FWHM after a small stress drop with R = 0.89, which is in agreement
with the results obtained from in situ stress reduction testsin compression.

3.2.3 Multistep test

In the case of conventional stress reduction tests (Section 3.2.1), a major issue often encountered is that at
a low reduced stress where dislocation glide is supressed enough, the strain rate becomes so low that the
full transient response is not accessible during an in situ measurement. This is visualized in Figure 3-19:
after a large stress reduction the maximum forward strain rate £,.,,4, (black dot) continuously decreases
under the constant applied stress during the creep period, as indicated by the blue dashed line. As the
specdimen is crept further, the strain rate drops out of the timescale of observation so that it can hardly
approach the new quasi-stationary lineasindicated by the pink solidline.
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Figure 3-18 The evolution of (a) strainrateand (b) the FWHM of {311} diffraction peakas a function of inelastic strain

during transient periods. FWHM)yq refers to the value at non-deformed state.
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Figure 3-19 Schematic representation of the evolution of strain rates during |. single transient creep in a conventional
stress reduction test (blue dashed line) and Il. repeated transient creep in a multistep test with each step ending near
the creep rate given by the green dashed line. Black dot is the maximum forward strain rate after a large stress

reduction. The pink curve is quasi-stationary line.

In order to overcome this issue a new methodology has been introduced. Figure 3-20 is a schematic
representation of this so-called multistep test. The operation of deformation during transient is similar to
the repeated creep in the paper of J.L. Martin et al. [151][152]. After a large stress reduction at gy, the
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3.2 Stress reduction tests on nanocrystalline Nickel

applied stress was raised slightly in a series of steps (increased by ~ 35 MPa per step) and held for 20 min
to creep at each stress level. The objective is to set a lower bound to the decline of creep rate in each step
so that the rate stays within a certain interval. Asindicated by the green dashed line in Figure 3-19, the new
quasi-stationary state can be approached within measurable time by increasing stress at similar strain rates.

w
w
(0]
s
w
O o Gn
Q@ o 3
ol 2
Q
<
=%
Gy
Time

Figure 3-20 Schematic representation of a multistep test: after a large stress reduction, the applied stress is stepwise
increased. In the present work, each stress level is held constant for 20 min followed by an increment of ~ 35 MPa per

step.

An in situ multistep test on NC Ni_35 was performed when the specimen was first strained to g, =2 GPa
with a constant strain rate &, of 10° /s. Figure 3-21a-c and Figure 3-22a-c provide an overview of the
resulting transient behaviour as function of strain and stress, respectively.

Figure 3-21a shows the stress versus inelastic strain relation, and Figure 3-21b is the corresponding
evolution of the strain rate. After the initial large stress reduction with R =0.4 (6 = 0.8 GPa), a negative
strain rate is measured, indicating anelastic back flow. After creeping for a while, the strain rate turns
positive and reaches a relative maximum &, 4. While keeping the stress constant, the strain rate further
decreases until being interrupted by a small stepwise increase in stress. Repeating this step keeps the
overall rates between 107 and 10° /s; in the last step (0 = 1.68 GPa), the rate tends to be stabilized aftera
short decline.

Figure 3-22a represents the same strain rate data as a function of applied stress: the grey line is simply
taken from the &,-curve (solid line) from Figure 3-13 assuming the same &,-o relationship for oy = 2 GPa. It
is found that &, 1, (red dot) after a stress drop lies on this &,-curve. Each vertical black line represents a
continuous decrease in strain rate at a certain stress level. At the highest creep stress, the strain rate ends
up with a value (green dot) approaching the quasi-stationary line (flow stresses given by Figure 3-4 in
Section 3.1.2). Thus, the strength evolution in the multistep test covers nearly the whole distance from the
&.-curve to the quasi-stationary strength curve.
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Figure 3-21 Overview of transient behaviour as a function of inelastic strain for the in situ multistep tests performed
on Ni_35 (a-c) and Ni_65 (d-f): (a, d) the stress-inelastic strain relation, (b, e) creep rates, and (c, f) the overall change
of the FWHM for {200}and {311} peaks.

The corresponding evolution of the FWHM is shown in Figure 3-21c and Figure 3-22b-c: green for the {200}
diffraction peak and blue for the {311} peak. Figure 3-21c displays the overall behaviour of the FWHM as a
function of the inelastic strain, evidencing a non-monotonic change. Figure 3-22b and c¢ decouple the
overall change of the FWHM for {200} and {311} peaks into two contributions: the change of the FWHM
during the 20 min creep periods (square symbol) and the change upon each stress increment of ~ 35 MPa
(circle symbol). Note that for the first stress increments the FWHM continuously decreases during creep
periods; upon further increasing stress till ~1 GPa the FWHM stays constant; above 1.3 GPa the creep
strain produced at each stress level grows and the change of the FWHM increases with time. In contrast,
the evolution of the FWHM upon each stress increment exhibits slightly different behaviour; it is constant
but non-zero.
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Figure 3-22 Overview of transient behaviour as a function of applied stress for the in situ multistep tests performed on
Ni_35 (a-c) and Ni_65 (d-f): (a, d) creep rates, (b, €) and (c, f) decouple the overall change of FWHM for {200} and
{311} peaks into contributions from 20 min creep periods (square symbols) and from stepwise stress increasing (circle

symbols).

Figure 3-21d-f and Figure 3-22d-f provide an overview of transient responses for an in situ multistep test
performed on NC Ni_65. After the specimen was strained to oy = 1.56 GPa with a constant strain rate &;,;
of 10° /s, a stress reduction with R= 0.46 was carried out, followed by repeated creep. The applied stress
was stepwise increased from 0.74 to 1.45 GPa. It has been found that the results obtained for NC Ni_65 are
in qualitative agreement with those for NC Ni_35. Quantitatively speaking, when creeping at the highest
stress levels, NC Ni_65 exhibits a significant increase in the FWHM for the {311} peak (Figure 3-22f) as well
as a larger amount of strain generated during 20 min creep (Figure 3-21e). Also for NC Ni_65, the evolution
of the FWHM upon the stress changes is constant but non-zero up to 1.3 GPa, after which it increases in

magnitude.
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3.24 Summary

The results of stress reduction tests on NC Ni_35 and Ni_65 show qualitative agreement. The major

observations can be summarized as follows:

Anelastic backstrain for large stress reductions: for stress reductions with R< 0.5 the immediate
strain rate after the stress drop is negative, which produces negative strain (Figure 3-9 and Figure 3-12).
Such a sample contraction is the consequence of a negative balance between continuous forward
strain and back strain created by backward motion of dislocations, which is probably related to the high
internal stresses in NC samples. As a consequence, when using &4y as done in Figure 3.14, the
concept of “constant structure” might be violated.

Softening during large/ medium stress reduction: the forward strain rate &, after a stress reduction is
significantly larger compared to the strain rates corresponding to the quasi-stationary state (given by
Figure 3-4). In multistep tests, this is evident from Figure 3-22a and d where the strain rate for each
step lies on the left side of the pink curve that represents the quasi-stationary state. In conventional
stressreduction tests, thisisshownin Figure 3-23a for the case of two tests with g, = 2 GPa.
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Figure 3-23 (a) The evolution of creep rates as a function of stress for stress reduction tests performed on NC Ni_35

with o, = 2 GPa (see Figure 3-11c). Pinkcircles: quasi-stationary flow stresses given by Figure 3-4. (b) Schematic of the

evolution of the stress (upper) and the strainrate (lower) as a function of total strainina stress reduction test.

The microstructure “hardens” while approaching the quasi-stationary state: in a multistep test, this
hardening effect is evident by a stepwise increase in stress at similar low strain rates. In a conventional
stress reduction test, such hardening is visible by a continuous decrease in strain rate at constant stress
towards the quasi-stationary state, as shown in Figure 3-23a and b. The latter is a schematic of the
evolution of stress and strain rate as a function of total strain.

The strain rate can be decomposed into two contributions: this is evidenced in Figure 3-13, in which
each group of data is fitted by a sum of two exponential functions (dashed lines). One of the
contributions (right branch) exhibit high stress sensitivity; it is effective at high R values, for which there
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3.3 Stress reduction tests on nanocrystalline Ni50Fe50alloy

is an increase of FWHM observed. The other contribution (left branch) has lower stress sensitivity
(slope 4.6 for Ni_35 and slope 5 for Ni_65); it dominates at low R values, for which a reduction in
FWHM is observed. At the intersection of the two dashed lines, both mechanisms of strain generation
make a comparable contribution to &,..

e There exist two classes of mechanisms that have opposite effect on the peak broadening: from the
conventional stress reduction tests (Figure 3-9 and Figure 3-12) and the multistep test (Figure 3-22) it is
evident that while holding the stress constant the peak width may initially either increase or decrease,
depending on the stress level after reduction. For intermediate stress drops the peak broadening
exhibits anon-monotonicbehaviour: afterinitial reduction the FWHM increases again.

e Stress reductions at larger strain evidence a decrease in FWHM even for small R: in other words,
Regime | that was reported in Figure 3-9 is not observed here. Inserting a short creep period before
stress reduction or performing a stress reduction in a compression test, allows running the transient at
a well-defined quasi-stationary state; whereas in Figure 3-9 all stress drops were performed prior to
the quasi-stationary flow stress.

e The &-o value near a given quasi-stationary state is similar and independent of strain path: in a stress
reduction test, the quasi-stationary flow stress reached after reloading is similar to that obtained by a
continuous deformation test at the same loading rate. Also, the &- o relationship reachedin a multistep
test or the flow stress reached in a continuous deformation test performed with a constant low strain
rate provides similar é-og values.

3.3  Stress reduction tests on nanocrystalline NisoFeso alloy

This section reports on the in situ stress reduction tests performed on NC NisoFes, alloy, for which both
grain size and alloying composition are expected to have influences on the interplay between the
deformation mechanisms. All stress reductions were carried out during continuous tensile deformation
with loadingrate ., of 10° /s except when mentioned otherwise.

3.3.1 Conventional stress reduction tests

For NC NisoFes, alloy, the in situ conventional stress reduction tests series were carried out after a specimen
was strained to either gy = 1.7 GPa or 1.9 GPa. According to the yield criterion defined by L Thilly et al.
[149], macro-plasticity occurs at both stress levels. Table 3-3 provides an overview.

Table 3-3 Overview of all in situ conventional stress reduction tests done on NC NisgFesq.

Batch Number of specimens g, (GPa) R Creep time Instrument
10 1.7 0.27~1 30min in situ
NC Ni_35
6 1.9 06~1 30min in situ

Creep after stress reductions

For oy = 1.7 GPa, where macro-plasticity just starts, the evolution of the inelastic strain as well as the
FWHM of {200} peak during 30 min creep are displayed in Figure 3-24a and b, respectively. The choice of
the {200} peak for NisoFes, is justified since it has the same behaviour as the {311} reflection but for this
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material a higher signal-to-noise ratio. Inspection of the stress-dependent transient behaviours evidences
the presence of three regimes that were also observed in Ni: Regime II, Ill and IV. Regime | where the
FWHM continues to increase after a stress drop is not present in NisoFeso. With other words, no increase in
FWHM is observed.
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Figure 3-24 Results of standard in situ stress reduction tests series performed on NC NisgFesy. Transient responses
depend on R for g, = 1.7 GPa: (a) the inelastic strain, and (b) the FWHM of the {200} diffraction peak as a function of
creep time. Three regimes can be distinguished. e; and FWHM], refer to the values at the beginning of creep.

For the stress reduction tests series performed at gy~ 1.9 GPa, a significant change in {200} peak width is
detected in comparison to the tests done at 6y = 1.7 GPa. In addition, the behaviour of the different peak
families is not the same, in particular at R = 1. For this spedial case, the evolution of the inelastic strain as
well as the FWHM for {111}, {200} and {311} diffraction peaks are displayed in Figure 3-25a. Interestingly,
the FWHM for {200} peaks exhibits a significantly larger reduction compared to the other diffraction peaks.
This peculiar behaviour has been confirmed in multiple experiments (not shown). In order to make a
comparison with NC Ni, Figure 3-25b and c display the results for NC Ni_65 and Ni_35 at R ~ 1. In contrast
to the case of NC NisoFes, the FWHM for all peaks increase with time during the creep period. For Ni_65 the
FWHM of the {200} exhibits the smallest change, whereas for Ni_35 this is the case for the {111} peak. This
is most probably related to the different degree of texture in these two batches (Table 2-2) and will not be
commented further.

Stress dependence of strain rate at constant microstructure

For NC NisyFesp, the stress dependence of strain rate after stress drops is shown in Figure 3-26, including
the data points foroy =1.7 GPa (orange symbols) and 1.9 GPa (blue symbols). Performing a similar
approach as for NC Ni, the data fitted with a solid curve is a sum of two exponential functions, shown as
two dashed lines: one with slope 6.5 (left branch) and one with a steeper slope (right branch). The latter is
drawn with only one experimental point, because the strain rate decreases considerably even after a very
small drop 2% (R=0.98). Compared with NC Ni batches, the slope of left branch in NC Nis¢Fes, is steeper
(slope 4.6 for NC Ni_35 and slope 5 for NC Ni_65).
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Figure 3-25 Evolution of the inelastic strain and the change of the FWHM for {111}, {200} and {311} diffraction peaks
during transient creep at R ~ 1: (a) NC NisgFesg, (b) NC Ni_65, and (c) NC Ni_35. &; and FWHM; refer to the values at

the beginning of creep.
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Figure 3-26 For NC NisgFeso, the normalized maximum forward strain rate €,./€; is plotted logarithmicallyas a function
of normalized reduced stress o, /o,. All data points are fitted by a sum of two exponential functions (dashed lines).
The solidlinerepresents the resultingfit.

Reloading after transient creep

After the transient creep period the spedimens were reloaded until failure with a loading rate of 10° /s. For
NC NisoFesq, a yield point phenomenon during reloading is observed. Figure 3-27a shows the stress-strain
curve for one stress reduction test with R=1 at o, =1.8 GPa (black curve), and compares it with that for a
continuous tensile test with the same loading rate (red dashed curve). They coincide with each other
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except for the yielding point. Such overshooting is consistent with the previous observations during load-
unload cycles and strain rate jump tests, and has been comprehensively discussed in Ref. [121].

In Figure 3-27b, the magnitudes of overshooting were examined by plotting the relative peak height Ag/o
versus the amount of prior inelastic strain produced before reloading. Here, Ac was taken as the difference
between peak stress 0,4, and the flow stress o evaluated from back-extrapolation. It can be seen that
Ao /o depends on the strain produced prior to the reloading and increases in magnitude when more
inelasticstrain has been generated.
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Figure 3-27 NC NisgFeso: (a) stress-strain curves for a conventional stress reduction test (black curve) and a continuous
tensile test (red dashed curve) performed with the same loading rate. (b) shows the magnitudes of the overshooting
plotted versus the amount of prior inelastic strain produced before reloading. The inelastic strain is normalized with

respect to the strain produced at 1 GPa.

3.3.2 Multistep test

The in situ multistep test on NC NisoFeso was conducted after straining the specimen to gy~ 1.9 GPa with a
constant strain rate &, of 10° /s. Figure 3-28 provides an overview of the transient response after a stress
reduction with R =0.58. Figure 3-28a shows the stress-inelastic strain relation where the reduced stress is
stepwise increased from 1.1 GPa to 1.8 GPa. Figure 3-28b and d display the strain rates as function of
inelastic strain and applied stress. In the latter plot, the grey curve is taken from the &,-curve (solid line) in
Figure 3-26; the pink line is taken from Ref. [113], showing that the maximum flow stresses measured at
constant strain rates are very similar. After a large stress reduction, the initial strain rate is negative
(anelastic back flow) and reaches &, ,,,,, (red dot) after creeping for a while. The &, 4 is not far away from
the &,-curve. In contrast to NC Ni, the strain rate in the last step is quite distant from the pink line and
showing a continuously decreasing trend. Also, the inelastic strain produced during transients is much less,
evenforcreepingatthe higheststresslevels.
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Figure 3-28 Overview of transient behaviour during the in situ multistep tests for NC NisgFesg: (a) the stress-inelastic
strain relation; (b) and (d) creep rates as function of inelastic strain and applied stress; (c) the overall behaviour of the
FWHM for {200} and {311} peaks as a function of the inelastic strain; (e) and (f) decouple the overall change of the
FWHM into contributions from 20 min creep periods (square symbols) and from stepwise stress increasing (circle
symbols),anddisplaythechange as a function of the appliedstress.

Figure 3-28c shows the corresponding evolution of the FWHM for {200} (green curve) and {311} (blue
curve) diffraction peaks. It is noted that the overall shape of FWHM curves are similar to that of stress-
inelastic strain relation. This implies that the stepwise increased stress is the main contributor to the
change of FWHM during transients. This is demonstrated in Figure 3-28e for {200} peak and Figure 3-28f for
{311} peak, in which the two contributions of the FWHM are decoupled (similar to the case of NC Ni in
Figure 3-22). Cearly the change in the FWHM is mainly determined by the applied stress, except
immediately after the large stress reduction where a reduction in FWHM also occurs during creep. When
increasing the stress levels further no significant change in FWHM is observed during the 20 min creep
periods.
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3.3.3 Summary

Note that the FWHM of the {200} peak is mainly used for NisoFes, due to its qualitatively similar behaviour
as the {311} peak but higher signal-to-noise ratio. The results of in situ stress reduction tests for NisyFeso
show some similarities but also some differences compared to NCNi.

Similarities are:

e Anelastic backstrain for large stress reductions: this is evidenced when stress reductions with R < 0.6
were performed.

e  Softening during large/ medium stress reduction: assuming that the pink line in Figure 3-28 represents
the quasi-stationary state, the forward strain rate after a stress reduction lies on the left side of the
line.

e The microstructure “hardens” while approaching the quasi-stationary state: this is evidenced by a
continuous decline in strain rate at constant stress, or by a stepwise increase in stress at similar strain
rates.

e The strain rate can be decomposed into two contributions with respective high and low stress
sensitivity: for the left branch where the slope is lower, the FWHM always decreases with creep time,
showingthe presence of GB-mediated mechanisms.

Differencesare:

e The lack of Regime | where both strain and FWHM increase after a small stress drop: for NC NisgFeso,
the stress reductions performed at o, = 1.7 GPa and ~ 1.9 GPa always observe a reduction in FWHM
irrespective of Rfor

e A peak family dependent FWHM evolution is only observed when the applied stress is kept constant
(R=1) at higher gy: thisisobservedfor gy~ 1.9 GPa, as shown in Figure 3-25.

e Avyield pointis observed upon reloading, and the magnitude of the overshooting depends on the strain
reached priorto the reloading.

e In a multistep test, there is very limited inelastic strain generated and \a lack of FWHM increase when
creeping at high stress levels: after a large stress reduction, the FWHM decreasesfor initial creep steps;
upon furtherincreasing stress, the FWHM hardly changes while keeping the stress constant.

3.4 Grain size evaluation

In order to explore the role of grain coarsening during deformation, the grain sizes during/ after
deformation were derived from X-ray diffraction patterns. Post-mortem TEManalysis was also carried out.
3.4.1 Insitu X-ray diffraction

The grain size evolution during deformation was measured in the in situ load-unload cycles (Section 2.4.3).
In order to minimize the influence of anelastic back flow on the peak width, the grain size measurement
starts after having waited 10 min upon unloading.

Figure 3-293, ¢, and e display the stress-strain curves of load-unload cydes for Ni_35, Ni_65, and NisoFes,,
and Figure 3-29b, d, and f show the corresponding evolution of grain size as a function of plastic strain. It
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3.4 Grain size evaluation

can be seen that the plastic strain achieved through uniaxial tensile testing is in the order of a few percent
(<4 %). In the last unloading cycle, the grain diameter is increased by 4.2 % for Ni_35, 7.3 % for Ni_65, and
12.5 % for NisoFeso. Overall, there is only aminor change in grainsize.

3.4.2 Post-mortem TEM

Larger strain up to > 20 % can be generated in compression. In order to examine the change in grain size
after a larger deformation, post-mortem TEM was performed on one of NC Ni_35 samples that had been
continuously deformed in compression (see Section 3.1.1). Figure 3-30a and b display the TEM micrograph
as well as the grain size distribution for a lamella taken perpendicular to the sample surface (cross-section),
and Figure 3-31a and b show that for a lamella parallel to the surface (in-plane). Table 3-4 provides a
comparison of average grain size between non-deformed and deformed state. The grain size in cross-
sectionandin-plane are increased by 40% and 50 % respectively.

3.4.3 Summary

The grain size evolution during/ after deformation can be summarized as follows:

e  During uniaxial tensile testing, limited plastic strain is generated (< 4 %) and the change in grain size is
minor for all materialsinvestigated.

e  During uniaxial compression testing, a modest grain coarsening has been observed when a NC_35
sample was largely deformed up to a total strain ~20%. Figure 3-32 presents the grain size
distributions of non-deformed (open symbols) and deformed states (solid symbols) in cumulative
percent. This result is in contrast to the observation in Ref. [51] where after a comparable amount of
deformation the ED NC Ni specimen from Goodfellow exhibits minor grain growth. Such different
behaviours should arise from the materials that contain different amounts of impurities during
electrodeposition process.
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Figure 3-29 Stress-strain curves of load-unload cycles and the corresponding evolution of grain size during/ after

deformation measured from X-ray diffraction patterns: (a, b) for NC Ni_35, (c, d) for NC Ni_65, and (e, f) for NC

Ni soFesg.
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Figure 3-30 Cross-section view of as-deformed NC Ni_35 with a total strain up to 20 %: (a) a bright field TEM image

and (b) grain size distribution.
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Figure 3-31 In-plane view of as-deformed NC Ni_35 with a total strain up to 20 %: (a) a bright field TEM image and (b)

grain size distribution.

Table 3-4 Acomparison of average grain size between non-deformed and deformed state.

Cross-section In-plane
Initial grain size (nm) 29.8 +12.2 272+ 120
Deformed grain size (nm) 41.5 +20.0 40.8 + 16.4
Increment (%) 40.0 50.0
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Figure 3-32 Grain size distribution of non-deformed and deformed states presented in cumulative percent.
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Chapter 4  Molecular dynamics
simulation results

Inspired by the results of experimental transient testing, MD simulations of stress drops were performed.
The simulations have been carried out with LAMMPS by Dr. Christian Brandl (Karlsruhe Institute of
Technology), and the analysis has been performed in the framework of this thesis. NC Al was simulated
instead of Ni because the empirical potential of Al allows evidencing the nudeation of both leading and
trailing partial dislocations within the nanosecond simulation time frame [20]. Also, this allows direct
comparison with previous simulations in Refs. [13][14][23].

4.1 Overview of stress reduction tests series

Figure 4-1 displays the MD simulated stress-strain curve for a NC Al sample deformed at room temperature
at a constant strain rate of 10® /s. Conventional stress reduction tests series were carried out when the
sample was strained to an engineering strain of 5.2 % where the flow stress reached g, = 1.52 GPa. Similar
to the experiments performed in Section 3.2.1, the relative reduced stress R covers a wide range of values
ranging from 0.92 to 0.33. Ateach reduced stresslevel the specimen was allowed to creep 1700 ps.
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Figure 4-1 Asimulated stress-strain curve for a NC Al sample deformed at room temperature ata constant strain rate
of 10° /s

Figure 4-2a displays the corresponding strain-time curves during creep periods. Notably, these curves are
found to be stress-dependent, and exhibit similar trends as those found in the in situ experiments. For each

67



4.1 Overview of stress reduction tests series

relative reduced stress R, Figure 4-2b evaluates the number of mobile dislocations propagating during the
creep periods. It is found that after the stress drop, dislocation activity including nucleation and
propagation events are largely suppressed with decreasing R. In the case of a moderate stress drop,
sometimes freshly nucleated dislocations can propagate after a certain incubation period. For large enough
stress drops such as R = 0.53 and 0.33, nucleated dislocations do not propagate anymore. However in one
case where the dislocation had already propagated till the middle of the grain, the dislocation was
observed to continue to propagate after the stress drop. This is displayed in Figure 4-3: t =0ps and
t=4ps represent the configurations immediately after the stress drop (R=0.53) and during creep,
respectively. Forsimplicity, here FCCatoms are not shown. The arrow indicates the propagation direction.
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Figure 4-2 (a) For the simulated stress reduction tests series, the trends of strain-time curves during creep periods are
found to be R dependent and similar to those of in situ experiments. (b) After different magnitudes of the stress

drops, the number of mobiledislocations propagatinginthe graininteriors decreases with decreasing R.

4 ps

Figure 4-3 After a stress reduction with R = 0.53, one dislocation formed during prior deformationsits in the middle of
one grain, see t = 0 ps. During subsequent creep, this dislocation continues propagating, e.g. t =4 ps, until being
absorbed at the GBs. The atoms are coloured based on CNA analysis, see Section 2.5.3. FCC atoms are not shown for

simplicity. The black arrowindicates the propagation direction.
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Chapter4 Moleculardynamics simulation results

4.2 A medium stress reduction with longer creep

4.2.1 Dislocation emission

In addition to the previous stress drops, one additional test with R = 0.86 is followed during a longer creep
period of 2290 ps. Figure 4-4 shows the creep strain versus time curve. Each pronounced strain burst can
be ascribed to the continuous propagation of a dislocation across the grain. It can be seen that in the initial
creep period several slip events occur one after another, respectively in the grains of G13, G2, G10, and G8.
As the strain rates dedine with creep time, strain bursts become more separated in the time and can be
associated withslipeventsinG9 at t = 850 ps and in G14 at t = 2226 ps.

In the present work, dislocation events in G14 are particularly followed: there are two dislocations Dis1 and
Dis2 successively emitted into G14 within a time interval of ~ 800 ps, as indicated by grey arrows in Figure
4-4, However, they propagate very slowly and generate very limited strain. At t =226 ps a remarkable
increase of their travelling speed enables them to travel across the grain very fast, leading to the strain
burst. The insert in Figure 4-4 presents G14 (centred) and its neighbouring grains. The viewing direction for
G14 is perpendiculartothe (-111) slip plane.
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Figure 4-4 Creep strain versus time curve for the additional stress reduction test with R = 0.86 followed by a creep
period of 2290 ps. Each slip event in the grainis indicated on the curve. The insert presents G14 (centred) and its
neighbouring grains. The viewing direction for G14 is perpendicular to the (-111) slip plane. Atoms are coloured based
on CNA analysis.

A detailed inspection of dislocation nudeation and propagation was carried out in the rectangular region
(yellow) marked on the insert in Figure 4-4. The GB between G12 and G14 (GB 12-14) is a general GB with a
twist and a tilt component. Figure 4-5 displays a series of snapshots of this region with 4 atomic layers
perpendicular to the viewing direction. The orientation has been adjusted to visualize the continuity of {111}
lattice planesfrom G12 to G14.
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Figure 4-5 Snapshots of a zoom-in of the rectangular region as indicated in Figure 4-4. The arrows indicate different

dislocation and GB activity during creep. Atoms are coloured based on CNA analysis.

In Figure 4-5, it is found that immediately after the stress drop (t=0ps) GB 12-14 is relatively planar
except for a ledge close to the TJ 12-4-14, as indicated by the circled R1 region. Also, GB 12-14 contains
several dislocation embryos that have been already created during prior loading. Only one is capable of
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Chapter4 Moleculardynamics simulation results

evolving in a full emission of a dislocation into G14 after several trials and errors. This is observed at
t = 1315 ps when a trailing partial is emitted from the site nearby TJ 12-15-14, i.e. in the drcled region R2.
After that the full dislocation Dis1 propagates until it stays pinned at t = 1340 ps. Further propagation after
unpinning occurs only at t=2085 ps. Soon afterwards, a new dislocation Dis2 is freshly nudeated
(t=2100ps) from GB 12-14. The emission of Dis2 is observed to interact with Disl, causing a local
migration of the GB and the formation of another ledge structure, as shown in the snapshot of t= 2130 ps.
Dis1 and Dis2 have the same Burgers vector but opposite sign on the (-111) slip plane. They are separated
by 2d;,1, where d;;; denotes the interplanar spacing of {111} planes. Also, the interaction of Dis1-Dis2
forms a jog that is dragged along with the Dis1-Dis2 motion inside G14, e.g. t=2220ps. At t = 2226 ps,
Dis1 and Dis2 are observed to travel at a much higher speed across the grain and leave a vacancy behind,
e.g.t = 2227 ps. The details of the mechanisms are discussed in the paragraphs below.

4.2.2 Dislocation-dislocation interaction

Figure 4-5 has shown that the motion of the jog formed by the Dis1-Dis2 interaction produces a vacancy
inside the grain. This process is further inspected in Figure 4-6 where the atomic potential energy at the
selected time configurations is followed. The colour bar gives the potential energy ranging from -3.4eV
(blue)to-3.1eV (red).
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Figure 4-6 Dis1-Dis2 interaction followed by a jog motion producing a vacancy inside the grain. The atoms are
coloured based on atomic potential energy analysis. The potential energy ranges from -3.4 eV (blue) to -3.1 eV (red).
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In Figure 4-6, it is seen that during their initial interaction at t = 2130 ps, a pentagon-shaped point defect
containing a partial vacancy is created at the jog. Note that the atoms surrounding this partial vacancy
exhibit relatively high potential energy (a maximum value of -3.1 eV) when compared to the value for the
non-FCC atomsin the grain interior (-3.36 eV). As the jog is dragged along with the motion of Dis1-Dis2, e.g.
t = 2216 ps, avacancy is eventually formed from the prior partial vacancy and emitted at t = 2226 ps when
Dis1-Dis2 travels at pronouncedly enhanced rates by overcoming the pinning site at the GB 15-14. In the
end, Dis1-Dis2 travels across the entire G14 and gets absorbed at the GBs. Here the emission of the vacancy
from the jog results in a jog configuration that is energetically more favourable. This is evidenced by a
decrease of the atomic potential energy in the jog, e.g. t =2231 ps. Further investigation is required for a
better understanding of the mechanisms behind this process.

4.2.3 GB-mediated accommodation

GB dislocations to accommodate misfit

During the creep periods, there is a lot of GB activity, as for instance in region R1 (as indicated in Figure
4-5). Figure 4-7 shows a zoom-in of this region, in which the configurations short after the stress reduction
(t=0ps) and at the time of a full emission of Disl (t = 1315 ps) are compared in terms of their atomic
arrangementand local hydrostatic pressure.

At t =0ps, there is a clear coherence across the GB between a set of {111} planes in G12 and in G14
(dotted lines) separated by a GB dislocation (GBD) as indicated by the yellow line. Close to the dislocation,
the GB contains also a ledge. By the time of t = 1315 ps, this GBD is observed to move upwards by a
distance of 2d;;4, the ledge is eliminated, and the TJ 12-4-14 migrates. Inspection of the relative atomic
displacement vectors between these two time frames indicates that atomic shuffling and diffusion along
the GB (parallel to the loading z axis) are involved. Also, the GBD upwards motion and the removal of the
ledge causes an increase of local compressive stress inside G12, represented by reddish colours. In Ref. [13]
climb of GB dislocations was already observed, which was associated with the nucleation of lattice
dislocations. Here the motion of similar dislocations and the removal of the ledge structure is a dear
evidence of GBsliding.

Figure 4-8 provides an overview of GB accommodation after the stress reduction, where the shear strain
evolution at the GBs is demonstrated in the simulated box. Three different configurations with time frames
of t =400 ps, 1315 ps, and 2290 ps are selected. The colour bar scales the shear strain value ranging from 0
(white) to 0.2 % (dark blue). One can clearly see that the development of shear strain at the GBs is quite
heterogeneous during the long-term creep periods. This suggests that the GB accommodation processes
are strongly dependent on the GB characters.
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Figure 4-7 Snapshots of a zoom-in of the circled region R1 as indicated in Figure 4-5: t =0ps and t= 1315 ps
represent the configurations short after the stress reduction and at the time of a full emission of Dis1, respectively.
The analysis of CNA and local hydrostatic pressure are applied. The red colour is representative for compressive stress
field whileblue for tensile.
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Figure 4-8 After the stress reduction the shear strain at the GBs increases with creep time, and itis heterogeneously

developed among the GBs. The colour bar scales the shear strain value ranging from 0 (white) to 0.2 % (dark blue)
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Misfitregion and pinning of lattice dislocation

Figure 4-9 shows a zoom-in of the circled region R2 as indicated in Figure 4-5. Here, another misfit region
across {111} planes in GB 12-14 is detected as indicated by the yellow transparent ellipse. At t = 0 ps, this
misfit region is delocalized involving 4-5 {111} planes on both sides of GB 12-14. To facilitate the
comparison of the misfit region at different time frames, a reference plane (black line) is selected. It is
noted that by the time of a full emission of Dis1 (t = 1315 ps) the misfit region confines, and a ledge in the
GB structure is formed, acting as a pinning site (t = 1340 ps) for further propagation of Dis1l. When Dis1
unpins at t = 2085 ps, the ledge structure in the GB is removed. This is visualized in Figure 4-10 where a
comparison of configuration before/ after unpinning is made. Also, the misfit region is confined to a GBD of
the same type as the one described previously. Inspection of the relative atomic displacement vectors (light
blue in Figure 4-9) indicates an assistance of atomicdiffusion along GBs in this process.
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Figure 4-9 Snapshots of a zoom-in of the circled region R2 as indicated in Figure 4-5. The configurations short after the
stress reduction (t=0 ps), at the time of a full emission of Dis1l (t= 1315 ps), and at the time of Disl pinning
(t = 1340 ps) and unpinning (t = 2085 ps) are compared in terms of atomic arrangement (CNA analysis). The atomic
displacements (light blue) show the relative change between 1315 ps and 0 ps, 1340 ps and 1315 ps, and 2085 ps and
1340 ps, respectively.
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Figure 4-10 Upon Dis1 unpinning a ledge structure in the GB is removed. A viewing direction is perpendicular to the

slip plane (-111). Atoms are coloured based on CNA analysis.

Atomic diffusion along GBs

It has been observed that the processes described above involve atomic diffusion along the GB 12-14 plane.
In Figure 4-11, further inspection on GB diffusion mechanism is carried out in the rectangular region as
indicated in Figure 4-4. The configurations at time frames of t= 400 ps, 1315 ps, and 2085 ps are selected.
The atomic displacements (light blue) show the relative change between 400 ps and 0ps, 1315 ps and
400 ps, and 2085 ps and 1315 ps, respectively. Itis clearly seen that long diffusion paths occur at different
sites of GBs as indicated by the arrows. Compared to the usual high strain rates used in continuous
deformation simulations [14][142], the slower strain rates observed after the stress drop enhance these
accommodation processesinthe GBs.

GB migration

In Figure 4-7 local GB migration associated with removing GB ledge has been observed at the site near TJ
12-4-14. This event occurred prior to a full emission of Disl. Figure 4-12 demonstrates another event of
local GB migration that occurs upon Dis2 nucleation and emission. The same region R1 as indicated in
Figure 4-9 is inspected. It is seen that as Dis2 is nucleated from the GB 12-14 at t = 2100 ps, GB migrates
locally. Dis2 emission interacts with Dis1, and both slip to some extent into the G14. This is accompanied by
further local migration of GB 12-14, during which more ledge structures are formed, see t = 2195 ps. Once
Dis 2 has propagated slightly further at t =2196 ps, part of the migration of GB 12-14 seems to have been
recovered. One can assume that this is related to the motion of the jog, it needs however further detailed
analysis.
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o
.

Figure 4-11 Snapshots on the zoom of the rectangular region as indicated in Figure 4-4. The configurations at time
frames of t = 400 ps, 1315 ps, and 2085 ps are selected ; the atomic displacements show the relative change between

400 ps and 0 ps, 1315 ps and 400 ps, and 2085 ps and 1315 ps, respectively. The arrows mark the sites where long

diffusion paths inthe GBs occur.

Figure 4-12 Local GB migration that occurs upon Dis2 nucleation and emission. The same region R2 as in Figure 4-7 is

inspected.

4.3  Summary
The results of simulated stress reduction tests can be summarized as follows:

e The creep strain versus time curves after stress drops depend on the value of the stress drop, and
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exhibit similar trends as those observed in in situ experiments: i.e. when the stress drop is mild, there is
a continuous forward strain with creep time; as the stress drop becomes larger, an initial anelastic black
flow dominates, after which the forward strain continues; for the largest stress drop no forward strain
isobserved within simulated creep time.

e As the magnitude of the stress drop increases, dislocation activity during creep is largely suppressed:
for large enough stress drops, nucleated dislocations cannot further propagate. Only when they have
alreadytravelled alarge distance across the grain, they seemto be able to further propagate.

e  Foramoderate stress drop, dislocations can still be emitted after a longer creep time even when strain
rates considerably go down. Such dislocation events are associated with the prior occurrence of GB-
mediated mechanisms such as GBD motion, GB sliding, GB migration, and atomicdiffusion along GBs.

e With these reduced strain rates, it is observed that more than one dislocation can travel at the same
time across the grain. The events studied here are Dis1 and Dis2 that have the same Burgers vector but
opposite sign. They are separated by 2d;;;1 and traveling on the (-111) slip plane. Dislocation-
dislocation interactionis followed by a jog motion producingavacancy inside the grain.

Overall, these first results assist the interpretation of the non-monotonic behaviour of the FWHM observed
for in situ experiments: first decrease then increase. GB accommodation mechanisms are enhanced at the
slower strain rates. Also, vacancy emission due to dislocation interactions within a grain was not observed
in high strain rate MD simulations. Further understanding of this mechanism is beyond the scope of this
thesis.
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Chapter 5 Discussion

The main objective of this thesis is to understand the origin of the constant deformation resistance in NC
metals and develop a better understanding on the interplay between multiple deformation mechanisms, in
particular dislocation-based and GB-mediated processes. This goal is mainly achieved by stress reduction
during in situ X-ray diffraction. MD simulations of the stress reduction tests provide further information on
the deformation mechanisms at the atomic scale. In this chapter, Section 5.1 will discuss the results
obtained for NC Ni batches. In Section 5.2 the effects of alloying and grain size will be discussed for the case
of NC NisoFes,. Finally, Section 5.3 will discuss the results of MD simulations and compare them with what is
known for MD simulations performed at higher strain rates.

5.1 Nanocrystalline Ni

In this section the results for NC Ni_35 batch will be first highlighted and discussed, after which the grain
size effect will be addressed by comparing Ni_65 with Ni_35. Finally, some comments will be made on the
activationvolume as well as the athermal stress that are derived from transient testing.

5.1.1 Major observations

From the results reported in Section 3.1 and 3.2, the following important observations for NC Ni_35 can be
highlighted:

The behaviour of the macroscopic strain and the FWHM as a function of the magnitude of the stress
reduction reveals the presence of multiple transient regimes: in Figure 3-9 Regimes I-IV were identified
when in situ conventional stress reduction tests were performed in tension. Figure 5-1 summarizes the
major results including those in Figure 3-11. Figure 5-1a displays the evolution of the strain rate as a
function of the inelasticstrain and Figure 5-1b displays the interplay between the FWHMand the strain.

e Inspection of the strain evolution evidences a continuous forward flow for small/ moderate stress
drops (Regimes I-I1) and the dominance of an initial anelastic back strain for large stress drops (Regimes
I1I-IV where R< ~ 0.5). The strain rate after the stress drop always decreases continuously towards the
quasi-stationary value, showing an apparent “hardening”. This is verified even for a test followed by
long-term creep in tension (R =0.70 in Figure 5-1a) and stress reductions at larger strain in
compression (Figure 3-16). In conventional pure CG materials, however, an increase of strain rate is
usually observed afteracertain creep period, so-called “transient softening” [115][120].

e In Regime | the FWHM immediately increases after the stress reduction, whereas in Regimes II-IV the
peaks become narrower. For a moderate stress drop performed in Regime Il, the FWHM does increase
again aftera while.

e Regime | corresponds to a high stress dependence of the strain rate at “constant structure”, whereas in
Regimes II-11l this dependence becomes lower and &, /€ is logarithmically proportional to o/ay (see

79



5.1 Nanocrystalline Ni

Figure 3-13). This suggests that there exist two classes of mechanisms that dominate at different
regimes and both contribute to the strain rate.
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Figure 5-1 Transient behaviour of NC Ni_35 after the stress reductions: (a) the evolution of the strain rate as a function
of the inelastic strain; (b) the corresponding change of the peak broadening. FWHMq refers to the initial broadening
priorto loading. The inset represents a zoom-in.

The in situ multistep test shows consistency with the results obtained by conventional stress reduction
tests: this is evidenced in terms of the evolution of the strain rate as well as the peak broadening (see
Figure 3-21 and Figure 3-22).

e  The microstructure “hardens” while approaching the quasi-stationary state. Thisis observed either by a
continuous decease of strain rate at a given stress step or by stepwise increasing stress while keeping
similar low strain rates (see Figure 3-22a). The latter is viewed as an alternative way to approach the
quasi-stationary state asillustrated in Figure 3-19.

e The behaviour of the FWHM has a different dependence on the applied stress. For low-stress steps the
FWHM decreases during the 20 min creep periods; for higher-stress steps the FWHM increases with
creeptime (see Figure 3-22bandc).

The quasi-stationary flow stress is strain rate dependent; near a given quasi-stationary state the é-o
value is similar and independent of strain path: the former is evident in continuous deformation tests
performed with different strain rates (Figure 3-4); the latter is derived by comparing the quasi-stationary &-
o value obtained from different types of tests (Figure 3-14a, Figure 3-22a, Figure 3-23a). Further discussion
will be heldinSection 5.1.2.

5.1.2 Deformation behaviour

It is well established that for NC metals with grain sizes in the range 10-100 nm, plastic deformation is
govemed by the interplay between dislocation-based and GB-mediated deformation mechanisms. In the
present work, the above observations can be rationalized by such a model where both categories of
deformation mechanisms are included and playing a role in producing inelastic strain. In general, under GB-
mediated mechanisms one understands essentialinternal stress relaxation and defects recovery.
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Four transient regimes

Within this model the behaviour of both macroscopic strain and diffraction peak broadening as a function
of relative reduced stress R can be rationalized as the consequence of a competition between dislocation-
based and GB accommodation mechanisms. Depending on the magnitude of the stress reduction, the ratio
between these two categories changes resulting in the different regimes. Figure 5-2 is a schematic
representation of this model that describes the presence of fourtransient regimes as shownin Figure 3-9.

Regime | Regime |l Regime IIl, IV

Propagation Propagation Back flow Back flow

Nucleation
site
Regime llI
c £
© &
= & 0 ?’/
£
0 g
Time Time 0 Regime IV
— Dislocation-based mechanisms (o}
GB-mediated mechanisms
= Total strain

Time

Figure 5-2 Schematic of the model describing forward and backward dislocation flow (red), and GB-mediated
mechanisms (blue) for Regimes |-1Vtogether with the correspondingevolution of strain contribution with creep time.

During plastic deformation with a constant strain rate up to a stress level of gy, dislocations have been
active. As a consequence, in some grains dislocations will be present within the grain interior, whereas in
other grains dislocations might just have been nucleated or be dose to absorption. Also, due to prior
deformation, a development of high internal stresses of type Il (intergranular) and Ill (intragranular) is
expected. When a stress reduction is performed at o, the material responses differently depending on the
magnitude of the stress drop:

e Regime I: when the stress is dropped slightly but still well above the internal stress, dislocations will
further nucleate and propagate, however at a reduced rate. Overall dislocation activity will occur in
smaller amounts because only those dislocations for which the applied stress is sufficient to overcome
the local back stress can propagate. At the same time, dislocation slip requires GB accommodation
processes [39][40][153] which also contribute to the plastic strain. However, as long as dislocation-
based mechanisms still dominate over GB-mediated recovery, the diffraction peak broadening exhibits
anetincrease duringthe transient creep periods.
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5.1 Nanocrystalline Ni

e Regime Il: after the moderate stress reductions, the contribution of the dislocation activity is further
suppressed so that GB-mediated mechanisms take over, thereby reducing the peak broadening. Note
that the strain produced by dislocations slip is the net result of forward and backward flow. Figure 5-2
shows one of the cases where their net contribution is still positive but significantly reduced.

e  Regimes llI-IV: when the stress reduction is large enough, an initial negative strain is evidenced, which
is ascribed to the dominance of back flow mainly from backward motion of dislocations. This process is
relatively fast during which the internal back stresses drops quickly, thereby quickly reducing its
contribution to backward flow. In contrast, GB-mediated recovery processes are relatively slow. They
continue long after the stress reduction and generate forward flow that gradually declines with the
progress of recovery. Inthe meantime, the internal stresses are relaxed.

Inspection of stress reduction tests in MD simulations evidences similar trends in creep strain versus time
curves (Figure 4-2a): for small/ moderate stress drops, the forward strain is developed during creep; for
large stress drops, however, an initial anelastic back strain dominates. Previous MD simulations
[154][155][156] have shown the reverse dislocation motion upon unloading contributing to an anelastic
back flow. In the present MD simulations, one observes that dislocation activity in terms of nudeation and
slip events considerably decreases with increasing magnitude of the stress drop.

A quantitative analysis is shown in Figure 4-2b where the number of propagating dislocations in the same
periods is reduced with decreasing R. At the smallest R of 0.53 and 0.33, small nucleation sites still exist but
none of the dislocations are capable of propagating within current simulation time (1.7 ns). In one
particular grain, however, a dislocation that had already propagated till the middle of the grain is observed
to continue propagating after the stress reduction. This can be rationalized by a lack of local internal back
stresses imposed by pinning sites, as for instance, GB ledges and impurities, etc. Also, in current MD
simulations the mechanisms responsible for GB accommodation have been extensively explored after the
stress reduction. It is observed that in addition to GB migration and GB sliding, other GB accommodation
processes such as GB dislocation motion and active atomic diffusion along GBs are identified during the
long-termcreep.

Continuous decline of strain rates

After medium/ large stress drops performed on NC Ni, the strain rate associated with GB-mediated
mechanisms was brought into foreground. It exhibits a continuous dedine with plastic strain that results
from GB structural relaxation (see Figure 5-1a). However, when similar magnitudes of stress drop (in terms
of R value) were performed on pre-deformed pure CG polycrystals and single crystals
[114][115][116][117]1[118][119][120], the strain rates versus plastic strain curves exhibit a different shape.
This is exemplified in Figure 5-3 by the case study of CaF, [115] where subgrain structures (mainly low-angle
boundaries) have been created in the graininterior during prior deformation.

In Figure 5-33, it is evidenced that after a stress reduction of R<0.87 the evolution of the strain rate is
non-monotonic. This is interpreted by a model presented in Figure 5-3b where the strain rate is
decomposed into two contributions: boundary migration and individual dislocation slip. Immediately after a
medium/ large stress drop, the migration of subgrain boundaries produces most of the forward strain. At
the same time, stress concentrations at the boundaries relax, resulting in two effects: (1) a decline of strain
rate from boundary migration and (2) a resume of dislocation glide in subgrains. The latter occurs from the
moment that local thermal stresses become positive again. After sufficdent plastic strain is generated, the
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slow coarsening of subgrains related with boundary migration gradually enhances stress concentrations at
the boundaries as the pile-ups of free dislocations magnify. Eventually, both strain rates inside subgrains
and strain rates due to boundary migration increase until a new quasi-stationary state (including the
boundary spacing) is reached. Within this model, boundary migration leads to recovery of boundary area by
boundary recombination. Such strains associated with recovery mechanisms seem to be a general
phenomenon observed for single or CG materials. It occurs whenever a quasi-stationary state has been
established at the point of stress reduction when crystal boundaries are present. This was confirmed by
reduction tests on single crystal CaF, [115] and LiF [114]: the phenomenon becomes only prominent once
subgrain structures have been generated.
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Figure 5-3 CaF, that contains subgrain with (mainly) low-angle boundaries after prior deformation: (a) after a
medium/ large stress drop the inelastic strain rate during transient creep exhibits a non-monotonic change; (b) the

total transient strain rate can be decomposed into contributions from two mechanisms [115].

Lack of an increase in strain rate, i.e. lack of transient softening, for NC Ni can be rationalized as follows:
firstly, in contrast to those CG materials, subgrain structures with low-angle boundaries are virtually absent
and not formed during plastic deformation of ED NC Ni where most of the GBs have a high-angle character.
Secondly, the electrodeposition process produces several impurities that may decorate the GBs, making
these structures relatively stable against grain growth [51]. With other words, the GBs in this material are
expected to be less mobile. Finally, limited plastic strain (< 2 %) is generated in the creep regime, i.e. an
amount that is probably insufficient to cause significant structure coarsening. In fact, in case significant
grain coarsening would be present, an increase of plastic strain rate is expected, which was not observed
here. However, it cannot be excluded that minor grain growth occurs as a consequence of GB
accommodation mechanisms. In Section 3.4, the grain sizes during/ after continuous deformation were
evaluated, demonstrating a minor increase (<2 nm) in tension and a modest increase (~ 10 nm) after large
plastic deformation in compression. Inspection of MD simulations performed on NC Ni [40][157] suggests
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that the GBs and TJs during deformation approach a more ordered structure and a more equilibrium
geometry, which reduces plasticity orequivalently increases strength.

Non-monotonicchange of FWHM

For intermediate stress drops in Regime I, the peak broadening exhibits a non-monotonic behaviour: after
initial reduction the FWHM starts increasing again (see Figure 3-11). MD simulations suggest GB
accommodation are present during deformation [14][40][158]. So similar to the case of CG materials, local
forward dislocation motion may be re-activated.

To verify whether dislocations can still be emitted after the long-term creep, a medium stress reduction
test (R=0.86) followed by creep periods of 2290 ps was simulated by MD (see Section 4.2). As shown in
Figure 4-4, several slip events were observed immediately after the stress reduction, followed by a period
of mainly GB accommodation contributing to the strain. As creep progressed further, dislocation slip in the
grain interior started again and can increase the FWHM. In one of the grains (G14 in Figure 4-5), two slip
events were successively detected after creep periods of 1300 ps: (1) the first dislocation Dis1 was emitted
from the precursor at t= 1315 ps, and soon afterwards it was pinned at the GB 12-14 for 700 ps before
further propagation. (2) The second dislocation Dis2 was freshly nudeated at the GBs at t=2100 ps; upon
Dis2 emission it interacted with Dis1 and formed a jog in between. These two dislocations have the same
Burgers vector but opposite sign, and travelled at the same time across the grain. At the beginning, they
propagated fairly slowly because of another pinning site at the GB 15-14. Once they got unpinned, there
was a significant increase in their travelling speed, which left a vacancy behind and gave rise to the strain
burstin the strain-time curve. A detailed analysis of GB activity shows that the aforementioned dislocation
events are associated with the prior occurrence of GBs structure adaption. Processes such as GBD motion,
confinement of delocalized GBD core, GB sliding, GB/ TJ migration, and other important atomic diffusion
along the GBs were observed prior to dislocation emission. This is exemplified in Figure 5-4 by a case study
of the configuration at t = 1305 ps (prior to Dis1 emission). Atoms in GBs are coloured according to CNA
analysis in Figure 5-4a and shear strain analysis in Figure 5-4b. Besides, Figure 4-10 has shown that the full
confinement of delocalized GBD core by forming a perfect GBD assists Dis1l unpinningat t = 2085 ps.

Shear Strain

| I

TJ migration

Figure 5-4 A configuration prior to Dis1 emission: atoms in GBs are coloured according to CNAin (a) and shear strain
analysis in (b).

84



Chapter5 Discussion

The role of GB accommodation

Before discussing the attainment of constant deformation resistance during uniaxial deformation, the role
of GB accommodation in the work-hardening regime has to be mentioned. For NC materials, the onset of
plastic deformation is rather heterogeneous [68] and only a fraction of grains will have deformed plastically.
This can be rationalized by the fact that in a nano-sized grain the plastic strain produced by one dislocation
per grain is large (of the order of ~b/d, b: Burgers vector, d: grain diameter) [159]. In addition, because of
the heterogeneous nature of NC materials some grains will have “easy” sources for dislocation nucleation
whereas in other grains dislocation nucleation requires high stresses. As long as plastic events are scarce,
dislocations can be accommodated by GBs and part of the internal stresses induced by electrodeposition
process can be removed. This is evidenced by an extra reduction of the FWHM during the first unloads in
load-unload experiments, i.e. a recovery of the RMS strain. Once a great majority of grains start deforming,
the increased number of dislocations makes absorption by GBs more and more difficult. They may
temporally be stored at the GBs, thus increasing the local stress intensities. This view is supported by an
increase in the FWHM upon unloading from the region nearby maximum flow stress in tension and from
the plateauregime in compression; both pointtowards anincreased RMS strain.

Quasi-stationary state

In NC materials, due to the extremely small mean free dislocation paths limited by the boundaries of nano-
sized grains, the rate of defect generation inside grains and at boundaries must be very high. The
correlation between the dislocation generation rate and the grain size can be derived from the following
picture: assuming that dislocations are circular loops thatexpand under an applied stress and are deposited
as extrinsicdislocations at the boundaries, then the rate of dislocation generation p* is given by [160]:

2M 1

pt=—¢=—¢ (5-1)

br b A
with M the Taylor factor, b the Burgers vector, r the grain radius, A = /2 the dislocation mean free path,
and € the strain rate. With other words, there exists aninverse correlation between p* andr.

The high resulting defect density (point defects, dislocations, grain boundaries and their reaction products)
provides a high driving force for dynamic recovery. Once all grains have deformed, it is expected that GBs
will receive dislocations with respective Burgers vector by and b, to be absorbed from both sides. This is
visualized in Figure 5-5. They can react with each other by GB accommodation processes, leading to GBD
recombination/ annihilation. Such processes are accelerated as dislocation storage at GBs is enhanced;
eventually a certain limit of dislocation density in the structure will be reached. The role of GB diffusionin
facilitating dislocations annihilation by climb has been discussed in Refs. [160][161], which is more efficient
compared to annihilation processes in conventional CG materials.

Overall, one can expect that in NC materials a quasi-stationary state where some (but not necessary all)
structure parameters have saturated will be attained in a relatively small strain interval (<4 %). This quasi-
stationary state is reflected in a constant flow stress, where dislocation-based and GB accommodation
processes reach a dynamic equilibrium. In other words, the rate of dislocation generation is compensated
by the rate of recovery, resulting in no net change of dislocation density. This view is consistent with in situ
results, where the FWHM becomes saturated in the plateau regime, indicating that the upper limit of
defect density in the structure is attained for the current deformation condition. For CG materials, e.g. CG
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Ni, the observation of plateau regime is delayed, i.e. a mild work-hardening regime over a larger strain
range > 20 % isobserved [162][163].

nucleation site

nucleation site

Figure 5-5 Once all grains have deformed, itis expected that GBs will receive dislocations with respective Burgers

vector b; and b, to be absorbed from both sides.

Based on the discussion above, the different behaviours of the peak broadening observed for in situ stress
reductions in tension and compression can be rationalized as follows: in compression mode stress
reductions were performed at a well-defined quasi-stationary state where there is no work-hardening. Any
magnitude of the stress drop will lead to a net recovery of defects, bringing the current structure to a new
quasi-stationary state that corresponds to a lower stress level. Therefore, a decline of the FWHM during
transient creep is always observed irrespective of R. In contrast, stress reductions in tension were
performed at a stress level prior to the maximum flow stress. The transient behaviour is a superimposition
of a continuous work-hardening and GB-mediated recovery. Depending on the quasi-stationary value of the
FWHM at the reduced stress, the current FWHM value may either increase or decrease with further plastic
strain.

Also, it is known that both deformation modes can attain a constant flow stress; however, one obtains very
limited plastic strain in tension when compared to compression. The consequence of a lack of further
straining hardening during tensile deformation is the early onset of necking as described by the Considére
criterion. In Ref. [28], K.S. Kumar et al. studied the damage evolution on ED NC Ni (~ 30 nm) using in situ
TEM, showing that the nudeation and growth of voids at GBs/ TJs play a role in leading fracture. A similar
observation on UFG Al thin films was obtained by F. Mompiou et al. [164]. In general, such voids are
created when there is a lack of accommodation of the plastic deformation mechanisms. In compression
mode, the formation of nanovoids can be suppressed. Also, as suggested by MD simulations [165], once
nano-cracks are formed, they tend to be aligned parallel to the compression direction such that the
propagation along GBs is inhibited. Therefore, one can expect that other mechanisms will be initiated to
continue the deformation. In Figure 3-3, aslight decrease in flow stress is observed when further straining
in compression (> 15% strain), which hints for a modest grain coarsening as was measured by post-
mortem TEM (Section 3.4.2). This result shows the consistency with those in literature; grain coarseningin
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NC Ni was only reported when undergoing very high deformation level, such as compression [91], high
pressure torsion (HPT) [58][166], and rolling [167][168].

Strain rate dependence of quasi-stationary flow stress

Figure 3-4 shows the strain rate dependence of quasi-stationary flow stress during continuous deformation.
This can be rationalized by the time dependence of the accommodation processes. Electrodeposited NC Ni
is well-known to have non-equilibrium GBs. When deformation is performed at lower strain rates, there is
more time to relax these GBs to lower energy configurations meanwhile also contributing to the emission
and absorption of dislocations. As suggested by the current MD simulations, more GB accommodation
especially those strongly thermal activated processes, e.g. GBD motion and active atomic diffusion, are
observed at lower strain rates. In contrast, when the deformation rate is higher, a certain amount of strain
needs to be produced within shorter time periods. This means that in the transition from micro to macro
plasticity more grains will have to contribute to plasticity by dislocation events. Thus, the flow stress is
raised by an increased number of dislocations to be generated. A consistent picture is provided by a clear
difference in fracture surface topography resulting from low (3x10* /s) and high (3x10™ /s) strain rate
testingasreportedin Ref.[163].

Strain path independence of quasi-stationary state

For NC Ni_35, it is found that the é-o0 value near a given quasi-stationary state is very similar when the
results from different types of experiments are compared, as shown below:

e  Continuous deformation vs. stress reduction test: the stress-strain curve of a continuous deformation
test is similar to that of a stress reduction test in which the reloading is performed at the same rate
(see Figure 3-14).

e Continuous deformation vs. multistep test: the constant flow stress o reached in a continuous
deformation test with a low strain rate € (pink curve in Figure 3-22a) is similar to the &-o relationship
reachedina multistep test(green dotin Figure 3-22a)

e  Stress reduction vs. multistep test: for a given stress level o, the &-FWHM value at the end of creep
periods is similar for a conventional stress reduction test and a multistep test. Two different stress
levels are comparedinTable 5-1.

The above observations suggest that the quasi-stationary state is strain path independent, i.e. the
establishment of a characteristic balance between dislocation generation and recovery by GB
accommodation underthe current deformation conditions isindependent of prior deformation path.

Table 5-1 Comparison of the strain rate and the FWHM at the end of creep periods for a given stress in conventional
stress reduction tests and a multistep test.

Stress reduction tests o(GPa) | Strainrate (/s) | FWHM (10° /nm) | Creep time (min)
Conventional stress reduction 1.64 6.9x10° 8.85 60
1.18 1.8x107 3.50 60
. 1.66 7.2x10" 8.91 20
Multistep 117 1.5x10" 357 20

87



5.1 Nanocrystalline Ni

5.1.3  Grain size effects

The above highlighted results were reviewed for NC Ni_65. Overall one can say that the transient
behaviours of Ni_65 and Ni_35 are very similar as well as their signatures in the diffraction pattern. After a
medium/ large stress drop, it is found that the forward strain rate associated with GB-mediated
mechanisms is lower in Ni_65 but the dependence on the stress drop is not very different from that of
Ni_35: the slope of the logarithmic normalized reduced strain rates &,. /€y versus R amounts 4.6 for Ni_35
and 5.0 for Ni_65, see Figure 3-13.

To further explore the influence of grain size on GB-mediated mechanisms, their relative contribution to
the overall strain rate at the point of stress reduction, i.e. a state closer to quasi-stationary, is estimated.
This is illustrated in Figure 5-6, which shows a zoom-in of the high-R region of Figure 3-13 (for NC Ni batches)
as well as Figure 3-26 (for NC NisoFeso). The relative contribution can be obtained by extrapolating the linear
slope &, /€, fitted to the large and medium stress drops to R=1, as indicated by the cross symbol. It is
found that 24 % of the strain rate in Ni_35 comes from GB-mediated mechanisms whereas only 12 % in
Ni_65. This can be expected since the volume fraction of GBs/ TJs increases with decreasing grain size,
which means the overall GBs/ TJs activity plays an increasing role in plastic deformation. One the other
hand, assuming that the generated plastic strain prior to stress reduction is predominantly due to
dislocations, a larger number of dislocations are needed in Ni_35. Whether this would change the relative
amount of the strain rate between dislocation slip and recovery component is difficult to say. One should
not forget that the character of the GBs can be different which can influence the type of accommodation
involved as well as the amount required. Also, since NC Ni_65 exhibits a stronger (100) out-of-plane texture
than that of NC Ni_35, the influence of texture cannot be excluded.
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Figure 5-6 A zoom-in of the high-R region of Figure 3-13 as well as Figure 3-26. The relative contribution of the GB-
mediated processes to the overall strain rate at the point of stress reduction can be obtained by extrapolating the
linearslope €, /€, fitted to the largeand medium stress drops to R = 1, as indicated by the cross symbol.
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Finally, it is interesting to note that in NisoFeso with the smallest grain size, only 12 % of the strain rate
would come from accommodation mechanisms at R = 1, suggesting that GB character and alloying play an
importantrole besides the grainsize. Furtherdiscussion on NisoFesowillbe heldin Section 5.2.

5.1.4 Activationvolume and athermal stress

As has been shown above, both dislocation glide and GB accommodation processes contribute to the
plastic strain. As a consequence, the activation volume derived traditionally from the basic assumption of
only thermally activated dislocation glide should be taken with caution. Nevertheless, one may estimate an
“apparent” activation volume V of thermally activated dislocation motion by rewriting equation (1-2) as

V= kg (2128 52

do, oy=00

Here €, is the experimentally measured reduced strain rate. By taking the derivative of the In &,-g, curve at
o, =0y, i.e. R=1,V =9b> and 32 b’ for NC Ni_35 and NC Ni_65 are obtained, respectively. Also,
according to equation (1-3), the strain rate sensitivity m is determined as m = 0.028 and 0.015,
respectively. These values are very similar to those reported in Refs. [102][103][104][105][169][170].
Compared with CG Ni the enhanced strain rate sensitivity in NC Ni may be in part influenced by the
presence of GB-mediated processes. Lower strain rates offer more time to produce positive strain via GB
accommodation mechanisms; strongly thermal activated processes, such as dislocation climb at GBs may
play an important role [104][160].

In Ref. [112] the magnitude of the athermal stress for NC Ni from Goodfellow was estimated from
conventional ex situ stress reduction tests. The athermal stress is assumed to equal the applied stress when
the initial creep rate measured from first 10s after a stress drop becomes zero [101][110][111]{112].
However, the in situ tests presented in this work suggest that GB-mediated plasticity may also contribute
significantly to the strain rate. As a consequence, the values of the athermal stress are presumably
underestimated. A potential other criterion to find the athermal stress is to take the value of the applied
stress when the &,-0,- curve in Figure 5-6 starts deviating from the linearity, as illustrated by the pink and
orange dash dot lines. This method assumes that the thermal stress on dislocation glide is zero for a stress
reduction after which the component of the strain rate from dislocations becomes zero instead of the
overall rate. For NC Ni batches investigated in this thesis, the athermal stress would be about 80 % of the
oo for NCNi_35 and 90 % for NC Ni_65. In contrast, ~ 50 % of the o, are measured for both when deriving
the athermal stress from the oy — Ao value with Ag corresponding to a threshold magnitude that results in
azeroinitial creeprate, aswasdoneinRef. [112].

5.2  Nanocrystalline NisoFeso versus Ni

5.2.1 Major observations

From what has been reported in Section 3.3, this section compares the highlights of results for NC NigFeso
with those for NC Ni (Section 5.1.1). The FWHM of {200} peak is mainly used for Nisy,Feso owing to its
qualitatively similar behaviouras the {311} peak but a highersignal-to-noise ratio.
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NC NisoFes, exhibits three regimes, as compared to four regimes for NC Ni: only Regimes II-IV similar to NC
Ni are observed, see Figure 3-24. Regime | where both macroscopic strain and FWHM increase during creep
periodsis missing.
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Figure 5-7 The interplay between the FWHM of {200} diffraction peak and the inelastic strain in NC NisgFesg

e Inspection of the behaviour of the strain reveals some similarities: one observes anelastic back strain
for large stress drops and a continuous decline of strain rate irrespective of R. Also, the strain rate can
be decomposed into two contributions with respective high and low stress sensitivity, see Figure 3-26.

e Inspection of the behaviour of the FWHM evidences some differences: there is a lack of FWHM
increase even for a small stress reduction. This is visualized in Figure 5-7 where the interplay between
the FWHM and the inelastic strain is displayed for the case of oy, =1.7 GPa. In addition, when o
reaches 1.9 GPa, one observes a peak family dependent FWHM evolution only while keeping stress
constant (R = 1) (see Figure 3-25). It is noted that the FWHM of {311} diffraction peak that is mostly
affected by the presence of dislocation hardlydecreases.

The in situ multistep test exhibits a similar transient hardening but a lack of FWHM increase when
creeping at high stress levels.

e The hardening effect during transients is evident from the &-o evolution: one observes a continuous
decrease of € at a constant ¢ as well as an overall increase of ¢ at similar € (see Figure 3-28). However,
inspection of the plastic strain generated per step shows very limited amounts when compared to
those of NC Ni.

e The evolution of the FWHM during creep periods depends on the applied stress: immediately after a
stress reduction, the FWHM decreases during the initial low-stress creep; upon further increasing
stress, the FWHM almost remains unchanged; no evident increase is observed even during high-stress
creep. Thisis consistent with the results reported in conventional stress reduction tests.

The presence of the reloading yield point, the magnitude of which depends on the strain reached prior to
the reloading: this result is in good agreement with the yield point phenomenon reported in Ref. [121] in

90



Chapter5 Discussion

which samples from the very same batch were investigated. This phenomenon occurs whenever there is a
change of strain rate. Figure 3-27 demonstrates that the relative peak height increases with more plastic
strain generated priorto the reloading.

5.2.2 Deformation behaviour

For NC NisoFeso, the deformation model proposed in Section 5.1.2 that both dislocation-based and GB-
mediated mechanisms play a role in generating plastic strain can be utilized to rationalize the similarities in
the transient behaviours. However, one should keep in mind that both alloying and grain size can have
influences when compared to NC Ni. The following discussions will focus on the interpretation of those
peculiarbehaviours observed for NCNisoFex.

The behaviour of FWHM

From what has been reported for in situ conventional stress reduction tests in tension (Figure 3-9, Figure
3-12, Figure 3-24), Figure 5-8 summarizes the total change of the FWHM versus the total change of the
inelastic strain during the creep periods of 30 min for NC Ni_35, Ni_65, and NisoFes,. The data points framed
in the black squares represent the values measured at a relative reduced stress R=1. For NC Ni one
observes the expected behaviour: as the magnitude of the stress reduction increases (decreasing R), less
plastic strain is produced and the peak broadening decreases accordingly. For R values below ~ 0.5 the
FWHM decreases during the creep periods because the forward dislocation glide is largely suppressed and
GB-mediated mechanisms prevail. For NisqFes,, however, the opposite trend is observed: the largest
reduction of the peak broadening is observed at R=1, which reduces with decreasing values of R. With
otherwords, more plasticstrain goes handin hand with more reduction of the peak broadening.
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Figure 5-8 The total change of the peak broadening versus the total change of the inelastic strain generated during the
creep periods of 30 min: FWHM; and g, refer to the values at the start of the creep; FWHM;0min and &5g,nn  refer to
the values measured at the end of the creep. The data points framed in the black squares were measured at a relative
reduced stress R= 1. R decreases alongthe straightlines fromthe rightside of plot to the left.
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5.2 Nanocrystalline Ni50Fe50versus Ni

There are several possible reasons for the observed differences between NC Ni and NisoFeso. The most
obvious one is related to the effect of solutes. It was shown that in this batch of NC NisoFes, the Fe atoms
are in solute solution in the FCC Ni matrix, however with local compositional fluctuations at the GBs and in
the grain interiors [122]. Solutes are known to affect dislocation mobility [171]. The addition of Fe to the Ni
matrix leads to a large reduction of the shear modulus, which in turn results in a softening effect [73][113].
As a consequence, the strength of this NisgFeso batch is similar to that of NC Ni_35, despite its smaller grain
size and the presence of solutes. On the other hand, solutes may induce strain aging effects, i.e. solutes
diffuse to mobile dislocations that are (temporarily) pinned, leading to an increase of the required stress to
unpin them. The presence of an upper/ lower yield point upon reloading or changing the strain rate is an
indication of such strain aging effects [113]. The stress reduction tests performed in this work further
strengthen this hypothesis. Figure 5-9 shows for both NC Ni_35 and NisoFes, the evolution of strain rate as a
function of inelastic strain generated during creep after stress reductions with R =1 and R =0.9. Three
remarkable differences can be noticed: (1) the slopes for Nig,Fes, are much steeper compared to Ni, (2) for
NisFeso the initial strain rate at R =0.9 is very much reduced compared to R=1 (nearly two orders of
magnitude), which is much less pronounced for the case of Ni, (3) at R=0.9 the slope for NisyFes, is
significantly steeper compared to R =1, which is also much less pronounced for the case of Ni. All these
observations point towards a mechanism in NC NisoFesq where dislocation glide is suppressed effectively
when changing from constant strain rate to constant stress (even at R=1). This may also explain the
opposite trend observed for NisFeso in Figure 5-8: since dislocations are pinned by solutes the main
contribution tothe change in FWHM arises from recovery which decreases with decreasing R.
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Figure 5-9 The evolution of normalized inelastic strain rate €;,.;/€, as a function of inelastic strain generated during
creep after stress reductions with R=1 and R=0.9: Ni_35 and NisgFesq are respectively denoted as pink and blue

symbols.

Other arguments can be used to explain the different behaviour in Figure 5-8. NC Ni-Fe is known to exhibit
grain growth during plastic deformation [53][134][136][172][173][174]. Therefore, the reduction of the
FWHM during creep after stress reduction may be interpreted as an indication for grain growth. The
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reduction of the FWHM at R = 1 (~-2x10° nm™) would correspond to an increase of the average grain size
by ~7% (1 nm) in the direction perpendicular to the loading axis. With decreasing values of R grain growth
is reduced, leading to a lower decrease of the FWHM. Such a large grain growth is however unlikely, as only
0.5 % strainis produced duringcreepat R=1 (g, = 1.7 GPa).

Moreover, for the case of NisgFeso the effect of stacking fault energy (SFE) also needs to be considered. It is
known that the addition of soluble alloying elements in FCC metals decreases the SFE [175]. In the case of
Ni-Fe alloys, the SFE decreases approximately linearly with the addition of Fe to the Ni matrix [176][177]. As
aresult, the low SFE facilitates the emission of partial dislocations over full dislocations. Furthermore, Ni-Fe
is known to exhibit a high density of growth twins [113][134][135][172][178]. Under certain conditions a
reduction of such growth twins has been observed. For instance, L. Li et al. [179] found a reduction of twin
density after cold rolling of Ni-18wt%Fe, S. Cheng et al. [135][172] report on a similar observation for Ni-
20wt%Fe after substantial deformation under dynamic loading and after the cyclic deformation with overall
plastic strain<2 %, and so does work of S. Ni et al. where Ni-20wt%Fe was under severe plastic
deformation. Therefore, the inverse trend for the FWHM observed in Figure 5-8 for NisoFeso, may also be
attributed to detwinning, which would result in an increase of the X-ray coherent scattering length and,
consequently, a decrease in peak broadening. With decreasing values of R the detwinning mechanism is
effectively reduced.

The multistep tests experiments on Ni (Figure 3-22) and NisoFes, (Figure 3-28) reveal a clear dependence of
the FWHM on the applied stress; each load step leads to an immediate change in FWHM. For Ni the FWHM
decreases at low stress levels during the creep period that follows each step, showing that GB
accommodation is still the most important contributor. At higher stress levels the FWHM increases during
the 20 min creep periods, indicative for dislocation slip. This is in good agreement with the result of the
regular stress reduction tests. For NisoFes, the FWHM remains constant during the creep period at low
stress levels (except for the first creep periods after the stress reduction) and even slightly decreases at
higher stress levels. This indicates that the deformation mechanism responsible for the reduction of the
FWHM (recovery, de-twinning/ grain growth) is active at high stress levels.

Question remains why for NisoFes, the FWHM only increases upon each increase of the applied load and
not during the creep period. The in situ tensile experiments on NisgFesy [113] have revealed that during
regular monotonic loading the FWHM hardly increases and that after unloading the FWHM is strongly
reduced compared to the initial state. These results together with those reported in this thesis indicate that
for NisoFes, dislocation-based plastidity is easily suppressed and that GB accommodation processes are very
active. The increase of the FWHM as a function of applied stress may therefore be mainly related to an
increase of the width of the distribution of intergranular strains within a grain family, rather than by an
increase indislocation density.

Prior strain dependence of reloading yield point

When reloading yield point is attributed to a strain aging effect, the strain dependence of the peak height
can be explained by different models. The early models following A. Cottrell [180] considered a vacancy
mechanism, suggesting that the growing peak height with strain is related to an increase of diffusivity of
solute atoms when excess vacandes are generated during plastic deformation. Later on L.P. Kubin et al.
[181] [182][183] proposed a dislocation model, suggesting that such strain dependence is governed by an
increase of mobile dislocation density with strain. Inspection of stress reduction tests performed at R=1
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for oy = 1.9 GPa and g, =1.7 GPa indicates the latter model for the interpretation of differences in the
behaviour of strain and FWHM. As can be seen in Figure 5-8, on the one hand, the plastic strain generated
within same creep period is 2.8 times larger in the case of gy, = 1.9 GPa. On the other hand, the {311}
diffraction peak that is most affected by the presence of dislocations almost remains constant while
creeping atop = 1.9 GPa (see Figure 3-25) but exhibits a visible reduction in the case of o, =1.7 GPa. This
may explain why a peak family dependent FWHM evolution is only visible when stress is kept constant
(R=1) at higheragy,.

Invalidity of “constant structure”

The stress dependence of strain rate in Figure 3-26 is validated under the assumption of “constant
structure”. However, when strain aging is present the conditions of constant structure may have been
strongly violated because the solute concentration in relation to the mobile dislocation density is strain rate
dependent. With other words, the solute concentration around dislocations increases with decreasing
mobile dislocation velocity, thus resulting in an increase of thermal stress o, for thermally activated
overcoming of solutes drag. This questions the validity of using Figure 3-26 in estimating the activation
volume, athermal stress, and the relative contribution of GB-mediated mechanisms to the overall strain
rate.

Quasi-stationary state for NC NisFes,

Assuming the maximum flow stresses reached during uniaxial tensile deformation of NC NisgFes, is
indicative of quasi-stationary state, Ref. [113] demonstrated that this quasi-stationary flow stress hardly
dependsonthe strainrate, see Figure 5-10.
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Figure 5-10 Stress-strain curves of continuous deformation tests at different strain rates for NC Ni and NC NiFe [113].

In this work, the same batch NisoFeso was investigated. This behaviour can be rationalized by a strain aging
effect by which the o, component is enhanced at lower deformation rates. In Figure 5-10, however, one
observes that the NisoFes, specdmen deformed at a high strain rate (red curve) exhibits a pronounced earlier
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onset of necking than that performed at a low rate. Whether the measured maximum flow stress would
have increased further without necking or it indeed represents the quasi-stationary flow stress is unknown.
To make this pointclear, continuous compression tests need to be done in the future.

5.3 MD simulation at lower strain rates

Stress reductions followed by creep were simulated by MD simulations to verify whether dislocations can
still be emitted and propagate after a long-term creep period. In Section 5.1, it has been discussed that
even after creep periods up to 1300 ps, dislocation events may still occur. It is observed that more than one
dislocation is emitted in succession with a time interval of ~ 800 ps, after which they interact with each
other and travel simultaneously across the grain. Figure 5-11 summarizes these relevant events in relation
to the creep strain versus time curve. It has been noticed that after the stress drop the strain rates are
considerably reduced by two orders of magnitudes to 10° /s. At such lower rates, the occurrence of
dislocation events is associated with a variety of GB-mediated mechanisms involved in changing GB
structures. Mechanisms such as GB sliding, GB/ T) migration, GBD motion, confinement of GBD core, and
other active atomic diffusion along the GBs are observed. As a consequence, dislocation nudeation is re-
activated.
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Figure 5-11 Creep strain versus time curve for one test with a stress reduction of R = 0.86 followed by creep periods
of 2290 ps.

Another important finding of these MD simulations is that it provides an approach to reveal the
mechanisms that are not seen in atomistic simulations with higher strain rate. In general, MD simulations
are carried out at much higher strain rates (usually > 10’ /s) and much shorter deformation times (usually
< 0.5 ns) than those experimentally performed. Under such conditions GB accommodation is very limited
where time-dependent processes are seriously suppressed. To overcome these restrictions, V. Yamakov et
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al. [48] performed MD simulations on NC Pd at elevated temperature where distinct GB diffusion creep can
be identified. However, experimental works [184][185] done on NC metals suggest that diffusion-based
mechanisms at the GBs can become active at/ near room temperature as their volume fraction of GBs/ TJ
increases with decreasing grain size. The present MD simulations performed at lower strain rates and with
longer simulation times provide a consistent picture (in spite that the simulation time is still very short
compared to experiment): atomic diffusion along the GBs is frequently observed and involved in different
accommodation processes.

Finally, toward a further understanding of strain rate related deformation mechanisms, the results of
continuous deformation with and without stress reduction are compared when the same amount of plastic
strain is generated. Table 5-2 compares the number of slip events and deformation time in both cases. Itis
found that when the deformation continues without stress drop (10° /s), more slip events are observed
within much shorter deformation time. This would indicate that at higher strain rates the relative
contribution of dislocation slip to the overall strain is larger than that at lower rates. Further confirmation
needs a quantitatively analysis to obtain this proportion. The differences between these two deformation
modes are also addressed by comparing the structure of particular GB (GB 12-14) as studied before (see
Section 4.2). Thisis visualized in Figure 5-12 where their respective configurations after producing the same
amount of strain are displayed. The atomic displacement vectors (light blue) represent the difference
between the current configuration 110 ps or 2290 ps relative to the configuration at the stress reduction.
The important observations at higherrates/ shorter deformation time can be highlighted as follows:

e The overall GB accommodation in particular atomic diffusion along the GBs is decreased. This can be
observed by comparing theirmagnitude of atomicdisplacements.

e The distance of GBD upwards motion is two atomic lattice spacing (2d;;1) less. At higher rates this
process must be driven by a higher load with the loading axis parallel to the GB 12-14.
Emission/ absorption of point defects from/towards the dislocation core proceeds fast. In contrast,
stress reduction followed by a long-term creep period allows GBD motion being controlled by GB
diffusion, the driving force of which can arise from the concentration gradient of point defects (free
volume) around the GBD. This may rationalize the motion of a perfect GBD in current simulations,
whereas delocalized GBDs are suggested to facilitate GBD motion in Ref. [13].

e Dislemissionisobservedandremaininginthe initial stage of propagation. This configurationis similar

e Confinement of delocalized GBD core is observed as well, however in the case of stress reduction a
perfect GBD is finally formed.

e to that observed for the case of stress reduction at t= 2085 ps (see Figure 4-9). However, the latter
identifies more atomic diffusion along the GB 12-14. Upon further straining after 110 ps in the case of
without stress drop, one observes the propagation of dislocations from other slip systems with the
highest Schmid factors and the reabsorption of Dis1. Dis2 emission from GB 12-14 is not detected.

Overall, the differences mentioned above can be rationalized by the role of time-dependent
accommodation processes that result in different GB structures. The present work provides an overview of
the firstresults. Furthering understandingin the occurrence of these mechanisms is stillneeded.
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Table 5-2 Comparison of the number slip events and deformation time in continuous deformation with and without

stress reduction when the same amount of strain is produced.

Deformation mode Strain produced Total number of slip events Deformation time
i ~ 110 ps
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Figure 5-12 The configurations of continuous deformation with and without stress reduction are compared when the
same amount of strain is produced. The inspection is carried out in the same sections of GB 12-14 as studied in Figure

4-11, Figure4-7, and Figure 4-9.
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Chapter 6  Conclusion

6.1 Achieved results

For NC materials, the stress-strain behaviour during uniaxial deformation (tension and compression) is
usually characterized by a short initial work hardening followed by a constant flow stress regime. Within
this thesis, three electrodeposited NC materials have been investigated: NC Ni_35, Ni_65, and NisoFeso with
the respective average grain size of 35 nm, 65nm, and 15 nm. The in situ continuous deformation and in
situ load-unload deformation on two NC Ni batches confirms previous observations for NC Ni from
Goodfellow [15][18][94]. All materials exhibit minor grain growth under tension while the post-mortem
TEM characterizationimplemented on NCNi_35 evidences a modest grain coarsening under compression.

The development of a constant deformation resistance has been investigated and understood in terms of
the interplay between different deformation mechanisms, in particular dislocation-based and GB
accommodation mechanisms. The methods applied were stress reduction experiments: after a sufficient
stress drop, dislocation slip is suppressed enough such that the role of GB accommodation on plastic
deformation is made visible during long-term transient creep. Such a technique was combined with in situ
X-ray diffraction, allowing identifying these two types of mechanisms by their opposite footprint on the
peak broadening: in general, the dislocation slip increases the FWHM whereas the GB accommodation
processes are expected to decrease the FWHM. To gain a comprehensive view of transient behaviour,
stress reduction was performed either in a conventional way where the reduced stress was kept constant,
orin a modified way wherethe reduced stress was stepwiseincreased, i.e. multistep test.

For NC Ni_35 batch:

e The in situ conventional stress reduction tests with different magnitudes of stress drop were
respectively performed in tension and compression. Under tension stress reductions were conducted
prior to the maximum flow stress where work-hardening remained present. Inspection of the transient
behaviour of strain and FWHM as a function of the relative reduced stress R reveals the presence of
four regimes as a consequence of a competition between dislocation-based and GB-mediated
mechanisms. It is suggested that dislocation-based mechanisms dominate at high stress levels and GB-
mediated mechanisms dominate at low stress levels. For a moderate stress reduction, a non-
monotonic behaviour of FWHM was observed, suggesting an alternation of mechanisms. Under
compression stress reductions were performed in the constant flow stress regime. The evidence of
FWHM reduction irrespective of R indicates the dominance of GB-mediated mechanisms during
transients. Both deformation modes demonstrate that GB accommodation processes play an important
role in producing plastic strain and recovering defects and internal stresses. It is proposed that the
constant flow stress reached during uniaxial deformation reflects a quasi-stationary state where the
dislocation generation and recovery compensate each other reachinga dynamicequilibrium.

e The in situ multistep test provides an alternative way to approach a quasi-stationary state after the
stress drop. Such type of test was carried out for a large stress reduction, showing consistency with the
results revealed by conventional stress reduction tests. In addition, by comparing different types of

99



6.2 Outlook

experiments performed (i.e. conventional stress reduction tests, multistep tests, and continuous
deformation tests performed at different strain rates), a similar &-o value near a given quasi-stationary
state is obtained, suggesting the establishment of a characteristic balance between multiple
deformation mechanisms independent of the deformation path.

e  The fact that GB accommodation contributes to the plastic strain has a significant consequence for the
parameters of thermally activated glide of dislocations (e.g. athermal stress and activation volume)
that are traditionally derived from stress/ strain rate change tests. Within this thesis, it has been shown
that the athermal stress is considerably lower when it is derived from the value of oy — Ao with Ao
corresponding to a threshold magnitude that results in a zero initial creep rate. For NC Ni_35, one
obtains ~ 50 % of the gy; however, ~80 % of the oywas measured once the contribution of GB-
mediated mechanisms is subtracted from the overall strain rate.

For NC Ni_65 batch:

e The results for both Ni batches are qualitatively in good agreement. The main difference is that prior to
the stress reduction, the relative contribution of GB-mediated processes to the overall strain rate is
largerin NC Ni_35 (~ 24 %) than inNC Ni_65 (~ 12 %).

For NC NisoFesg batch:

e The role of GB accommodation mechanisms during plastic deformation is confirmed. On the other
hand, it exhibits some peculiar behaviour when compared to NC Ni batches, such as the lack of FWHM
increase when creeping at high stress levels, larger plastic strains accompanied with more reduction of
FWHM, and the presence of a reloading yield point that is also dependent on the prior strain reached.
All these observations can be interpreted as superposition effects from alloying and grain size. Several
possibilities for the interpretation are proposed, including strain aging, grain growth, and detwinning.

Inspired by the experimental transient testing, MD simulations of stress drops were carried out in the
different stress drop regimes. The creep strain versus time curves after the stress drops depend on the
magnitude of the stress drop, and exhibit similar trends as those for in situ experiments. As the stress drop
increases, dislocation activity during creep periods is largely suppressed. For one test with a medium stress
drop followed by long-term creep, detailed analysis of dislocation as well as GB activity reveals the
following facts:

e Dislocation slip can continue to operate after the adaption of the GB structures by a variety of GB
accommodation mechanisms. This suggests that the non-monotonic behaviour of the FWHM during
transient creep (after initial reduction the FWHM increases again) can be indeed explained by the
presence of GB accommodation mechanisms changingthe character of the GBs.

e  Compared with MD simulations performed during continuous deformation with very high strain rates
(100-1000 times higher), the present simulations evidence more pronounced atomic diffusion along
the GBs that is involved in different accommodation processes. It is expected that this is closer to
experimental reality.
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6.2 Outlook

The in situ stress reduction tests presented in this thesis suggest that GB-mediated plasticity may also
contribute significantly to creep at room temperature. This is of practical importance in the application of
NC materials under varying conditions. In manufacturing industry, as for instance Mimotec SA (Company
Spedalized in Manufacturing Microparts, Microcomponents, Microfluidics, Micromoulds per Technology
UV-LIGA), ED NC Ni is widely used for manufacturing micromechanical components using UV-LIGA process.
Components, as for instance springs, require the shape to be maintained when subjected to a demand load.
However, the presence of creep/stress relaxation even in a small amount can have a detrimental effect on
theirfunctional properties.

To minimize creep effects while retaining the high strength, the following two aspects can be considered
for the future development:

e To optimize the annealing process parameters: it is known that ED NC samples in as-prepared state
exhibit large internal stress variation. This can be the driving force for creep/ stress relaxation at room
temperature where GB structure relaxation produces the strain. To reduce internal stress sources
without causing grain coarsening, optimization of post-mortem thermal treatment (temperature,
annealing time etc.) can be the option. On the other hand, annealing promotes impurities segregation
at the GBs, acting as pinningsites for dislocation/ GB activity.

e To explore grain size distributions effects: it is known that in a bimodal grain size distribution, the large
grains give ductility while small grains are responsible for the high strength. It will be of great interest
to have a comparison of creep/ relaxation behaviour between bimodal and homogeneous grain size
distribution, and see which microstructure type gives the benefits to the desired mechanical
properties.

For NC NisyFeso the interpretation of the X-ray diffraction results is inherently more complex and open to
many possible interpretations. For the sake of scentific interest and a potential practical application of NC
alloys, furtherexperimental work on NC NisoFeso may involve:

e Deformation in compression mode: (1) continuous deformation tests with different strain rates help
verify whether the maximum flow stresses reached in tensile tests reflect true quasi-stationary states.
Further, in situ tests can be applied to see whether the peak broadening saturates in the stress plateau
regime. This is particularly interesting since NC NisFeso lacks of pronounced increase in peak
broadening upon tensile loading. (2) The in situ stress reduction under compression might shed light on
the deformation mechanisms that occur at larger strains, such as grain coarsening. Also, one can verify
whether dislocation-based mechanisms in NC Nis,Feso play an increasing role with strain, as suggested
inthe presentwork.

e ACOMTEM as a complementary characterization technique: this technique provides a statistically
guantitative evaluation of grain size distribution, crystal orientation, and texture evolution. By
characterizing the as-prepared/ deformed microstructures, one may explore the mechanisms such as
grain growth, detwinning, and grain rotation. However, due to very small grain size and the fact that
the NisoFesois magnetic, TEM sample observations will be rather challenging.

e Mechanical tests at cryogenic and/ or elevated temperatures: by studying the influence of temperature
on the deformation behaviour, one may further develop the knowledge on the deformation
mechanisms of this NC alloy and explore its potential application at various temperatures. One has to
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keep in mind that the investigation of alloying effects on particular mechanisms, such as strain aging,
should be carried out at a well-controlled temperature where grain growth and phase transformation
are notinvolved.

e Repeat the stress reduction tests on NiFe samples with different compositions: by varying the Fe
content while keeping the grain size constant the alloying effect could be addressed in more detail.

MD simulations of stress drops followed by creep provide an approach to e xplore the mechanisms that are
not observed in higher strain rate atomistic simulations, as for instance vacancy emission due to dislocation
interactions within a grain. Future work involves further understanding in the occurrence of this

mechanism.
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