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ABSTRACT 
Copper and its alloys generally display a severe reduction in ductility between roughly 300°C and 
600°C, a phenomenon variously called “intermediate temperature embrittlement” or “ductility 
trough behaviour”. This review of the phenomenon begins by placing it in the wider context of 
the high-temperature fracture of metals, showing how its occurrence can be rationalized in simple 
terms on the basis of what is known of intergranular creep fracture and dynamic recrystallisation. 
Data in the literature are reviewed to identify main causes and mechanisms for embrittlement, 
first for pure copper, and then for monophase and multiphase copper alloys. Coverage then turns 
to the “grain boundary embrittlement” phenomenon, caused by the intergranular segregation of 
even minute quantities of alloying additions or impurities, which appears to worsen dramatically 
the intermediate temperature embrittlement of copper alloys. Finally, metal-induced 
embrittlement, including in particular liquid metal embrittlement, is presented as a second 
mechanism leading to an exacerbation of the intermediate temperature embrittlement of copper 
and its alloys.  
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embrittlement, creep fracture, solid metal embrittlement, dynamic embrittlement. 
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Introduction 
Copper and copper alloys do not display a regular evolution in their mechanical properties as 

temperature increases. Their yield stress and hardness decrease monotonously but their ductility 
generally goes through a minimum, exhibiting a sharp decrease around 300°C before rising again 
and then exceeding room temperature values. The effect is most often quantified by means of 
tensile data plotted versus temperature: it then appears as a sharp decrease, over a limited 
temperature range, of both the tensile elongation to failure and the reduction in area at fracture. 
Other tests can however also reveal the effect: the ductility minimum appears thus in impact 
energy absorption1, 2 or hot torsion3 data. This type of behaviour, which has wide-ranging 
consequences in industrial practice, is often termed “ductility trough behaviour”, or “Intermediate 
Temperature Embrittlement” (ITE). 

One of the first systematic investigations of the influence of strain rate and temperature on the 
tensile ductility of copper-based alloys (namely OFHC – Oxygen-Free High Conductivity - 

copper and 70-30 a-brass ) can be found in the early work of Greenwood4. Here, only one-half of 
the ductility trough was displayed, because the maximum testing temperature was 600°C. 
Figure 1 gives examples of full ductility troughs found with OFHC copper tested in tension under 
roughly similar experimental conditions, pooling data from several investigations. As seen, with 
the wider range of temperatures explored here, the curve takes indeed the shape of a trough, its 
value decreasing before rising past a more or less well-defined minimum. Note that the lower-
temperature portion of the curve is roughly the same in all these studies of OFHC copper while 
the second, rising, portion differs significantly from one study to the other.  

Figure 2a sketches main phenomenological features of the ITE phenomenon, showing the 
ductility trough (Domain II). Fracture within the trough is always intergranular. Several studies 
were conducted on single crystals in order to verify that grain boundaries are needed for the 
ductility trough to appear: copper single crystals are documented to rupture after deforming 
extensively to a knife-edge fracture surface between room temperature and 500°C in Ref.5 or 

450°C in Ref.6. Similarly, no ductility trough was observed for a-brass single crystals at 
intermediate temperature5, 7.  

The intermediate temperature embrittlement of copper and its alloys has its origin in the onset 
of creep8. It is associated with grain boundary voiding above a certain temperature range; for 
simplicity we shall designate hereafter this temperature range by means of a single lower-shelf 
temperature value, TE, as sketched in Fig. 2a. As the temperature increases past TE, there is a 
change in fracture path from transgranular to intergranular. As mentioned above, TE is typically 
around 300 °C; however, it varies with the material and with test conditions such as the strain rate 
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or also the sample shape. Often, a temperature can be found where, for the alloy and testing 
conditions in question, the ductility passes through a minimum; this is typically around half of the 
metal or alloy melting point in Kelvin (roughly 400°C for pure copper, see Fig. 1).  

The embrittlement often ceases at temperatures above another temperature range, which we 
shall again designate for simplicity using a single temperature, TR. Typically, above TR grain 
boundary mobility, often accompanied by dynamic recrystallisation, becomes operative. This 
restores ductility2, 6, 9-13, as is often observed in metals and alloys14, 15.  

Corresponding tensile curve shapes are drawn in Fig. 2b. The sketch depicts the sharp 
decrease in ductility that is observed when testing above TE and also the increased ductility in 
Domain III coupled with the characteristic tensile curve oscillations that often betray the presence 
of dynamic recrystallisation. Figures 2c and 2d show typical fracture surfaces, illustrating the 
transition in OFHC copper from transgranular fracture along the lower shelf to intergranular 
fracture in the trough. Figure 2e shows how the trough is visually evident on tensile tested bars. 

Such behaviour exists in other metal systems; in particular, many of its features have parallels 
in steel. It has for example been demonstrated for steel that those variables which influence the 
shape (depth and width) of the ductility trough are also responsible for transverse cracking during 
straightening operations16. Compared with copper, the phenomenon is however more complex in 
steel, given the added presence of allotropic transformations in iron.  

The intermediate temperature embrittlement of copper and its alloys has numerous 
consequences in industrial practice. One is that the deformation processing of copper and its 
alloys is typically carried out either at room temperature (using intermediate annealing steps to 
undo the effects of work-hardening) or alternatively at high temperature, often above 700°C, in 
order to avoid the critical range of intermediate temperatures. This is illustrated by the distinction 

sometimes made between “cold-working brasses” (a brasses, formed cold because they tend to 

be hot-short) and “hot-working brasses” (a+b brasses, formed hot because b and b’ are brittle at 
lower temperatures)17-24. The phenomenon obviously also plays an important role in the elevated 
temperature performance of copper and its alloys, and hence in their selection for engineering 
service25. 

Other practical consequences of the phenomenon are less obvious but can be quite important 
to industrial practice. Intermediate temperature embrittlement may prohibit the use of certain 
deformation processes. It can also cause cracking after deformation, as a result either of internal 
residual stresses or of transient thermal stresses during rapid temperature excursions. Such 
cracking in deformation processing is generally termed «hot shortness», or more accurately for 



 5 

copper, « warm shortness». Engineering-oriented reviews dealing with the problems encountered 
during hot working of copper alloys can be found in Refs.21, 24, 26, 27. 

Related cracking phenomena in copper alloys can also be seen during casting28 (as certain 
forms of hot tearing), extrusion29, homogenisation30, annealing8, 31-33 (where it is termed “fire-
cracking”, e.g. for  lead-bearing nickel silvers), or welding34, 35. An illustrated review36 presents 
failures occurring on brass rods both during processing stages (casting, extrusion and cold-
drawing) and during service (including environmentally induced failures – not treated hereafter – 
but also failure during secondary cold- and hot-deformation operations such as hot stamping or 
hot forging); its author additionally suggests corresponding corrective actions. Figure 3 gives two 
illustrations of cracks caused during processing by the intermediate temperature embrittlement of 
copper-nickel alloys. Hot ductility tests have also been used to quantify the intermediate 
temperature embrittlement phenomenon: deformation processing and elevated temperature usage 
can then be rationalised into processing maps designed as guides in forming operations13, 37-48.  

This article is a review of research on the intermediate temperature embrittlement of copper 
and its alloys. Its main goal is to present in a single venue the significant, but somewhat 
disparate, body of work on the phenomenon, while at the same time attempting to place it in the 
context of well-known elevated temperature failure mechanisms and embrittlement phenomena 
known to be active more generally in metals and alloys.  

A simple general view of the link between the phenomenon and basic fracture mechanisms at 
high temperature is presented first, so as to expose the physical origin of the phenomenon and 
give meaning to its characteristic temperatures, TE and TR. We start with pure copper and then 
cover alloys. Next, focus is placed on two fundamental mechanisms that are known to enhance 
significantly the intermediate temperature embrittlement of copper and its alloys, namely grain 
boundary embrittlement and metal-induced embrittlement. These are reviewed in turn, focusing 
on aspects that are pertinent to copper. As variations in the results from one reference to another 
(see Fig. 1) can be imputed to differences in many experimental parameters, including for 
example grain size, metal purity, strain rate or test atmosphere, the influence of these parameters 
on the intermediate temperature embrittlement of copper and its alloys will also be illustrated and 
discussed throughout the article in each of its sections. We have aimed to provide relatively 
extensive coverage of the subject; however, given the amount of work that has been done, over 
many years, on copper and its alloys the article cannot be comprehensive. For example, the 
intermediate temperature embrittlement of irradiated copper materials49-52 is not covered.  
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The ductility trough of unalloyed copper  
Basic fracture mechanisms for face-centred cubic metals in general and for OFHC copper in 

particular have been reviewed based on an extensive compilation of experimental data, and 
summarised in the form of a fracture mechanism map by Ashby and co-workers14, 53-55. The 
fracture mechanism map proposed in Ref.14 for OFHC copper is drawn in Fig. 4a in 
(dimensional) tensile stress / temperature space. As seen, all four mechanisms characteristic of 
face-centred cubic metals are operative in pure copper. At low temperature (< 0.35 TM ≈ 180°C) 
copper fails by classical ductile fracture. In tensile testing of round bars, this is manifest by 
classical cup and cone fracture preceded by necking, the onset of which is well predicted by the 
Considere criterion, Fig. 2b. Above roughly 200°C, copper creeps (Fig. 4b) and rupture of the 
metal can be caused by several creep failure mechanisms (Fig. 4a). Transgranular creep fracture 
is characterised by ductile voiding and tearing within grains; since the material is essentially  
damaged everywhere and elongates extensively before fracture, this is generally not a brittle form 
of fracture. The second main mode of creep fracture, namely intergranular fracture, is 
characterised by voiding and fracture along grain boundaries. Since damage is then highly 
localised, this is a brittle fracture mode, characterised by a much lower global sample elongation 
at fracture, Fig. 2. In this domain, fracture occurs by grain boundary voiding, also called 
intergranular cavitation, Fig. 4a. This is characterised by a relatively flat fracture surface, 
generally accompanied by internal damage elsewhere within the material. At the highest 
temperatures and for high strain rates, tensile rupture is observed concomitant with dynamic 
recrystallisation. This is generally a ductile failure mode ending in tensile testing with tearing of 
the bar to a ridge or a point, Fig. 2e.  

At the simplest level of analysis, since intergranular fracture is the only brittle failure mode on 
the map and since failure in the trough is indeed always intergranular, a one-to-one association 
can be proposed between intermediate temperature embrittlement and the region of intergranular 
creep fracture on the fracture mechanism map. Grain boundary voiding is typically described by 
two consecutive stages, namely (i) cavity (or void) nucleation and (ii) cavity (or void) growth. 
These have been addressed in detail by several authors; reviews are given in Refs.56-59. Cavity 
nucleation can be governed by three mechanisms, namely diffusion-driven vacancy 
accumulation, stress relief at the head of dislocation pile-ups, and grain boundary sliding at a 
non-planar grain boundary or a triple line. Cavity growth can also be governed by several rate-
limiting processes. These include diffusion along grain-boundaries, diffusion along pore surfaces, 
creep deformation of material around the void, or combinations of these. These mechanisms can 
control the rate of void growth both locally (where damage progresses), and also more globally 
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when load transfer from damaging to non-damaging regions of the material dictates the local 
stress in damaging regions56, 59. In diffusion control, voids are either (i) rounded when surface 
diffusion is sufficiently rapid to equilibrate capillary forces (“r-cavities”, typical of lower stresses 
in the field on the fracture mechanism map), or (ii) cusped or wedge-shaped (“w-cavities” seen at 
higher stresses) when surface diffusion is slow. 

Intergranular cavitation has been documented in creep testing of both OFHC copper 
bicrystals60-62 and commercial polycrystalline copper63-65. Grain boundary sliding has been shown 
to play a strong role in the voiding process: grain boundary irregularities such as bends or ledges, 
and triple lines at three-grain junctions or precipitates, provide sites of eased void cavitation 
along sliding boundaries60. A review of grain boundary sliding data in copper at intermediate 
temperature is given in Ref.63, which also presents a phenomenological model based on 
consideration of stress concentrations created at the intersection of the primary glide plane with 
grain boundaries. The formation of intergranular cavities in copper at high temperatures has also 
been attributed to the pile-up of grain boundary dislocations66-68. Raj and Ashby propose a 
detailed analysis of the relationship between nucleation and growth of voids along grain 
boundaries and mechanical properties at elevated temperatures in Ref.69.  

The different hypotheses that have been proposed to model both the nucleation and the growth 
of voids and the possible influence of grain boundary sliding generally arrive at the prediction 
that there is a minimum time (and hence strain) to rupture at approximately half of the melting 
point when a polycrystal is deformed at a constant strain-rate69; this is indeed observed with 
copper (Fig. 1). This minimum arises from the interplay of void nucleation and void growth rates, 
the former being higher at lower temperature (because the flow stress is higher), while the latter 
dominates at higher temperature (because diffusion rates are higher). Since the rate of damage 
accumulation, and hence the inverse of fracture time, are proportional to the product of the void 
nucleation rate by the growth rate, the rate of damage exhibits a maximum, and hence the time to 
fracture a minimum, at some intermediate temperature near one-half the melting point.  

Dynamic recrystallisation is observed in copper above around 700°C (≈ 0.7 TM); however, the 
precise value of the temperature at which it dominates depends on deformation conditions, as 
seen on the fracture mechanism map, Fig. 4a. In dynamic recrystallisation, a rapid accumulation 
of stored energy of cold-work, coupled with thermal activation, drives the nucleation and growth 
of new grains within the material while it deforms. As in static annealing, dynamic 
recrystallisation competes with dynamic recovery. Copper has a moderate stacking-fault energy, 
which slows recovery by inhibiting cross-slip. Hence, it is expected to be somewhat more prone 
to dynamic recrystallisation than higher stacking-fault energy face-centred cubic metals such as 
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aluminium or nickel; this is visible if one compares fracture mechanism maps of Ref.14 at low 
dimensionless stress. The nucleation of new dislocation-free grains occurs preferentially at, or 
near, grain boundaries (often bulged and/or serrated by strain). Therefore, dynamic 
recrystallisation is more rapid in polycrystals, since these contain both grain boundaries and triple 
junctions, than in bicrystals and, even more so, than in monocrystals. This said, dynamic 
recrystallisation has also been reported for single-crystalline copper, where new grains are 
nucleated at deformation bands, twins or inclusions70.  

Typical stress-strain curves for deformation with dynamic recrystallisation are sketched in 
Fig. 5. Depending on the initial grain size, the temperature and the strain rate, flow curves can 
present either a single peak (corresponding to the initiation of grain nucleation and refinement) or 
multiple peaks (leading to grain coarsening)70. The dynamic recrystallisation of copper has been 
the object of numerous studies, using monocrystals71-75, bicrystals76-78, tricrystals79-81 and 
polycrystals38, 73, 82-98. These all confirm the influences sketched in Fig. 5 of (i) strain rate38, 73, 77, 83, 

89, 92, 93, 96, 97, (ii) temperature38, 73, 83, 87, 89, 92, 96, 97 and (iii) initial grain size87 on the shape of the flow 
curves.  

Dynamic recrystallisation, obviously associated with a certain mobility of grain boundaries, 
hinders grain boundary void growth; this in turn prevents intergranular fracture. The onset of 
dynamic recrystallisation therefore defines the upper shelf of the ductility trough; this is also 
observed in many other metals: steel, NiAl, nickel and FeNi are examples16, 99-102. The role of 
dynamic recrystallisation in tensile fracture being defined by competition with another 
mechanism, namely intergranular cavitation, the upper shelf transition temperature TR is a 
function of parameters that affect either of the two mechanisms. 

Looking at the fracture mechanism map of Fig. 4a, it appears that creep testing will not reveal 
the ductility trough. In a series of creep tests conducted either at fixed temperature and variable 
stress, or alternatively at fixed stress and variable temperature, only one transition is seen (such 
tests run along vertical or horizontal lines in Fig. 4a). Both sides of the trough are on the other 
hand apparent in constant strain-rate tensile testing. At a simplified level of analysis, the trough 
can be sketched on a fracture mechanism map by assimilation of a constant strain-rate tensile test 
with a creep test that displays the same imposed strain rate as its secondary stage (“steady-state” 
or minimum) creep rate. This is of course somewhat crude, but since the creep of copper has been 
the object of numerous studies focused on the steady-state creep regime (e.g., Refs.64, 65, 103-119), 
and since this simple view of the ITE phenomenon illustrates well both its origin and its intrinsic 
dependence on several parameters, we adopt it here.  
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The deformation mechanism map of Ashby and co-workers for OFHC copper120 is plotted, 
after conversion to dimensional tensile stress and temperature axes, in Fig. 4b. If we now 
superimpose constant strain-rate curves of Fig. 4b over the fracture mechanism map in Fig. 4a, 
we obtain the graph in Fig. 4c. Note that, within the intergranular fracture mechanism domain, 
these curves run broadly speaking parallel to lines of constant time to rupture drawn on the 
fracture mechanism map of Ashby et al. (Fig. 17 of Ref.14), showing that within this region of the 
map, the Monkman-Grant relation is roughly valid121. A few tensile test data for OFHC copper 
with a grain size near (in fact somewhat below) 100 µm are also plotted on Fig. 4c: as seen, the 
agreement with the curves is relatively good, in terms both of fracture mode and strain rate.  

The ductility trough then becomes visible as that portion of the lines along which they traverse 
the region of intergranular fracture. The lines cross into this region from regions of ductile 
fracture through transgranular fracture at low temperature, and leave it at its upper shelf by entry 
into the region of dynamic recrystallisation; these features correspond indeed to general 
characteristics of the intermediate temperature embrittlement of copper and its alloys. 

This simplified view of the ductility trough phenomenon additionally explains why it is 
essentially absent in some metals, such as aluminium. Indeed, in pure aluminium, the 
intergranular fracture domain is altogether absent14. In commercial purity aluminium, such a 
region exists14; however, creep data are such that constant strain-rate curves generally do not 
cross into this region, running instead roughly parallel to the boundary that denotes the transition 
from one to the other of the two fracture mechanisms122, 123. 

 
Influence of strain rate 

The dependence of the phenomenon on strain-rate is then immediately apparent: the higher the 
strain rate, the higher the line through the graph (Fig. 4c) and thus the narrower the trough, as was 
already sketched by Wray in 1969124. This is indeed observed: except for very rapid (impact) 
deformation, as the strain rate increases the ductility trough of pure copper narrows and becomes 
more shallow6, 9, 13, 90, 125-131. Figure 6 illustrates this for pure copper using data from several 
sources6, 127, 129: the higher the strain rate, the narrower and the shallower the trough. At the 
highest rates (above 1 to 10 s-1) the trough disappears altogether. Figure 7 gives a cross-section 
near the fracture surface of a sample of OFHC copper tested in tension under the same conditions 
at two strain rates (from Ref.129). At the lower strain rate (right-hand micrograph), there is 
extensive intergranular damage accumulation within the material, whereas at the higher strain 
rate (left-hand micrograph) there is essentially none: the transition in fracture mode is quite 
apparent.  
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Influence of grain size 

The influence of grain size is less obvious than that of the strain rate; however, this too can be 
discussed using Fig. 4. An increase in grain size will obviously deepen the trough somewhat. 
Indeed, the strain to failure will then decrease since the fraction of (shearing and dilating) grain 
boundary region material will be smaller in relation to the remaining material13 thus lowering the 
sample elongation upon intergranular fracture; this can be seen in the data of Fig. 6.  

The influence on trough width is more complex. As the grain size is varied, fracture 
mechanism maps should not change greatly as long as the (areal) density of void nucleation sites 
along grain boundaries does not depend on grain size; this will for example be when intergranular 
voids nucleate at the intersections of grain boundaries with slip planes, or at grain boundary 
inclusions and precipitates. If, on the other hand, voids nucleate mainly on grain boundary triple 
lines, finer grains will nucleate more intergranular voids, thus expanding the range of dominance 
of intergranular fracture and hence the trough width. A priori, this effect should at least become 
noticeable at grain sizes so small that triple lines become more frequent than other intergranular 
void nucleation sites.  

Now, the creep rate of copper depends only weakly on grain size at higher stress, both in the 
power-law (dislocational) creep regime (where n≈5) and near the transition to the regime where 
n≈1132. On the other hand when n≈1 (generally but not always taken to be the diffusion creep 
regime), the creep rate depends roughly on the inverse of the grain size squared111, 113, 133. The 
range of dominance of this latter (diffusion creep) regime is sketched in Fig. 4d for various grain 
sizes: as seen, when the grain size falls below 10 µm diffusive creep will start being observed 
only at very low strain rates (below roughly 10-6 s-1) while it will dominate at higher strain rates 
when grain diameters approach one micrometer. An increase in grain size should thus not affect 
the trough width much when grains are roughly above a few micrometers. For grains smaller than 
this, increasing the grain size should narrow the trough, because (i) if diffusion creep obtains, 
then the flow stress at given strain rate will be higher, causing stress-temperature iso-strain-rate 
curves to shift upwards and cross a narrower portion of the upper right-hand corner of the 
intergranular creep fracture region, and/or because (ii) an increase in grain size causes, if 
anything, a reduction in void growth rate (since the triple line density decreases) causing in turn a 
reduction in the range of dominance of intergranular fracture.   

Data for copper from hot tensile tests show that the greater the grain size, the deeper the 
ductility trough becomes (except in one instance at the smallest grain sizes), while the influence 
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of grain size on trough width is not very clear107, 127, 134. As the data are for grains greater than 
10 µm, these trends are overall as expected.  

 
Influence of prior cold work 

Data for copper also show that room-temperature prestraining of the pure metal sufficient to 
suppress plastic deformation upon loading in creep testing within the range of dislocation creep 
and intergranular fracture does not affect grain boundary damage significantly; however, this 
lowers the strain rate of the grain interiors, and hence of the metal113, 114, 116. These results suggest 
that prior cold-working of the metal (i) should lower the tensile elongation at failure in creep 
(constant load) deformation, and (ii) should deepen and narrow the trough under fixed strain-rate 
deformation. Indeed, if prior cold-work does not affect grain boundary damage significantly, it 
will leave the fracture mechanism map boundaries relatively unaffected. Given that cold-work 
will on the other hand raise the flow stress and hence if anything shift iso-strain-rate curves 
upwards in Fig. 4c, it will narrow the  intersection between these curves and the region of 
dominance of intergranular fracture.  

 
Influence of alloying 
Solid solution hardening 

Alloying as a rule suppresses neither intermediate temperature embrittlement nor intergranular 
cavitation; data exemplifying this can be found for brass tested in tension at intermediate 
temperature in Refs.4, 20, 135-137 or for other copper alloys in Ref.8. On the other hand, while it does 
not suppress the phenomenon, alloying influences it138.  

The four alloying elements that are used at elevated concentrations in copper, namely Zn, Sn, 
Al and Ni, affect bonding, diffusion and sliding at grain boundaries. These alloying additions 
therefore influence mechanisms of intergranular failure, as well as the flow stress and the 
character of dislocational slip, notably because their presence alters the stacking-fault energy. 
This last parameter is important, as it alters both the character of slip and the rate of recovery, 
affecting in turn both the flow stress and the rate of damage accumulation in the deforming 
material. Gallagher and Murr have compiled data for the influence of alloying additions on the 
stacking fault energy in copper alloys; see Fig. 6 of Ref.139 and Table 3.9 of Ref.140. A lowered 
stacking fault energy will tend to concentrate slip in defined glide planes, thus encouraging void 
nucleation as well as (plasticity-driven) void growth along grain boundaries. This will also reduce 
the rate of recovery, and in turn increase the flow stress at given strain rate in tensile tests, or 
lower the creep rate at given stress in creep tests141.  Figure 8 shows the reduction in normalised 
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creep rate that results from changes in the normalised stacking fault energy in a-brasses (redrawn 
from Mohamed and Langdon142).  

The influence of zinc content on the intermediate temperature embrittlement of brass was 
measured in Refs.126, 143. Data show that small additions of zinc have a beneficial effect on the hot 
ductility of copper whereas further additions are deleterious; this is illustrated in Fig. 9. Both 
grain boundary sliding and grain boundary migration are known to be significantly reduced by 
adding zinc. Also, the known decrease in stacking fault energy with increasing zinc content 
(Fig. 8) favours planar slip, encouraging the formation of dislocation pile-ups at grain 
boundaries143. The improvement in ductility with low additions of zinc (< 5%wt.) is thus 
attributed to a reduction in grain boundary sliding. The reduction in ductility that follows with 
further zinc additions is attributed to an increased rate of void nucleation and growth along grain 
boundaries intersected by coarse slip bands143. Note, however, that these trends also depend on 
extraneous factors, such as the respective purities of the metal and the alloy being compared (see 
below). 

The creep behaviour of tricrystal and bicrystal specimens of Cu-9at.%Al between 500°C and 
800°C was investigated in Ref.144. It appears from this study that a triple line either lowers the 
rate of grain boundary sliding until 650°C and consequently delays intergranular fracture, or 
alternatively promotes crack nucleation at temperatures higher than this144.  

In tin bronze, a study shows a significant decrease (by more than 100°C) of TE upon adding 
6wt.% tin to copper145. This deleterious influence can be explained either (i) by a promotion of 
localised slip and stress concentration at grain boundaries caused by the ensuing reduction in 
stacking fault energy139 or (ii) as a result of grain boundary enrichment with tin causing a 
decrease in grain boundary cohesive strength145.  

In cupronickels, increasing the nickel content from 6wt.% to 30wt.% progressively decreases 
the intermediate temperature tensile elongation from 40% to 10%, this decrease being associated 
with an increase in the intergranular character of the fracture surface. These observations were 
related to a delay in dynamic recrystallisation at higher nickel concentrations146. Reid and 
Greenwood9, on the other hand, found that alloying OFHC copper with nickel in the 
concentration range from 0 to 40wt.% reduces the trough, making it both narrower and shallower. 
It is interesting to note in connection with cupronickel behaviour that an embedded atom method 
simulation of grain boundary composition in Cu-Ni alloys predicts strong segregation of copper 
to both grain boundaries and free surfaces; hence, whereas copper is predicted to embrittle nickel 
alloys, this is a priori not expected of nickel in copper147. 
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These are the trends that can be deduced to result from alloying; however, it is important to 
note that other parameters also influence the intermediate temperature embrittlement of copper 
and its alloys (purity, grain size and strain rate), and that their values vary from study to study. 
Therefore, although there are many studies of intermediate temperature embrittlement in 
monophase copper alloys (e.g., Refs.128, 148-150), it is difficult to confront results across such studies 
to arrive at general statements concerning the influence of alloying additions.  

 
Multiphase alloys 

Dispersion-hardened copper alloys are generally used when high temperature strength is 
desired. At elevated temperatures, dispersoids act in large part to hinder grain boundary sliding 
(the presence of which was nicely evidenced using oxygen-containing Cu-0.065wt.%B bicrystals, 
where grain boundary sliding was visualised through the shear deformation of intergranular 
liquid B2O3 particles151). Solid particles resist such shear and thus hinder grain boundary sliding. 

Intermediate temperature embrittlement has been characterised in copper containing dispersed 
particles of Al2O3 6, 152, GeO2 153, 154 or SiO2 155-160. In Cu-GeO2 polycrystals it was also confirmed 
that the initial decrease in ductility occurs indeed with the onset of grain boundary sliding153. 
Since grain boundary particles hinder grain boundary sliding, their presence should retard the 
onset of creep fracture. In this sense, particles should be beneficial, as they can retard 
intergranular creep fracture and increase the lower shelf temperature TE.  

On the other hand, particles also act as preferential sites for the nucleation of voids because 
they concentrate stress in their neighbourhood153, 155, 156, 161. Finite-element calculations in Ref.160 
visualise stress distribution around such particles, showing that these depend strongly on the 
particle shape. For this reason, particles can accelerate creep fracture, both intragranular and 
intergranular; Fig. 10 illustrates this for internally oxidised Cu-Al 6. This, in turn, will lower TE if 
it is defined as that temperature where the ductility falls below a given value153, 156.  

Regarding TR, particles retard recrystallisation and grain boundary motion6, 13, 153, 155, 156; 
however, the effect depends on the size and distribution of the particles155, 162. Two opposing 
effects have (again) to be considered: (i) the stress concentration created near the particles is a 
driving force for recrystallisation but (ii) the mobility of grain boundaries is reduced because they 
are pinned by particles13, 163. Ductility recovery has also been associated with diffusion-driven 
stress relaxation along copper-particle interfaces157, 159. With an increase in particle volume 
fraction, the ductility trough thus becomes narrower and sharper in Cu-SiO2 157, 159. On the other 
hand, the trough is both deepened and widened in internally oxidised Cu-0.1wt.%Al, Fig. 10 after 
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Ref.6; the influence on the upper shelf is attributed to the fact that alumina dispersoids pin grain 
boundaries and hence hinder recrystallisation.  

Concerning the effect of the size of the particles, data show that small particles ease void 
formation (as observed in steel16) but also ease diffusional stress relaxation156, while bigger 
particles seem more effective in increasing the ductility by suppressing more strongly grain 
boundary sliding154. Changes in void nucleation mechanism, and hence in ductility, may thus be 
seen in dispersion-hardened copper as the size of the particles is altered154: grain boundary 
sliding-induced void nucleation at copper-particle interfaces is observed for small particles, while 
grain boundary sliding-induced void nucleation between particles (in the particle-free areas along 
the grain boundary) is seen with larger particles. Refining second phase particles, all else being 
constant, should also widen the trough by increasing TR, since finer particles are more efficient at 
pinning grain boundaries (as the Zener relation shows). 

With higher volume fractions of second phase, no simple trends can be proposed because the 

alloy behaviour depends on that of the other phase in addition to the copper-based a-phase. In 

brass, the body centred cubic b phase tends to see its ductility increase with increasing 

temperature. Therefore, multiphase a+b alloys can actually display what amounts to a ductility 
“hill” at elevated temperature (Fig. 11 of Ref.13).  

We finally note that in some high-strength copper alloys intergranular fracture may be 
observed, not as a result of intergranular voiding, but rather because grain boundaries are lined 
with a brittle second phase. Ductility trough behaviour is then not generally observed (higher 
flow stresses, and hence lower temperatures, being more likely to crack brittle particles); 
however, temperature and thermal history exert an influence on the ductility of these alloys via 
their influence on factors such as grain boundary precipitation or elastic anisotropy. An example 
is given by Cu-14%wt.Al-Ni shape-memory alloys. In these alloys intergranular fracture is 
promoted by a high elastic anisotropy, and is also influenced by the various (brittle or ductile) 
second phases that can line grain boundaries164-169. 

 
Influence of strain rate and grain size 

As for pure copper6, 9, 90, 125-129 and except for very rapid (impact) deformation, as the strain rate 
increases the trough narrows and becomes more shallow for brasses68, 125, 126, 128, 137, 143, 150, 170-173, 
bronzes174, 175, cupro-nickel alloys9, 176-178 and dispersion hardened copper6, 153, 160, 179, 180. For two 

(70-30 and 80-20) a-brasses, TE was found to be strain-rate dependent, but not TR 171. Provided 
fracture mechanism maps are not fundamentally changed by alloying, this dependence on strain 
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rate conforms with the simplified description of the trough proposed for pure copper. Also 
consistent with this description is the lesser dependence of TR on strain rate, given the nearly 
vertical orientation of the line delineating the onset of dynamic recrystallisation on the fracture 
mechanism map, Fig. 4a. The recorded ductility trough also increases in width and depth as the 
alloy grain size increases for brasses8, 143, 150, 170-173, 181, 182, bronzes3, 174, 175 (Fig. 11), and cupro-nickel 
alloys176, 177, 183, 184. 
 
Influence of purity and grain boundary embrittlement  

Although a few general trends can be drawn from data concerning the influence of basic 
microstructural parameters, these are often not very clear; an example was given above for the 
influence of grain size on the ITE of nominally pure copper. One main reason for this is that the 
intermediate temperature embrittlement of copper is also strongly influenced by certain specific 
alloying additions, even when these are present only at very small concentrations.  

In pure copper, the trough depends on how “pure” the copper is; see the lowest plot in Fig. 6. 
This is also illustrated in Fig. 12, which presents the ductility troughs observed for roughly 
similar (low) strain rates in different varieties of “pure” copper, ranging from oxygen-free copper 
(Cu OFHC) to 99.999999% pure copper (Cu 8N). As seen, the width and depth of the trough 
varies quite strongly indeed. It is essentially suppressed (at testing conditions of these data; 
changing the strain rate or the grain size may cause it to reappear) for 8N copper185 whereas it is 
particularly well-defined for the oxygen-free copper (Cu OFHC)186. There are several reasons for 
this. One is quite obvious, namely the fact that the onset of dynamic recrystallisation, marking the 
extent of the upper shelf region, depends on the mobility of grain boundaries, which can be 
dramatically reduced by even small quantities of certain solute elements92, 187.  

The strong dependence on minor impurities of the ductility trough behaviour of copper is, in 
fact, one of its most salient - and complex - characteristics. The ductility trough behaviour 
experienced by copper and its alloys is thus to be placed in the wider context of intergranular 
embrittlement phenomena observed with many metal alloys: we attempt to do so in the two next 
sections of the review.   

First, we review here the phenomenon from the viewpoint of classical embrittlement: 
impurities, even at small concentrations, can segregate to grain boundaries and modify these 
extensively, even at very small overall concentrations. Segregated impurities can alter the grain 
boundary bond strength and can also change the grain boundary diffusivity. In both cases minor 
additions can influence strongly the intergranular fracture of alloys. In this more classical form of 
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embrittlement the embrittling species has segregated before fracture, and by changing the grain 
boundary composition it changes the rate and level of damage and failure at grain boundaries.  

Then, in the next section of this review, we turn to dynamic forms of embrittlement. Indeed, 
impurities or alloying additions can also interact dynamically with time-dependent failure 
processes, either by stress-induced diffusion to sites where these facilitate fracture, or because 
these take the form of a liquid that can rapidly flow along with the tip of a moving crack. 

 
Grain boundary embrittlement 

If ductility trough behaviour is documented even for pure copper185, 186, the phenomenon can as 
mentioned be stronger in commercial copper and its alloys. It is amplified by the segregation, 
prior to fracture, of certain specific atomic species to grain boundaries: this general phenomenon, 
called “grain boundary embrittlement”, is documented in many other systems, including alloys of 
iron or nickel, e.g.,  Refs.16, 188-199.  

Grain boundary embrittlement has been amply documented for copper and its alloys; classical 
examples of embrittling elements are bismuth and antimony196. The ratio between grain boundary 
and bulk concentration can reach 103 to 105 for impurities having low solubilities: the width of 
grain boundary segregation layers being typically on the order of a few atoms only, even very 
small bulk concentrations of impurity atoms can then lead to significant concentrations of these 
atoms at a grain boundary. Minute embrittler concentrations, of a few tens of ppm, therefore 
suffice to enlarge the ductility trough of copper; Fig. 12 illustrates this. Because segregation is 
driven by enthalpy reduction and opposed by entropic effects, it becomes more pronounced at 
lower temperatures and can disappear altogether above a certain temperature (the 
thermodynamics of interfacial and grain boundary segregation are covered in Refs.190, 194, 196, 199-

205). 
There is a dependence of the embrittlement phenomenon on the prior time-temperature history 

of the material: this is simply related to the need for the embrittling species to migrate to the grain 
boundary or other site of fracture initiation for it to have an effect8, 199, 203, 206-211. Because 
decreasing temperature tends to increase the segregation driving force and decrease the 
segregation rate (which is generally limited by the rate of diffusion of atoms, either in the bulk or 
along grain boundaries), segregation effects are most visible in a certain intermediate range of 
temperatures. It was thus found in one semi-quantitative study of copper-nickel-tin alloys that 
impurity-associated embrittlement can result from prior exposure to temperatures above the 
temperature of tensile testing: the dependence of embrittlement on annealing time and 
temperature showed the classical «nose» shape on a TTT diagram8.  The fact that segregation and 
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embrittlement are most extensive in roughly the same range of “warm” temperatures of copper 
deformation processing is of course one reason why segregation amplifies so markedly the 
intermediate temperature embrittlement of copper and its alloys. 

Segregation can embrittle metal alloys at intermediate temperatures in several ways. Minor 
additions of segregating species can lower the alloy surface energy. As a result, this aids the 
nucleation and growth of cavities. Impurities can also modify grain boundary diffusivity, in turn 
reducing the rate of relaxation of stress concentrations along grain boundaries188. Segregation can 
modify the interatomic cohesion of atoms, both solvent and impurity, along both grain boundaries 
and free surfaces. This phenomenon is very complex (e.g., Refs.194 212, 213), such that neither 
qualitative nor quantitative effects of segregation on the intrinsic strength or fracture energy of 
grain boundaries are fully predictable at present. An example can be found in the copper–bismuth 
system where both atomic size effects214, 215 and electronic effects216 are said to be responsible for 
the strong bismuth-induced embrittlement of copper grain boundaries.  

A few interesting rules have nevertheless been proposed in the literature, allowing some 
degree of predictability of the potential effect of segregation on grain boundary cohesion. These 
are usually focused on the intergranular embrittlement of iron but governing principles are 
generally transposable to copper.  

Seah proposed a now well-established theory based on the regular solution model according to 
which segregation will occur if the sublimation enthalpy of the segregant is lower than that of the 
“solvent” matrix metal196. Figure 13 presents the results obtained in Ref.196 from thermodynamic 
data. The position of copper is highlighted (using full symbols) together with that of its stronger 
embrittlers: it is clear that this simple criterion works well for all of these well-known embrittlers 
- as it also does for iron and steel. On the basis of an analysis of the physics of grain boundary 
fracture, embrittlement is predicted by Rice and Wang194 to occur if the surface segregation free 
energy is higher (in absolute value) than the grain boundary segregation free energy (evaluated in 
the dilute limit and by neglecting secondary terms): elements that segregate more strongly to free 
surfaces than to grain boundaries weaken grain boundaries. A recent study of the copper–bismuth 
system supports such a criterion217 as does an older study of copper–antimony218. In brief, 
confrontation of these two criteria with data shows that these represent necessary conditions, in 
that these criteria are indeed fulfilled by elements that cause grain boundary embrittlement. More 
work is needed to ascertain whether this is always true and whether these are also sufficient 
conditions for embrittlement217. 

There might indeed be other necessary conditions. If dislocation emission at the tip of a crack, 
causing in turn crack blunting, requires a lower stress than is necessary to cause crack 
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propagation, it may mask the influence of segregation on the local energy of grain boundary 

fracture, 2 gint 194. Atomistics of the fracture process are also more complex than can be accounted 
for by macroscopic chemical thermodynamics, a fact that Rice and Wang pointed out194. The 
complexity of processes that govern multicomponent grain boundary separation is for instance 
evidenced by the fact that, when impurity atoms X segregate to grain boundaries in, say, copper 
their presence will not only introduce two new bond types (X-X and Cu-X), but may also, by 
charge transfer, alter the strength of Cu-Cu bonds in the neighbourhood of the boundary. This is 
for example suggested by evidence for asymmetric segregant distributions across both sides of 
fractured grain boundaries in some systems, an observation that can be explained if the crack path 
was near, but not at, the segregant-rich grain boundary219.  

 
The embrittlement of copper 

Embrittling elements are many in copper alloys. These include: Bi  10, 21, 146, 214, 216, 220-243, Te 10, 21, 

244, 245, S 10, 21, 106, 130, 143, 178, 186, 246-250, Sn 11, 21, 200, 206, 208, O 109, 158, 209, 251, 252, Sb 21, 200, 218, 233, 251, 253-258, Pb 10, 

21, 259 and Se 10, 21, 245 as well as C and, in some but not all instances, P 21, 145, 174. Gavin ranks their 
potency in the order of (most to least potent) Bi, Te, Pb, Se, S 10. Putting together data from the 
literature, the ductility trough of copper and its alloys indeed widens both at its lower and at its 
upper limits (which respectively decrease and increase) and also deepens (i.e., the measured 
ductility falls further) as the percentage of embrittling impurities named above increases1, 2, 10, 11, 

223, 259, 260. 
More generally, metal grain boundary embrittling elements tend to belong to columns IV to VI 

of the periodic table188, 192, 261; this is indeed true of all elements mentioned in what precedes. 
Embrittling species also tend to be more electronegative than the host metal192. Figure 14 
represents a partial view of the periodic table of elements where copper is highlighted together 
with the position of its stronger, well-established, embrittling segregants. Note that oxygen counts 
among embrittling species109, 158, 209, 251, 252. This has the important consequence that copper and its 
alloys can be embrittled by interaction with the atmosphere; evidence of this can be found in 
Fig. 4 of Ref.118. 

A reverse, “de-embrittling”, effect is documented to result from the addition of certain 
elements, also noted to reduce the incidence of practical problems related to the ductility trough 
behaviour of copper: Zr 12, 249, 262-264, as well as Mg 146, 175, B 175, 186, Y 265-267, Ce 266, La 266, Ca266, 
Nb 34, Li 268, U 264 and - but to a lesser extent - P 175 and Ti 12, 186. Foulger reports that Mg and Li 
improve the ductility of cupronickels at 900°C 21. A 1995 patent cites B and Mn as additions 
decreasing crack formation (in both casting and deformation) of nickel-containing copper 
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alloys269. Note that the elements Li, Mg, B, Y, Ce, La, and Ca all belong to Columns II and III of 
the periodic table, Fig. 14. The role of Zr, Y, Ce and La has been explained as being a result of 
their ability to scavenge sulphur12, 175, 249, 265, 266.  

A comparison with nickel alloys is interesting. In addition to the strongly detrimental element 
sulphur, in nickel the elements Se, Sn, Te, Tl, Pb, Bi are documented embrittlers, while the 
elements Ti, Zr, Hf, La, Y, Mg, B, Ca, Nd and Ce are documented to be beneficial additions188.  
The authors of Ref.188 also mention that all these beneficial elements combine with sulphur in 
nickel. 

Sulphur, a well-known culprit also in iron and nickel alloys188, has often been named as 
responsible for the intermediate temperature embrittlement of many copper alloys, although the 
way in which sulphur segregation decreases mechanical properties of copper is not perfectly 
clear. Even at very low concentrations, sulphur can be well above its equilibrium solubility. The 
latter was theoretically investigated in Ref.270, showing that the sulphur solubility in copper is 
limited mainly by the formation of a very stable intermediate phase, Cu2S. Formation of this 
compound is rapid (because of the high mobility of sulphur-vacancy defect pairs) and it appears 
in selected segregation sites such as grain boundaries according to Ref.270. As a consequence, 
every other impurity that has attractive interactions with vacancies and/or segregates to copper 
grain boundaries and/or forms more stable sulphur components may be expected to improve the 
mechanical properties of copper alloys because it will compete with the grain boundary 
segregation of sulphur. Hence, the ambivalent action of P (positive in Ref.175 and negative in 
Refs.21, 145, 174) may be put in parallel with that in steels where it reduces sulphur-induced 
embrittlement (being a segregation competitor) at higher (creep) temperatures, while it reduces 
grain boundary cohesion at low temperature, thus promoting brittle intergranular cleavage188. 

In the experimental study of segregation-induced intergranular fracture, Auger Electron 
Spectroscopy (AES) is a powerful technique because - provided adequate sample preparation is 
used, this generally involving in-situ sample fracture under high vacuum -  it enables detailed 
analysis of only a few atomic layers along the surface of conducting material195. Descriptions of 
the technique can be found in Refs.271, 272 and in the numerous and seminal publications of Seah et 
al.273-275. AES has thus frequently been used to characterise fracture surfaces of copper alloys3, 12, 

106, 145, 174, 222, 245, 247, 252, 255, 265, 266, 276, at times coupled with other surface analysis methods277. All these 
references document that, when copper and its alloys fracture by brittle intergranular fracture, 
grain boundaries are indeed generally decorated with a high concentration of embrittling species. 
Thus quantified concentrations of embrittlers are often correlated with models describing their 
intergranular segregation; these are essentially all based on the initial work of McLean278. 
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Alternative techniques have also been developed in recent years to give access to grain boundary 
chemistry at atomic-level resolution. These include the atom probe and high-resolution analytical 
electron microscopy; a succinct review with references for further reading can be found in Ref.279. 

An important consequence of the role of grain boundary embrittling elements is that, in the 
range of grain sizes where grain boundaries are not fully saturated yet contain an appreciable 
fraction of the total embrittling impurity atom content, the larger the grain size is, the higher 
becomes the concentration of embrittling species along the grain boundaries, and hence the 
weaker the material becomes with regard to intergranular fracture. This fact helps explains why, 
in copper and its alloys, the ductility trough width often increases as the grain size increases3, 8, 107, 

127, 134, 143, 150, 170-177, 181-184, even though this is not expected based on simple reasoning (since neither 
grain boundary voiding nor creep rates in the range of stresses near the transition between 
intracrystalline and intercrystalline fracture, Fig. 4,  -i.e. all of Fig 4- should be much affected by 
grain size, all else being constant; see above). 

 
Influence of grain boundary character: grain boundary engineering 

Many grain boundary phenomena that intervene in the intermediate temperature embrittlement 
of copper are related to the grain boundary structure and energy. These include grain boundary 
sliding (only random boundaries readily absorb lattice dislocations such that sliding is more 
difficult for special boundaries280), grain boundary mobility, grain boundary thermal stability, 
grain boundary diffusion (consequently intergranular cavitation) and grain boundary segregation 
(consequently grain boundary embrittlement). A recent overview by Watanabe281 thus correlates 
the structure of the grain boundaries with their mechanical properties at high temperature.  

Bicrystals have often been used to investigate the influence of grain boundary character on 
intergranular sliding rate161 and fracture in copper and its alloys62, 66, 68, 151, 155-158, 160, 171, 180, 258, 282-284. 
Results show that grain boundary sliding rates are much lower for low-index (013) and (012) 
twins than for other more highly misoriented bicrystals disoriented by rotation around <011> 161. 
Similarly, it was observed that boundaries close to an exact coincidence site lattice misorientation 
show little deformation activity during diffusional creep in polycrystalline samples of Cu-
2wt%Ni 285. Correlations can be made between fracture processes and the grain boundary energy, 
in which it appears clearly that random grain boundaries are more prone to intermediate 
temperature embrittlement than special boundaries68, 151, 156, 157, 283, 284. This can be related to both 
the intrinsic grain boundary cohesion, which is higher for special boundaries, and to segregation 
effects, which are lower for special boundaries given the lower energy released upon decoration 
with segregants258.  
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This, in turn, implies that engineering the distribution of grain boundary character within 
polycrystalline copper and its alloys (a strategy for material improvement called “grain boundary 
engineering”), holds significant promise towards minimising intermediate temperature 
embrittlement, either directly (by modifying the proneness of grain boundaries to cavitation and 
fracture), or indirectly (by modifying the level of damage-mitigating constraint exerted by 

surrounding intact regions). Recent explorations of the grain boundary engineering of a-brass can 

be found in Refs.286-290 and in Ref.291 for a-b brass; the grain boundary engineering of pure 
copper is investigated in Refs.292-297. Extensive data show that it is possible, through selected 
thermomechanical treatments, to increase the proportion of CSL (coincidence site lattice) grain 
boundaries; however, no mechanical data pertinent to ductility trough behaviour could be 
gleaned. 
 
Metal-induced embrittlement  

In addition to grain boundary embrittlement, a second class of mechanisms can increase the 
severity of ductility trough behaviour in copper and its alloys; these are grouped under the 
denomination “metal-induced embrittlement” (MIE). This includes notably “liquid metal 
embrittlement” (LME), but also the slower mechanism of “solid metal embrittlement” (SME). 
The ductility trough behaviour and associated hot or warm shortness, of copper and its alloys 
have thus, in several practical instances, been attributed to liquid or solid metal embrittlement298, 

299, as has the fire-cracking phenomenon observed in nickel silvers (Cu-Ni-Zn alloys)31-33.  
Metal-induced embrittlement differs from grain boundary embrittlement in that the embrittling 

metal migrates during fracture to the site of crack nucleation and growth. Given its importance, 
the phenomenon has been extensively studied. Several theories have been proposed to explain 
liquid metal embrittlement, and by extension solid (and vapour) metal embrittlement; these are 
reviewed in Refs.298-309.  

In brief, none of the theories proposed to date provides a complete and predictive theory of the 
phenomenon. By and large, it nonetheless is recognised that, at the heart of MIE processes, is the 
fact that the embrittling metal reduces the strength of atomic bonds in the base metal, just as do 
solid state embrittling grain boundary segregants. This in turn leads to lowered capillary energy 
requirements for fracture, and should logically also ease local slip near crack tips, as suggested by 
Lynch304.  

MIE, and more specifically LME, vary strongly in severity with the material system at hand: 
this has been termed the «specificity» of MIE. Some common characteristics tend to be featured 
by documented embrittled/embrittler metal pairs: low mutual solubility, lack of mutual 
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intermetallics, similar electronegativity298, 301, 302; however, all rules that have been proposed so far 
suffer exceptions302. It is often stated that MIE is far more general than published data may imply, 
to the point where even the notion of any «specificity» of the phenomenon has been disputed, 
particularly for LME302, 307, 310.  

One main reason why the occurrence of MIE is judged wider than data suggest, is that 
observation of the phenomenon is highly dependent on testing conditions (temperature, strain 
rate, presence of a notch etc). An important cause for this dependence is the need, in the study of 
LME, for good wetting between the embrittling liquid and the solid metal, which is often difficult 
to produce with liquid metal301, 302, 307. Fracture by MIE is generally intergranular in 
polycrystalline materials298, 299, 301, 302; however, this is not always so and even single crystals or 
amorphous alloys are sensitive to the phenomenon (e.g., Refs.302, 304). 

 
Solid Metal Embrittlement 

As stated above, grain boundary embrittlement is caused by the migration, before fracture, of 
impurity atoms from the bulk metal to grain boundaries, Fig. 15a. By changing the local 
composition and bond strength at the grain boundary, impurities lower the local grain boundary 

work of separation gint. If one neglects atomistic effects that have been reasoned to be of second 
order194, then one may write: 

gint = 2 gSV - gGB Eq. 1 

where gSV is the solid surface energy and gGB the grain boundary energy. Since impurity 

segregation will most often lower 2 gSV significantly more than gGB, it will tend to favour 
fracture194, 219.  

Fracture is generally rapid in comparison with the rate of atom migration in the solid state. 
Therefore, in the absence of diffusion, the separated grain boundary surfaces generally see their 
total impurity content unchanged. At the simplest level of analysis, solute is then distributed 
equally along the fracture surface, such that its concentration there is one-half that along the grain 

boundary, Go
s, Fig. 15b. In solid metal embrittlement, the situation is changed by the fact that 

fracture is sufficiently slow to allow diffusion of the embrittling species. If fracture is quasistatic, 
i.e., sufficiently slow for the embrittler concentration to attain full thermodynamic equilibrium 

(constant and uniform chemical potential µ) under the relevant sample testing conditions, the 
local work of fracture is changed in two respects.  

First, the impurity concentration along the opening grain boundary and the newly formed free 
surfaces changes simultaneously with decohesion, to adjust for the difference in equilibrium 
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concentration at fixed chemical activity µ between grain boundaries and free surfaces, 

Fig. 15c 147, 194. This will always lower the free energy of decohesion, gint 
194; hence, the embrittling 

effect of the segregant is amplified. In practice, since the actual free surface concentration will be 
intermediate between these two extremes, one has193, 202: 

 Eq. 2 

Secondly, the equilibrium grain boundary segregant concentration may depend on the applied 
stress, particularly if the stress is high, as will be the case near the tip of a crack, Fig. 15d. Given 
time to diffuse, therefore, the embrittling species may (further) lower the grain boundary 
cohesion and drive crack propagation, ending in fracture (indeed, a priori one would expect 
species that lower the local modulus, and hence the local bond strength, to migrate to a stressed 
region). This phenomenon is called “dynamic embrittlement”, defined as fracture resulting from 
the stress-induced diffusion of an embrittler to the tip of an intergranular crack, reducing the 
strength of the grain boundary and promoting intergranular fracture130, 131, 208, 209, 263, 311-317; see 
Ref.318 for a recent review. 

Segregant diffusion to newly created free surfaces and/or to stressed grain boundaries can thus 
create a time-dependence of grain boundary fracture, and hence of intermediate temperature 
embrittlement. The kinetics of impurity migration during fracture were analysed for slow 

separation (constant µ), fast separation (constant Xgb) and transient regimes in Ref.319. In essence, 
the dynamic embrittlement model considers a given stressed material A containing an 
intergranular crack and an embrittling species B that segregates to regions of high tensile stress 
concentration. Governing equations are written for (i) the grain boundary diffusion of B under the 
action of an applied stress gradient, giving the intergranular concentration profile for B along the 
grain boundary ahead of the crack tip as a function of time and (ii) the grain boundary cohesion 
(and hence intergranular rupture stress) of A as a function of the intergranular concentration of B. 
Comparison of the grain boundary cohesive stress with the stress field ahead of the crack tip then 
gives a criterion for, and the rate of, crack advance. All equations are treated in one dimension. A 
main difficulty in the analysis lies in the phenomenological assessment of the grain boundary 
cohesion of A as affected by the presence of diffusing B atoms. Numerical calculations lead to 
satisfactory agreement of the model with experimental observations (namely crack-growth rate) if 
and only if the stress-driven diffusion of B ahead of the crack tip spreads only within a 
nanometre-long crack-tip “cohesive zone” 320. Crack-growth rates are found to be on the order of 

1 µm/s for both Cu-Sn polycrystals206 and Cu-Sn bicrystals208. Polycrystals show discontinuous 
propagation206 whereas crack propagation is continuous in bicrystals208.  
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Dynamic intergranular fracture, (or “dynamic embrittlement”) has been documented for both 
oxygen and sulphur migrating to copper grain boundaries under applied tensile stress207, 321. This 
has important consequences, since copper alloys are, therefore, potentially susceptible to 
subcritical cracking phenomena, particularly when heated in air. 

It is interesting to note that both fracture by dynamic embrittlement, and the ductility trough 
phenomenon in general, disappear at high strain-rates. In the former mechanism this is simply 
because the segregant needs time to diffuse to sites of stress concentration206, while in the latter 
this occurs for reasons exposed above. The observation that embrittlement of copper or one of its 
alloys disappears at high strain rates is therefore not to be taken as a signature of dynamic 
embrittlement, even if an embrittling segregant is present: such behaviour is also a feature of the 
conventional grain boundary embrittlement of copper and its alloys.  

 
Liquid Metal Embrittlement 

Suppose now that the crack faces are in contact with a liquid: this introduces two fundamental 
changes. The first is that the local work of cohesion is changed, since this now becomes: 

gint = 2 gSL - gGB Eq. 3 

where gSL is the solid/liquid interfacial energy and gGB the grain boundary energy (for 

intergranular fracture; gint = 2 gSL for transgranular fracture).  
The second is that the presence of the liquid shifts the kinetics of dynamic embrittlement 

phenomena to far more rapid regimes, because diffusion through liquids is comparatively rapid 
and also because a wetting liquid metal can infiltrate cracks rapidly (with liquid metals, surface 
forces are high and viscosities are low compared with other infiltrants322). As a result, contact of 
many metals - and copper is no exception - with another metal in the molten state can lead to 
fracture under stresses well below those observed in the absence of the molten metal; hence, the 
great engineering importance of LME.  

Liquid metal embrittlement can be revealed and studied using both tensile and fracture 
toughness testing. Many of the tests performed in order to determine LME susceptibility of 
copper and its alloys are made by placing the solid metal in contact with the liquid metal, either 
in a bath, or held as a pendular drop contacting a groove. Such tests are delicate and often lead to 
erratic, or falsely negative, results because they require perfect contact between the two metals, 
which is not always easy to bring about. Good wetting of the solid by the liquid requires a low 
contact angle, and oxides covering the metal often interfere with the wetting process300, 306, 308, 323-

326. For example, in Ref.327, the liquid metal embrittlement susceptibility of a martensitic steel by 
Pb-Bi is shown to depend strongly on the intimate contact requirement: there is an apparent 
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change in the fracture mode from ductile to brittle only when the natural oxide barrier protection 
is carefully suppressed. 

In tensile testing, liquid metal embrittlement leads to the appearance of a marked ductility 
trough298, 301, 302 for which TE is generally situated at the melting point of the embrittling metal; 
however, exceptions exist to this rule. These exceptions occur either because of embrittler 
undercooling1 (when it takes the form of submicrometric inclusions within the solid metal) or 
because solid metal induced embrittlement is also active below the embrittler melting 
temperature. It has been stated that, for LME to appear, the applied stress must generate at least 
localised plastic deformation in the solid metal298, 301, 302, 306. Crack initiation is furthermore driven 
by the presence of stress-concentrating obstacles to slip298. There are also data to show that in 
metals embrittled by LME, eased plastic deformation is observed302. 

Liquid metal embrittlement bears strong similarities with other environmental embrittlement 
phenomena, including stress-corrosion cracking or hydrogen-assisted cracking298, 304. In particular, 
the relation between crack velocity and the crack stress intensity factor is similar between LME 
and these other environmental embrittlement phenomena: there is a threshold stress intensity, 
K1 LME, below which cracks do not grow and slightly above which the rate of crack growth 
increases steeply with increasing K until a plateau is reached, the plateau extending until K 
reaches the critical stress intensity factor for rapid fracture of the material. In LME, however, 
there is the significant difference with other environmental cracking phenomena that the plateau 
cracking velocity is very high301, 306, 328. This is because the supply of liquid metal to a moving 
crack tip is rapid, being limited, all the way up to the crack tip, only by viscous flow. Liquid 
metals have comparatively low viscosities322; hence, this limit is not very stringent: it can be 
estimated to be on the order of a centimetre per second to even several meters per second329 
(depending on the estimation and the system). Additionally, all these environmental 
embrittlement phenomena have common fractographic signatures304. 

By and large, the response to metallurgical and test variables of systems subject to liquid metal 
embrittlement parallels that which is observed in low-temperature plasticity and fracture of brittle 
metallic materials299, 302. Liquid metal embrittlement is, in other words, promoted by all factors 
that tend to increase the intensity of local stress concentration caused by slip, particularly - but 
not only - at grain boundaries302. Trends are thus that the severity of embrittlement, meaning in 
LME both the trough depth and the brittle-to-ductile transition temperature TR (since the ductile-
to-brittle transition TE is generally fixed at the embrittler melting point) increase as the solid 
(embrittled) metal hardness is increased and as the propensity for local stress concentration 
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created by slip is increased. Precipitation hardening, a decrease in stacking fault energy, and cold 
work in the embrittled metal thus all tend to increase the level of embrittlement299, 302.  

The role of grain size is, once again, less clear: although a larger grain size reduces the 
material flow stress, it also can increase the level of local stress concentration within the material 
(as dislocation pile-ups become longer). It has thus been found that the metal fracture stress can 
follow the Hall-Petch behaviour in the presence of MIE302, but contradictory data have been 
recorded regarding the influence of grain size and cold work301, 302.  

Following these general trends, the severity of embrittlement also increases as the strain rate 
increases298, 301, 302, 330. In this regard, LME therefore differs radically from grain boundary 
embrittlement induced ductility trough behaviour, in particular as observed for copper and its 
alloys (see above). Examples of such behaviour in leaded brasses can be found in Refs.331, 332.  

For LME, the upper, brittle to ductile, transition at TR is therefore interpreted as being mostly a 
simple result of the general increase in metal ductility that accompanies an increase in 
temperature. In general, thus, TR tends to increase with increasing strain rate, with decreasing 
grain size298, and with the onset of grain boundary mobility330 when the trough is governed by 
liquid metal embrittlement.  

Copper and its alloys are embrittled by liquid Sn, Pb, Bi, Pb-Bi, Sn-Pb, Pb-Ag, Hg, Ga, Ga-In, 
Ga-Hg, In, In-Hg, Zn, Li, Na, Sb, Th 260, 298, 301, 309, 328, 331, 333-343. Low melting point embrittler metals 
typically have little or no mutual solubility with copper and form no intermetallics (as is typical 
of embrittled/embrittling MIE metal pairs; see above); however, exceptions exist to this rule302. 
Although embrittlement of one metal by another is an atom-to-atom phenomenon that is hard to 
suppress, some strategies have been proposed to reduce its severity. One example is given by 
phosphorus additions to Monel against embrittlement by mercury298, 344.  

Since it generally is insoluble and forms no intermetallic, the embrittling liquid metal can also 
come in contact with copper or its alloys from within, as an inclusion situated inside the metal. 
This situation, often encountered in practice, is also convenient from a testing standpoint because 
it alleviates difficulties associated with causing the liquid embrittler to wet the metal along its 
outer surface (see above). The principal practical example of this in copper is with lead; Fig. 16 
gives an example of a leaded copper alloy, showing typical intergranular lead inclusions. Copper 
alloys containing a few percent lead have microstructures in which the lead takes the form of 
small inclusions, many of which are situated along grain boundaries. Figure 17 gives an 
illustration of the fracture surface along a quench-crack formed during the excessively rapid 
quenching of a high-strength Cu-Ni-Sn alloy containing liquid lead inclusions (which have, 



 27 

therefore, moved away from their original location along the fracture surface). The sharpness of 
this fracture surface betrays the elevated brittleness of the material at the time of cracking.  

In practice, lead is added to copper alloys because it increases significantly their ease of 
machining1, 345. Leaded brasses are a typical example of free-machining copper alloys, Alloy 
C36000 (CuZn36Pb3) being the reference free-machining brass; however, many other leaded 
copper alloys exist. Their number and production volume is declining because of the health 
hazards posed by lead, which in turn has motivated legislation to gradually ban their production 
and usage (e.g., European Union directives on electronic equipment346, 347 and the automotive 
industry348, as well as legislation limiting the quantity of lead leached into drinking water and 
therefore affecting plumbing system component requirements349, 350).  

One of the most active areas of current R&D in copper alloys is, as a consequence, the search 
for alternatives to lead in free-machining alloys. The most obvious substitute is another well-
known low-melting point embrittler, namely bismuth, which is presently used as a replacement 
for lead in water-plumbing brasses351. Bismuth, however, has the disadvantage that it is a very 
strong embrittler of grain boundaries also in the solid state; as a consequence it weakens copper 
alloys quite considerably in practice352. Bismuth of course also poses serious problems as a tramp 
element in recycling.  

An important parameter in liquid metal embrittlement is the dihedral angle, f, defined in 
Fig. 18. Once it is substituted in Eq. 3, the local work of fracture becomes: 

gint = 2 gSL [1 - cos(f /2) ] . Eq. 4 

Hence, the lower the dihedral angle is, the lower the work of fracture becomes in the presence of 
the liquid at given liquid/solid interfacial energy.  

Measurements of dihedral angles are conducted using one of three methods: (i) two-
dimensional metallography coupled with statistical and stereological analysis (e.g., Ref.353), (ii) 
two or three-dimensional analysis of the shape of grooves created where the liquid metal wets a 
surface that is intersected by a grain boundary, interpreted using Mullins’s analysis of this 
situation (e.g., Ref.354) (iii) transmission electron microscopy of submicronic inclusions (e.g., 
Ref.355) and (iv) a recent three-dimensional image analysis method developed for lead inclusions 
in copper (Refs.129, 356). The last three methods differ from the first in that they yield individual, 
rather than average, dihedral angle values. Measurement of individual values shows that the 
dihedral angle in fact varies greatly with the grain boundary character. A corollary is that, also for 
resistance to embrittlement by LME, grain boundary engineering holds great promise. 

It is known that under tensile stress liquid inclusions, including liquid lead in copper alloys, 
may change their shape: this occurs because under stress, the equilibrium shape of the inclusion 
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is that which minimises, not just the total capillary energy, but the sum of capillary and stored 
elastic energy within the solid/liquid material. Under tensile stress, inclusions therefore 
redistribute matter so as to become aligned perpendicularly to the stress direction, while 
inclusions already perpendicular to the stress direction tend to flatten129, 260, 357-360. Liquid 
inclusions also tend, in the presence of applied stress, to increase the amount of damage caused 
by grain boundary sliding361, 362.   

At sufficiently high levels of stress, the inclusions may become unstable, particularly if under 
tensile stress pore nucleation occurs within the inclusion. For the simple case of a circular 
isolated grain boundary inclusion in a linear elastic solid of Young’s modulus E, expressions 

have been proposed to predict the stress s above which such unstable inclusion spreading 

occurs357, 363. These predict fracture when a dimensionless parameter L (*), defined as: 

 , Eq. 5 

exceeds a f-dependent critical value that decreases as f decreases. V is the inclusion volume: 
larger inclusions, lower liquid/solid interfacial energies (and hence segregants within the liquid) 
and lower dihedral angles thus lead to greater brittleness above the embrittler melting point. This 
result is, in essence, a Griffith-type criterion grounded in the basic, Rehbinder (surface energy 
reduction) interpretation of liquid metal embrittlement364-366. 

Note: (*: please note that there is a typo, namely the exponent two missing on the applied stress, 
in the corresponding equation as well as in the equation defining the elastic energy Uelastic on page 
611 of Ref. 363) 

 
 
 
Competition between mechanisms: the case of leaded copper 

It is interesting to note that liquid metal embrittlement displays parametric dependencies that 
differ notably from those of trough behaviour dictated by solid-state creep-cavitation. It may, 
therefore, be possible to discriminate between mechanisms by close examination of how a 
parameter, notably the strain rate, affects the ductility trough. Leaded copper alloys represent an 
interesting example of this: data suggest that both mechanisms, grain boundary embrittlement and 
liquid metal embrittlement, are operative, that which dominates being a function of 
circumstances.  
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It has been argued on the basis of thermodynamic analysis of dihedral angle data that there is 
no lead segregation to Cu grain boundaries11, 259. Still, lead is clearly a grain boundary embrittler, 
see Fig. 19. At average lead contents as low as 18 ppm 10, 367, significant embrittlement of Cu-Ni 
alloys is indeed observed (the room temperature solubility of Pb in Cu is estimated at below 
100 ppm 367). Significant (grain boundary) embrittlement also results after solid state penetration 
of the alloy by lead gas from its outer surface at 800°C 368. All these data show that lead causes 
solid-state grain boundary embrittlement in copper. This is also suggested by the strain-rate 
dependence of the ductility trough that is reported for strain rates below impact testing in Ref.150 

for a-brasses containing 50 and 900 ppm lead: the trough widens as the strain rate decreases.  
On the other hand, it is also clear from the literature that lead causes liquid and solid metal 

embrittlement of copper and its alloys31-33, 260, 298. This is suggested by the influence of strain rate 
on ductility in other data sets330. Figures 20 and 21 illustrate this for Cu-1wt.%Pb 129. The ductility 
trough of OFHC copper, which is clearly visible at low strain rates and disappears when the metal 
is tested at 10 s-1, Fig. 20 (see also Fig. 6, bottom graph), is also observed for the leaded alloy at 
the higher strain rate of 10 s-1. There is no extensive damage accumulation along the fracture 
surface of rapidly strained leaded copper, Fig. 21, while at low strain rates, there is significant 
intergranular voiding and decohesion. The material fails by propagation of a single crack along 
grain boundaries, with occasional branching, also along grain boundaries. The tensile curve is 
also characteristic of liquid metal embrittlement: the curve follows quite precisely that of the non-
leaded metal and then stops abruptly well before the maximum stress observed in the absence of 
lead129.  

In leaded copper, depending on testing conditions, there are thus two causes for ductility 
trough behaviour: (i) intergranular voiding, exacerbated by the presence of lead as a grain 
boundary segregant, and (ii) liquid metal embrittlement, also caused by lead but in the form of 
liquid intergranular inclusions (or in some instances as a medium that the alloy contacts along its 
outer surface). This complexity of the ductility trough behaviour of leaded copper has, in fact, 
been at the origin of some controversy, in which both one1, 260, and the other11, 259, view of the 
phenomenon was apparently justified. 

 
Conclusion 

Intermediate temperature embrittlement, also named ductility trough behaviour, is a 
phenomenon that has major importance in the processing and elevated temperature behaviour of 
copper and its alloys. It has two possible causes and mechanisms.  
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The first is intergranular creep cavitation; this mechanism is dominant at low strain rates. 
Being a basic embrittlement mechanism, present even in high-purity copper, it is difficult to 
avoid; however, it is strongly influenced by several factors and can thus be reduced. Prime among 
these are (i) avoiding the presence of grain boundary segregants that weaken grain boundaries, 
(ii) favouring rapid deformation, (iii) using alloying additions that scavenge unfavourable 
impurities and/or strengthen grain boundaries, and (iv) adding second phases that strengthen the 
material against cavitation along grain boundaries.  

Metal-induced embrittlement, and particularly liquid metal embrittlement, is a potential 
second cause for intermediate temperature embrittlement in some copper alloys, particularly 
those containing lead or bismuth above the melting point of these two metals. Here, the 
phenomenon has different causes, and responds when liquid metal is present to deformation 
parameters in a manner that parallels low-temperature, instead of high-temperature, ductile 
fracture. Strategies for the minimisation of embrittlement will then depend on whether the 
embrittler is liquid or solid. 

In all cases, embrittlement is linked with the presence of grain boundary weakness and 
cracking: it is the localisation of damage and crack propagation at the grain boundaries that 
causes the material to fail at low strain. More radical strategies towards avoiding, or minimising, 
the phenomenon must therefore be ones that alter dramatically the nature and distribution of grain 
boundaries while, at the same time, preserving the metal or alloy performance in terms of 
strength or toughness. One method may be to introduce a significant fraction of second phase that 
replaces a large fraction of grain boundaries with interphase boundaries that are more resistant to 
cavitation and fracture than copper grain boundaries. This “composite” strategy poses however 
the challenge that only few realistic second phases will preserve the room-temperature ductility 

of copper or a-copper alloys. An alternative strategy is to alter radically the nature of the grain 
boundaries in a monophase copper alloy. This approach, currently called “grain boundary 
engineering” 281, holds significant promise for progress because it tackles the issue at its root, in a 
manner that is radical yet remains compatible with current approaches to copper alloy design and 
processing.  
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List of figures captions: 
 
Figure 1 - Reduction in area versus deformation temperature in tensile testing of OFHC copper: 
empty circles from data gathered under vacuum at 4.6x10-4 s-1 on OFHC copper of average grain 
size 300-400 µm by Suzuki and Itoh186; full circles from data gathered under argon at 1x10-3 s-1 on 
OFHC copper of average grain size 150 µm by Ozgowicz and Biscondi174; empty squares from 
data gathered under argon at 10-3 s-1 on OFHC copper of average grain size 150 µm by Sanchez-
Medina et al.259 and full triangles from data gathered under vacuum at roughly 10-3 s-1 on OFHC 
copper of average grain size 100 µm by Davies and al.6. 
 
Figure 2a – General shape and features of the ductility trough (after Refs.6, 11); 
 
Figure 2b – Sketch of the shape of tensile curves in relation to Fig. 3a (after Refs.6, 11);  
 
Figure 2c – Fractured surface of tensile specimens of OFHC copper tested at 20°C at a strain rate 
of 10-4 s-1;  
 
Figure 2d – Fractured surface of tensile specimens of OFHC copper tested at 450°C at a strain 
rate of 10-4 s-1; 
 
Figure 2e – Fractured tensile specimens of OFHC copper tested at a strain rate of 10-4 s-1 (round 
bars with a Ø4 mm initial diameter) . 

 
Figure 3 – Two different examples of cracks formed as a result of embrittlement of copper-nickel 
based alloys ; top: longitudinal cracks caused by residual stresses; bottom: spiral-shaped crack 
formed during extrusion (courtesy of Swissmetal®, Dornach, Switzerland). 
 
Figure 4a - The fracture mechanism map for OFHC copper (redrawn from Ref.14);  
 
Figure 4b - The deformation mechanism map for OFHC copper (redrawn from Ref.120): strain 
rates refer to constant secondary creep rates;  
 
Figure 4c - Constant secondary creep rate curves (redrawn from Ref.120) superimposed on the 
fracture mechanism map (redrawn from Ref.14) together with experimental data points: full 
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symbol denotes brittle intergranular fracture, empty symbols denote ductile rupture, squares from 
data gathered at 10-4 s-1 by Felberbaum129 on OFHC copper of average grain size 25 µm, circles 
from data gathered at 10 s-1 by Felberbaum129 on OFHC copper of average grain size 25 µm, 

diamonds from data gathered at 4.4´10-3 s-1 by Igata et al.128 on OFHC copper of average grain 
size 50 µm, showing the ductility trough (with DF: Ductile Fracture, TCF: Transgranular Creep 
Fracture and DRX: Dynamic Recrystallisation);  
 
Figure 4d - The influence of grain size d on the transition in dominance of diffusive creep (below 
black lines indexed with discrete values for d) versus power-law creep (above previously 
mentioned black lines) after Ref.120 (with ICF: Intergranular Creep Fracture). The quasi-
horizontal dotted line is the low limit for Power-Law Breakdown while the other (curved) dotted 
line separates High and Low Temperature Power-Law creep (see Fig. 4b, which is plotted for 

d=100µm). 
 
Figure 5 - Sketched flow curves in the presence of dynamic recrystallisation with an indication of 

the influence of the initial grain size, plus that of  temperature T and strain rate  combined into 

the Zener-Hollomon parameter   , with Q, the activation energy and k, 

Boltzman’s constant (after Sakai and Jonas70). 
 
Figure 6 - Ductility trough variation as a function of strain rate. Top: after Ref.6; squares from 
data gathered at roughly 10-1 s-1, diamonds for data gathered at roughly 10-2 s-1, triangles for data 
gathered at roughly 10-3 s-1 and circles for data gathered at roughly 10-4 s-1 on OFHC copper of 
average grain size 100 µm). Middle graph after Ref.127; squares for data gathered at 120 s-1, 

diamonds for data gathered at 2.8´10-1 s-1, triangles for data gathered at 2.3´10-2 s-1 and circles for 

data gathered at 2.3´10-3 s-1 on OFHC copper of average grain size 80 µm. Bottom: after Ref.129; 
full symbols denote 4N Copper; empty symbols denote OFHC Copper, circles for data gathered 
at 10-4 s-1, squares for data gathered at 10 s-1 on copper of average grain size 25 µm.  
 
Figure 7 - Longitudinal cuts across the tensile fracture surface of round bars of OFHC copper, 
tested at (a) 10 s-1 and (b) 10-4 s-1 (RA = Reduction in Area); as seen, fracture at the lower strain 
rate is accompanied by extensive internal damage development (from Felberbaum129).  
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Figure 8 - Redrawn from Mohamed and Langdon142 where the normalised creep rate is defined as  

 (  : steady state creep rate, k: Boltzman’s constant, T: temperature, D: Herring-

Weertman weighted diffusion coefficient, G: shear modulus and b:  Burgers’ vector length) and 

the stacking fault energy g is normalised by Gb; data were obtained for an applied stress of 2.10-4 

G. 
 

Figure 9 - Influence of zinc content on the ITE of a-brass at 400 and 500°C (after Ohmori126, 143 
and Shibayanagi126, 143). 
 
Figure 10 – Ductility trough in pure (full symbols) and internally oxidised (hollow symbols) 
polycrystalline copper with two different strain rate: circles are from data gathered at roughly 10-

1 s-1 and triangles from data gathered at roughly 10-3 s-1; grain size is around 100 µm (after Davies 
et al.6). 
 
Figure 11 - Reduction in area versus deformation temperature and grain size of industrial bronze 

CuSn6 stretched at a strain rate of 1.19´10-3 s-1. Figure reproduced from Ozgowicz3, with 
permission from Elsevier Ltd.  
 
Figure 12 - Ductility troughs in OFHC (Oxygen Free High Conductivity, i.e. 3N5) Copper 
(containing 6ppm of sulphur) and OSFC (Oxygen and Sulphur Free: sulphur concentration less 

than 1ppm) Copper after Suzuki186 (tests conducted in vacuum at 4.6´10-4 s-1), and in copper of 

varying purity after Fujiwara185 (tests conducted in vacuum at 4.2´10-5 s-1). 
 
Figure 13 - Sublimation enthalpy of 33 elements redrawn from Seah196; full symbols are known 
embrittlers of copper. 
 
Figure 14 - Periodic table of the elements indicating in black known embrittlers of copper, and in 
bold-italics known “de-embrittlers” of copper. 
 
Figure 15 - (a) segregated grain boundary submitted to a tensile stress with a constant grain 

boundary segregant concentration G0
gb; (b) rapid fracture of the grain boundary: the impurity 

global segregation level is unchanged and the segregant chemical potential µ is therefore not 
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uniform; (c) quasistatic fracture of the grain boundary; here the free surface concentration G0
s is 

dictated by equalisation of the segregant chemical activity µ across the sample; (d) dynamic 
embrittlement comprising diffusion-controlled stress-induced segregant concentration changes at 
the crack tip. 
 
Figure 16 – Polished section of a Cu-1Pb sample heat treated at 900 °C 1 h and 400 °C 24 h; 
selected lead inclusions are indicated by arrows (from Felberbaum129). 
 
Figure 17 - Sharp intergranular fracture surface along a quench crack in an experimental high-
strength Cu-Ni-Sn-Pb alloy (from Felberbaum129). 
 
Figure 18 - Schematic view of an equilibrated lenticular inclusion situated along a planar grain 
boundary: (a) 3D view, and (b) detail: the cut is perpendicular to both the grain boundary plane 
and the triple line (from Felberbaum129). 

 
Figure 19 - Effect of lead additions on ductility-temperature behaviour of OFHC copper (a) and 
high-purity Cu-10Ni alloy (b). Figure 19(a) reprinted from Sanchez Medina, Sangiorgi and 
Eustathopoulos 259 with permission from Elsevier Ltd. Figure 19(b) reprinted from Gavin, 
Billingham, Chubb and Hancock10 with permission from Maney Publishers/the Institute of 
Materials. 
 
Figure 20 - Reduction in area of leaded and unleaded pure OFHC copper after elevated 
temperature tensile testing at two different strain rates; from Felberbaum129. Square symbols 
denote tests conducted at a strain rate of 10-4 s-1, while round symbols are for tests conducted at 
10 s-1. Filled symbols are for Cu-1wt.%Pb. Arrows are added in order to help direct comparison 
between unleaded and leaded material under the same test conditions. 

 
Figure 21 - Longitudinal cuts across the tensile fracture surface of round bars of Cu-1wt.%Pb, 
tested at (a) 10 and (b) 10-4 s-1 (RA = Reduction in Area), denoting the presence of extensive 
damage at the lower strain rate, and of sharp intergranular fracture at the higher strain rate (from 
Felberbaum129; this figure is to be compared with Fig. 7). 
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Figures: 
 

 
Figure 1 - Reduction in area versus deformation temperature in tensile testing of OFHC copper: 
empty circles from data gathered under vacuum at 4.6x10-4 s-1 on OFHC copper of average grain 
size 300-400 µm by Suzuki and Itoh182; full circles from data gathered under argon at 1x10-3 s-1 on 
OFHC copper of average grain size 150 µm by Ozgowicz and Biscondi170; empty squares from 



 46 

data gathered under argon at 10-3 s-1 on OFHC copper of average grain size 150 µm by Sanchez-
Medina et al.255 and full triangles from data gathered under vacuum at roughly 10-3 s-1 on OFHC 
copper of average grain size 100 µm by Davies and al.6. 
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(a)  
 
Figure 2a – General shape and features of the ductility trough (after Refs.6, 11); 
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Figure 2b – Sketch of the shape of tensile curves in relation to Fig. 3a (after Refs.6, 11);  
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Figure 2c – Fractured surface of tensile specimens of OFHC copper tested at 20°C at a strain rate 
of 10-4 s-1;  
 

 
Figure 2d – Fractured surface of tensile specimens of OFHC copper tested at 450°C at a strain 
rate of 10-4 s-1; 
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Figure 2e – Fractured tensile specimens of OFHC copper tested at a strain rate of 10-4 s-1 (round 
bars with a Ø4 mm initial diameter) . 
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Figure 3 – Two different examples of cracks formed as a result of embrittlement of copper-nickel 
based alloys ; top: longitudinal cracks caused by residual stresses; bottom: spiral-shaped crack 
formed during extrusion (courtesy of Swissmetal®, Dornach, Switzerland). 
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Figure 4a - The fracture mechanism map for OFHC copper (redrawn from Ref.14);  
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Figure 4b - The deformation mechanism map for OFHC copper (redrawn from Ref.116): strain 
rates refer to constant secondary creep rates;  
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Figure 4c - Constant secondary creep rate curves (redrawn from Ref.116) superimposed on the 
fracture mechanism map (redrawn from Ref.14) together with experimental data points: full 
symbol denotes brittle intergranular fracture, empty symbols denote ductile rupture, squares from 
data gathered at 10-4 s-1 by Felberbaum125 on OFHC copper of average grain size 25 µm, circles 
from data gathered at 10 s-1 by Felberbaum125 on OFHC copper of average grain size 25 µm, 

diamonds from data gathered at 4.4´10-3 s-1 by Igata et al.124 on OFHC copper of average grain 
size 50 µm, showing the ductility trough (with DF: Ductile Fracture, TCF: Transgranular Creep 
Fracture and DRX: Dynamic Recrystallisation);  
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Figure 4d - The influence of grain size d on the transition in dominance of diffusive creep (below 
black lines indexed with discrete values for d) versus power-law creep (above previously 
mentioned black lines) after Ref.116 (with ICF: Intergranular Creep Fracture). The quasi-
horizontal dotted line is the low limit for Power-Law Breakdown while the other (curved) dotted 
line separates High and Low Temperature Power-Law creep (see Fig. 4b, which is plotted for 

d=100µm). 
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Figure 5 - Sketched flow curves in the presence of dynamic recrystallisation with an indication of 
the influence of the initial grain size, plus that of  temperature T and strain rate  combined into 

the Zener-Hollomon parameter , with Q, the activation energy and k, Boltzman’s 

constant (after Sakai and Jonas66). 
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Figure 6 - Ductility trough variation as a function of strain rate. Top: after Ref.6; squares from 
data gathered at roughly 10-1 s-1, diamonds for data gathered at roughly 10-2 s-1, triangles for data 
gathered at roughly 10-3 s-1 and circles for data gathered at roughly 10-4 s-1 on OFHC copper of 
average grain size 100 µm). Middle graph after Ref.123; squares for data gathered at 120 s-1, 

diamonds for data gathered at 2.8´10-1 s-1, triangles for data gathered at 2.3´10-2 s-1 and circles for 
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data gathered at 2.3´10-3 s-1 on OFHC copper of average grain size 80 µm. Bottom: after Ref.125; 
full symbols denote 4N Copper; empty symbols denote OFHC Copper, circles for data gathered 
at 10-4 s-1, squares for data gathered at 10 s-1 on copper of average grain size 25 µm.  
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(a) CuOFHC, , RA=97%  (b) CuOFHC, , RA=28% 

Figure 7 - Longitudinal cuts across the tensile fracture surface of round bars of OFHC copper, 
tested at (a) 10 s-1 and (b) 10-4 s-1 (RA = Reduction in Area); as seen, fracture at the lower strain 
rate is accompanied by extensive internal damage development (from Felberbaum125).  
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Figure 8 - Redrawn from Mohamed and Langdon138 where the normalised creep rate is defined as 

 ( : steady state creep rate, k: Boltzman’s constant, T: temperature, D: Herring-Weertman 

weighted diffusion coefficient, G: shear modulus and b:  Burgers’ vector length) and the stacking 

fault energy g is normalised by Gb; data were obtained for an applied stress of 2.10-4 G. 
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Figure 9 - Influence of zinc content on the ITE of a-brass at 400 and 500°C (after Ohmori122, 139 
and Shibayanagi122, 139). 
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Figure 10 – Ductility trough in pure (full symbols) and internally oxidised (hollow symbols) 
polycrystalline copper with two different strain rate: circles are from data gathered at roughly 10-

1 s-1 and triangles from data gathered at roughly 10-3 s-1; grain size is around 100 µm (after Davies 
et al.6). 
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Figure 11 - Reduction in area versus deformation temperature and grain size of industrial bronze 

CuSn6 stretched at a strain rate of 1.19´10-3 s-1. Figure reproduced from Ozgowicz3, with 
permission from Elsevier Ltd.  
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Figure 12 - Ductility troughs in OFHC (Oxygen Free High Conductivity, i.e. 3N5) Copper 
(containing 6ppm of sulphur) and OSFC (Oxygen and Sulphur Free: sulphur concentration less 

than 1ppm) Copper after Suzuki182 (tests conducted in vacuum at 4.6´10-4 s-1), and in copper of 

varying purity after Fujiwara181 (tests conducted in vacuum at 4.2´10-5 s-1). 
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Figure 13 - Sublimation enthalpy of 33 elements redrawn from Seah192; full symbols are known 
embrittlers of copper. 
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Figure 14 - Periodic table of the elements indicating in black known embrittlers of copper, and in 
bold-italics known “de-embrittlers” of copper. 
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Figure 15 - (a) segregated grain boundary submitted to a tensile stress with a constant grain 

boundary segregant concentration G0
gb; (b) rapid fracture of the grain boundary: the impurity 

global segregation level is unchanged and the segregant chemical potential µ is therefore not 

uniform; (c) quasistatic fracture of the grain boundary; here the free surface concentration G0
s is 

dictated by equalisation of the segregant chemical activity µ across the sample; (d) dynamic 
embrittlement comprising diffusion-controlled stress-induced segregant concentration changes at 
the crack tip. 
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Figure 16 – Polished section of a Cu-1Pb sample heat treated at 900 °C 1 h and 400 °C 24 h; 
selected lead inclusions are indicated by arrows (after Felberbaum125). 
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Figure 17 - Sharp intergranular fracture surface along a quench crack in an experimental high-
strength Cu-Ni-Sn-Pb alloy (after Felberbaum125). 
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Figure 18 - Schematic view of an equilibrated lenticular inclusion situated along a planar grain 
boundary: (a) 3D view, and (b) detail: the cut is perpendicular to both the grain boundary plane 
and the triple line (after Felberbaum125). 



 71 

 
 

       
(a)     (b) 

Figure 19 - Effect of lead additions on ductility-temperature behaviour of OFHC copper (a) and 
high-purity Cu-10Ni alloy (b). Figure 19(a) reprinted from Sanchez Medina, Sangiorgi and 
Eustathopoulos 255 with permission from Elsevier Ltd. Figure 19(b) reprinted from Gavin, 
Billingham, Chubb and Hancock10 with permission from Maney Publishers/the Institute of 
Materials. 
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Figure 20 - Reduction in area of leaded and unleaded pure OFHC copper after elevated 
temperature tensile testing at two different strain rates; from Felberbaum125. Square symbols 
denote tests conducted at a strain rate of 10-4 s-1, while round symbols are for tests conducted at 
10 s-1. Filled symbols are for Cu-1wt.%Pb. Arrows are added in order to help direct comparison 
between unleaded and leaded material under the same test conditions. 
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(a) Cu-1%Pb, , RA=15%  (b) Cu-1%Pb, , RA=16% 

 
Figure 21 - Longitudinal cuts across the tensile fracture surface of round bars of Cu-1wt.%Pb, 
tested at (a) 10 and (b) 10-4 s-1 (RA = Reduction in Area), denoting the presence of extensive 
damage at the lower strain rate, and of sharp intergranular fracture at the higher strain rate (from 
Felberbaum125; this figure is to be compared with Fig. 7). 
 
 


