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Abstract

Materials consisting of grains or crystallites wiizes below a hundred nanometers
have exhibited unique physical and mechanical pt@sein comparison to their coarse-
grained counterparts. As a result, considerablerteffas been put into uncovering the new
deformation mechanisms that give rise to this antiihg response of nanocrystalline
materials. Moreover, the production of nanocrystallmaterials of reasonable sizes for
structural applications remains a challenge. Howetle size limitation is of no issue for
their present application in the growing field oEMS and NEMS devices. Ultimately, the
reliability and lifetime prediction of these devicwill depend on the accurate knowledge of
their mechanical response.

This dissertation addresses experimental and siioalprocedures used to understand
the fundamental deformation mechanisms operatinguik nanocrystalline Nickel. Recent
results from simulations suggested dislocationsaaslominant carrier of plasticity in
nanocrystalline materials. In contrast to coarsergd materials, these dislocations are
nucleated at grain boundaries and, after propagdtimough the nano grains, they are
absorbed there as well. Deformation experimentsgun-situ X-ray diffraction strengthened
the predicted outcome from simulation but many opaestions remained.

Within this thesis a more extensive range of in-g#sting experiments are performed
that aim to systematically investigate the nandatise deformation mechanism in terms of
both temperature and external loading conditiorfee @evelopment of a low temperature
tensile test set-up allowed to study temperaturpedéent behavior and revealed that
dislocation activity in nanocrystalline Nickel iss&rongly thermally activated process where
propagation of dislocation seems to be as imporanhucleation from dislocations at the
grain boundary. This finding is further supportegl dirain-dip tests, which revealed that
pinning points strongly influence dislocation prgpaon.

Nanocrystalline Nickel exhibits, in its as prepastake, large internal stress variations.
These stress variations and the small grain size maost likely responsible for the
microplastic regime characterized by an extendecrosaopic strain, making the usage of the
classical definition of yield questionable. Furtinere it could be shown that upon annealing,
which reduces the samples’ internal stress, thisneded microplastic regime was observed to



be less pronounced. To study the structural stalmfinanocrystalline Nickel at large strains,
the material was investigated by compression expris, revealing no changes in mean
grain size. Furthermore, the three dimensional mtopnobe technique was utilized for
localizing impurity concentrations. The program wasnded by calculating diffraction peaks
from simulated nanocrystalline structures with agk type of defect. This allowed
investigating the characteristics of the diffrantipattern of nanocrystalline systems in a
bottom up approach.

Finally, the results of the thesis are discussedemrms of a thermally activated
deformation mechanism that involves the nucleatipnppagation and absorption of

dislocation within the nanocrystalline environment.

KEYWORDS: X-ray diffraction (XRD), Mechanical progees, Nanocrystalline materials,
Nickel, Low temperature deformation, Molecular dynes



Kurzfassung

Metallische Materialien mit Korngrossen kleiner dandert Nanometer besitzen
einzigartige physikalische und mechanische Eigeafsah verglichen mit ihrem grobkdrnigen
Pendant. Diese aussergewdhnlichen Eigenschaften sagenannten nanokristallinen
Materialen gaben unter anderem den Anstoss, dezgiorvhungsmechanismen zu erforschen.
Fur die strukturelle Anwendung dieser Materialietirde eine industrielle Herstellung von
grossen Teilen, welche bis jetzt eine unlésbaregélé ist, notwendig sein. Jedoch stellt dies
bei dem derzeitigen Anwendungsbereich der MEMS NE#S Technologie kein Problem
dar. Die Zuverlassigkeit solcher technologisch wgdr Elemente wird letztendlich davon
abhangen ob es maoglich ist, deren Verformungsvethagenau zu beschreiben.

Diese Doktorarbeit beschaftigt sich mit dem grugdleen Verformungsverhalten
von nanokristallinem Nickel und verwendet sowohp&simente als auch Simulationen, um
tiefere Einblicke in die elementaren Verformungshatsmen zu gewinnen. Neueste
Simulationserkenntnisse ergaben, dass die fur ¢roike Materialien Ubliche
Versetzungsbewegung, entgegen urspriinglichen Ammeah auch bei nanokristallinen
Materialien massgebend an deren Verformung istocleeverden diese Versetzungen, nicht
wie im grobkdrnigen Material Ublich innerhalb derKs erzeugt, sondern an deren
Korngrenzen. Diese erzeugten Versetzungen durchevarths Korn und werden letztendlich
an der gegenuberliegenden Korngrenze absorbierfoeungsexperimente mit simultanen
Rontgenbeugungsuntersuchungen haben die oben gengimulationsergebnisse erhartet,
konnten jedoch bei weitem nicht alle Fragen beartemo

Mit systematischen Untersuchungen konnte dazu traggn werden, den Einfluss
von Temperatur und Ladeabfolge auf die Verformurmm wnanokristallinem Nickel zu
verstehen. Die Entwicklung einer ZugversuchsmascHiir Tieftemperatur ermdglichte
temperaturabhéngige Untersuchungen von Werkstobamit konnte gezeigt werden, dass
die Versetzungsbewegung in nanokristallinen Maliena stark von der Temperatur
beeinflusst ist und die Bewegung zumindest gleideb&end wie deren Erzeugung ist. Auch
sogenannte Dehnungsverringerungstests liefertememeeAnzeichen daraufhin, dass die von
Haftpunkten kontrollierte Versetzungsbewegung leei\derformung massgebend ist.



Nanokristallines Nickel besitzt in seinem Lieferramsl hohe Eigenspannungen,
welche in Verbindung mit der geringen Korngréssihstwahrscheinlich die Hauptursachen
fur einen ausgepragten mikroplastischen Bereicld. sibieser Bereich ist durch eine
ausgedehnte makroskopische Dehnung charakterigiedhalb eine exakte Definition der
Streckgrenze unzulanglich ist. Des Weiteren konnteh gezeigt werden, dass im
angelassenen Zustand dieser microplastische Bestarhk verringert ist. Nanokristallines
Nickel bricht im Zugversuch nach nur geringer ptaster Dehnung. Um einen hohere
plastische Umformung zu studieren wurden Kompressiersuche durchgefuhrt, welche
zeigten, dass keine Kornvergréberung statt fandtafpgewurden an nanokristallinem Nickel
Atomsondenmessungen bewerkstelligt, die dazu dienferunreinigungen zu lokalisieren
und quantifizieren. Um die Einflisse von spezielleKristallfenlern auf das
Rontgenbeugungsspektrum zu beschreiben, wurde es mehreren, eigens dafur
konstruierten, fehlerbehafteten dreidimensionaleam#onfigurationen berechnet.

Am Ende dieser Arbeit werden die gewonnen ErgebnissForm eines thermisch
aktivierten Verformungsmechanismus diskutiert, Wwetcdie Erzeugung, die Fortbewegung

und die Absorption von Versetzungen in der nantddtisen Umgebung beinhaltet.

STICHWORTER: Rontgenbeugung, mechanische Eigensthafanokristalline Materialien,

Nickel, Tieftemperaturverformung, Molekulardynamik
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1. Introduction

In the beginning of the twenty-first century, tHeéod generation calls their music
player “nano” to be progressive and modern. Howeateady 50 years ago the science
community anticipated the great possibilities oftenals with a length scales close to the
atomic distances [1]. Subsequently, structures wites of 1§ meters had been named
according to their SI (Systeme International d'@siitdefinition, nano. This word has then
been utilized for a wide range of research in #&st ecades. One of them is the investigation
of metallic materials.

The outstanding properties of nanocrystalline (M@Yerials was first pointed out by
Gleiter [2] in 1989. Since them, a great amounteskarch has been carried out in this field.
In the beginning, the NC regime covered varioues$ypf materials containing features with
sizes below one micrometer. Nowadays the NC regndresses only those materials for
which the grain size is below 100nm. Materials wgttain sizes between 100nm and one
micrometer are termed ultra fine-grained (UFG).

Strong interest in nano-structured materials amwgk the development of Micro-
Electro-Mechanical Systems (MEMS). These MEMS are igtegration of mechanical
elements, sensors, actuators, and electronics @manon chip technology. If in MEMS
structures metals are used, they are applied thralifferent adsorption processes, which
often result in a NC-structure. MEMS are an enaptechnology allowing the development
of smart products, enhancing the computationalitgbibf microelectronics with the
perception and control capabilities of microsensamg microactuators and expanding the
space of possible designs and applications. Inrdademploy such actuators and sensors the
underlying mechanical principles of utilized NC-mals have to be understood. The interest
in the deformation behavior of NC materials is atsoadent by more than 500 published
papers dealing with this field [3].

1.1. Background

Before starting with NC structures, a short essagiven on the deformation of faced
centered cubic (FCC) metals. It is well establisttet single crystal FCC materials deform

via slip events carried by dislocations. The stthas the dislocation feels on the slip plane in



the slip direction is called the lattice resistarithis resistance is TOtimes lower than the
shear modulus [4] and independent of the dislonattearacter, screw or edge. Assuming that
the applied stress is higher than the lattice t@st®, the movement of a dislocation is
controlled by intersections with statistically sdrdislocations. If the grain is in a multi-slip-
orientation, forest hardening will be dominatingtire beginning of the plastic deformation.
For further reading on basic concepts of dislocatiand their properties the author refers to
[5, 6].

In a very simple approach, these basic principtesadso valid if the material is built
of many crystallites, i.e. a polycrystalline aggtsy In such an agglomerate of grains, the
present grain boundaries (GBs) serve as obstacldshander, additionally to the forest
dislocations, the easy slip of a dislocation. Mee¥p during deformation the materials
anisotropy cause incompatibilities at the GBs [#g8ulting in stress fields which can as well
influence the easy slip of a dislocation. In amglladditional obstacles like precipitates or
phase boundaries can be present and hinder tloeatisin motion.

1.1.1. Influence of grain size and microstructure

It is well known that the yield strength of polystglline materials increases with
decreasing grain size. The behavior can be deschlgean empirical relation named after
Hall and Petch (HP) [9, 10]. This dependency heehbverified for several metals over large
grain size regions. However, if the material apphes grain sizes below approximately
100nm deviations had been observed (summarize@ pbil]).

In comparison with conventional coarse-grained (@@ycrystalline materials, NC-
materials exhibit a significant fraction of GB aterfi2, 13] independent of their defined
width [14]. The high amount of GB atoms or the tedhinterface density was considered as
one of the key points controlling the mechanicatéwor for very small grain sizes. Early
molecular dynamics (MD) simulations for grains lel@Onm suggest GB accommodation
processes as a main deformation mechanism [15Ft@in these results, Conrad et al. [18]
deduced a phenomenological model explaining saftebehavior at grain sizes smaller than
a material dependent critical value. Yip discustesl issue and formulated a concept named
the “strongest size” [19, 20]. It describes a grsize region between 10 and 20nm, where a
transformation from slip mechanism to GB mediateatpsses takes place. Experimentally a

reduction was also observed and called the indReffect [21, 22]. For very small grain
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sizes not much data is available and is often attedewith a rather broad grain size
distribution [23]. Therefore, the existence of sarhinverse effect is questioned [24], but a
deviation from the conventional HP relation seembé present [3, 25]. However, for grain
sizes bigger than 20nm, no extended GB regionaraamly arranged atoms could be found
with HRTEM [26], as it was assumed in early worRg,[28].

NC materials are produced by different ways sucltaapaction of ball milled or
inert gas condensed powder [29], electrodeposi{i®d], pulsed-laser deposition, ion
sputtering, or annealing from amorphous metallasgés [31, 32]. It can be expected that the
different fabrication pathways will lead to disslan microstructures and GB networks.
Furthermore, these techniques will cause differemgurity content and local distributions.
Therefore, it is often difficult to compare resulisom various studies because initial

microstructural conditions may be different.

1.1.2. Deformation processes in nanocrystalline materials

The plastic deformation of NC materials has alrelbegn reviewed several times [3,
11, 33], but no general and comprehensive undetstgrof the deformation mechanism
could be given, even for the simple case of pureC R@aterials. Possible deformation
processes of NC materials will be elaborated infdlewing. These processes are: nucleation
and propagation of dislocations [34], twinning & crystals [35], GB motion [36], grain
rotation [37], grain growth [38], and diffusion nfemisms [39].

Considering the last point first, diffusion basedamanisms usually operate at high
homologues temperatures. In the beginning of N@aieh, investigations on NC-Copper
revealed that GB diffusion constants are three maags higher than in their CG counterpart
at 359K [40]. These results were utilized to expliie deformation behavior of NC materials
[21]. However, these early results were later asctito the sample processing and not to an
intrinsic property [41]. Markmann et al. [39] sugtgea deformation mechanism controlled by
GB diffusion in NC-Palladium under creep conditiofssrain rate 18° s%). If a diffusion
constant is extrapolated from this creep experimanteads to unreasonable high stresses for
technical strain rates even with the large errormect to such measurements. Moreover, the
measured activation volume (for details see Appe) should be of the order of one

Burgers vector cube for Coble creep, which is et ¢ase in NC metals with grain sizes



above 20nm [42-46]. Therefore, it can be safelyumesl that such diffusion based
deformation mechanism play only a minor role in M€tals tested at room temperature.

Dislocation based deformation process are the ncamier of plasticity in CG
materials. There nucleation of a dislocation igwoftlescribed in terms of Frank-Read sources
where the average distance between two obstacfesesléhe necessary force to bulge and
finally propagate a dislocation. Zhu et al. [47lccdated the forces to bow out a dislocation in
a Nickel grain with iim and 30nm. The forces are 82MPa and 3.28GPa tesggc
wherefrom the first one is plausible but the second is much higher than any measured
flow stress. On a GB ledge in NC grains a nucleatiba dislocations could be accomplished
much easier. Already in 1963, Li proposed the foigsyi of nucleating dislocations on GB
ledges to explain the HP relation [48]. This ispaped by MD simulation suggesting as well
nucleation of perfect dislocations from GBs in NGitarials [49]. The contribution of
dislocations to the deformation of NC material colle revealed by post mortem TEM
analysis where dislocations have been found in Nkl at least after deformation at liquid
nitrogen temperatures [50, 51].

In-situ TEM investigations can give an insight inke microscopic processes during
deformation. However, such results have to be takéh care when compared to bulk
mechanisms. TEM studies have to be obtained otretetransparent layers of a few tens of
nm, i.e. there are maximum three, four grains gdckbove each other in the case of NC
materials. The actual test is then performed dniradlice of material with a relatively huge
surface area. Moreover, the stress in such artunf&M experiment is usually applied in a
complicated crack configuration [52]. Haque [53] 8dveloped a novel method for uni-axial
tensile testing in the TEM, but the thin film aspecstill present thus the results may not be
directly related to bulk properties. These opemassdemand other experimental techniques
probing the bulk properties of metallic materiala-situ X-ray measurements during
deformation do not provide a visual picture buth@rdhe bulk material. The strain field of
some deformation constituents is then reflectetthé@ir characteristic peak profile. This is the
reason why in-situ X-ray analyses are employediwithis thesis.

Deformation twinning is well known, however, the teréal parameters causing it are
not well understood. The concept of deformationnting is based on the emission of a
partial dislocation, which is followed by a twin rpal as opposed to the partial being
followed by a trailing partial on the same slip n@aresulting in the creation of a perfect
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dislocation. Atomistic simulations locate the raasor one or the other process occurring in
the stacking fault energy and the ratio betweensthble and the unstable configuration as
well as the unstable twin fault energy [55, 56].e3& energies are relatively insensitive to
isotropic volume changes and simple shear [57]. Wltistale simulation approach suggests
that nucleation of a trailing partial dislocationatwin partial dislocation at a crack tip is in
general rate dependent, where the trailing paidigireferable at lower loads and/or lower
loading rates [58]. This could be important for N@&terials due to their high density of GBs
and triple junctions, which exhibits stress intéasisimilar as crack tip. The observation of
deformation twinning is easy in post mortem TEM lgs@s. Especially because any
relaxation process as it could happen for dislocatiby preparing the TEM lamella can be
safely ignored for twins since it is known from @@aterials that twins are difficult to anneal
even at high homologous temperatures. Twins haea bbserved after deformation in NC-
Nickel [50] as well as in NC-Tantalum [59] althoughder the stress state of an indenter.
Also in the as prepared material of a NC NickeRhlalloy [60] a high density of twins were
observed. Within this thesis TEM analyses areagtilito evidence the existence and/or the
increase of twins in NC-Nickel specimens.

GB accommodation processes such as grain rotatidnG8 sliding are assumed to
occur in NC materials. A significant contributiorom GB sliding or coupled GB motion was
suggested by experiments through the absence aifimgrtexture and the retention of the
equiaxed grain shape after large deformation inP&@adium [39] and by MD simulation
[61, 62]. Moreover, TEM observation of grain rotatiin dark field imaging was reported
[37] although the interpretation of the contrasamyes from these in-situ TEM experiments
was questioned [11, 63].

It is well known that NC material can exhibit grarowth if they are pure enough [38,
64, 65]. This can happen at room temperature (Rifhowt any external load. During
deformation, grain growth was observed in NC-Coppeter an indenter [66] in NC-Nickel
under very high deformation levels using high puesgorsion (HPT) [67] as well as in NC
Aluminum layers [68]. During tensile deformation NC Nickel no grain growth had been
observed [69]. However, the plastic strain achietredugh uni-axial tensile testing is in the
order of a few percent. Therefore, compression destcarried out to investigate inter alia
grain growth in higher deformation regimes.



Another important issue present in NC materialthes initial structure. In annealed
CG structures, dislocations are predominately arfized by friction forces and obstacles. This
picture changes if for example the material is ostutked. Then long-range internal stress
fields arise through dislocation patterning acterg. with back stress on sessile dislocation
segments. In the as prepared situation of NC nadgeain increase in root-mean-square (RMS)
strain goes along with the reduction in grain §iz@]. This high RMS-strain quantifies the
pre-existent enhanced fluctuation of stress fiadsmall grain sizes and has to be taken into
account when describing the overall deformationabwedr. Furthermore, it is possible that
anelasticity in NC materials influences the apptréoung’s modulus and moreover the
dynamic behavior [71, 72]. For the latter, also dyaamics of dislocations generated during
deformation can cause time dependent changes [73].

All mentioned processes including the diffusiondzhenes could occur for a specific
grain size and their distribution under certaindibans of temperature, pressure, stress, and
strain rate. Transient tests are usually utilizeghin down the rate limiting process for one
material at certain external conditions [43, 74]. herefore, they are applied within this
work on NC-Nickel. However, to obtain reliable carsions experimental results have to be

associated with models explaining elementary pseEewith a physical background.

1.1.3. Proposed deformation models

So-called two-phase models are often used to exfilai behavior of NC-materials. The
basic principle is to distinguish between a bullag# and a boundary phase with different
properties. These models are mainly utilized tdarpa deviation or an inverse HP slope [12,
76-80]. One of them described by Meyers et al. [88}inguishes between a core and a
mantle phase. The model describes a core phasawiimogeneous stress state and a mantle
region around the GB. The latter is more subjedtedhe elastic anisotropic effect and
additionally the GB acts as a source of dislocatiofhese effects combined with the
activation of two or more slip systems in a polgtay are responsible for the formation of a
work hardened layer along the GBs, already in theraplastic region. Benson et al. [81]
extended this approach to the “NC” regime, dowrl@nm grain size. They found good
agreement with experimental data in the UFG regiH@wvever, it is doubtful whether this
model can be extended to real NC regime since mklewrith 30nm grain size deform

heterogeneous and only a small fraction of thengrdnave to yield in the early stage of
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deformation [82]. This early stage of deformatiohiat is suspected to built up a mantle
layer in NC materials has never been addressedimgigally. Inter alia load-unload cycles
in the initial deformation stage were studied witthis thesis.

Asaro et al. [83] formulated a model to describe #mission of a partial/perfect
dislocation into a NC grain by creating two tragisegments in the “side GBs” whereby the
athermal nucleation is considered as the rateiignprocess. In addition, the model includes
a GB sliding process for sufficiently small graines based on kinetic relations proposed by
Conrad [18]. With the combination of both mechargsthey were able to describe the strain
rate sensitivity of the material because slidingais activated mechanism and depends on
strain rate and temperature. Zhu et al. [47, 8ddnporated this results together with realistic
grain size distributions to formulate a model désieg experimentally observed stress strain
data. Based on the model the authors pointed atitthie grain size distribution is important
to describe the experimentally observed data.

MD simulation revealed that NC materials can defbgrmucleating a stable dislocation
at a GB ledge (nucleation) which successively tetreugh the grain and is finally absorbed
at the “opposite” GB [34]. The nucleation of thadéng partial through a stress concentration
changes the preexisting ledge so that the trapisugial does not necessarily nucleates at the
same ledge. Moreover, it could be shown that taugation of a dislocation can be hindered
by other GB ledges in the slip plane of the disimra This pinning and depinning of the
dislocation involves a complex process of kink dyies as well as discrete atomic activity.
In other words, the dislocation has to overcomecallenergy barrier that will be strain rate
and temperature dependent. In fact, it could beveheith MD simulations that the depinning
time of the dislocation is strongly temperatureeategent [34].

Whether one or the other proposed model can be agerliable depends on further
findings substantiating or extending the alreadineg knowledge. In particular, the early
stage of deformation — the microplastic regime -igestigated with load-unload cycles.
Deformation experiments at temperatures well beRW and so called transient tests are

utilized to study the importance and nature ofttiegmal component in the NC deformation.



1.2. Research outline

The main idea followed within this thesis origiratérom the mentioned MD
simulations [34, 49]. In a former PhD work [85],folenation experiments on NC Nickel
during in-situ X-ray diffraction revealed a revduisty of the peak broadening upon
unloading after RT deformation supporting the st MD ideas.

Within this thesis, investigations have been putdoge performing experiments in the
early stages of plastic deformation, the microptastgime of NC-Nickel. Furthermore, the
influence of lowering the temperature has beenistudith a newly designed set-up. With
transient tests, the internal stress fields of NCkdl as well their activation volumes were
measured. Compression tests were performed to tigaes the material at large strains,
which cannot be obtained by tensile testing duéndaed ductility. Calculations of X-ray
diffraction profiles from atomistic simulation cogéirations obtained from MD are used to
assist the experimental results and a 3-dimens@taah probe (3DAP) technique is applied
to investigate impurities in NC-Nickel. All experents are assisted and supported by SEM
and TEM analysis of the specimens. Figure 1 owligeaphically the studied fields to
determine deformation processes of NC Nickel. Ttheting knowledge of research obtained
until now is sketched in the middle of the diagrdm.obtain an overview, the following areas
are listed not necessarily in order of priority.
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Figure 1: A graphical outline of the thesis structue.

A) Studying the evolution of the internal stresgeshe microplastic regime by load-unload
experiments. Moreover, studying the influence afealing on the related parameters.

B) To discern key values of the dominating defororaprocesses transition tests are used to
evaluate the material.

C) Investigating the thermal dependence of defaonaparameters in terms of internal
effects measured with X-ray diffraction by diffetémad and temperature cycles.

D) Tensile tests are restricted in deformation. réfage, compression experiments are
performed to study the microstructure and evolutioh internal processes at large
deformations.

E) An important issue is the interpretation of difftion peak profiles: An attempt is made via
the calculation of diffraction peaks from simulaté@ samples with defined defect structures.
A “bottom-up” approach to study peak profiles friv@ bulk materials.

F) It is know that NC Nickel produced via electrpdsition contains a certain amount of
impurities. Their amount and distribution probaplgys an important role in the deformation

mechanisms. Therefore, the tested materials atdéestwia adapted 3D-atom probe technique.
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The following Chapter describes the applied teamesgused within this thesis.
Adjacent to this description the results are presknin the subsequent discussion Chapter,

outcomes are critically reviewed.



2. Experimental and technical details

2.1. Materials description

2.1.1. Nanocrystalline-electrodeposited Nickel

To study fundamental aspects of NC FCC metalstreldeposited (ED) Nickel [22, 43,
45, 69, 86-90] is frequently used as an exampleenaht By using pulse deposition
techniques [91], NC-ED Nickel can be easy syntlegspore-free and can be made without
texture. Furthermore, it exhibits a stable nanastme at RT without spontaneous grain
growth. This stability depends partly on the mgtiemperature [92] where nickel has an
advantage compared to other FCC metals e.g. Cagpgduminum.

It has to be mentioned however that not all procaswditions result in the high
quality NC structure and that often texture [93gl/@n nanovoids [94] are present. Normally a
small amount of saccharin inhibitor #&4NO3S) is added to establish a certain grain size
[95]. This inhibitor is a source of impurities imporated in the NC-ED bulk material. The
distribution of the impurities in the material ddxessed in Section 3.6.

The ED material used within this thesis is purchasem GoodfellowW in sheet form
with the dimensions of 80mm x 80mm x 0.2mm. Frdm production process, no further
details are available. A TEM picture and a graredistribution obtained from several dark

field images are shown in Figure 2b.

-

nc ED Nickel
GS= 26.2 (+/- 14.5) nm
Total= 365 grains

Number fraction

0 20 40 60 80 100 120
Grain size [nm]

e =

Figure 2: a) A bright field TEM picture (in plane view) of NC-Nickel as purchased and b) its grain s&
distribution.
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In a bright field TEM picture (Figure 2a), no clegiain structure can be observed.
Some areas appear mainly dark and can be intaprgtains. The dominating feature in the
TEM pictures are the frequent changing black whdaetrasts (see Figure 3a). Such changes
in contrast within a crystallite/grain usually arigte in CG material from the strain fields of
various defects e.g. dislocations. HRTEM perforrhgdVu et al. [51] revealed that there are
only very few full lattice dislocations presentNC-Nickel. The contrast changes, which are
present everywhere in TEM bright field images orage from extrinsic GB dislocations or
from strain fields stored in the GB of the matermly. a delocalized dislocation core [96].
Such strain fields do not allow a proper grain sistermination in bright field images.
Therefore, grain size distributions are taken fralark field images where a better
determination of the GB is possible. Figure 3br({frthe same area as Figure 3a) shows the
boundary of a NC grain outlined with a red polygdhe dark field image is obtained with a

selected area diffraction (SAD) aperture on the rliid.

Figure 3: TEM micrograph of as prepared NC-Nickel n bright field (a) and dark field (b) from the same
area (same magnification). The red polygon in (b) arks the outer boundary of one grain.

The number averaged grain size of 26nm is deriveswh 1365 grains with a standard
deviation of +/- 14nm. The grain size distributisnnarrow with only five grains having a
grain size between 60 and 80 nm and two grains d&iw80 and 100 nm. The volume
averaged grain size of NC-Nickel is 33.5nm withtandard deviation of 42nm. Details about
the calculation of the number averaged and volumeraged grain size can be found in
Appendix B. Further microstructural details abobistmaterial are presented in several

Sections within this thesis.
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2.1.2. Ultra fine-grained Nickel

The production of UFG material is possible eithgrrmbicrostructure refinement of
bulk material or via grain coarsening of NC materidhe latter method is carried out by the
annealing of nano-grained material. When this ntisoapplied to NC-Nickel containing
impurities, they will segregate to the GBs resgltim complete loss of ductility [97].
Microstructural refinement by severe plastic defation is another method to produce full
dense UFG materials [98]. The material used inttiesis was provided by Prof. Zehetbauer
and produced via HPT. CG Nickel with a purity of @ was deformed by one turn under a
pressure of 8GPa. At the outer radius from the 8disg, the shear strain was about 95
corresponding with a von Mises strain of about 55.

The grain size distribution presented in Figures Z&stablished from the TEM dark
field micrographs (shown in the inset). The micegrs are obtained from the same distance
from the center of the disk as tensile specime. griain sizes of individual grains vary from
20nm up to 400nm and exhibit a number averagedch geige of about 155nm with 80nm
standard deviation. The volume averaged grainafizé=G-Nickel is 191nm with a standard
deviation of 217nm. X-ray diffraction experimense¢ Section 2.3.5) revealed a smaller grain
size of ~90 nm using the 111-peak family. The défee between the TEM and X-ray grain
size can be explained by sub-GBs, which interrtiptscoherent diffraction area from the X-
ray measurements and result in a smaller grain \stzen measured by X-ray diffraction
(XRD).

0.25

0.2

0.15

0.1

Number fraction

0 100 200 300 400 500
Grain size [nm]

Figure 4: Grain size distribution of HPT Nickel with a number average of about 155nm. The inset showas
typical dark field TEM picture.
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Microstructural features of HPT-UFG Nickel are peted in a TEM bright field
image in Figure 5. The UFG-Nickel contains, sintyyaio NC-Nickel, some regions with a
lower and some with a higher density of strainde{compare Figure 5a and Figure 2a). The
main difference compared to NC-Nickel is the lodatribution. In NC-Nickel the strain
fields seem to extend hundreds of micrometers, isiclearly larger than the grain size (see
e.g. Figure 2b). In UFG-Nickel, these extensions iom a similar size (few hundred
micrometers) but compared to the grain size it ggarmuch faster. In UFG-Nickel, there are
clear differences within one grain, which is no¢ ttase for NC-Nickel. In Figure 5b, two
grains are determined by dark field images andradlin green and red on the bright field
micrograph. These two grains show a distinguishaldferent defect density between each

other, but also within one grain the variationslarge.

Figure 5: a) TEM brightfield image of HPT material. b). Magnified image where two grains are outlined.
Inset: SAD pattern with diffraction spots marked in corresponding colors.

2.1.3. Specimen preparation

The NC-Nickel sheet was purchased in the finalkimess of 0.2mm. The UFG disks
had an original thickness of 0.8mm. To obtain ailainmthickness as that of NC-Nickel the
disks are ground carefully down. The HPT processltg in a radius dependent shear strain.
Therefore, dog bone shaped samples had to be oudiggnt from the central point. The
cutting of the tensile and compression sampledNforand UFG material was performed via

wire electrical-discharge machining (EDM).
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Since the EDM cutting produces a recast-layer,lectr@-chemical polishing step was
conducted to remove this layer. A polishing timeaodund one minute at a temperature of
-15°C was sufficient to remove approximately 0.0b%mwithin the gauge section of a dog
bone using 15V and 0.08A. As electrolyte a standaldtion for Nickel consisting of: 3%
Perchloric acid (70%) mixed with 30% 2-Butoxyethlbaad Methanol served as solvent.

The same solution and temperature was used whensgekimen were prepared with
a TenuPol-8 from 3mm punched disks. To prepare TEM specimem fitensile and
compression samples a tripod polishing techniqusdied. There the samples are carefully
polished to a wedge. At each step, three timegHickness of the expected damaged layer
due to the former grinding step was removed. Thal figrinding-step” was performed with a
suspension containing colloidal silica of 20nm. eiftards all wedges where glued on a
slotted molybdenum ring and ion-milled at cryogeniemperatures until electron
transparency. More details about this standaradripolishing procedure can be found in
[85].
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2.2. Mechanical testing

2.2.1. Tensile testing
Equipment

Machine

To carry out tensile tests and X-ray diffractiomsltaneously at the Swiss light
source (SLS) a miniaturized tensile machine is nedion the goniometer of the materials
science (MS) beam line. Such a machine has tdlfatfhstrains such as lightweight, torque,
and size. The “micro tensile-test machine” (MTMpB[89] was constructed at the Paul
Scherrer Institut (PSI) following a concept of SiearW.N. Jr. [100, 101]. A successful
implementation of the MTM at the beam line was iearout earlier [85].

Jﬁ:h

Length measuring CCD

Sample grips
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Figure 6: Technical drawing of the micro tensile mahine (MTM).
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A technical drawing of the MTM is presented in Figw. The base of the tensile
machine is an aluminum frame with a guided sledgeed by a stepper motor through a
spindle. A stepper motor turns the spindle andiapplia a moving sledge a load to the
sample. More details about the control can be fooeldw in theControl unit Section on
Page 22. To measure the response of the sampéel adédl for the force and a CCD camera
for the elongation are used.

Sample geometry

Figure 7 presents the so-called “dog bone” shapepke used within this thesis.

3.07k

0.6797 \
05611 L

0.2121

1.168
0

0.584

0.1896
0.145

Figure 7: Technical drawing of the miniaturized tersile test specimen.

The sample has a nominal thickness of about 0.2epertting on the polishing time.
The triangular ends — tapers — are part of gripesydor the sample fixation. Two opposite
triangular shaped counterparts made out of tungstende cobalt (WC-Co) are used at the
MTM to apply the force (grips). Figure 8 shows #meangement with the sample clamped
between the grips. This system has the advantadeeiofy self-aligning and allows fast
sample exchange compared for instance with glulingrefore, such an approach is often
used for miniaturized sample testing [101-103].

The gauge section is slightly curved (radius 9.4mas)lting in an engineering stress
which is 1% higher than the nominal stress for anuaved gauge section [104] (a stress
concentration factor of 1.01). This curvature idesirable for an uni-axial tensile test.
However this specimen design was chosen sincsures that the plastic deformation occurs
there where the X-rays probe the specimen [85].
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An equivalent sample design with a straight gaugien would also cause a stress
concentration at the transition region to the tapdependent of any possible fillet. In any
case, an additional fillet — approximately 0.25mimetween the taper and the gauge section is
applied to reduce the stress concentration atpbist [101]. Sharpe et al. [103] found 5%
lower stress values for dog bone shaped speciménangtress concentration factor of 1.01
compared with conventional test specimens of A533d®8|.

The MTM allows also the usage of other sample gewese which are not used
within this thesis. Details about such possible [as geometries and corresponding grips

can be found in reference [99].

Length measurement

The CCD camera is part of a commercial length measent system obtained from
MESSPHYSIK. In this method, a black and white contrast of sample is generated via a
parallel illumination through a block LED. Figure shows the picture seen by the CCD
camera. The black areas are the grips on the hefttlae right side and the sample in the
center. Since the sample is clamped between the grid no difference between the pieces is
visible, green dashed lines are drawn on top ofpibire to outline the single components.
The length valud. is represented by the blue lines. It is obtaineanfthe black white
contrast parallel to the yellow line. To increalse precision eight lines above and below the
yellow one are averaged. The red lines marks therdwarder of these 16 lines used to
measure the length. This technique features daterpolation and averaging a statistical

error of 43nm (standard deviation).

Figure 8: Length measurement of the dog bone withaenmercial system from Messphysik.

As shown in Figure 8, the strain is measured ateting of the taper. This method
neglects any deformation of the taper and possrbalesition regions between the taper and
the gauge section. A more precise method is thgeusha interferometric strain gauge in the

central region of the dog bone [105], which is desed due to its impracticality to install it
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at the in-situ set-up. Another method is to follpaints or structures at the surface of the
sample and calculate the strain through an imagegretion method. However, due to the
necessary light conditions and the poor resolutbrthe CCD camera this method is not
applied. Budrovic [85] has show that the usagenahéial gauge lengtl, of 1.7mm and the
measurement of the elongation at the end of ther tiapa safe approximation for the strain in
the central region of the tensile specimen ancefbes used throughout this thesis.

Force measurement

The forceF measurement was carried out via a MLP50 load fosth Transducer-
Technique8. The statistical error is 38mN (standard devidtimiotained from a measurement
for several minutes without sample (zero load). Tzl cell was calibrated beforehand with
sample weights. This calibration exhibits a syst&rerror of 185mN. To compare the data
with data obtained using other tensile machinessistematic error has to be included via

error propagation.

Cross-section measurement

The cross sectioAy is calculated by multiplying the gauge brealitand heighth.
Both breadth and height are measured before eattvith a micrometer. The statistical error
in the cross section arises from the micrometeriar@@hm for each direction. For a single
test, this error is systematic and can be ignadlfedifferent samples are compared the error

has to be included.

Stress and strain calculations

The elongation of the sampl is calculated by subtracting the actual lengtbrm
the initial measured lengthaccording to (1),

AL =1-1,. (1)

For initial gauge length, a fixed value of 1.7mm is used [85]. The crosdisBd, is
obtained by the multiplication of the dog bone bltbd and the height/thickne$saccording
to (2),

A =b*h. )
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These values are then used to calculate the emgigestrain e.ng and engineering

stressoengaccording to (3),

e =— and o, ,=—. 3)

The true strairgye Or true stressyiqe is calculated via (4),

true =In (1+ £ ) and O-true eng (1+ geng) (4)

eng

However, one has to mention that the calculatesl gttain and true stress is only valid
until necking appears which happens usually atuthimate tensile strength (UTS). Beyond
this point, the analytic approximation of uni-axgtess is not applicable [106]. Despites this

fact, the “calculated” true stress is used beytredUdTS for comparison.

Error estimation

Summarizing the statistical errors and assumirgg these errors are not correlated
with each other allows calculating the standardiaten 4, of the system (5) via
conventional error propagation [107, 108],

A, = i(a—ﬂzﬂxz : (5)
4 = axl
Empirical covariances such as influences from anartother measuring method of

the single variables (e.g. force and cross sectiomnot expected and a priori neglected.
For a single test the error on the true straintmnalculated by (6),

Ag Eirve — \/(a gtrue ( true)2A|0 ’ (6)

and the error of the true stress by (7),

Aa-true - \/(a a-true) AF -l_(a a-true) Al +(a O-true) A|02 . (7)
The statistical errorsA, 4lo, AF) used in (6) and (7) are the obtained from static
measurements described above.

If different tests are compared, the error@and ¢ increases due to the error of the
cross section, which has been neglected for aesitggit due to their systematic character.

Therefore, the terms¥oiue)°4b’ and @howe) 4dh” have to be added under the square root of

(7).
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To compare the results from different machinesstiagistical error of the calibration
AF has to be included via error propagation. The waddard deviations to calculate the
error bars are 38mN for the foret=, 43nm for the lengtml and 4lp, 2um for the cross

sectional dimensiongb and4h, and 185mN for the force calibratiatir.
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Figure 9: Measurement errors on example deformationSee text for different error bars in insets.

Figure 9 shows a true stress-true strain curve ®itbr bars (+/- standard deviation)
for the error calculations. These error bars aesgmted on top of the data at several points
and the insets show two magnifications. The eravs lare defined as follows:

* Magentaerror barsfor a single test, the error in the strain depemdig on the

two length measurement errorl,and 4lo. The error in the force depends on
the statistical erronF. These errors are rather small, since these trakees
are measured quite accurately.

« Blackerror barsif different samples are tested on the same machie error

in stress increases since cross section measurerierdand 4h°, becomes a
statistical error as described in the previous grazh.

» Rederror barsif the measured data are compared with differemthimes, the

force calibration is included as a statistical emareasing the error in stress.
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» Greenerror barsThe error in strain depends only on the cameralugsn of

43nm. If a horizontal misaligning of maximal @ is included, the dog bone
looks elongated by +in Al.
This fragmentation clearly shows that the errortlom stress is mainly dependent on
the cross sectional measurements. The error ostalre results more likely from a horizontal

misalignment because the accuracy of the lengtlsunement is rather exact.
Control unit

The system is controlled via a LabViéwrogram running on a PC. The program has
been continuously developed/improved within theefrmame of this thesis. A schematic

graphical overview of this system is presentedigufe 10.

Manual input: Recorded parameters:

*) cross head speed *) force from the load cell

*) start *) elongation from a commercial CCD
*) stop system

Operation modes: Optional:

*) constant stress (PID) *) temperature

*) dip test *) diffraction pattern number
*) successive relaxations *) acquiring status

¥ ¥

Control unit: LabView® program on standard PC

Data visualization: Data storage: 1
*) motor speed (steps/s)
force and sample length *) calculated motor position
versus time *) measured sample length
*) force

*) time

Optional:

*) temperature

*) diffraction pattern number
*) acquiring status

Figure 10: Schematic representation of the MTM corrbl unit.

The input parameters to the program consist ofldbad cell value for the force, the

specimen length from the CCD system and the stdttl®e motor controller. Furthermore, it
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is possible to record two temperatures (e.g. sammpleronment and ambient temperature)
with an external thermometer. If the test is carmait in-situ at the SLS the number of the
diffraction pattern as well as the recording stabfishe X-ray detector (on/off) could be

optional feed into the system. All recorded datawaritten into a file.
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Figure 11: Screen shot from the LabVieW program used to control the MTM.

Figure 11, shows the graphical user interface turobthe MTM. Four black graphs
are visible. The central one shows the calculategineering stress-strain data. The right one
shows the measured force against time and the uUpfteone the measured length versus
time. The lower left graph shows the temperatumsus time. In the central region, input
boxes are placed to set the refresh rate of theaiomex graphs. Buttons for manual control
are placed to the right of this area (crossheademewnt). At the top right, the marker
recognition button is placed. This one opens a summwhere the edges for the length
measurement for each new sample are identifiedhétbottom right corner, a signal light
indicates the crosshead movement (on/off).

The system could be run either manually (as meeticsbove) or in an automated
operation mode. In manual mode, the crosshead €andved, in absolute or relative values,
with a certain speed. The speed has an upperdinitlémm/s (equivalent to a strain rate of
9.4x10% s* for a dog bone specimen) deduced from the maxifnequency (10kHz) and the
step size (16nm) of the stepper motor. Howevergesthe stepper-motor-controller is able to

place the motor axis at any radial position thenea lower speed limit.
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Operation modes

Constant strain rate

The basic operation mode — the constant strainmatege — consists of a continuous
test where a constant crosshead speed is spin(is). After the process is started, the MTM
deforms the specimen, until the machine is stoppetidesired displacement is reached. The
duration of as—e curve of a NC-Nickel dog bone (e.g. Figure 9)hvattypically used strain
rate of approximately 6x10s* (crosshead speed of ~Qrh/s), lasts approximately 20
minutes until failure. With a data acquisition rate20Hz, this test produces roughly 24000

data points.

Constant stress

A constant load/engineering-stress mode — reggldtie load to a user-defined value
— is implemented via a proportional-integral-detiva (P1D) controller available in the
LabView® program. This mode was used either for creep-émeets or to unload a
specimen.

Furthermore, for the low temperature (LT) experitsethis mode was indispensable.
During the cooling of the sample, which unavoidaddi® results in a cooling of some parts of
the tensile machine, the thermal contraction rewyltfrom this cooling had to be

accommodated to ensure the sample remained unlbadec: the actual experiment started.

Dip mode

A dip test is a stress reduction experiment dudagstant loading. A schematic of
such a test is shown in Figure 12. The sampledddd at a constant strain-rate. At a pre-
defined stress, the load is dropped by a certamuatrafter which the load is kept constant. In
other words, the sample is suddenly unloaded fatbly a creep experiment. The original

idea of such a dip test was first described by &{i09] and used to study internal stresses.
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Figure 12: Schematic representation of a strain-dipest during a constant strain sate test.

Due to machine limitations in response time, it was$ possible to control the force
precisely during the transition between the unlead the creep part. To avoid machine
modifications, a method was applied where at adefeied stress, the crosshead is moved a
certain distance opposite to the loading direcdiod then stopped. The average of the stress
values is then determined in the first 0.5 secoirdmediately afterwards this stress is kept

constant with the above-mentioned constant streslem

Successive stress relaxation mode

Through a simple stress-relaxation measuremerst,possible to extract the apparent
activation volume. Therefore, only the crossheadieneent has to be stopped. To obtain a
physical activation volume, Spatig [75] suggestedigrming successive relaxations. More
details can be found in Section 3.3.

Figure 13 shows three schematic relaxations. Zthetands for the stress reduction
during one relaxation. The relaxation titpgis the same for all stress drops. The strainsrate

Is indexed with andf which stand for initial and final respectively.
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Figure 13: Typical measurement cycles to obtain thphysical activation volume.

For such type of tests it is important, that thiaxation time is kept short (~30
seconds) [74], that that the reloading is fast @nedreloading stress value is equal to initial
stress value. Since it is impossible to performhsaitest in manual mode, the complete cycle
was implemented as an automated operation mode.

This mode allows entering the number of reloadiygjesn and the relaxation timtg,
beforehand. At a certain stress level, which caprieedefined or can be chosen in the course
of a constant strain rate test, the control unitqgens n-cycles with the relaxation timg,. In
between the relaxation cycles, the machine releadk time to the initial stress value.

The problematic point was the reloading since dusth be as fast as possible and to
the same initial stress value. This could be redliay a linear prediction of the force value

during the reloading process.

2.2.2. Low Temperature Set-up

The previously described tensile test equipmentavigsnally designed for RT testing
only. During the thesis research, it became necgdsaperform LT measurements. The
method used, mainly driven by financial and timenstmaints as well as construction
constraints defined by the beam line set-up, wstabmaintain a stable temperature of 180K
during in-situ tensile tests. The chosen solutimnststed of two types of cooling
simultaneously operating to insure a small tempeeagradient within the tested sample over
several hours of testing time. The schematic desigthis set-up is shown in Figure 14.

Figure 15 shows several pictures of the chosenet-the MS beam line.
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1 Sample

2 Grip

3 Grip Holder

4 Cold finger

5 Cryojet nozzle

6 Inner camber

7 Load cell

8 Cryojet

9 CCD camera
10 Machine frame
11 X-ray detector
12 “Cross head”
13 Stepper Motor
14 Outer chamber

Figure 14: LT modifications for micro-tensile testing at temperatures down to 180K. Details are explagd
in the text.

The sample to be tested (Figure 14: Pos. 1) isefdldetween two tungsten-carbide
grips (Figure 14: Pos. 2) which are mounted on pofaers (Figure 14: Pos. 3). These grip
holders are made of machineable ceramic (MAEDRith a very low thermal conductivity
to prevent heat flux from the frame to the samf@e.the grip opposite the load cell (Figure
14: Pos. 7), a cold finger (Figure 14: Pos. 4)Hed with liquid nitrogen was clamped. Fixing
a similar cold finger on the side with the loadl aghs not possible because the nitrogen-
supply-tubes for the cold finger stiffen at liquititrogen temperature. A mechanical
connection between the load cell and the sampleldvadversely affect the force
measurement. Therefore, a so-called Cryojet froffo@xnstruments (Figure 14: Pos. 5 and
Po0s.8) was used to blow,lgas with temperatures down to 100K on the sampdiepartly on
the grip mounted on the load cell side. The leng#asurement was done with the existing
CCD camera (Figure 14: Pos. 9) from top. To preveatformation on the sample a two-
chamber system was used. The inner chamber (Fibdird?os. 6) was flushed with dry
nitrogen gas from an inlet close to the load cHfiis chamber is made of a polymer frame
stringed with a Kaptdhfoil and had one inlet for the Cryojet nozzle (ifig 15¢c). On the side
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of the machine crosshead (Figure 14: Pos. 12)henber was open. To prevent any further
condensation of humidity the whole set-up had to dhéelded from the surrounding
atmosphere. This was realized by an outer chansibaefnatically shown, Figure 14: Pos. 14)
flushed with dry nitrogen. The outer chamber cdesisof a soft polymer foil loosely
tightened around the set-up to allow an exchanggrpf\,. A view of this set-up including
this foil and the arrangements at the beam linebeaseen in Figure 15.
» Figure 15a shows the whole set-up enclosed in titer chamber and a PC
screen viewing the length measurement of the speTim
» Figure 15b shows the set-up during the loadingsdraple. The outer chamber
— polymer foil — and the inner one — Kaptofoil — are removed. The
aluminum tube in the lower right corner is a Hesflad X-ray beam guide.
» Figure 15c presents the set-up in operating moderaviall chambers are
closed. The red light in the center origins frore tlght diode used for the

length measurement.

Figure 15: a) Cold temperature set-up at the MS bea line in the SLS. b) Open chambers to load a
sample. c) Operating situation where both chambergouter polymer foil and inner Kapton® tube) are
closed.
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Temperature measurement

During an in-situ experiment, it was not possibte darry out a temperature
measurement on the dog bone. Therefore, a comublcalibration measurement had been
performed ex-situ previously where three thermotesifl, 2 and 4) were spot welded on a
dog bone and two (3 and 5) glued on the grips sg@re 16).

Figure 16: Schematic representation of the thermoagple positions during the temperature calibration
measurement.

The five temperatures recorded during the calibnatest are shown in Figure 17a.
The sample was first cooled with the Cry8jéd a temperature of about 220K (red curve,
center of the dog bone). Then the coldfinger washiéd with liquid nitrogen (indicated in
Figure 17a) and the dog bone cooled down to the&kimgrtemperature (indicated with a
vertical red line). After the working temperaturasvachieved, the temperature was stepwise
increased by regulating the Cryp&jet

Figure 17b shows the temperature differences withie measured points. The
maximum gradient within the dog bone at working penature between points indicated on
Figure 16 with (1) and (4) was 14K (cyan). The attemperature gradient within the gauge
section was lower because the measuring points atdhee end of the tapers. Nevertheless, it
is also clearly visible that adjustable temperaurgher than 180K cause higher temperature
gradient in the sample (cyan). For completenessdiffierences between points (1) and (2) as
well as (2) and (4) are shown in green and blasgeetively.
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Figure 17: a) Calibration measurement with severathermocouples mounted on the dog bone and the

grips. b) Temperature differences emerge during thesalibration. The vertical red line marks the usual
working temperature (180K).

The temperature difference between the center ef dog bone (2) and the
thermocouple glued to the grip on the load celeqf) is shown in dark blue in Figure 17b.
During the time the coldfinger is flushed with liqunitrogen (temperature below 220K), the
difference between these two measuring points ablestwith a value around 23K. This
correlation allows the measurement of the actugl lsmne temperature during a test without
physically contacting the sample. Therefore, thisrinocouple positioned at point (5) was
used in all in-situ LT experiments to determine shenple temperature.

Figure 18 shows an X-ray picture of the grips withthe sample. Clearly visible on
the left side is the thermocouple (5) glued tolib#tom of the grip. The view of this picture is
obtained with the X-ray beam position monitor. Fhigh intensity of the synchrotron beam is
noticeable by the white band (saturation of the iboon The rectangular shape reflects the
adjusting slits on top and bottom used to narrcaviibam.

Figure 18: X-ray picture taken at the MS beam lineof a thermocouple glued at the bottom of a tensile
grip.
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2.2.3. Compression testing

The tensile machine as described in the previogiddeis also employed to perform
compression tests using the same control systeensdme machine frame and the same
method of moving the crossheads. The transmisditieedorce from the sample to the frame
is carried by the form-fit-connection, which is shoin green in a cross sectional view in
Figure 19 for both systems. The machine frame gtexhked), the load cell (black frame), and
the grips (gray streaked) are also depicted inreigi®. The blue line indicates the point of
force transmission from the form-fit-connection ttee frame in both machines. Figure 19
demonstrates that the form-fit-connection usedhm tensile machine would not be able to
transfer the force. To account for the differenbetveen the tensile and compression force

paths the form-fit-connection was modified for tteanpression machine.

Tensile | Compression
- L\\ - \\‘4—

\=

Figure 19: Technical cross sectional drawing of a gt of the tensile and compression machine. The
different form-fit-connections for tension and compession are drawn in green. The force transfer tohe
frame is pictured with a blue line.

The compression heads, made out of hardened ateeshown in Figure 20. They are
designed with two types of chamfers: one to redinee error in the length measurement

(Number 1 in Figure 20) and another one to mininfee background noise of the X-rays
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(Number 2 in Figure 20). The reductions in widthu(hoer 3 in Figure 20) and height
(Number 4 in Figure 20) are made to align the sampih the compression axis.

Form-fit connection

Figure 20: Technical 3D drawing of the compressioset-up seen in beam direction. The sample with usba
dimensions of 0.2x0.6x0.6mm is not possible to rége within this resolution. The numbers are describd
in the text.

Figure 21 shows a compression sample (0.6x08rbetween the compression heads
seen from the length measurement camera (CCD)opmwftthe figure, one can see part of
chamfer (Figure 20, 2) on top of the picture. Tée and the blue lines have a function similar

as that described in Figure 8 for the length mesamant.

“
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Figure 21: Compression sample seen from the lengtheasuring CCD.
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Although the machine is designed to endure at [E@80N in tension, the stiffness in
compression is even with the adapted form-fit-cating, relatively low. Several attempts to
locate the weak point of the machine failed.

For standard machines a compliance correction @ieap assuming the machine
behaves as a linear spring. Kalidindi et al. [14l0pwed that this is not valid and suggested
therefore a nonlinear correction, based on a prureeshcluding three different tests. These
three tests are known as method | direct techniguehod Il elastic deformation of known
material and method lIll finite plastic strains. Timst method | consists of compressing the
crossheads without a sample against each othehaddldt is based on the deformation of a
material with known elastic modulus and is onlyidah the elastic region of the used
material. Method Ill uses the stored plastic defation of an unloaded deformed sample. It
compares the length change measured at the sarntbltherlength change measured with the
machine.

In Figure 22, the experimental data of all threehods are summarized. The black
data is from method | and the blue data sets aigifrom using method Il at three similar
Nickel samples (in the elastic region). The two deda points correspond to measurements
based on method Ill, where the lengths of two mlaly deformed Nickel samples are
measured afterwards in the scanning electron ndopes For comparison, the load
displacement curve (I-d Ref. in Figure 22) fromtangard compression machine [110] is
shown in green. These results show that thereigrdifferences from one to another sample
(method 1) and that the MTM is much weaker thastaadard test machine.
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Figure 22: Machine compliance in compression of th1TM. The load-displacement data (I-d Ref.) is the
linear part of a standard compression machine [110]

The variations in the measured compliances betwkenthree methods presented
above and especial within method Il are so bigt, éim& calibration curve — from the average
obtained calibration value — would give wrong résuf applied to any other sample.
Nevertheless, the nonlinearity is weak across @ae range and a linear correction with the
Young's modulus of Nickel is the most appropriatel as applied to revise the elongation

measurement of the compression tests.
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2.3. X-Ray powder diffraction

2.3.1. General

Diffraction of monochromatic X-rays from crystalinstructures occurs from

constructive interferences according to a simptengrical relation (Bragg's law),
nA=2[ld[sind. 8)

Heren is the reflection orderd the X-ray wavelengthd the atomic plane distance,
and @the diffraction angle. The distanddetween adjacent planes can be calculated from the
lattice cell constana (3.5239A for Nickel from reference [111]) and thidler-indices hkI)
of the diffracting plane,

a
N ©

In a perfect single crystal, the diffraction peaks in principal delta functions and

d=

their position can be calculated from (8) & (9).elhintegral intensity is influenced by
number of factors such as polarization, absorptionltiplicity, temperature, the Lorenz
factor, and the structure factor where a detailestdption is already given by several authors
[111-113]. The diffraction peak widths reflect theherent scattering length and the local
lattice spacing variations (defects) of the testpdcimen. More details about the peak width
can be found below in Section 2.3.5. The focus iwithis thesis lies on the changes in the

diffraction peak widths and positions during defation of NC-Nickel.

2.3.2. X-Ray sources

Laboratory source

X-ray powder diffraction experiments for pre-chdesization of the materials to be
studied are performed on a standard machine (Seneb00) using a copper cathode

(8.047keV) inB-26 conditions.
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Synchrotron

All in-situ deformation and diffraction measurenseare carried out at the MS beam
line at the SLS. This beam line operates with agleigas primary device to extract the white
photon beam from the electron storage ring. Tocsedespecific energy, a double crystal
monochromator is used. The focusing of the X-ragnbes obtained by the use of two Rh-
coated mirrors. For further minimization of the tvesize, several slits are positioned after the
focusing mirror. With this set-up, it is possibte change energies from 5keV to 40keV and
obtain a good penetration depth (several tenshofor the highest energies) in most metals.
However, the photon flux exhibits a maximum of*pbotons/s around 12keV and decreases
with increasing energy. The chosen energy of 1X/5kea tradeoff between the penetration
depth, the fluorescence light from the sample -etvlwvould decrease the peak to background
ratio — and a reasonable flux. The insertion ofili&rs — different metal films from 1Q0n to
2mm — allows reducing the beam intensity/flux. Tdraduation of these filters is energy
dependent but the transmission values range rougby 0.99 to 18. More details on the

beam line are published in reference [114].

2.3.3. Experimental set-up

Materials science beam line at the SLS

All experiments were carried out at the powderrddtion station at the MS beam line
at the SLS, which is placed 36.1m from the X-raysree, the wiggler. A schematic overview
of the station is presented in Figure 23. The goeier (red) placed on top of one lifting table
(yellow) allows rotating the sample holder, the M&trip detector, and a Multicrystal
analyzer (not used within this thesis). On the darhplder, the MTM is fixed. The second
lifting table provides room for any further set-eguipment.
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Figure 23: Schematic drawing of the powder diffracion station at the MS beam line.

Diffraction geometry

For diffraction experiments, the direction of thiéfrdction vector is essential. Figure

24 shows the geometry of the set-up at the MS bigzam The tensile axis of the sample

corresponds with the Y direction. The X-ray beammes along the X direction and strikes the

sample at its lower surface. The Microstrip dete@oquires only the component of the

diffracted beam cone, which lies in the X-Z plambus, the diffraction vector corresponding

with the measured peaks are in the X-Z plane notontile tensile axis.
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Figure 24: Diffraction geometry at the beam line. Te diffraction vector is perpendicular to the tende
direction.

X-ray detection

The goniometer carries the two available detedpongticrystal and Microstrip) and
the MTM (see Figure 23). It also allows that allrethn components can in principle
independently rotated over 360°. From the two fdssietector systems, only the Microstrip
detector can be used for the in-situ measuremetsuse it allows taking a full pattern of 60°
angular range at once. This special system isccaf® THEN detector and described by
Schmitt et al. [115]. It operates as a single photounter and the angular resolution is
~0.004° with a minimum read out time of 280 If not specified further, the diffraction
patterns are taken every ~16 seconds. The actpakare time in the order of 10 seconds is a
rough optimum between diffracted intensity from togy bones and the maximum count rate
of the detector. The detector itself needs arouselc®nds for a full read out.

Intrinsic to the detector system is that X-ray e@wyers recorded with a different
sensitivity (count rate). Furthermore, at the satagay energy differences in the count rate
between the cannels can be present. Therefore, @dauinel has to be calibrated with a
homogeneous illumination before a test series (il calibration). To obtain such a
homogeneous illumination for all channels the fasmence light of dissolved molybdenum

salt with the K emission line at 17.5keV is used.
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The detector is constructed of 12 separated modutese each of them has 1280
channels. The gaps between these modules causgsengnangular range of approximately
0.2° and can be seen e.g. in Figure 27. Furtherntioeee are very few of the total 15360
channels, which are permanently not working (delaahnels). Additionally, it can happen
that random channels read noise level insteadecttual signal especially if the count rate is
over 40k counts (hot channels). A data treatmecdwadting for such irregular (hot) channels
is applied.

One major difference between a standard powdenadtfbon measurement and the set-
up used at the beam line is that the incoming aagtethe sample position are fixed whereas
in a6-20 scan the sample surface follows the center betweming and outcoming angle.
This has important consequences when performedgldeformation.

The fixed incoming angle causes that a grain, whihally contributes to a
diffraction peak, does not contribute anymore afterlattice spacing has changed e.g. due to
elastic loading. Additionally, The MHYTEN system & line detector and therefore only
grains with the diffraction plane orthogonal to theam-detector plane are in diffraction
conditions. The fixed incoming angle and the liretedtor implies that a large number of
grains have to be illuminated by the incoming bedanobtain a decent diffracted signal. A
detailed calculation of the fraction of contribgigrains with this set-up can be found in the
appendix of [99].

Another consequence of the above set-up is thahasdo be careful by interpreting
peak intensities. For instance, information on t&eture can only be obtained if certain
assumptions are made about the sample symmetry.

In order to be able to interpret peak profiles fromasurements performed in the
current set-up one has to evaluate the error corfmorg the sample geometry. Figure 25

illustrates this broadening schematically.
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Figure 25: Sample geometry at the MS beam line se@mthe tensile direction.

It can be seen that the diffracted beam widif)(projected onto the detector depends
on the breadth of the sample (indicated Vs, and on the inclination of the sample) (
If the sample is completely illuminated relatio®)1

de = bsampIeSin(ZH_a) ' (10)

can be used to calculateyf). In case the incoming beam is smaller than tinepss
bsample DECOMeES the illuminated size. Figure 26 showsleuledion of (10) for three sample
inclinations ), 10°, 15° and 20°. A nominal sample breadit.{i9 of 20Qum is used to

calculatewgs. The lower limit is the intrinsic detector resatut of 0.004°.

200

, . 0.0143
—10 degree

—_ 15 degree
€ 150—20 degree 0.0107

2 e
3 5
§ 100- -0.0072 &
5 2
(o] Q
8 50F —0.0036 ¥
(14

0 ] ]
0 20 40 60

Diffraction angle 26 [°]

Figure 26: Peak broadening by the sample with a beth of 20Qum. Resolution on the left side

corresponds (10) and the right side is recalculatetb angular values with the sample to detector diaince
of 80cm.
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In the case of NC- Nickel, the peak broadening tugrain size and strain is at least
0.15° for the narrowest peak (111) at 17.5keV. l@di6 shows that the broadening due to the
sample geometry is at least one order of magnitmaller than the broadening of the

diffraction peaks from NC Nickel. More details bEtin-situ set-up are published in [99].

2.3.4. Data treatment

The powder diffraction data recorded from any exkpent is available as intensity
versus diffraction angle. Each diffraction peakcist out of the full spectra and fitted

separately with a split Pearson-VII (P-VII) funeti¢ll) plus a linear function as background.

P(8) = H|1+ (2"M= -1)(107 +1) (HWQ ﬂ if =8,

(11)

P(8) = H| 1+ (2™ -1)(107 +1) (5 W‘9 H if 6,<6

¢ is the diffraction angled, the angle which correspond with the peak maximdm,
the peak heighty the full-width at half-maximum (FWHM)¢ the (logarithmic) asymmetry
parameter, antlr andM,, respectively, the right and the left decay expbn€he integrated
area is calculated over an angular range of eigtastthe FWHM of the peak. The integrated
width is defined as the integrated area dividethieyheight of the peak.
From the calculated residuals
r=1,-P-bg, (12)

a least-square objective function is constructed,

el

Here |; is the intensity,P; the P-VII fit andbg the background fit where the subscript
correspond to a certain channel recorded from tierdgtrip detector. Each channel has a
direct relation to its diffraction anglé. The used robust-least-square algorithm [116] is
performed iteratively by reweighting the objectfuaction in the following way:

1.) Fit the model by an unweighted least squares {$haf).
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2.) Calculate the standardized residuRtsri/Ks, whereK is a tuning constant (4.685) and
sis the robust variance given by MAD/0.6745 (MADthe median absolute deviation
of the residuals).

3.) Compute the robust weights viga@lL-u?)? if |ui|<1 (i.e., if ;<Ks) and w=0 otherwise.

2
4.) Redo the fit with weighted minimizepy? = zw{ij

o

5.) Repeat the steps 2 to 4 until the MAD changes neentitan a selected fractional
tolerance.

Figure 27 presents a 111 diffraction peak of NCkiidn the as prepared state. The X-ray
energy was 17.5keV and the fit was performed witlsptit P-VII function. The fitted
distribution of the diffraction peak exhibits a ggaosition of 20.049°, a FWHM of 0.17855°,
a integrated width of 0.2448°, a height of 980%0&nts, aM, value of 1.40, a/r value of
1.17 and a asymmetry parameter a of -2.18*hereby the background was fitted with a
first order polynomial.
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Figure 27: 111 diffraction peak of NC-Nickel and it fit (red). The R-values are the standardized reduals
of the fit. The data gap seen around 19.5° originas from the gap between the single modules. The siea
gaps originate from hot channels from the Microstrp detector.
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Figure 27 shows as well the standardized residdalBhe good quality of the fit is
evident through the smooth character of the retsdas well as the fact that none of the

standardized residuals is larger than three [99].

2.3.5. Extracting structural parameters

Scherrer derived already in 1918 a formula [117hiolw allows calculating the
crystallite sizec of a powder spectrum using only the FWHM of ardifted beam at a certain
diffraction angledp,

co_ 0904
FWHM [0sf, (14)

The deduction of this formula is based on the carfitescattering length parallel to the
diffraction vector. This formula does not considentributions to the FWHM for variations
in the lattice spacing, which for instance arigarfrdislocations and other defect structures.

Based on the work of Stokes and Wilson [118], \&fiison and Hall [119] derived a
method which allows the deconvolution of the ingggd widths in two parts. One of these
parts originates from the coherent scattering leragtd the other one from the variations in
the lattice spacing — RMS-strain. This method rexguanalyzing of multiple diffraction peaks

from one pattern.

Williamson and Hall method

In the Williamson and Hall (WH) approach, the idgfadeconvoluting the size and
strain contribution lies in their different anglepkndence. In general, the total diffraction

peak width,5,°®, can be written as a combination of size andrstredadening,

5€total — 5€size + 5€strain. (15)
For the size contribution,
size _ /1
% = Lcosd’ (16)

a formula similar to the Scherrer formula (14) sed. The crystallite size in (14) is now
defined ad the average column length seen by the X-rays.cbhmribution from the strain

5N [113] is written as,

O_gsuam = 4etan9, (17)
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wheree is an upper limit for the inhomogeneous straine ommonly used value is the
RMS-strain €2>'2 which is 4/5 ofe,

The size and strain contributions described in €& (17) depend in a different way
on the diffraction angle. However, if a change afiables is performed from the diffraction

angled to the scattering vectsy

_ 2sinf
SE (18)
the broadening can be written as,
otal __ otal ZCOSH
5Stt — 5gtt ; . (19)
Now the size broadening in can be rewritten as,
size __ 1
o, = T (20)
and the strain broadening as,
Jsstrain — 295. (21)

The size broadening as it is written in (20) isependent of the diffraction vector but the
strain broadening depends on the diffraction vea). This allows now separating the size

and strain component of the total diffraction peakadening.

Here a comment concerning the usage of differeimitlens for the diffraction peak width is
necessary: To be consistent with literature, thpeexnental peak widths are presented by
their FWHM within this thesis. However, if the Widthrod is carried out to separate size and
strain contributions — as described in this sectiothe integrated width of the peak profile is
used.

In order to deconvoluté,°® into size and strain contributions one needs &zhepart
a line profile function. The aim is to match thetdbution occurring from size and strain to a
Gaussian or to a Cauchy type function. In the diiene, three different methods are
commonly mentioned. Two methods where the same tfp&nction is used for both
contribution — the so-called Cauchy-Cauchy or tleeissian-Gaussian way — is according to
Klug [113] not sufficient to describe the sepamatiof the contributions. Therefore, the

method of deconvoluting the size and strain couatrdms by Cauchy-Gaussian way is



Experimental and technical details 45

suggested. This supposes that crystallite sizallision influences the peak in a Cauchy way
and the strain in Gaussian way. The total widtiiven by,

s = 532{ exd‘, (5sSize / 5Sstrain)2 /77)“]'

s 1-erf (\/2/77'(5:ize/ 5Sstrain)) (22)
where the erf(x) is defined by,
_ 1 5
erf (x) =E£e dt. 23)
This relation is approximated by,
5size 5strain 2
5Stotal :1_{ gtotal} ' (24)

with an error of at most 10 per cent [120]. By testiuting (20) and (21) it results in,

5Stotal 2 _ 1 5Stotal
[ s } i (@3)

Now the linear fit through the two defined relatiofss®?/s]* and ps*?/s] (25) will
lead to the column length L and the RMS-straifpd?.

Defects such as dislocations have a directionairstfield. This non-rotational
symmetric strain field suggests that only peaksnfithe same diffraction family should be
used for the WH analysis.

Warren-Averbach method

For completeness, another method to extract the amd strain contribution is
mentioned. It is based on a Fourier analysis whegeak has to be described by its Fourier
coefficients determined from the peak inten#) via,

AL) = [1(6)exd~27i6.)d8 . (26)

If the Fourier coefficient are plotted with respéattheir harmonic number, Bertaut
[121] showed that the initial slope of this cort@la gives a measurement of the crystallite
thickness. However, he considered only a size effétarren and Averbach [112, 122]
included lattice distortions, strains, and stateat tthe cosine coefficierA(L) in (26) is a
multiplication of the cosine coefficient from si28(L) and straimA%(L),

A(L) = A’ (L)A(L). (27)
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The strain coefficienA® can be written as,
A°(L) =cod27t.Z,). (28)
Z, is the displacement difference between differemtecent diffraction cells along the

diffraction vectorg. Due to the possible exponential expansion [112h® strain function
(28), the logarithmic coefficient can be establdshi&a
In A(L,q) =In A® — 277> < £%(L) > ¢°. (29)
More details about this procedure can be foundhénltook of Warren [112]. The hot
channels (see Figure 27) impede the Warren-Averbraethod and moreover to keep
consistent with earlier performed work [69, 85, @8]y the above presented WH method is

used within this thesis.

Modified methods

The above-described methods assume an isotropaciéning of the peaks. If this is
not the case, one has to restrict the analysiset@ame peak family. To visualize such effects
a schematic drawing of the so-called WH plot isvetan Figure 28. There the peak widths
are plotted with respect to there peak positions.

The WH-plot of a strain free material is diffragtiorder independent. It will result in
horizontal line (black data). If isotropic strais present in the material, higher-order
diffraction peaks will broaden more and the dataspnted in the WH-plot of this material
will have a constant slope (red data). If the strai the material is not isotropically
distributed, the coherent scattering length isrdagon dependent and the different diffraction
peak widths will be influenced differently. Thisstown schematically with the blue data in

Figure 28 and one refers to it as WH anisotropy.
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Figure 28: Schematic WH plot for three possible sitations.

If one (some) type(s) of defect(s) is(are) preseme can estimate/calculate the
contribution to the anisotropy. Warren had for epgrshown the influence of faulting [112]
on the behavior of the different diffraction peaks.

Several models and methods where developed ovdintleeto explain the appearing
anisotropy [112, 123-125] and relate them to latticslocations, stacking faults and/or twin
fault content. Ungar [126], used a concept fromvBgiaz [123] to modify the Warren-
Averbach method where they included theoreticaludated dislocation contrast factors in the
analysis. With this concept, it is possible to teeldne measured peak broadening from several
peaks not only to size and strain but also to bchsion density. However, this approach
assumes that all the contributions come from ope tf defect and it ignores other possible
contributions e.qg. triple lines. Furthermore, witliulk NC structures a high density of GBs is
present which contribute to diffuse scattering.

In this thesis it could be shown (see Section 33t the presence of dislocations in
the grain interior is not a requirement to expldia WH anisotropy when the grain size is in
the nm regime. Dislocations that are incompletélgoabed in the GBs or extrinsic to the GBs
can cause a similar WH anisotropy. Therefore, ehotesuch as that suggested by Ungar et
al. [127] to extract dislocation densities from lpdmoadening are not very appropriate for
bulk NC materials and only simple and very limitggpes of defects can be assumed and
studied.

Another approach performed from Scardi et al. [1B8}o introduce all types of

defects (e.g. crystallite size, dislocations, stagkaults, twins; and their distribution) into a
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physical model and simulate the full pattern. Ithen possible to model the diffraction data
and refine the parameters until experimental obthidata is accurately described. Such an
approach is called whole powder pattern modelin@RM) but is, due to the lack of reliable
models to describe the complex microstructure ofNM€kel, not carried out within this
thesis. A resent and comprehensive overview on dgédction peak analysis techniques is
given by Mittemeijer and Scardi [129].
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2.4. 3-dimensional atom probe

In order to address a possible influence of impgibn the deformation behavior of
NC-Nickel it is important to know their local digiution. The only method to extract atomic
positions is the 3DAP technique. The principle lné 8DAP originates from the field ion
microscope (FIM). Therefore, the FIM will be explad first.

24.1. FIM

The FIM is based on electric field ionization ofsgatoms (Ne, He, Ar ...) and the
possibility of guiding these ions via an electigeld. The gas atoms are usually called image
gas because they are generating the magnifiedr@iofuhe studied sample. A schematic set-

up is illustrated in Figure 29.

P
Image gas hospho, Screen

Tip at
high Voltage

Field ionization T

Figure 29: A schematic representation of a field @ microscope. lonized image gas atoms are projected
towards the phosphorus screen. The shown tip is Ndel single crystal half sphere with 17nm diameter.

The basic components of a FIM are a vacuum chanabphosphorus screen, image
gas, a high voltage source and of course the tespecimen. This specimen has to be in
needle shape with a small tip radius. This is remgsbecause a high electric fididis
essential for the operation of the microscope addpends directly from the tip radius r (30),

_V
ST (30)

ki is a numerical constant in the order of 5 [130jeTimage gas atoms eventually
collide with the tip. If their kinetic energy isMoenough, they can be trapped by the electric
field. If the electric field is sufficient high (ual 10 to 50V/nm), it can ionize the image gas
atoms by a tunneling process. Such produced iomghen radially repelled in form of a
stereographic-like projection and collide into tlectrically grounded phosphorus screen.
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Atomic steps and structures such as GBs or diffeceemical compositions cause
local variation in the electric field. These vaioat give finally the image contrast seen on the
phosphorus screen. The possible magnification g kigh because it is proportional to the
inverse tip radius times the sample detector digtan

However, the high electric field may cause as vdgsorption of atoms by field
evaporation. This process of field evaporation gsidow to the principal of 3DAP.

2.4.2. 3DAP

In contrast to FIM, which functions with an imagasgthe 3DAP uses the specimen
atoms to obtain an image. The aim is to evapolatgesatoms from the surface and detect
these with chemical and positional sensitivity.

» For the evaporation of single atoms, the tip wél imposed a voltage below
the evaporation limit of the test specimen. Suppased short electric pulses
are applied. Careful adjustments allow then thaten-th pulse removes only
one atom of the specimen.

* A multi-anode system [131] is used for areal dedeocbn the screen.

* The chemical sensitivity is obtained via the tinfdhght principle. There the
time is measured between the “start” of one atonowin from the electrical
pulse, and its “arrival” on the detector. Knowirge tsample detector distance
(L) and measuring the flight time) (the mass ) per chargern) can be
calculated (31).

m/n = 2eV(t/L)? 31)

The presented method allows now chemical and anesitsve determination of each
detected atom. If this information is combined wappropriate software, it is possible to
reconstruct a 3-dimensional picture of the evamarapecimen [132].

However, several challenges complicate this tecleicand raise numerous
restrictions. First, the tip has to be cooled tmpgeratures between 20-100K to reduce the
atomic movement and increase the spatial resolatidhe position detection. In front of the
actual detector, a so-called micro channel plat€Py[133] is necessary to enhance the
signal to a detectable level. This MCP has onlypéftent sensitive surface and therefore not
every arriving ion can be counted. However, eachpiduces in the MCP ~1000 secondary

electrons resulting in an intense signal on theeaet. Furthermore, only metals can be
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studied due to the necessity of imposing an etedigld for repelling ionized atoms.
Moreover, to be able to use only moderate voltgge®w 20keV) the sample tip has to be in

the order of 100nm.
~ MCP

Figure 30: A schematic sample tip in a 3DAP configation.

If the sample of interest is metallic and it is gibfe to get a tip radius smaller than
100nm it can be studied with 3DAP. However, thebpbvolume will be rather small (see
Figure 30). The radial projection and the deteetea (only the primal MCP is shown) limit
the studied volume to a few nm in diameter. Thegtlermf the probed volume is limited to the
stability of the tip and the maximum evaporatiogidie.g. the maximum applicable voltage.
With ongoing evaporation, the tip will blunt anattbvaporation fieldE) decreases (30).

To obtain a reasonable amount of atoms the aboveioned electric pulses have to
be applied at very frequently (~2kHz). These féstnges of high electrical field can destroy
the specimen, especially those which are not homemes, such as multilayers and NC
systems. The NC material studied within this thésisery sensitive to mechanical failure
caused by the electric pulses. Therefore, pulsas fa femto-second laser shot on the tip
served as short-term field enhancer to evaporatacgiatoms.

The 3DAP measurements are carried out in collalooratith M. X. Sauvage from the

departmenGroupe de physique des matériaafxheUniversité de Rouen
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2.5. Simulated diffraction pattern

2.5.1. Molecular dynamics (general)

MD simulations calculate the trajectory Bf particles according to Newton’s law
where the interaction of these particles is desdribby an atomic potential. The initial
conditions of a simulation contain the number aasitons of the atoms and the temperature,
whereby the latter is described by the mean velagfitthe atoms. The boundary conditions
describe the boarders of the arrangement — fixettear surfaces — as well as a possible
periodicity. The atomic potential describes theiattion of the atoms by a multi atom energy

function,

V(r,...Iy) - (32)
Here,ry,..,y are the3N coordinates of the atomic configurations. The dasimerical
task is to solve then the Newtown equation of mmtio

mi; (t) = F(r,,...ry) = -0V (r,....,ry) (33)
whereby the index represents all atoms/atom positiorfsom 1 to N. Since one is interested
in the trajectory of the atomic position, one hasntegrate numerically Newton’s equation
(33). For this purpose a predictor-corrector schameised which is also called Gear

algorithm. Details on integration method can benfibin the appendix of reference [134].

2.5.2. Sample construction

The sample construction includes the buildup of dt@mic structure, the relaxation
(according to the atomic potential function) and #yquilibration (choice of temperature) of
the atomic configuration.

Samples used in this thesis are NC arrangememguaiinum atoms. To construct
these samples the Voronoi technique is used [II3%grefore, a number of crystallite center
points (seeds) are chosen randomly within a boxedoh center, a randomly rotated FCC
structure is placed. According to the Voronoi camdion, each crystallite extends until half
of the distance to the closest neighboring grairiere The construction can cause that, on the

border between two crystallites, the atoms aregolanuch closer than the nearest neighbor
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distance. To avoid such configurations atoms thaickose then 80% of the nearest neighbor
distance are removed.

After geometrical construction, the sample contatmnic positions e.g. GB atoms,
which are far from a local energy minimum. Therefothe structure has to be relaxed by
molecular static runs. Afterwards, the sample iatée to testing temperatures (applying a
distribution of random velocities) and thermallyudidprated during several MD runs in order
to get a Boltzmann distribution of the velocitigs this way, a cell structure is constructed as
it can be seen in Figure 31. The coloring of tlwerat is according to local crystallinity where
gray atoms represent FCC, red hexagonal close-pd4ekeP), blue other 12-coordinated and

green non 12-coordinated atoms [136].

Figure 31: NC arrangement of FCC lattice. The orang lines show an edge of periodicity. For atom
coloring, see text.

2.5.3. moldyPSI

The program used to perform the simulations isedatholdyPSlI. It is a parallelized
FORTRAN code based on the program moldy [137]. db dvandle multimillion atom
structures and computes several thousand time-stegpseasonable time. The code is capable
of performing molecular statics and MD simulatiamdahas on-the-fly analysis tools. The
potential used to calculated Aluminum interactisman embedded atom potential developed
by Mishin [138].
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2.5.4. Deforming computational samples

The relaxed and equilibrated structure is then medd by applying a uni-axial
constant stress under full three-dimensional pesitydvia the Parrinello-Rahman technique

[139]. The temperature is kept constant via resgaine atomic velocities every 50 MD steps

by a faCtOI.\l Tactuall /Tdesired '

2.5.5. Calculating XRD diffraction pattern

Derlet et al. [14] derived a method to calculate XRD spectra from the atomic
positions of a simulation cell. The diffraction entsityl can be calculated (34) for a certain
scattering vectok=2zsin(¢/4) for a given wavelength,

() =1+ [ ar1(r)=2 +4/zz{ [ COSKI, _ S‘”kfc)

k? K

: (34)
sinkr I, COSKr,
+ B

For computational time reasons the inter-atomia gairrelation functionl(r) is

=1+ dri(r) 4mp

computed only until a certain cut-off radigs which is typically slightly bigger than the grain
size. Above the cut-off radius, a bulk densjtyis used to describe the pair correlation
function. This approximation is valid if the cutfeédius is much bigger than the wavelength,

which is the case in the studied sampies-(tens of nm4 < A).

2.5.6. Calculating internal stress

Atomistic simulations essentially contain infornaettion the atomic position and allow
calculating the internal stress distribution withthe sample. Cormier et al. [140]
accomplished with (35) an improvement over the LMirdal expression for local stress in

that it rigorously satisfies conservation of lineawmentum for the chosen volume element.

1 1 ri', ri',v
0-31/ = 5<z m\'{,,uvi,v +§ z F(rii ) R Iij> (35)
)

i0Q i0Q,j f
In (35), F(rij)= Fﬂﬁ —Fj‘) represents the force magnitude between atoarslj, at

positionsr; and rj with corresponding velocities; and v;.Thus for each chosen volume
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element, the stress is determined by the individiamic Virial stress contributions only
within the volume element;( representing the fraction of the bond between atomnd |j

within the volumeQ). The(---) represents a time average taken during a MD stionlaThe
volume element is chosen to be a sphere centerezhcit atom with a radius that is

approximately half way between the first and secordrest neighbor shell (~4A). More

details can be find in reference [14].
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3. Results

3.1. Plastic deformation of nanocrystalline Nickel

Plastic deformation of NC-Nickel at RT studied ituswvith X-ray diffraction was for
the first time carried out by Budrovic [85]. Sintteen, the set-up at the beam line has been
improved in terms of detector quality and patteroording speed, resulting in an increase in
the resolution in measured peak broadening. Thexetbe research was started by carrying
out the same test as performed by Budrovic withgihed to explore what can be learned from
the increased resolution. Figure 32 shows thesssteain and stress time data of this test. The

sample was loaded two times to the plastic regigh & long waiting time of 130 minutes
before reloading.

a) 2 L] b) 2 L] L] L]
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Figure 32: a) Stress strain data of NC-ED Nickel athb) corresponding stress time data.

Figure 33 shows the FWHM of six peaks during ti&t fand second loading cycle.
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Figure 33: FWHM behavior during the first (black) and second (green) loading data. The blue dot is the

first value upon unloading.

During initial loading until ~1GPa, the FWHM (bladata) stays unchanged or shows
a very slight increase. Around ~1.3GPa, the FWHaftstincreasing drastically as a function
of stress for all peaks. Immediately after unlogdime FWHM recovers to a value indicated
by the red dots. These values differ sometimes fiteenvalues prior to loading, with a clear
decrease in FWHM recorded for the 200 peak antitsiigrease in FWHM recorded for the
311 peak. During a waiting time of 130 minutesn@etdependent reduction in the FWHM is
observed for all peaks and after 130 minutes allHW\Walues are smaller then those of
measured prior to loading. In the second loadirdecfgreen data), the FWHM increases for
all peaks even below 1GPa, which is remarkablyedtifit when compared to the behavior
during the first loading cycle. Furthermore, theamfe in slope is more gradual during the
second loading as the sudden change observed dimengrst loading. Once ~1.5GPa is

True stress [GPa]

220 peak

0 05 1 15 2

0 05 1 15 2
True stress [GPa]

reached, the behavior of the FWHM is similar ta thfathe first loading cycle.
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Figure 34: Relative peak positions plotted versusre.

Figure 34 shows the peak positions as a percehedofinitial value. The 111, 222 and
311 peaks are complete reversible upon unloadihg. 220 peak position increases and the
peak position of the 200 peak family decreaseg aftestic deformation causing a relative

change to the initial peak position.

Main findings:

Load-unload experiments show a change in peak femwad behavior during successive
deformations and peak dependent FWHM reduction updoading from the fully plastic
regime. To address the change in broadening andiiset of reduction the transition from
the elastic to the plastic regime — the microplaséigime — more detailed load-unload cycles

have been performed and are presented in the folthw

3.1.1. Load-unload cycles in the microplastic regime

Stress strain data

In Figure 35A, and Figure 35C, the mechanical daitahe tests performed to
investigate the transition from the elastic to pheestic regime — microplastic regime — in NC-
Nickel is presented. Additionally, the comparisothwJFG-Nickel is given (see Figure 35B
and D). In detail, there are two series of fivediog cycles performed, where in one series
each loading stress level was higher than the @&ferd In each cycle, the specimen was
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unloaded as fast as possible at the pre-defineg fdihen the sample was kept for 20 minutes
around 10MPa, which is less than a ~“8@8 the ultimate tensile strength. This stress was
necessary to keep the sample in the sample holdes. samples were loaded up to
respectively 25%, 40%, 60%, 75% and 95% of the UTS.
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Figure 35: Load-unload cycles performed at NC Nickie(A, C) and UFG-Nickel (B, D) are shown in terms
of stress strain (A, B) and as stress time (C, Dyhe latter emphasis the waiting time between the &ling
cycles.
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FWHM data

Figure 36 presents now the FWHM for selected ditfcan peaks of both materials. To
ease comparison the FWHM values of the undeforraatpkes are plotted through the whole

test period with dashed lines.
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Figure 36: FWHM of NC Nickel (A) and ultra fine grained Nickel (B) for three diffraction Peaks during
the loading cycles presented in Figure 35.

In the first loading series, there is a similar éabr for all the diffraction peak widths
of NC-Nickel. Upon unloading from the first strdesel (400MPa), no changes in the FWHM
can be recognized. Upon unloading from the sectey (800MPa), a reduction of the peak
width occurs. More pronounced reductions are olesemypon unloading from the higher
stress levels. Additionally, a time depended recp\w the FWHM is observed once the
sample is unloaded from 1.4GPa (magenta curve} fHaiture is better visible in Figure 37
where only the 311 peak is presented.

Once the sample has been loaded to the full plessgicne (black curve), the recovery
of the peak widths are different for the 311, 26d 411 peaks and the behaviors are similar
to what was observed by deforming the sample withdarruption to 3% strain (see Section
3.1). Additionally, a time-dependence is obsenadall peaks upon unloading from the full
plastic regime. The 311 peak experiences a revinsitf the broadening compared to the as
prepared value after 10 minutes unloading, whettead 11 peak is immediately reversible to
the as prepared state. Both of these peaks exibdtdening in respect to the value upon

unloading from 1.4GPa (magenta curve). The 200 pealever shows full reversibility to the
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lowest FWHM value achieved upon unloading from P4Gmagenta curve). The extra
reductions in the FWHM upon unloading at 40%, 60% @5% seen in the first series of load
cycles are no longer visible in the second semedHe 311, 111 and 200 peaks. The time-
dependence is ongoing and no significant interamgtidue to the loading cycles occur (see
Figure 36).
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Figure 37: A zoom of the FWHM of the 311 peak fronthe first series for NC and UFG-Nickel of the
previous figure.

The same loading cycles were carried out on UFGdlicThe stress strain curve is
presented in Figure 35B and the stress time cumvEigure 35D. Figure 36B shows the
corresponding FWHM of the 111, 200, and 311 peaksd the test. In the first series, the
FWHM upon unloading is the same as the as prepaate. This is very clear in Figure 37
where the FWHM of the 311 peak is shown for bote MC and UFG-Nickel. Upon
unloading from 75% of the UTS (950MPa), to be coragawith the 1.4GPa cycle for NC-
Nickel (magenta curve), time dependent recoverytssta be visible in UFG-Nickel (see
magenta data in Figure 37B). Once the materiakfsrched in the full plastic regime, a clear
irreversibility in FWHM is observed for all diffréion peaks. Similar to the NC-Nickel, for all
peaks a time dependent recovery in FWHM is obsemsh unloading. However in UFG-
Nickel after more than two hours unloading all ditftion peaks are still considerable broader
compared to the initial values before loading —JEBk 8.5% broader, 200 peak 17.5%
broader and the 311 peak is 20% broader.



Results 63

Peak position data

Figure 38, shows the peak positions — in percentagieeir initial value — for NC- a)
and UFG-Nickel b). During the first test seriedadd cycles, the 111, 222 and 311 peaks stay
within their scatter at the same position afterheacloading. As long as the sample is not
loaded in the full plastic regime, the peak posittwmes back to the same value. The peak
position is very sensitive to sample position. Tdesnonstrates that the sample did not change
its position during the load-unload cycles. Once sample was loaded into the full plastic
region, the peak positions differ from their origlirvalue upon unloading. The behavior of
this relative deviation between the positions o fheaks in UFG-Nickel is somewhat
different from the NC behavior. The decrease of 200 and 400 peaks in UFG-Nickel is
0.06% instead of 0.04% in NC-Nickel. The 111 an@ p2aks increase in UFG-Nickel by
0.015% whereas in NC-Nickel they do not change. 3tk peak position of the UFG-Nickel
decreases by 0.02% whereas in NC-Nickel no changare. Bigger differences between the
two types of Nickel occur in the 220 peaks. Thée peak position of UFG-Nickel increases
only by 0.005% whereas in NC-Nickel it increasesabgut 0.07%.
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Figure 38: Relative peak position of a) the NC-Nio&l and of b) the UFG-Nickel.

Main findings:

Load-unload cycles starting in the elastic regidmow a reduction in the FWHM upon

unloading for all peaks in NC-Nickel if unloadirgperformed before the full plastic regime.
The amount of reduction is hkl dependent. Thisoistime case for the UFG-material where
the initial FWHM value is reached upon each unlogdiOnce the NC-Nickel specimen is
loaded to the full plastic regime, no further retlan in the FWHM upon unloading is

observed when further loading cycles are applieddifionally, time dependent recovery of
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the FWHM is observed for both the NC- and UFG-Nickdlowing time to recover, the
FWHM of all diffraction peaks are equal or smal@ympared to the values prior to loading
in NC-Nickel; on the contrary, in UFG-Nickel theseaall broader. Furthermore, the relative
change in peak position upon unloading from thé gldstic regime is different for the two

tested materials.

To address the extra recovery in the FWHM and tHependency on the loading
history and the waiting time between the cycleghtr tests have been performed.

» To study the influence of the waiting periodstween the loading cycles, tests with

unequal waiting times were performed (Page 64).
* To address the behavior of the FWHM between 1.4GB& UTS) and the UTS

which we will call in the following the “transientegion (Page 67), load-unload tests

were performed in between.

» To address the effect of reduced initial RMS-sttaad-unload cycles were performed

on pre-annealed samples. The influence of the @ngean the microstructure has
been studied by in-situ annealing experiments (Fage

« To examine the time-dependendead-unload tests were performed at RT on pre-

annealed specimens (Page 76) and at 180K (SecBam3age 87).

3.1.2. Influence of waiting time between two loading cycke

Previous results for NC-Nickel showed a stepwisgucdon in the FWHM upon
unloading from loads that were smaller then the UTHs reduction appeared after 40%,
60% and 75% of the UTS. To investigate if this &@thn depends on the waiting periods
during unloading and/or on the previous load leled-unload cycles were carried out where

both parameters — waiting times and load levelgrewaried.

Stress strain data

The mechanical data of two different tests areeueesl in Figure 39.
* Test sample number one (green data) was first tleeaed to 1.4GPa and then twice
to 1.8GPa, followed each time by an unloading geob2 hours. The sample broke as
it got loaded the second time to 1.8GPa.
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» Test sample number two (blue data) was four tirnaddd to 800MPa with each time
20 minutes waiting period in-between. Then it waaded to 1.4GPa followed by 60
minutes unloading. Afterwards the sample was loddedtimes around the UTS. The
unloaded waiting times between the cycles 6, B, &d 10 were respectively 90, 80,

50 and 5 minutes.
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Figure 39: Stress strain a) and stress time b) dati@om two load-unload cycles. In the stress time da the
loading cycles are marked with numbers.

Figure 40 presents now the diffraction data of ¢htests for the a) 200 and b) the 311
peak. It is particular interesting to look at tf@znd the 311 peaks. The peak broadening of
the 200 peak exhibit full reversibility upon unlaagl from the full plastic regime in the
former test (Section 3.1.1) and the 311 peak isrésting because it has the highest initial
permanent broadening upon unloading — this “perm@roadening vanishes with time: see

as well Section 3.1.1.

FWHM behavior of the 200 peak

In Figure 40a, it is clear visible that the FWHMtbe 200 peak experiences a strong
reduction in the FWHM upon unloading from 1.4GPaeém 1). The second load-unload
cycle at 1.4GPa reduces only slightly the FWHM égre). Sample number two was four
times loaded to 800MPa (blue 1 - 4). After thetfiemding cycle (blue 1), an expected small
reduction occurs. As it can be noticed, no impdrtaductions in the loading cycles 2, 3 and
4 are observed. However, if this specimen is afied® loaded for the first time to 1.4GPa
(blue 5), a stronger decrease in FWHM is measunddlze value reached is similar to the one
in the first unloading cycle of sample 1 (indicategl a red arrow). If the samples are then
loaded to the full plastic regime, no importantter changes in the FWHM are observed in
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the initial value upon unloading. A horizontal etk is plotted in the graph to indicate that
this value is for both tests the same. Howevemrciene-dependence — best visible in test
number two — in the FWHM is visible for both sangpkdter unloading from the full plastic

regime.

FWHM behavior of the 311 peak

In Figure 40b, the FWHM data of the 311 peak isnghdl' he behavior is qualitatively
the same as that of the 200 peak: i.e. the stromgesvery in FWHM is observed after an
unload at 1.4GPa. The red arrow in Figure 40b mtedi this value (test 2: blue 5 and test 1:
green 1). However, when the sample was loadededtth plastic regime the situation is
different: the FWHM is irreversible relative to tlmvest obtained value. The irreversibility is
similar for both tests and indicated in the figwigh a red line. Time-dependence is present
for both tests (after green 3 and blue 6) and gutis time dependent recovery, the FWHMs

reach values that are similar to those of undefdrM€-Nickel.
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Figure 40: Evolution of two different peaks duringdifferent series of loading cycles.

Behavior of the peak positions

The peak positions — in percentage of their ind@ue — are presented in Figure 41.
After the specimen was loaded the first time toftiieplastic regime, a clear change in the
peak positions is evident for the 220, 200 and466 peak. The 200 and 400 peaks are
reducing their peak position of 0.05%, whereas2®@ peak increases his value about 0.07%
of the diffraction angle. The rest of the peaksl(1222 and 311) are stable upon all unloading
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cycles. A small difference between the two tests lma noted. Test sample number 1, which
was immediately loaded to 1.4GPa, shows a sligirtease for the 220 peak upon unloading
for the first time. The general behavior preseriteck is the same as it has been observed in
the test before (Section 3.1.1) shown in Figure 38.

a) test 1 b) test 2

0 200 400
Time [min] Time [min]

Figure 41: Peak positions of two different loadingycles.

Main findings:

The history of loading cycles performed at stredsglew the UTS in terms of waiting time
and loading sequences/maximume-stress does noema#uthe peak width and peak position
obtained in the full plastic regime. Upon unloadiingm 1.4GPa, the strongest reduction in

FWHM is observed and changes in the peak posifipear.

3.1.3. Load-unload cycles in the transient region

The biggest reduction in the FWHM for any peak esawpon unloading from 1.4GPa.
The test discussed here examines load-unload cyelésrmed in the region between 1.4GPa
and UTS.

Stress strain data

The true stress in the test cycle probing the teamsegion between 75% and 100% of
the UTS is presented in Figure 42 versus a) stiathb) time.
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Figure 42: Stress strain a) and stress time b) euation a test cycle probing between 75% and 100% dlie
UTS. For details about the regions, see text.

The presented results are spit in to three regsriadicated with colors in Figure 42.

« First region: load values lower then 1.4GPA (blue)

The sample was in the beginning twice loaded t&Pa& and every time kept unloaded for
two hours. The aim was to reduce the FWHM, by @dilog in the microplastic regime,
to the lowest possible value.

* Second region: load values between 1.4GPa and T (

After these two primary cycles, six additional leatload cycles are carried out before
the UTS is reached. The loading values of the fivet cycles are respectively 1500MPa,
1635MPa, 1740MPa, 1860MPa and 1893MPa. The sixtling cycle reached a UTS of
1912MPa and was unloaded at 1902MPa.

» Third region: loading beyond the UTS (green)

The following three loading cycles were performdigrathe UTS was reached; i.e. in a
region where necking starts to be observed. Theleawas loaded in the first two cycles

to 1875MPa and 1807MPa respectively. The thirdilmpdeached 1680MPa around 5.7%
of total strain where the sample failed.

Note that in the second and third region the samwple kept approximately 3 minutes
in the unloaded condition. This is different frothearlier experiments, where the sample was
kept usually 20 minutes in the unloaded stage. Wewen the previous Section 3.1.2, it
could be shown that the waiting time and loadinguseice have no influence on the peak

width and peak position upon unloading and is @@gendent on the maximum load.
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Behavior of the peak widths

In Figure 43 the FWHM versus time of the three gebkl, 200 and 311 are shown in
percent (normalized) of their starting values 0°1&7307° and 0.371° respectively. The inset
shows the details of the first two loading cycles.

First region: The first loading cycle to 1.4GPa reduced the FWbiveen 4.5% and
6% depending on the peak. Keeping the sample uatb&or 100 minutes, an additional
reduction of about 1% is observed.

The second load-unload cycle to 1.4GPa causesditioaal reduction in the FWHM
of about 1% for all peaks. This is clearly visibblethe inset of Figure 43. Keeping the sample
again unloaded for 100 minutes, an additional redn®f 0.5% is present. It can be noticed
that the reduction in the FWHM after the secondliog to 1.4GPa levels off faster than in

the first cycle.
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Figure 43: Time evolution of the normalized FWHM duing the test presented in the previous figure. The
inset shows the two long unloading periods after &aling to 1.4GPa.

Second regionAfter the first two cycles were finished, load-oadl cycles with 3

minutes waiting time were conducted. A clear défese in the FWHM between the presented
peaks can be observed during this fast load-untgakks (Figure 43). In the unloaded stage,
the FWHM of the 111 and the 311 peaks increasesreals the 200 peak keeps on decreasing
its FWHM value.
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To enhance the different behavior of the FWHM oé tifferent peaks, only the
unloaded values of the FWHM (applied stress bel@®MWBa) are shown in Figure 44. To
improve the clarity of these tendencies arrowssir@wvn on top. Now it is visible that all
analyzed peaks except the 200, keep on incredsamgRWHM values once the stress level of
about 1.4GPa is exceeded in the load cycle befateHawas already observed in previous
experiments, that the 200 peak tends to lower N#HM at most compared to the other
analyzed diffraction peaks. The 111 (black) and 4@@genta) peaks show a moderated
increase whereas the 220 (blue) and 222 (cyan)speshkibit a stronger increase. The 311
peak (green) is the only peak, which increasesF#dM upon unloading to a level that
exceeds the initial starting value.

The peak broadening of the observed peaks upornadinip from the UTS (last
loading in region 2) exhibits the same values #isafsample would have been directly loaded
to UTS. This strengthens the findings from the pres Section (3.1.2) that the history of the
loading — number of loading cycles and waiting tilnethe unloaded phase — does not
influence the peak broadening upon unloading.

Third region: The FWHM from all peaks reduces slightly upon awdlmg once the
sample has exceeded the ultimate strength. Thnd tseclear visible in Figure 44.

region 1 region 2

105 ) hd v v v v L] b L]

100 -

FWHM [%]

270 300 330 360 390 420
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Figure 44: FWHM data of the unloaded sample. The dshed dotted line indicates as prepared FWHM
value. The dashed line marks the lowest FWHM valueapon unloading from 1.4GPa.
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Behavior of the peak positions

Figure 45 shows the peak position upon unloadifgerd are only marginal changes
in the FWHM values upon unloading from 1.4GPa {fregior). Therefore, the presented
data starts at the end of the first regibnthe diagram, the peak position values in ne@wo
and three are indicated by overlaid eye guide arnalicating the trend.

In the _second regigrihe peak positions of the 111, 222 and 311 pstd§sconstant,
confirm with former presented experiments. The 20@ 400 peak position gradually
decreases when the stress from which unloadingrienmed increases whereas the 220 peak
increases. The peak position values exhibit a 0.82Haction for the 200 peak family and an
increase of roughly 0.07% for the 220 peak. Thdsmnges are of the same magnitude as
those observed when no additional unloadings arfernpeed.

In the third region the trends of the peak position behavior changee most
remarkable changes occur from the 200 and 400 péaksvhich the peak position starts
increasing again. However, there the sample pgssitks and no clear stress state can be
defined. Therefore, no particular attention willfsed to these results.

region 1 region 2
100.12 —r—-——v——v——p——r———p——r——y
_100.10-
32 100.08-
100.06
100.04 1%

300 330 360 390 420
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Figure 45: Peak positions of the diffraction peak# the load is less than 30MPa on the sample.

Main findings:
The FWHM values for all peaks except the 200 peaklr their minimum upon unloading

from 1.4GPa. Then they monotonically increase witlieasing stress in the loading cycle
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beforehand. The change in peak position for the 220 and 400 peaks is as well monotonic
upon unloading after the loading values exceed P& he values reached once unloaded

from the UTS are similar as observed for a one-timaeling.

3.1.4. Effect of pre-annealing

It is known that the RMS-strain in NC-Nickel can ieeluced by annealing [45, 141].
To examine the effect of reduced RMS-strain, loatbad cycles were performed on pre-
annealed specimens. Beforehand, the influenceeoaitimealing temperature was studied in-

situ during X-ray diffraction and this in a relagly large temperature range.

In-situ annealing

The oven at the MS beam line of the SLS is desigodwld quartz capillaries. To be
able to test the NC-Nickel sample in the same os@&s during a deformation experiment,
the gauge section (0.2x0.2x~1Mrof a polished dog bone was cut out and placdédersuch
a capillary.

Starting from RT the temperature was increasedapssof 10°C from RT to 250°C.
Each step in temperature was held constant forihbtes. During the heating process, the X-
ray diffraction patterns were recorded continuousith an exposure time of 10 seconds.
Figure 46 shows the (220) diffraction peak measwedour different temperatures. For
temperatures below 200°C, the peaks can be fittddansingle P-VII function as is shown in
Figure 46 for the data obtained at 120°C. From @088, the use of two P-VII functions is
necessary in order to obtain a good fit. This isdestrated in the three other graphs of
Figure 46, displaying the data of the diffractioeags and the fits for 200°C, 220°C and
250°C.
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Figure 46: Diffraction peak (220) during the in-siu annealing at four different temperatures. The
measured data is presented in blue. Black and greenurves are the P-VII peak fittings without
background and magenta the summation of the two fied P-VII peaks plus the background.

Below 200°C

Figure 47 presents the FWHM in percent of theitiahivalue of all measured
diffraction peaks as a function of temperaturehis plot, each value represents an average of
45 consecutive diffraction patterns. Minor changethe FWHM occur until a temperature of
about 100°C. The 400 peak deviates more but trak pghibit the highest scatter due to the
small intensity. Above 100°C, the FWHM start to ueel for all peaks. At 140°C — shown
with a green dashed line — all the FWHM values cedio 95% of their original value. At
180°C, the peak widths have reduced to about 848surd this temperature, the deviations
between the different peaks start to become mopaitant. The 220 and 222 peaks exhibit
the largest reduction whereas the 400 peak shavsntiallest reduction.
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Figure 47: In-situ annealing of NC-Nickel. The FWHM of six diffraction peaks is plotted as a percentag
of the as prepared value versus the temperature.

Figure 48 shows TEM pictures of NC-Nickel in thepaispared state and annealed at
180°C, both pictures were taken with the same nfiagtion. The micrograph from the
annealed specimen (Figure 48a) exhibits a largetiém of grains which do not contain gray
scale variations within a grain (Figure 48b). Farthore, it can be noticed that in the
annealed material, the GBs can be more easilyndisghed, but this is of course a non-
guantifiable observation. The grain size distribntiobtained using dark field imaging is
presented in Figure 49 and a comparison with Figbrsuggests that no measureable changes
in grain size can be observed until 180°C.

Figure 48: TEM micrographs of (a) NC-Nickel anneald at 180C and (b) as prepared.
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Figure 49: Grain size distribution corresponding tothe TEM micrograph shown in Figure 48a.

Above 200°C

Abnormal grain growth in NC-Nickel has been obsdna temperatures between
190°C and 320°C [142, 143]. During this abnormalrgh, a bi-modal grain size distribution
is expected which results in diffraction peaks tbamsist of two convoluted X-ray signals.
One broad peak related to the nano-grains and amever peak related to the already grown
“bigger” grains. Therefore, the use of two P-VIha@ions as shown in Figure 46 is justified
above 200°C.

Figure 50 compares the integrated intensities®two contributions. The intensity of
the narrow peak gradually increases from 200°CAoound 230°C the contributions of these
two peak intensities are roughly equal. The scattethe data below 210°C is due to the low

intensity of the narrow peak.
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Figure 50: Relative contribution of the total integated intensity of the 220 peak during in-situ annaling.

Main findings:
In-situ annealing experiments showed that a redacin the FWHM starts to occur just
above 100°C. Furthermore, if the temperature exs&fi0°C XRD suggests a bimodal grain

size distribution indicating abnormal grain growth.

Load-unload experiment on pre-annealed specimens

To study the effect of pre-annealing on the redogerof the FWHM in the
microplastic regime, load-unload cycles were cdroet as presented in Section 3.1.1. The
samples were annealed prior to loading during 3@utes at 140°C and 180°C. These
temperatures have been chosen on the basis of foerperiments, evidencing a clear
reduction in the initial FWHM but no measurableigrgrowth.

Stress strain data

Figure 51 shows the stress strain and stress tateeal the three samples. Two series
of loading cycles were performed where the sampie® loaded to 25%, 40%, 60%, 75%
and 95% of the UTS. Between each cycle, the sanwes kept unloaded for 20 minutes.
The stress strain data shows that the as prepateditkel deviates much faster from a linear
behavior than the annealed material. In other wottds annealed NC-Nickel exhibits an
extended linear behavior and a shorter strain-manderegion if compared to the as prepared
material. It is also evident that the samples farrauch earlier if they where annealed.
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Figure 51: Stress strain a) and stress time data tluring load-unload tests on as prepared materialkjue)
and pre-annealed at 140°C (green) and 180°C (red).

FWHM data

Figure 52 shows the comparison of the FWHM for ¢htested samples: the as

prepared material is shown in blue and the annesdetples are presented in green (140C°)
and red (180°C).

The as prepared materigblue curve) shows in the first series a redugctiamtil the

sample was loaded for the first time into the fydlgistic regime. Once the sample was loaded
to the fully plastic regime, a time dependent recgvof the FWHM is observed after
unloading (Section 3.1.1).

If the sample was pre-annealed at 140%een curves), the initial value of the

FWHM is lower then that of the as prepared samphe reductions upon unloading in the

first series are smaller but still existent. Furthere, the lowest value for the FWHM that is

reached upon unloading from 1.4GPa is below thethed in the as prepared material. The
time-dependence appearing after loading to the #imass is still existent but less pronounced
than in the as prepared material.

If the sample was pre-annealed at 180%0th the time-dependence and the extra
recovery vanish (red curve). Note that the valuehef FWHM in the 180°C pre-annealed
sample is well below the lowest value of the FWHMttcan be reached by load-unloading
cycles in the as prepared sample. The FWHM is hewelearly irreversible after unloading
from the full plastic regime. This is not easilystale in the 111 diffraction peak, however
very pronounced for the 220, 311, 222 and 400 peaks
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Figure 52: Comparison of FWHM during load-unload cycles from NC-material. The blue curves
represent the as prepared material. The green anche red curves are obtained from samples that were
pre-annealed at 140°C and 180°C respectively.

Peak position data

Figure 53 shows the influence on the peak postdiaing load-unload cycles at three
different temperatures. The peak position of the@ @2ak increases and that of the 200 and
400 peaks decreases (see Figure 53a). In FigurarBb, it is clearly visible that the relative
change of peak position upon unloading from fullgsfic deformation exhibits the same

trend but the amount of the change is reduced &apnealing the sample.
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Figure 53: Relative peak positions of the as prepad a), 140°C b) and 180°C c) annealed specimen.
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Main findings:
Load-unload experiments have demonstrated thatragidhe RMS-strain present in the as

prepared NC structure can be relieved by load-udla@ycles in the microplastic regime
before the maximum flow stress is reached. WheRM®-strain is reduced by means of pre-
annealing at 140°C, the reduction in the FWHM upoioading in the microplastic regime is
reduced. No extra recovery can be observed anymbien the sample is pre-annealed at
180°C. Also the time dependent recovery of the FWIigbh unloading can be reduced by
pre-annealing however this effect does not vanshptetely. The relative changes occurring

in peak position in the as prepared material argslpronounced in pre-annealed samples.

3.1.5. Summary

In-situ deformation experiments revealed a revéitsitof all peak widths for NC-
Nickel at least to the value of the as preparete sia was already shown by Budrovic [85,
89]. Moreover, it could be shown that

a) the loading sequence and waiting time between ltlading cycles does not
influence the peak broadening value reached uptwadimg,

b) the lowest reachable possible peak broadeningas unloading from 1.4GPa,

c) and a reduction of the intrinsic stored RMSiattzy annealing reduces the FWHM
upon unloading till stress levels of 1.4GPa.

Furthermore, upon unloading the peak position$i@f200, 400 and 220 peaks change
gradually from 1.4GPa until the UTS whereas the, 2PP and 311 peaks do not change.
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3.2. Temperature influence on the deformation behavior

Plastic deformation of NC-materials is governeddisfocation processes that can be
thermally activated [144]. Moreover, it is knowdpl] and shown (3.1.4) that temperatures
higher than RT can change the RMS-strain structidC-materials.

In the previous Section (3.1), all tests on NC-NMickere performed at RT. To study
the influence of temperature without changing therastructure and internal strain similar
experiment as presented in the previous Sectioms performed at temperatures well below
the RT.

3.2.1. Multiple load-unload cycles at 180K

Figure 54a shows the stress strain response of-alisk&l specimen tested at 180K
(colored data). The experiments were carried oth e set-up described in Section 2.2.2.
To ease the comparison, RT stress strain dataddedan grey. The ultimate tensile strength
at 180K is higher then its value at RT.

Figure 54b shows the FWHM of the 311 peak usingstee colors for the different
loading cycles. In contrast to the reversibilityapebroadening observed at RT, at 180K the

FWHM does not recover upon unloading.
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Figure 54: Stress strain data a) from load-unload xperiment at RT (gray) and 180K (colors), b)
corresponding FWHM (311) data.
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This difference in the FWHM between RT and 180kKn@re visible when plotting the
FWHM versus the true stress. Figure 55 shows &tdo@mparison between a deformation at
RT and at 180K for the 311 peak.

The RT data in Figure 55a, is already discusseskrtion 3.1. The LT data shown in
Figure 55b, exhibit one clear difference. The sigrtpoint of the FWHM is for each
successive loading cycle higher compared to thérgggpoint of the previous loading cycle.

The FWHM behavior during loading at LT is similar the behavior at RT. In the first
loading cycle (black data), only little change @bdadening in the 311 peak width can be
observed until ~1GPa. Then a change in slope (FWididus stress) is clear visible and most
pronounced around ~1.2GPa. In the following loadiggles at LT (2, 3¢ 4" and %", the
FWHM increases for all peaks from the beginninghe loading and the change of slope
between the beginning and the end of the deformasdower when compared to the first

loading cycle (black data).
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Figure 55: a) FWHM of the 311 reflection of different load cycles plotted against their true stress foRT
deformation and b) at 180K (LT)

Details about other diffraction peaks are preseirideigure 56. Overall, one can see
that there is a similar behavior for all diffractippeaks. The starting point of each loading
cycle is higher than the starting point of the poas cycle. Small differences in the slope of
the FWHM versus stress behavior between the sugedsading cycles are present.
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Figure 56: FWHM of six analyzed diffraction peaks.The initial FWHM values are 0.185 (111), 0.325
(200), 0.400 (220), 0.398 (311), 0.290 (222), 0.64m).

An exception is the 220 peak where in the beginwointipe deformation a reduction in
FWHM is observed, as demonstrated in Figure 57. HW&#IM reduces in the first loading
cycle up to roughly 1.1GPa indicated with a blagkwa. After reaching this load, the FWHM
increases with further increasing stress. In eddhe following loading cycles, the FWHM
reduces first till a certain load value and thartstincreasing again. The stress at which the
FWHM starts increasing gets always lower with imasiag cycle number. At the fifth loading

cycle, the FWHM starts already increasing at 600MRdicated with a magenta arrow).
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Figure 57: FWHM of the 220 reflection during deformation at 180K.
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Figure 58 shows the temperature-time data (bluehguhe experiment plotted on top
of the true stress-time data (red). Even though dtepwise unloading was performed
reasonably fast, it took several seconds. Oncedh®le was unloaded to a low force, five X-
ray patterns were recorded before reloading. Theftwce, which was clearly less than 1N
(~10MPa), was necessary to keep the sample witiengrips. The whole procedure of
unloading and static measurement plus startingnéwe loading cycle took at least two
minutes. Figure 58 shows that all loading cyclesktmore than one and a half hour during

which the temperature changed by seven degrees.
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Figure 58: The temperature during the load-unload gperiment in terms of time

Microstructural characterization with SEM and TEM

Figure 59a shows a SEM micrograph of one side ef ftActured sample and a
magnification of the fractured surface taken frdma bther side of the sample (Figure 59b).
The geometry of the fractured surface suggests fthature is triggered by a flaw. The
discontinuity in the fracture surface starts at ltheer left and extends to the central region
(see Figure 59a). Investigating the fractured searfat a higher magnification, a dimple-like

structure can be seen (Figure 59b). The size ddithples is much larger than the grain size.
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Figure 59: a) SEM picture of fractured LT deformed sample. b) Magnified picture from the opposite side
fractured piece. Booth pictures where recorded withan acceleration voltage of 20keV.

Figure 60a, presents a brightfield TEM microgragken close to the fracture surface.
Some strain fields in grain interiors are visiblet kompared to the as prepared material
(Figure 2a) these seems to be less pronouncedealized which is probably is a result from
the reduced amount of strain fields. In the sanea,aa set of dark field TEM images were
made. From these data, a grain size distributi@xisacted and presented in Figure 60b. The
average grain size derived from 182 counted giigiB$.1nm and shows a standard deviation

of 19nm. This is a small increase compared to sherepared value of about 28nm.

Number fraction

0 20 40 60 80 100
Grain size [nm]

Figure 60: a) TEM bright field image of the LT defamed sample. b) Grain size distribution taken from
dark tilt images close to the fracture surface. Thénsert shows a small area of such a TEM micrograph
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Main findings:

The load-unload cycles at LT exhibit irreversibleak broadening upon unloading which is
not the case at RT. Furthermore, similar to RT olmtgons a change in slope (FWHM versus
stress) is present which reduces with increasingrdeation cycle. During LT deformation,

the grain size increases slightly.

To tackle the stored irreversibility in the FWHMarpunloading at LT the following
tests have been performed.

» After plastic deformation at 180K, the peak profias followed during re-warming
the sample to RT. Then the sample was subjecteahtther loading cycle at RT
(Section 3.2.2).

» Load-unload cycles were performed in the micropastyime at LT (Section 3.2.3).

e LT deformation tests on UFG-Nickel were performedrivestigate the temperature

influence on grain sizes bigger than the NC redi8extion 3.2.4).

3.2.2. Single load-unload cycles at LT with subsequent lahunload at
RT

Figure 61a shows the stress-strain data of the-uodmhd cycle at LT (blue) with a
subsequent one at RT (red data) where it can be ge# the flow stress during the
deformation at LT is clearly higher than the floiress at RT. Between the loading cycles the
sample was reheated to RT. Such heating shouldneéxtee sample through thermal
expansion, however, a reduction in plastic streomf2% to 1% is observed. This “reduction”
can be explained through ice formation as folloAshough the LT deformation setup was
designed to prevent ice formation, it is possibigt ta small layer of ice (~2@n) formed on
the sample during the cooling phase. This wouldeiase the length of the dog bone measured
with the CCD at LT and reduce it through meltingidg the heating phase.



86

a) 25 b :
J ) L
o 1.5 2 -201 '
n = H
£ 1.0/ £ -0
2 g— -60+ e LT def.
> 0.5 \ ’ e RT def.
= 2 -804
0.0 100 +————— —
0 50 100 150 200
True strain [%] Time [min]

Figure 61: a) Stress-strain data from load-unload ycles performed at LT and RT. b) Temperature-time
data during the whole test. The period where the saple was deformed is correspondingly marked in blue
(LT) and red (RT).

Figure 61b shows the temperature during these tiestise beginning, the sample was
cooled only by the Cryoj&t Once a temperature of -20 © C was reached, thefioger was
flushed with liquid nitrogen. A fast drop in tempaurre occurred and stabilized after 15
minutes at -93°C. A small increase in temperatyré.bK was observed around 100 minutes
and lasted for 30 seconds. This increase in teryeraccurred probably due to a short
problem in the liquid nitrogen flow, since no othelnange, e.g. in the force or strain
measurement, was recorded. To reheat the sam@i& fost the Cryojet was switched off.
At a sample temperature of about -40°C the liquittdogen flow was stopped and the
temperature continued to rise. The gap in the teatpee between -40°C and -60°C is due to
measuring method explained on Page 29.

In Figure 62, the FWHM during this test is shovem four peaks. All peak widths
stay at their initial value during cooling to 180Hpon unloading this width is irreversible as
already demonstrated in Figure 55. The strikingt parthat during heating until RT the
FWHM reduces gradually back to their initial valdée exception is the 311 peak where 11%
of the total broadening does not recover. All otheaks show complete reversibility of their
FWHM within the resolution limits. During the follang deformation carried out at RT the
FWHM values are entirely reversible upon unloadiefative to the condition before RT

deformation.
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Figure 62: FWHM during loading at 180K followed by a loading at 300K.

Main findings:

The LT deformation exhibits an irreversible broadgnupon unloading. However, the
thermal energy applied to the sample through retingato RT causes a reduction of all peak
widths and the FWHM of most peaks return to thaitidl value. During the following
loading cycle at RT, the FWHM is again reversibléicli demonstrates that the —

deformation and temperature — history of the sangpt# no importance.

3.2.3. Load-unload cycles in the microplastic regime at kv
temperature

Similar load-unload cycles as presented beforel{8edtion 3.1.1) with waiting times
of 20 minutes in the unloaded state were perforatet80K. During this experiment, slight
ice formation on the sample occurred which causedri@egular increase of the length
measured from the CCD (see Figure 8). Therefoeestitain measurement of this test was not
possible. The stress-time and temperature-timeesydre presented in Figure 63. The
temperature changed about 10K during a test pefidd5 hours. Around 160 minutes after
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the test started (see Figure 63), a constant isereathe temperature is visible. This was
caused by a loss off cooling power on the colddm@ee Section 2.2.2). The stress time data
(blue in Figure 63) show spikes during cooling leé sample. This is caused by the operating

PID controller, which tries to retain an “unloades#imple.

Stress strain data

Once the temperature stabilized, the sample wasitield to two series of loading
cycles. The first series had loading values of 4B@M800MPa, 1250MPa and 2070MPa
separated by an unloaded time of 20 minutes. Ttenskeseries had only three loading cycles
with slightly different stress values (860MPa, 18a and 2150MPa).
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Figure 63: Load-unload cycles performed around -9@. The zero point in time is set when the X-ray
diffraction recording started.

Analyzing the FWHM of the low temperature measuremsg

To analyze the LT measurements it is best to coenffagm to a similar RT test.
Therefore, in Figure 64, the FWHM values during ddformation of a) the 200 and b) the
311 peak are presented together with a RT expetirftest 2" already shown in Section
3.1.2. There the initial FWHM values of the diffetgpeaks are subtracted from the values
during load to ease comparison. This was necessaityis explained in Appendix C.

During cooling, the FWHM does not change, as ghewn in Figure 64, because the
first 10 data points were measured at RT just leefooling started. This also shows that the

stress spikes occurring during cooling did not@ffee peak broadening.
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The green arrows shown in Figure 64 indicate theettlependence in the FWHM.
They all have the same slope of 0.025degréeg@r hour and start after the first unload from

the fully plastic regime.
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Figure 64: FWHM of a) the 200 peak and b) the 311gak during the test series at 180K compared to a
loading series at RT. The initial values are subtreted. For details, see text.

FWHM behavior of the 200 peak

Figure 64a compares the FWHM of the 200 peak durm and 180K.

FWHM reduction

The reduction in the FWHM after the fully plastmading is larger at RT (marked
with an (a)) than at LT (b). It has been shown befthat the 200 peak exhibits additional
reduction upon unloading from the full plastic megi (a) compared to the value upon
unloading from 1.4GPa (c). This is also the casdlfe experiment at 180K. However, it has
to be mentioned that the stress level in the uddaegion before loading to the UTS (b) at
180K was only 1.25GPa compared to the 1.4GPa dtRT

FWHM time-dependence

The time dependence after full plastic deformatdrlLT is marked with the green
arrow. At RT, this slope is the same within thettgra(green arrows exhibit the same slope
for RT and LT), but the constant slope is reachiéer a fast reduction immediately after
unloading (a). During a test at 180K, such inifedt reduction is not present after unloading

(b).
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Heating to RT

An expected feature occurs during the heating to(8€E previous Section 3.2.2).
During the heating (start marked with e), the FWHlue reduces and reaches a value

comparable with the values obtained after deforonadit RT.

FWHM behavior of the 311 peak

Figure 64b compares the FWHM of the 311 peak durRmgand 180K.

FWHM reduction

The reduction in the FWHM after loading to 1.4GRdA.80K (f) is less compared to
the RT reduction (g) and is similar to the reduttioccurring at RT if the sample was
unloaded from 800MPa (h). However, also here ittbase mentioned that the stress level in
the unloaded region before loading to the UTSt()&K was only 1.25GPa compared to the
1.4GPa at RT (g).

Upon unloading from the fully plastic regime, th&/AM at RT (i) is only slightly
lower than that at LT (j); however, both FWHM vaduare higher than the as prepared value.
This irreversibility in the FWHM at LT increasesamit is loaded to the second time to the

full plastic regime (k).
FWHM time-dependence

The time-dependence in the 311 peak upon unloaflorg the full plastic regime
seems to be more pronounced at RT (starting dtai) &t 180K (starting at j). The green
arrows are again with the same slope printed ootadpe data.

Heating to RT

During heating, the FWHM value of the 311 peak medustrongly until the end of the
test (starts marked with (l). Similar as for theO2peak the FWHM reaches a value

comparable with the values obtained after deforonadit RT.
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Behavior of the peak positions

The evolution of the peak positions during the Ingdcycles at LT are shown in
Figure 65. In general, the behavior at LT is simda that at RT (e.g. Figure 41). The first 10
data points were measured before the sample wadgdcdo testing temperature and an
average of these values are used for the starbimg (100%). When cooling the sample the
peaks shift of about 0.1% compared to the RT peaditipn, which corresponds to the
thermal expansion/contraction.

Before the maximum stress is reached, the peakigusreturn upon unloading to the
initial (LT) values, which is the same as at RTe($&gure 41). After deforming the sample
the first time into the full plastic region, thelagve change in peak position is the same as
observed at RT. The 220 peak position changesrgeravalues (~0.07%) and the 400 and
200 peaks positions reduced their value by apprataty 0.05%. The relative changes at LT

are similar as at RT.
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Figure 65: Relative peak position compared to the Rvalue during several load-unload cycles performed
at 180K.

After the two series of loading cycles, the sampis warmed up to RT in the
unloaded state. During this heating process, akgehange in a similar way according to the
thermal expansion and reached the expected RT svafier plastic deformation. The 111,
222 and 311 peak positions return basically tortimial RT position but a slight reduction
of 0.01% is present. The 220 peak position exhdntencrease of 0.07% and the 200 and 400

peak positions a reduction of 0.05%.
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Main findings:
The comparison between LT and RT deformation rewbak the reduction in the FWHM of

the 200 and 311 peak upon unloading from the flalstec regime is less when carried out at
180K. It shows as well that these effects are remt@nce the specimen is heated to RT. The
time-dependence upon unloading is roughly the sain®th deformation temperatures. The
peak positions behavior at 180K is equivalent ® Ilehavior at RT except that the absolute

position changes according to the thermal lattioatcaction.

3.2.4. Loading cycles on UFG-Nickel

In order to demonstrate the differences in the mheftion behavior between NC and
coarser grained Nickel all key experiments wer® g@srformed on UFG-Nickel. For these

experiments, the same set-up and sample shapeseds u
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Figure 66: Stress strain data from HPT-Nickel testd at different temperatures.

On HPT-Nickel several load-unload cycles were pentx at RT as well as at 180K.
Figure 66 shows the stress strain data from the&perienents. The maximum load and
maximum elongation reached at RT is in agreemetit wievious published results [69].
Similar to NC-Nickel a higher strength at lower fgmature can be observed, 1.17GPa at RT
and 1.30GPa at 180K. The elongation to failurdrsoat the same for both temperatures with

a value of around 8%.
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Figure 67: FWHM of the 111 peak during deformed viaseveral load-unload cycles at a) RT and b) LT

In Figure 67 shows the FWHM of the 111 peak dudefprmation of UFG-Nickel at
RT a) and at LT b). There is a clear irreversipilit the FWHM upon unloading from the
plastic region for both the RT and LT deformati@uring loading the sample for the first
time, the FWHM stays constant until 0.7GPa for Ritl 8. 9GPa for LT. At higher loads a
strong increase in peak width occurs. However, duthe following loading cycles the
FWHM behaves differently. During RT deformatione tRWHM is first slightly decreasing
until 300MPa before increasing. At LT, the FWHM iradiately increases even at the early
stage of loading.

In the last loading cycle both samples were defdrtoe~8% true strain (see Figure
66). The FWHM behavior at RT after the UTS (Fig@#a, last loading cycle in blue)
consists of a stable broadening or even a smalictexh. In contrast to the RT deformation,
the UFG-Nickel sample deformed at 180K increas€WaHM after the UTS (Figure 67D, last
loading cycle in green). However, this differenes o be taken with care due to the fact that

the sample exhibit necking and no defined strese s present.

Grain size distribution: HPT Nickel

TEM investigations were carried out to characteritee evolution of the
microstructure in the deformations zone after defiiion at 180K. A bright field micrograph
from the deformation zone of the HPT Nickel specingeformed at 180K is presented in
Figure 68a. Some grains show clear GBs, howevernihjority of the GBs are not clear

enough to distinguish between the grains in a brighd image. The dislocation defect
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structure is pronounced in some areas but no honeoge pattern is recognizable across the
observed area.
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Figure 68: a) Bright field TEM picture of HPT nickel after LT. The inset shows a selected-area diffrdion
form the whole region. b) Grain size distribution fom several dark field images (inset).

Figure 68b shows the grain size distribution frob® Hrains obtained from dark field
images. The average grain size after deformatiob8@K given is 167nm with a standard
deviation of 92nm. This value is very similar comgzhwith the as prepared value of 155nm
(see Section 2.1.2).

Main findings:

The FWHM behavior of UFG-Nickel is similar at RTdeatt LT. However, if the FWHM
behavior of UFG-Nickel during deformation is comgarwith NC-Nickel it is distinctively
different. The peak broadening in UFG-Nickel in@es permanently upon unloading from a
plastic deformation compared to the as preparedu@alHence, this FWHM behavior is
equivalent what is expected for CG material [8%]14

3.2.5. Tensile failure of nanocrystalline Nickel

The failure of many NC-Nickel samples is usuallysed by a flaw like defect (Figure
69a). Some samples deformed at 180K exhibit elomgmtto failure of about 7 percent
(Figure 69b) and some samples deformed at RT tfdilSapercent. Due to the low significant
statistics, it is difficult to derive general rulédghe temperature influences the elongation to

failure. However, what can be said with certairgythat all samples observed within this
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thesis, which do not exhibit an elongation to faglof 7 percent, contained a flaw like feature

within their fracture surface.
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Figure 69: SEM micrograph from a fracture surface fom a sample deformed at (a) RT (4.5% elongation
to failure) and (b) 180K (7% elongation to failure)

3.2.6. Summary

LT experiments reveal a change of peak width bemadiring deformation for NC-
Nickel whereas the peak position only changes thigmmal contraction. The reversibility of
peak width by loading the sample in the full plasggime disappears and upon unloading a
slight irreversible peak broadening is present. elav, this broadening can be removed by
bringing the tested specimen back to RT.

Experiments on UFG-Nickel reveal a clear irrevdesilpeak broadening upon
unloading compared to NC-Nickel, however, for UF@&Ke¢l no noteworthy difference could
be observed between RT and LT behavior.
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3.3. Transient mechanical test

To gather more information on the underlying defation mechanism occurring in
NC-Nickel so-called transition tests were perfornmedollaboration with J.L. Martin who is
an expert in this field [74]. The general idea ddnsition tests is to alter one imposed
condition such as strain rate, stress or temperand study the response of the material. In
this frame work, strain-dip tests at RT (3.3.1)vesll as successive stress relaxations at
different temperatures (3.3.2) were carried outletailed essay about the materials response

and the mathematical description can be found ipefgix A.

3.3.1. Separation of internal and effective stresses

Strain-dip tests were carried out at RT during tamisstrain rate test (T6%) at three
strain levels (2%, 3% and 4% true strain). Thesst@ropsAt were performed with a strain
rate > 10°s™ followed by a short period of creep during whibk plastic strain, is measured
as function of time. This is shown schematicallyFigure 12 on Page 25. It is assumed that
the internal stress does not change during thessthep, i.e., there is no significant change in
the microstructure. The initial creep rate is deieed by a linear fit of the first 10s of creep.
For each different stress dropr, a different sample is used. All tensile test saspl
originating from the same batch and are prepard¢kdersame way. The Taylor factor (3.06) is

used for extracting the shear stre$om the applied normal stress [146].
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Figure 70: Creep measurements after a stress reduoh at 3% true strain. The true stress before the tbp
was 1.8GPa.
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Figure 70 shows the plastic strain as functionimétfor the five different stress drops
all performed at a true strain of 3%. It can bensémat if the stress drop is small a positive
creep rate is present, however if it exceeds ~12bbtear stress a negative creep is observed.
The corresponding creep rates as a functiontaire shown in Figure 71 where the dashed
line represents the best-fit obtained using eqoaté®) on page 173. The fit reveals now a

thermal (effective) stress component of ~140MPaskiess (420MPa normal stress).
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Figure 71: Creep rate as function of stress drop péormed at 3% strain. The dashed line represents ta
best-fit obtained using (40).

Figure 72 shows the effective and internal norrtralss for three different strain levels

(2%, 3% and 4% true strain) as a function of strain
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Figure 72: Macroscopic stress/strain curve togethewith the internal stress. The inset shows the efféve
stress as a function of strain.
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The measurements revealed that both internal essgg20MPa normal stress at 3%
true strain) as well as their ratio betweghz in the order of 0.3, are large as compared to
what is measured in single crystal FCC metals [1Bdtthermore, by using equation (41) on
page 173 an activation volume of £@an be derived for NC-Nickel tested at RT.

3.3.2. Activation volume measurements

Successive stress relaxations were carried outree tdifferent temperatures (180K,
230K and 300K) over the whole range of the stréssnscurve (see e.g. Figure 73). Details of
the stress-time data during relaxation in the iEastd in the plastic region are shown in the
insets of Figure 73. In the elastic region, theuotidn in stress was found to be zero after

three relaxations. In the plastic region, at maximfive relaxations were performed.
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Figure 73: Stress strain data during successive @ tations performed at several positions during
deformation at 180K. The inset shows two examplesf @uch successive relaxations at different stress
levels.

In Figure 74, the activation volumes calculatednfr@uccessive relaxations via
equation (52), (54) and (55) at several differamgles are plotted against the true stress and
true strain. The activation volume is expressedfjmhere b is the shortest Burgers vector of
a dislocation. This Burgers vector is the halfit¢&ttconstant in [110] direction, which is
0.249nm for Nickel. In the elastic region, an amfion volume in the order of 100is
measured at RT. If the sample is tested at 180K at#vation volume increases to

approximately double the RT value.
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The activation volume measured at higher strairegsés decrease for all three tested
temperatures. At RT, the reduction moderates ar@ubib true strain (1GPa) and continue to
reduce. Around 3% true strain the activation volueches its minimum of 1&bAt lower
temperatures, this change seems to happen at hgh@ns/stresses. However, tests

performed at 180K also reach the lowest activatiolume around 3% true strain but the

value of 358 is distinct higher than at RT.
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Figure 74: Activation volume data points plotted vesus the strain and stress they are measured at tee
different temperatures.

Activation volumes measured after the UTS was redgchre not presented in this data

because the real stress state in the necking regiandefined (see Figure 73 and equation

(51)).

3.3.3. Summary

The internal stress as well as the ratio betweenriternal and effective stress is very
high in NC-Nickel. Successive relaxation at RT aded an activation volume in the order of
156* which is approximately the same value as found \sitiin-dip test. The measured
activation volume in NC-Nickel is at least one ara¢ magnitude smaller than typical
activation volumes found for CG Nickel [45]. WhenCMickel is tested at 180K the

activation volume increases to ~35b
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3.4. Compression results

The limited tensile ductility of NC-Nickel does nallow to obtain large deformation
levels. Therefore, compression tests were carrigdt® study the material at large plastic
strains. Furthermore, the grain size stability i@ Metals has been of concern since the large
energy associated with the high density of GBsasgmts a driving force for grain growth. To
investigate the stability of NC-Nickel long-timerests relaxation experiments and long-time
creep tests were carried out at stresses clobe tdTS.

3.4.1. Load-unload cycles

Mechanical data

Figure 75 shows the stress strain data from sid-lodoad cycles performed on NC-
Nickel in compression. The sample was loaded withingtial strain rate of 1.6*10s™. In
order to follow the behavior of the peak broadeniihg sample was unloaded at different
stresses/strains (0.8GPa/2.3%, 1.5GPa/4%, 1.88GPa/&2GPa/l10%, 2.02GPa/15% and
2.04GPa/19.7%). Between each unloading and thelo&ding cycle, the sample was kept 10
min in an unloaded state, allowing detection ofeaentual time dependent recovery of the
FWHM. The characteristic of the stress strain cusvehat after a short strain-hardening

regime NC-Nickel plastifies with an almost consttmiv stress.
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Figure 75: Stress strain data of a load-unload cyelin compression.
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Figure 76 presents a SEM picture after compresdefermation. The post-mortem
investigation revealed a plastic deformation of3%¥.engineering strain. It has to be
mentioned that the deformation mode applied hees dot correspond with an ideal uni-axial
compressive mode. The deformed sample was slibhtineled after deformation (as is shown
in Figure 76), which has to be ascribed to frictibetween the sample surface and the
crossheads.

472.7(im

80.7% from original
19.3% deformation

Figure 76: SEM picture of the deformation sample akr the loading cycle.

Diffraction data

Figure 77 shows the FWHM of the (111), (200), (22(B11), (222) and (400)
diffraction peaks as a function of time. Upon eaalobading, there were 10 min waiting time
before the sample is reloaded. In the first twooading cycles (green and blue), an extra
recovery of the FWHM for all peaks is present. Agher stresses, the (111) and (200)
continue to reduce upon unloading whereas all gikeks have a tendency to demonstrate a
slight increase. After the third time loading (ma@g, a time dependent recovery of the
FWHM sets in upon unloading. The maximal amounpedk broadening during compression
testing is of the same order as during tensilestésir example, the broadening of 311 peak
during tensile testing is around 0.19)2This is visible in Figure 36 if the value upon
unloading from the microplastic regime is companeth the FWHM value at the UTS. The
broadening of the 311 peak reached during commedssting in the fourth loading cycle

(cyan in Figure 77) is as well around 0.1°.



102

peak 111 peak 200 peak 220
0.22 T T 0.38 T T r r
0.36} 0.45f
= 0.2 I
I ! 0-34 0.4 L
= 0.32f
i 0.18
0.3} 0.35f
0.16 . . 1 . . L . . L
0 50 100 150 0 50 100 150 0 50 100 150
peak 311 peak 222 peak 400
r r T T 0.8
0.5 0.4}
= 0.7}
= 0.45}
= 0.35}
""" 0.6f
0.4 . | 1 oaf . |
0 50 100 150 0 50 100 150 0 100 150
Time [min] Time [min] Tlme [min]

Figure 77: FWHM (in ° of 20) of six peaks during six load-unload cycles. Eaatolor corresponds to one
load cycle and the following 10minutes unloading pd.

The peak positions of all six peaks are displaygalrest time in Figure 78. A red and
green dotted line indicates the initial and thé V@tue in the unloading state respectively. For
the 220 peak, little is changing in all unloadingtss. For all other peaks, a small increase
upon each unloading is visible. The effect is mehounced in the 200 peak. A comparison

with tensile test results is presented in the disimn (Section 4.2.2).
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Figure 78: Peak positions versus time during six kd-unload cycles.

TEM analysis

Figure 79a shows a brightfield TEM micrograph of @M lamella from a central
region of the deformed sample. Compared to as pedpaaterial the polygonal shape of the
NC grains are better visible in the micrographstime areas, there are contrast variations

within the size of one grain. A few possible twiomuld be observed indicated by red arrows

in Figure 79a.
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Figure 79: a) TEM brightfield picture from the compression sample after deformation and b) the
corresponding grain size distribution from severaldarkfield images.
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The grain size distribution shown in Figure 79khibk a mean value of 32nm and a
narrow distribution affirmed by the standard dewiatof 15nm.

Main findings:

The load-unload cycles in compression exhibit aimam elongation of 19.7% true strain at
a stress of 2.04GPa. The FWHM of the 111 and 2@k peduce upon each unloading
whereas the FWHM of the other peaks slightly inseeaFurthermore, a time dependent
decrease in the FWHM upon unloading is visibledlbrpeaks after deformation to 6% true
strain. TEM micrographs reveal a mean grain siz&82hm after deformation. Furthermore,
the TEM micrograph show more clear and distinctigsaif compared to the undeformed

material.

3.4.2. Stress relaxation test

Mechanical data

Figure 80a shows the stress strain data and tlessstime data of a continuous
compression test. The sample was loaded with coinsteosshead speed of 0.1mm/s

equivalent with an initial strain rate of ~1.65*40.

a) b) 2
& 1 &£15
S, o,
@ %
o 1 ¢ 1
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0 5 10 -20 0 20 40 60
True strain [%] Time [min]

Figure 80: Stress strain and stress time data for eelaxation experiment in compression. The dasheced
line/red dot mark the point from when on the crosskad where stopped. The increase in strain after the
crossheads are stopped is due to the MTM.

The true-stress true-strain curve can be charaetéby a linear loading until ~1.2GPa
followed by a transient region. At a strain of 7.8%responding with a load of 1.88GPa, the
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crosshead was stopped (indicated in Figure 80aami#d dot and in b with a red dashed line)
and the stress reduction was followed over timguifd 80b). After 65 minutes, the stress
level dropped 14% to 1.62GPa. However, due to lifiness of the MTM (see also Section

2.2.3 at Page 31) the sample gained 1.6% additgtreaih.

TEM analysis

The micrograph in Figure 8la shows a typical af@aly a few grains are clearly
visible. The TEM brightfield image is characterizZaygl strong contrast variations well below

the grain size. From several dark field imageseamygrain size of 28nm was established.
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a),b.'g‘-r War 35 _@o.zo —_—
m § &L,"? GS= 28.4 (+/-13.7) nm
‘i pfn g 016 Total= 394 grains
| % 0.12
2 0.081
£
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— :
0 20 40 60 80 100 120
Grain size [nm]

Figure 81: a) TEM micrograph and b) grain size distibution of a strain controlled compression
experiment.

3.4.3. Creep test

Mechanical data

In Figure 82a, the stress strain data and thesstimag data of a creep/load controlled
test is shown. The sample was first loaded withoastant crosshead speed of 0.1mm/s
equivalent with an initial strain rate of ~1.75*K). As the engineering stresses reached
2.0GPa (5.8% engineering strain, marked with ade)l the sample was kept at constant load
until 15% strain. This creep period lasted for Pdiutes and was followed by an unload.
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Figure 82: Stress strain and strain time data for aconstant load experiment in compression. The daste
red line/red dots mark the point from when on consint load was applied.

The strain (engineering and true) time data is showFigure 82b. The point where
constant load was started is indicated with a rashdd line on the time axis and a black
dashed line on the strain axis. After a rapid iaseein the first 50 minutes (primary creep) the

increase in strain stabilizes at a creep rate ofie#i*10°s* (secondary creep). This creep rate
data is shown in Figure 83.
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Figure 83: Creep data during constant load experimet in compression. The inset shows details above
50minutes creep.

TEM analysis

Figure 84a shows a TEM micrograph from the samfikr ¢he creep test. Compared
with the as prepared material (see Figure 2a)ntbmrecognized that the shape of the grains
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are better defined in the TEM picture. There are ¢ontrast regions but only few areas show
short/fast variations in contrast indicating a clgiin structure. The deformed sample exhibit

a mean grain size of 27nm established from 27hgredunted from dark field images.
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Figure 84: a) TEM micrograph and b) grain size distibution of a load controlled compression
experiment.

3.4.4. Summary

The load-unload compression experiments reveaktdthie peak broadening behavior
upon unloading after 20% deformation is comparalslevhat has been observed in a tensile
test. Pronounced is the reduction in the broadewainige 200 peak and the increase in the 311
peak width. The peak positions change slightly upmtoading. A comparison with the
tensile data is given in the discussion Chapter.

During the relaxation test started at 1.88GPasttess level dropped after 65 minutes
by 14% to 1.62GPa and reached a final deformatfor@86 strain. The creep test started at
2GPa and lasted for 240 minutes where a strairb®% tvas reached. This test exhibited a
primary and secondary creep region where in therlane a creep rate of ~4*39' was
reached.

Table 1 summarizes qualitatively the analyzed TEfght field micrographs from
NC-Nickel compression samples listed accordindhertgoverned strain. In general, there is
a trend that the grain shapes become more disfinhe sample was deformed to higher

strains.
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Strain | Grain size _
Test Observed features Figure
(%) (nm)
as prepared 0 26.2 Only few clear grain structures Figure 2
relaxation 9 28.4 Some clear grain structures leigar
creep 15 27.0 More clear grain structures Figure 84
Several clear grains with a well defined
load-unload 20 31.9 Figure 79
polygonal shape

Table 1: TEM analysis of compression samples comped with the as prepared material.

An important outcome from the compressed NC-Nickamples is that grain
coarsening seems to be minor even at these largssstduring compression. In NC-
Aluminum, stress driven grain growth was observadfifeestanding films during uni-axial
tensile experiments [68]. Furthermore, inert gasdemsed NC-Copper with an initial grain
size (32nm) shows an increase of more than doulen{) after compressive deformation
[148]. This can be seen in Figure 85 where theltefnom Copper and Nickel are compared

These results form other NC FCC metals highlighésstable grain size in NC-Nickel.

3 NC-Copper b NC-Nickel
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Figure 85: Grain size distributions of the as prepeed, strain-controlled and load-controlled Copper 3
and Nickel b) samples. Details on the deformationgrameters of NC-Nickel can be found in Section 3.2.

and Section 3.4.3 and from NC-Copper in referencelf48].
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3.5. XRD calculation plus Williamson-Hall analysis

It is known that dislocations and twins can chatigepeak widths and therefore the
shape of the WH plot. To study separately theiluarice, two different types of MD samples
were constructed where one contains only dislogat@nd the other one only twins. From
each MD cell type, an initial configuration withodeéfects and three other ones with different
defect quantities were studied using methods dssdtrin Section 2.5. From all eight MD
configurations isotropic X-ray diffraction pattermvere calculated (Section 2.5.5).
Furthermore, it has to be mentioned that Aluminuas whosen, rather than Nickel or Copper,
because the empirical potential used [138] alldvesrtucleation of both leading and trailing
partial dislocations at the GB during tensile defation due to the ratio of the unstable to

stable stacking fault being close to unity [55].

3.5.1. Introducing dislocation defects

A NC-Aluminum configuration, DIS-0 that containsQL@8efect-free grains (in total ~
5 million atoms) with a mean grain size of 10nm wasstructed (see Section 2.5.2.). To
obtain a relaxed structure the sample was flasteaad during 100ps of MD at 800K
followed by 10ps of equilibration at 300K. By apiply a constant uni-axial tensile stress of
1.6GPa to this sample, an initial strain rate ofx1¢ was obtained during the first 60ps,
increasing to a value of ~ 1.7X18t 80ps of deformation as shown in Figure 86. Sucipid
increase in strain rate beyond 80ps is relateti¢attivation of different slip systems within
one grain, together with the observation of someharical twinning close to triple junction
regions by means of sequential partial dislocatictivity from GBs [149]It should be noted
that the activation of multiple slip systems and tbservation of different slip mechanisms
originate from the high strain rates of simulati¢s5]. At the largest strain in Figure 86, a
total of 180 lattice full-dislocations were obsalvelhe goal was to obtain samples with
considerable dislocation content, justifying thee usf the high strain rates. Such
configurations were unloaded by instantaneouslycied) the applied load to zero followed
by RT MD for 20ps. Figure 86 also displays the esponding unloading curves (blue)
starting from three different plastic strains, tésg in the unloaded configurations DIS-1,

DIS-2 and DIS-3. The unloading of the sample waesgary to be able to calculate the X-ray
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diffraction pattern because the calculation invehan orientation average where the bulk
stress state must be isotropic.
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Figure 86: Deformation curve in strain versus simuition time to construct samples with certain

dislocation (DL) content. Black is the deformationof the initial sample by constant stress of 1.6GPahe
three blue data sets are the unloading curves.

The remaining dislocations were categorized intar fdasses as displayed in Figure
87 using the visualization software (AMIRRA Figure 87a and Figure 87b display two classes
of full lattice dislocations where the first repeas dislocations well within the grain interior
and the second perfect dislocations close to theRBfire 87c and Figure 87d represent both
partial dislocations. They are sub-classified &aty visible partial dislocation close to the
GB (Figure 87c), and the leftover core segmenta dislocation that is not fully absorbed
(Figure 87d). Note that the class represented gurEi 87d can be identified with either
nucleation of a partial dislocation or absorptidrire trailing partial; in both cases, a “lattice
Burger’s vector” content can be identified. Finaliypte that the percentage of multiple slip in
grains increases in the order DIS-1, DIS-2 and B[30%, 15% and 17%, respectively).
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Figure 87: Classes of dislocation used for the anale: a) perfect dislocation well within the grain;b)
perfect dislocation close to GB; c) partial disloction attached with its stacking fault to the GB; d)partial
core segment in the GB. For color code, see sectidn.2.

Table 2 presents a detailed atomic scale invegimgatf the dislocation structures of
the three unloaded samples in terms of the totahbew of remaining full and partial
dislocations, and their proximity to the GB. Itimportant to note that in spite of the short
unloading times, a large percentage of latticeodaions are absorbed in the GB: in DIS-3
110 of the 180 lattice dislocations present beforading are absorbed in the GBs during
unloading.
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Sample DIS-1 DIS-2 DIS-3
Number of dislocations 39 60 70
Number of perfect dislocations 18 36 42
% in grain interior 78 58 52
% close to GB 22 42 48
Number of partial dislocations 31 24 28
% clearly visible 81 79 79
% where core segment is only visible 19 21 21

Table 2: Number of dislocations within the differen samples, classified according to Figure 87.

3.5.2. Introducing twin defects

The twin defects transecting the whole grain am@nggrically introduced in a sample
with ~1.2 million atoms and 15 grains [150] with average grain diameter of the order of
12nm. Three samples are constructed where the sasmibl the lowest twin density (TWIN-
1) contains one twin in seven of the 15 grains. Sdm@mple called TWIN-2 contains one twin
per grain. The highest twin density is presentaimgle TWIN-3. There in average every"10
plane is a twin plane, which corresponds with antpriobability-factora. of 0.1 as defined in

the Warren twin analysis theory [112].

3.5.3. X-ray calculations from MD simulation cells

The calculated diffraction patterns/peaks from th#erent samples (DIS-0 [as
prepared and flash annealed], DIS-1, DIS-2, DI&®] TWIN-0, TWIN-1, TWIN-2, TWIN-
3) were fitted with the same function as the experital data, i.e. a P-VII (see Section 2.3.4).
Figure 88 shows now the 111 and 200 diffractionkpdeom a) two dislocation and b) two
twin samples. The black data was calculated froendéfect free samples and the red data
from the samples with the highest defect densiié® MD samples with the highest defect
density of each type are shown above the diffragteaks.
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Figure 88: Results on the dislocation (left) and ti (twin) samples. Diffraction pattern from the as
constructed (black) and defect samples (red) are elwvn with their corresponding MD sample
(corresponds to the red data).

Close inspections of the calculated diffractiontgrat reveal oscillations at the
background level originating from the relativelydiete and narrow grain size distribution of
the tested samples: sharp changes in misorientatioreal space introduce long-range
oscillatory behavior in reciprocal space. If ayrabntinuous grain size distribution is present,
this effect is averaged over. Figure 89 displaydatail the 220 peak and the corresponding fit
for samples DIS-00 (blue) and DIS-3 (green) witkitliesiduals. The residuals clearly show
now the weak oscillatory behavior. Interestinghge magnitude is somewhat reduced for the
dislocated sample. However, due to the same grapesand misorientation distribution of
the compared samples, such errors were systemaling it possible to identify trends over
different dislocation and twin densities. Despiledaficiency, each peak could be fitted to a

P-VII function with a relative error of at most 10#othe peak widths.
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Figure 89: Peak fit quality displayed on the 220 pek with the residuals of an as prepared sample (bk)
and one with introduced dislocations (green).

3.5.4. WH anisotropy from calculated spectra

The results obtained from the simulations and d¢almns are now the diffraction

pattern from samples with a known defect structurbe different signatures of the

dislocation and twins on the WH plot are shown iguFe 90 where the peak widths are

plotted as a function of peak position in termssoattering vector (18) for the diffraction
peaks 111, 200, 220, 311, 222 and 400.
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Figure 90: WH plot for all dislocations and twin sanples. For details, see text.
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Changes in the WH anisotropy through dislocations

DIS-0 produces a WH plot that exhibits little arepy (Figure 90a), confirming the
weak strain fields of the intrinsic GB dislocatiow#hin the as constructed dense NC GB
network [14]. For the deformed samples DIS-1 to-BJ&n increase in anisotropy is observed
with a pronounced increase in the integrated waiditine (311) peak as the dislocation content
increases. Also shown in Figure 90a is the WH ddtahe sample prior to the 800 K
relaxation procedure. It demonstrates that the coatipnal annealing procedure, which
results in a GB structure consisting of betterstledi extrinsic GB dislocations in general
high-angle GBs [151], also results in an increaséhe WH anisotropy similar to the type
obtained from dislocations.

Sample 111/222 111/222 200/400 200/400
Grain size (hm) RMS-strain  Grain size (hm) RMS-strain
(%) (%)
DIS-0 10.4 0.16 10.9 0.14
DIS-1 10.3 0.27 11.2 0.24
DIS-2 10.2 0.34 115 0.57
DIS-3 10.6 0.42 12.3 0.67

Table 3: Mean grain size and RMS-strain derived vidhe Cauchy-Gaussian deconvolution of size and
strain from the 111/222 and 200/400 family of theatculated diffraction peaks.

Table 3 displays the mean grain size as well asRiM&-strain of the 111/222 and
200/400 family of peaks using a Cauchy-Gaussiaomexution of the integrated width. The
grain size is approximately constant for all saraplehich can be expected from the short
MD simulation times used to introduce the dislamas. The RMS-strain increases roughly
linear with increasing lattice dislocation contest shown in Figure 91. The fluctuation for
grain size and RMS-strain are slightly bigger fog 200/400 family.
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Figure 91: Relation between RMS-stain and lattice idlocations. The data is taken from Table 2 and Tdb
3.

The RMS values extracted for the DIS-3 sample &k, tbut not unreasonable high.
RMS values of NC-Nickel extracted from the 111/2#%k family are around 0.36% (see
Figure 129). It has to be noted however, that ttaengsize differs quite a bit and for other
materials with the similar grain size, e.g. ineasgondensed Copper, much lower values are
obtained. Furthermore, NC-Nickel differs in othericrastructural details, such as
incorporatedmpurities.

To ascertain the contribution of lattice dislocaido the increase in anisotropy seen
in Figure 90a, sample DIS-2 was separated intooibstituent grains and an XRD spectrum of
each grain was calculated. An average XRD spectvasiconstructed from the XRD spectra
of those grains that do not belong to the clasdifim contained in Table 2, i.e. those grains
containing no observable lattice dislocations.
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Figure 92: WH plots of sample DIS-0 and DIS-2 as wlieof all grains from sample DIS-2 containing no
easily observable dislocation content.

Figure 92 displays the resulting WH plot comparedhe full spectra of DIS-2 and
DIS-0 and demonstrates that the grains that conmtairobservable dislocations produce a
similar WH anisotropy as that seen for the entammgle DIS-2. In other words, the increase
in anisotropy seen in DIS-2 compared to DIS-1 ariget just from those grains containing
easily observable lattice dislocations. That peakhs of DIS-2 without dislocations shifted
to higher values than those of the entire DIS-2 @anarises from the algorithm used to
extract the individual grains where only FCC ataans extracted with no nearest neighbors

close to the GB. Thereby the coherent scatteritignwe is slightly reduced.

Changes in the WH anisotropy through twins

The WH plots from the samples containing twin defeare presented in Figure 90b.
The samples with relative low twin densities (TWINand TWIN-2) change only slightly the
anisotropy when compared to the as prepared St&#N-0). The integrated width shifts in
general to higher values reflecting the smallerecent scattering volumes resulting from the
introduction of the twins. In contrast, the TWINs&mple with a twin probability factor of 0.1
shows a strong anisotropy compared to the othes.dnis clearly visible that the peak widths
of the 200 family (200 and 400 peak) have increasedpared to the other peaks. This is
explained by Warren’s twin analysis [112]. Qualitaly this is due to the fact that for the 111
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family there is always one 111 direction that i¢ affected by the twins, whereas all 100
planes have the same geometrical relationshiptivéli11 plane.

That samples TWIN-1 and TWIN-2 do not follow thiserid can be understood
qualitatively from the realization that the proldeic Warren analysis cannot be applied to
samples TWIN-1 and TWIN-2, since such an analysissders the peak index-dependent
coherent scattering volume length scale as theageedistance between neighboring twin
planes: TWIN-1 and TWIN-2 contain at most one twar grain and therefore the coherent
scattering volume length scale is defined by theraye distance between the twin and

neighboring GB.

Internal stress

Figure 93 displays a section of atoms showing drakgrain and its neighbors. The
left column (a, ¢ and e) is the configuration fample DIS-0 and the right column (b, d and f)
is the same configuration for sample DIS-2. Thegog is in a and b according to the local
crystallinity, in ¢ and d according to the localdngstatic pressure where blue represents -
1.5GPa or lower and red 1.5GPa or higher and indefaccording to their local deviatoric
stress (35) where blue represents 0GPa and redPa.96Ghigher. Intermediate stress levels
can be resolved with the presented color bar.dttbde noted that negative hydrostatic stress
represents tension and positive stress compresdibagleviatoric stress can be considered as
the magnitude of the maximal resolved shear stidss.yellow arrows in some sub pictures
indicate stress concentrations, which resultedh@ ¢ase of DIS-2 (d and f) from the
absorption of a lattice dislocation in the GB. ®mo slip occurred in the as prepared sample
(DIS-0), the stress intensities in ¢ are relate@Bodislocations.

In Figure 93D, the core structure of the dislogat@rcled in yellow) is clearly visible
by means of the red stacking fault connecting #edihg and the trailing partials. The
viewing direction of the atomic section shown irglie 93 is along the (111) slip plane
(indicated by the yellow lines intersecting thelg®l circle) and nearly perpendicular to the
(110) slip vector of the dislocation. Detailed aséd has shown that this perfect dislocation
has a predominant edge character with a Burget®vdrected towards the right hand side
of the figure. The edge character is reflectecha hiydrostatic stress distribution around the

dislocation (Figure 93d): above the slip plane, finessure shows a tensile region (blue)
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whereas below the slip plane (due to the extratdlDplane) a compression region (red) is

present.

a) b)

1.5GPa

-1.5GPa

1.5GPa

0GPa

Figure 93: The a) local crystallinity, c) local hydostatic pressure and e) local maximum shear of aestion
of the sample prior to loading (DIS-0). b), d), and) are the same sections of the loaded/unloadednsple
(DIS-2).

The deviatoric shear signature around the obseatatacation (Figure 93f) consists of
a high shear region below the dislocation (red)sTi$ not the expected signature from an

edge dislocation according to elasticity. The loagge stress fields associated with a perfect
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dislocation should create shear lobes ahead anddahperfect dislocation [4]. The reason
for the suppressed shear lobes lies probably inntlage stresses occurring from the nearby
GBs and/or the 250fs time average, which does @mwiove all variations in stress arising
from thermal activity.

The WH analysis above could show that additionasaropy does not necessary
origin from lattice dislocation. Therefore, it isovth investigating the development of stress
intensities. Figure 94 presents the same sectioshas/n in Figure 93 although with the
resulting displacement vector between the configuma DIS-0 and DIS-2. The color code

represents the magnitude of the displacement wiaeerepresents 0A and red 5A or more.

Figure 94: Atomic displacement vectors between coiguration a and b shown in Figure 93.

The black arrows indicate slip activity in adjoigigrains depositing a dislocation in
the GB. This regions correlate well with the striegensities observed in the pressure pictures
in Figure 93d and f (indicated with a yellow arrovguch deposited dislocations are not
counted in the dislocation content listed in Tabldn other words, the stress fields creating
the anisotropy in the WH plot not only origins frdieasy” identifiable lattice dislocations
content defined by the four categories in Figureb87also from absorbed dislocation in the

GB without core signature.

3.5.5. Summary

It is found that by introducing a lattice dislo@ati or twin content into computer
generated NC samples and calculating the correspgpmdo-theta X-ray diffraction spectra,
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the peak integral-width anisotropy shows a cletiedince between this two types of defects.
However, the twin content has to be in average ritae one twin per grain to exhibit clear
“twin” anisotropy. Furthermore, the simulationsaliemonstrate that a similar anisotropy in
the WH plot as that induced by lattice dislocaticas be obtained by the presence of highly
localized stress intensities in GBs induced by tabed” lattice dislocations. This might be

only valid for small enough grains.
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3.6. 3D atom probe investigations

It is know that impurities and their distributiosongly influence the properties of
materials. Moreover, it is believed that the grsire of NC-Nickel is stabilized by impurities
introduced during the electrodeposition — the fadiron of the material. However, their
distribution is not known. The only technique t@dbze impurities atom by atom is 3DAP.
Consequently, it is used to study the distributbmimpurities in NC-Nickel.

It is still a challenge to measure very small amswf impurities. Therefore, a NC-
Nickel foil from the same company with slightly hegy impurity content (Table 4 and [85]) is
used for this study. This foil exhibits the samaigrsize and very similar mechanical

behavior (90% of the maximum flow stress).

B Co Cu Fe Mo P S Si Zn

296 805 76 761 123 190 382 1533 93

Table 4: Impurity concentration established via chenical analysis in ppm.

Concerning the detection of impurities, one hamamtion that Co, Mo and Zn were
not detected because the proportion of each isagopelow the detection limit of the 3DAP
used in this study (50ppm). The boron concentraisoabout 300ppm (chemical analysis),
which should be high enough to be detected on thssmspectra at 5.5a.m.u (atomic mass
unit). However, it never appears. One should al#e that P does not clearly appear in the
background because its concentration is low, w@iteis located just between two Nickel
isotopes where the background is high. In the Wahg results, only impurities are presented
where the signal clearly exceed the backgroundenois

The principal aim was to study the material in #iseprepared state. Furthermore, the
influence of temperature is investigated relatechnoealing experiments in Section 3.1.4.
Therefore, samples annealed at 140°C and 180°C prefmd. A possible influence of
deformation on the impurity distribution was addes$ by investigating a sample which was

beforehand plastically deformed in tension to tA&SWY~3% deformation).
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3.6.1. Impurities in as prepared material

Figure 95 presents a cut out of a reconstructed glaras prepared NC-Nickel
specimen (Al). The sample was cut by EDM from thees (0.2mm thickness) in the
dimensions 0.2x~5mm followed by electro polishimgpurity concentrations were measured
in this volume containing f0atoms. The results for Si, P, S, Fe and Co arersrined
together with the standard deviation of the 3DAPasueements and the wet chemical
analysis in Table 5. It seems that the 3DAP measemés are consistent with the chemical
analysis. Only the results obtained for Co andeSoart of the 3DAP standard deviation. One
should note that a volume of 2lAtoms (10x10x8nf is quite small, corresponding only to

about half a grain of 20nm grain size (including tietector efficiency of 50%).

(111) planes of fcc Ni
(d=0.2nm £0.02)

GB

A/

2 nm

Figure 95: 3D reconstruction of as prepared NC Nickl (10x10x8nni-A1). Nickel: blue, Fe: yellow, Si: red,
S: green.

The sample presented in Figure 95, contains a @®ated by a blue arrow. This is
identifiable, since the top area exhibits visitdgular atomic planes ending in the middle of
the analyzed sample. Impurity atoms clearly deteateove the background noise are shown
with bigger dots.
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ppm Fe P S Si Co
3DAP (A1) 758 137 315 1377 588
Std. 3DAP 172 73 11 231 151
chem. anal. 761 190 382 1533 805

Table 5: Impurity concentration measured with 3DAPtheir standard deviation (Std.) and the results fran
a chemical analysis.

In the presented dataset, the impurity atoms arforamy distributed within the
material and no higher concentrations of any detecnpurities occur on the GB. From the
same specimen a second data set (A2) was obtaifl@d. was considerable bigger
(8x8x33nni) and two grains could be separated by the strenfjtthe evaporation field
indicating a different crystal orientation. Alsorbehe detected impurities (Si, S and P) did
not show any particular segregation across theyaedlvolume.

However, two more data sets (P1, P2) where analymed different specimens
prepared in the same way for which the impurity aarirations obtained via 3DAP differ
from those obtained by chemical analysis (see T@pl&he Si concentration is very low and

carbon is now detected. However, S, P and Fe am&asito the chemical analysis.

ppm Fe P S Si C
chem. anal. 761 190 382 1533 -
data set P1 750 150 400 300 200
data set P2 800 <100 1000 300 100

Table 6: Impurity concentration from two data sets.Standard deviation is +/-100ppm.

Furthermore, there are some clear localized coretés of impurities. Figure 96
shows a 3D reconstruction of data set P1 with apawolume of 8x8x55nfh The nickel
atoms are excluded to enhance the visibility. Tegions, separated by ~20nm and indicated

with a black arrow, are visible which have a higb@ncentration of impurities.



Results 125

Figure 96: Analyzed volume of as prepared NC-Nicke{8x8x55nn7). The Fe atoms are plotted in yellow,
Siinred, S in green and C in blue. Impurities cooentration sites are indicated by black arrows.

The concentration of impurities is computed actbsssegregation area indicated with
a black arrow more central of Figure 96 and shawhigure 97. For the analysis, a sampling
volume of 3nm thickness was used. An obvious camnagon of Si, S and C can be observed

while the detected Fe is homogenously distributest the analyzed volume.
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Figure 97: Composition profile across the arrowedegregation in Figure 96.

Two more data sets (D1, D2) were obtained fromdketral region of a dog bone
(0.2x0.2x~1.7mm). The detected amount of impuriegery low (Table 7). There was no Si

detected and the P and S levels were very lowhEurtore, a significant amount of C was

detected.
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ppm Fe P S Si C
chem. anal. 761 190 382 1533 -
data set D1 600 100 200 <100 200
data set D2 700 <100 <100 <100 150

Table 7: Impurity concentration from two data setsobtained from the central region of a dog bone.
Standard deviation: +/-100ppm.

Figure 98 shows a 3D reconstruction of data set DHe sample volume of
13x13x21nm shows Nickel atoms with small blue dots as welFas(yellow) and C (light
blue) atoms. In this sample, a homogeneous disioibuor Fe and C can be observed.
Atomic planes can be observed in the upper patti@image but no significant segregation

was found.

Figure 98: As prepared sample volume extracted fronthe central region of a dog bone. The Ni atoms are
shown in blue, while Fe in yellow and C in light hle.

Summarizing the as prepared state, a few analyaegples show a heterogeneous
distribution of a number of impurities, especially from one to another examined volume.
Moreover, some impurities exhibit significant segaon, which seems to correspond when
in the probed volume a low amount of Si is observed

The data sets P1, P2, D1 and D2 exhibit a sigmfieanount of carbon. This can be
explained due to the better experimental conditgnse P1, P2, D1 and D2 are obtained later
than A1 and A2 when the background noise level iedaced especially in the range of 5 till
15a.m.u.
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The results do not provide a clear picture on tis¢ridution of impurities in the as
prepared state. To gather a clear statement frodP3Bwuch higher statistics would be

needed to quantify a heterogeneous distributiothemrmacroscopic level.

3.6.2. Impurities in deformed material

Overall, six successful data sets could be obtaireed deformed samples. In most of
the analyzed volumes, the only impurity elemenedieid was iron (~800ppm), which was
homogeneously distributed over all samples, als @Bs. Most surprisingly is that the
nominal Si concentration of 1500ppm was almost yavkere below 100ppm. Figure 99
shows a relative large volume of 11x11x47namere two GBs are detected and indicated by
black arrows. No obvious segregation of any impesitould be observed. In the middle and

on the right side clear lattice planes can be olesker

Figure 99: Reconstruction of an analyzed volume (X11x47nn?) from a deformed sample. Nickel atoms
are in dark blue, Fe in yellow, Si in red and S irgreen. The black arrows indicate GBs.

However, it has to be mentioned that in one GB teaded by a lower evaporation
field and an increase in single charged detectekehions — some evidence of Si segregation
was observed. The Si reached a composition of D@®ppm while the detected Fe and S

did not segregate.
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3.6.3. Impurities in material annealed at 140°C

Only one quantitative data set was obtained in kvisiegregation could be observed.
However, this observed concentration of impurisésrted immediately at the beginning of
the evaporation as has therefore taken with car&idgure 100, a 3D reconstruction of the
dataset and concentration profile of the detectgulirities can be seen.
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Figure 100: 3D reconstruction (7x7x13nrf) and concentration profile from left to right of a 140°C
annealed specimen.

The nominal iron concentration is high but no pramzed segregation can be found

compared to the detected S and Si one.

3.6.4. Impurities material annealed at 180°C

In total only two quantitative data sets were aiedi from the sample annealed at
180°C. One obtained volume contained only iron intigs and a clear visible GB (see Figure
101) indicated with a black arrow. The right sidetlee presented volume shows clear the
observed atomic planes. The distribution of ther iedoms is very homogeneous over the

whole volume.

3nm

Figure 101: Data set with 12x12x7nm3 from a 180°Chaiealed specimen. The GB is indicated.
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The second observed volume (10x10x30nm3) is predem Figure 102a. Two
probable GBs are indicated with a black arrowhtives some segregation of Si and S along

one GB. It is worth noting that P was not detedtetthis volume.
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Figure 102: (a) 3D reconstruction of an analyzed Wome (10x10x30nm) in the NC-Nickel annealed at
180°C. b) Composition profile of enhanced concentteon in the center of the analyzed volume.

Figure 102b, shows the composition profile alorgrientioned GB. For the analysis,
a sampling volume of 3nm thickness was used. Hrleshows a segregation of Si and an

enhanced concentration of S.

3.6.5. Summary

A macroscopically heterogeneous distribution a€sit is found in the as prepared state
of NC-Nickel. Furthermore, a non-uniform distribarti of some impurities (Si, S and C)
indicates segregation. However, the low statistiogs not allow a clear and conclusive
picture. Analysis of the deformed sample revealextiy a homogeneous distribution. The
annealed samples show some evidence for the peesémmpurity segregation at some GBs

but not all.
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4. Discussion

The aim of this thesis was to investigate the de&dion mechanisms in NC-Nickel
using different experimental techniques with a ®oan X-ray diffraction. The discussion
starts with an explanation of stresses within pgistalline materials and shows how they can
be related to the measured X-ray parameters. Thenelol data are discussed in terms of
different deformation regimes of NC-Nickel. For @egter understanding of the deformation
mechanism the outcome of transient tests are irdlunl the discussion. The comprehensive

conclusions are summarized by an interpretaticheflata at the end of the discussion.

4.1. Stresses in polycrystalline materials

The classification of internal stresses and straingolycrystalline materials is done
typically by relating them to the length scalegyddin size, and three different types of stress
are distinguished:

* 0, Type | stress is homogeneous over a very largebeu of crystal domains
(macrostress).

* 0y, Type Il stress is the homogeneous stress witha grain (intergranular
stress).

e oy, Type lll stress is homogeneous only over smalispaf a crystalline grain
and therefore reflects the inhomogeneous stredsnagt grain (intragranular
stress).

Type 1l and Il stresses are also called microsess A graphical representation of the

different types of stresses is presented in Fig0&e
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Grain boundaries

Figure 103: Three types of stresses present in algorystalline material (from Maeder [152]).

It is important to note that the internal stresaes not directly related to the applied
stress plotted in a stress strain curve. The app@ieess may however be separated into a
component that represents the internal stresstivarsawithin the material plus an effective
stress, which can be seen as the stress thatogatish needs to overcome an obstacle. The
actual separation of these stresses is carrieytlhe use of strain-dip tests presented in
Section 3.3.1. Details of this separation followSaction 4.3.1 and Appendix A. The X-ray
diffraction measurements, give information on timeinal stress landscape and when
performed in-situ, allows one to follow the evotuti of the internal stresses during
deformation. The relation between the internalsstr@nd the obtained X-ray diffraction peak
parameters is described in the following Sectidection 4.1.1 shows what can be learnt
from X-ray diffraction peaks in an unloaded sangotel Section 4.1.2 describes what happens
to the diffraction peaks during the loading of Haanple.

It should be mentioned that diffraction probes ldiéice spacing and during loading
the change in lattice spacing — in other wordddttece strain. In engineering terms, however,
it is more common to use the term stress, whiakeleted to the strain via elasticity. Within

this discussion both terms will be used interchabfe Moreover, a deviation from the
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theoretical position of a hkl diffraction can beated directly to lattice strain of the material
along that particular hkl direction. With the cunteset-up and the uncertainties in the sample

positioning and energy calibration, only the chanigethe lattice strain are measured.

4.1.1. Relation between internal stresses and X-ray peakapameters:
unloaded sample

In a NC material all three types of internal stesssan be present. In the following
Sections it will be described how the differentdgpof stresses can influence the measured

peak parameters, peak position and peak width.

Type | stresses represent the mean macro stresgbsvill influence the peak

positions.

Type |l stresses are homogeneous within one g&imce the X-ray measurements
performed within this thesis illuminate the wholauge length, billions of grains with a
slightly different stress/strain state will be peob Each grain will then scatter with a slightly
different diffraction angle, which will result in distribution causing a diffraction peak to
broaden. Furthermore, if for example in a matarate grains are under compressive stresses
than under tensile stresses, the mean peak posiilbe shifted compared to a material
where they are balanced.

Such variations of strains from one grain to anotlaad their influence on the
diffraction pattern are schematically representeBligure 104. On the left side, three different
grain-to-grain variations are shown where the deasgl and the number indicate the actual
stress state. The diffraction peaks on the righag sbrresponds to the different scenarios. The
peak width associated with the upper most grainoaggration is broader than the peak
associated with the central agglomeration, whetieagpeak associated with the lower grain
agglomeration has the same peak width but a diftereean (peak position) when compared
to the upper peak. These two observations emph#sitdaype 1l stresses can contribute to

both peak broadening and to a peak shift.
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Figure 104: Schematic model showing the influenced ¢/pe Il stresses on the diffraction peak profile.The
upper and the middle grain-stress-arrangements showlifferent variations among the grains (visible by
the gray values) but have the same mean stress atiterefore influence only the peak width. The upper
and the lower grain-stress-arrangement have the sasndistribution but a different mean and therefore
influence the peak position.

Type Il stresses are inhomogeneous stresses withigrains (see Figure 103) which
will contribute to the peak broadening. These typésstresses are related to the stress
signature of defects such as dislocations, intesind substitution impurities, and voids.
The amount of type Ill stresses will therefore uefhce the amount of diffraction peak
broadening. The actual contribution to the pealkatdeming from dislocations is elaborated
with calculations in Section 3.5, and will be dissed in a Section 4.1.3.

The effects of the different classified types aesses and strains on the diffraction
peak parameters can be summarized as follows. Tgpd Il stresses will influence the peak
position and type Il and Il stresses will influenthe peak broadening.
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4.1.2. Relation between internal stresses and X-ray peakapameters:
during loading

In a first approximation, the mechanical responterme crystallite during elastic
loading can be described without the interactiothws surrounding grains. This means that
the build up of type Il stresses due to materialsaropy is neglected. Then the peak
positions during loading are only influenced byeypstresses. Such a simplification allows
that each grain can be treated as a single cryétase response follows linear elasticity. In
other words, if a crystallite is loaded in, e.ge thl1 direction, the strain will follow Hooke’s
law with the Young’'s modulus of the 111 direction.

Within this thesis, the peak positions have be@sgmted as angular values or relative

changes from the position in the as prepared naat®y differentiating (8) one obtains,

Eg = Add“k' = —cot(0)A8. (36)
hkl

The above formula allows the calculation of theng®in lattice strain for different
diffraction peaks. If a tensile stress is appliedtlee sample, the utilized scattering geometry
(see Figure 24) causes a Poisson contraction ofathee planes that are probed by the X-
rays. Due to the single crystal elastic anisotrapg, lattice contraction will depend on the
direction of the applied stress.

A schematic graph illustrates this in Figure 13%hé stress is applied in tlilem,n]

direction, the Poisson contraction along filn@,w] direction can be calculated as follows:

Olmn

Figure 105: Schematic showing the contraction of tice planes according to the applied stress in angjle
crystal. For details, see text.

If a uni-axial stres®im, is applied to a cubic crystal along the unit vegto,n], then

the perpendicular elastic stragn., is given by,
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& 1
%28124'{3‘1_%2_5844}:’ (37)

where §; is the elastic compliance tensor in contractedrimaiotation (Voigt) [153]. The
factorF is calculated from the engaged vector componenendy,
F = (1702 +mAv +nPw?). (38)

In the present configuration the directiohgn,n] and [u,v,w] are perpendicular to
each other. Ifu,v,w] is equal to[1,0,0] and[1,1,1], the factorF will be equal 0 and 1/3
respectively for all possiblgm,n] [154, 155]. Thus, the transverse strains devetpplang a
<100> and <111> directions are independent of #mpgndicular applied uni-axial loading
direction. For Nickel the relationsyt<10040) and €per<11140) are according to (37) and (38)
-2.744MP& (-27441¢/GPa) and -0.720MPa(-720ue/GPa) respectively.

As already mentioned, the analytical descriptiothefu00 anduuu peak does not take
into account that the probed crystals are embeddedmatrix of surrounding grains of the
polycrystalline aggregate. Therefore, it can beeeigd that the measured peak position
during elastic loading deviate from the simple predn given above. Due to anisotropy of
the stiffness in Nickel (see Table 8), differerdglyented grains will respond in different ways.
The overall elastic behavior of a polycrystallineaterial can be treated by a strain
continuation condition according to Voigt [156] dmy a stress continuation condition
according to Reuss [157]. However, both approaeiwate the corresponding equilibrium —
Voigt the stress and Reuss the strain — and thveraefo appropriate sum is often employed. In

the present work, this aspect will not be considere

Direction 111 200 220 311

Young's modulus (GPa) 304 136 232 184

Table 8: Young’s moduli of Nickel in different crygallographic directions. Note that these stiffnesseare
only valid if the stress is applied parallel to thenormal vector of the crystallographic plane.

The above description of the peak position behatreated only the elastic single
crystal behavior in the transverse direction andiceted the difficulties arising within a
polycrystalline material. Furthermore, the treatmgmores the possible contribution of a
distribution of type Il stresses where the meaneahanges upon unloading.

Figure 106 presents the theoretical calculatedesiogystal lattice strain of Nickel for

the 111 and 200 peaks. Moreover, the figure costagawell the experimentally measured
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change of lattice strain of NC-Nickel during loaglifor the same peaks. The experimental
data correspond to the test presented in Figure 32.
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Figure 106: Lattice strains versus applied stressof the first loading cycle of the 111 and 200 peaks
(correspond to the test in Figure 32). The blue andnagenta lines are the theoretical single crystal
behaviors for the 200 and 111 peaks respectivelylcalated via (37) and (38).

The 111 peak exhibits a linear loading until theximaum stress. The 200 peak in
contrast exhibits a deviation from linearity, whistarts around 1.2GPa (indicated in Figure
106 with thin black lines). First, this result algashows that neither peak follows their single
crystal prediction. Second it is evident that thersggest elastic crystallographic direction
(111, see Table 8) remains linear during loadinggneas the weakest direction (200) appears

to deviate from linearity indicating intergranulateractions.

The broadening of the diffraction peak is influethd®y the grain size and the RMS-
strain inside the material (see Section 2.3.5th&as prepared NC-Nickel sheet, the RMS-
strain will be a combination of type Il and typédtresses. During elastic loading, the type Il
stresses will change because the material anigotndp cause elastic strain heterogeneity
[145]. In other words, due to the grain-to-graitemactions, grains with similar orientation
compared to the loading axis can have a differéneiss states depending on the adjacent
grains. Consequently, the variations of straind witrease causing a broadening of the
diffraction peak. Once the materials starts to defplastically a complex interplay between

type 1l and type Il stresses will be present.
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Within this discussion a plastic event in a NC mats stands for a dislocation which
is nucleated at the GB, propagated through the @ @nd absorbed at the opposite GB as
described in [34]. It is evident that such a ptastient in a NC structure will change the built-
up stress state in the grain and its neighborssicgua change in the type Il stress variations.
Furthermore, during the dislocation propagation tHislocation itself exhibits an
inhomogeneous stress field, a type Il stress. ddssible interaction of the type Il and type
Il stresses as well as the role of potential GBoatmodation processes will be discussed
later on.

Figure 33 shows the peak broadening behavior duhegoading of NC-Nickel. In
the beginning of the deformation, only a very snratlease in FWHM can be observed. Once
the material is loaded to higher values this charyamatically and the broadening increases
rapidly. For UFG-Nickel (Figure 67a) the generaadong characteristic is quantitatively
similar except that the actual FWHM values areedédht (different grain size). The greatest
difference between the NC and UFG-Nickel is seether peak broadening behavior upon
unloading. It is known that in CG material and ik@Nickel the strain-hardening regime
increases the dislocation density through forestidrdng causing permanent increases of
dislocation density (type Il stresses) that remagon unloading. This permanent increase
upon unloading is absent in NC-Nickel (see Figu8e 3

In CG polycrystalline materials peak broadening lbéso been measured during
deformation [145, 158] and was related to a contlinaof type Il and type Il stresses. With
the help of elastic-plastic simulations it was ploiesto estimate that the elastic strain
heterogeneity in CG austenitic steel representstoing of the total measured peak width
[158]. In another experiment the evolution of typand type Il stresses in CG materials had
been elaborated with microbeam diffraction expentaeduring fatigue. They revealed a
different behavior in intra- and intergrain micmasts during increasing load-unload cycles,
which are far from being understood [159-162]. Daethe micron sized resolution with
today’s techniques this distinction is impossibted aonly a combined behavior, the peak

broadening, can be analyzed in NC-Nickel.
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4.1.3. Influence of dislocations and twins on the X-ray pofile:
Calculations from atomistic configurations

The description above dealt with internal stressesl their development and
contribution to the diffraction peak parameterseTpeak broadening has been treated as
having a grain size and a strain component (seeo8e2.3.5) where the latter has been split
in different categories but no distinct relationapecific defect has been found. Different
types of defects such as twins and dislocation® l@agharacteristic contribution to the peak
broadening depending on the hkl orientation. Fangle, one type of dislocation (e.g. an
edge dislocation on a 111 slip plane) will have, ddferent crystallographic directions a
different contribution to the peak broadening whicén be calculated using dislocation
contrast factors [163]. These variations betweer thfferent diffraction peaks are
characterized through the WH anisotropy as destiilb&ection 2.3.5.

Within this thesis, it could be shown that, in amputer-generated NC system
constructed from defect-free grains of random aagon with an average grain size of 12
nm, the integral width versus peak position exkikitminor WH anisotropy despite the high
interface density and the local stress intensitibserved in the GBs (see Figure 90). By
introducing dislocations or twins, the WH plot degs an anisotropy that is characteristic for
each type of defect. Comparison of the WH anisgt@mising from the introduction of twins
Figure 90b with that of experimental NC-Copper (Fey 107b) suggests that the closest
resemblance between experiment and simulation @rfobnd in the heavily twinned
computer-generated sample, TWIN-3.

Although the experimental twin faulting probabilidyis 8 times smaller then that of
TWIN-3, both WH plots exhibit the expected strontlR200 anisotropy predicted by the
Warren analysis procedure. This can be understgocednlling that the grain size for the
simulated sample is ~10 nm, whereas for the exmgariah NC-Copper sample it is ~22 nm,
resulting in approximately the same number of twies grain. Furthermore, the WH plot
shifts to higher absolute values of the peak widtieflecting the reduction in coherent
scattering volume due to the presence of the twidmsthe other hand, the simulations show
that when the microstructure of the sample is dateith by dislocations, the slope of the WH
plot increases and develops an anisotropy thabisirthted by a broadening of the (311)
diffraction peak, which exhibits the greatest imse in peak width. Experimentally this type

of anisotropy is also developed during compressiothhe NC-Nickel to large plastic strains.
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Inspection of the experimental WH plot after 6%sitndeformation shows the same trend
though to a lesser degree: only very small chamggseak width are observed (see Figure
119). When comparing the WH of the simulated aral ¢lkperimental samples, one also
notices a difference. The ratio of the peak widtthe (111) to the (200) peak is much smaller
for NC-Nickel than for computational Aluminum. Thsan be understood through the
difference in elastic anisotropy between Aluminuma &Nickel, which affects the dislocation

contrast factors [163]. Despite the differenceglastic anisotropy, the calculated WH plots
compare well to the experimental NC-Copper and N€k& data. Figure 107 shows that the
experimental data from NC-Copper corresponds best & NC the system that contains
twins and the NC-Nickel data with the one that eorg dislocations.
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Figure 107: WH plots from experimental data, a) Nigel (A as prepared; e unloaded from compression
deformation) and b) Copper (from reference [127])compared with calculations from Aluminum samples
containing c) dislocations and d) twins.

Careful analysis of the computational samples lesahstrated that a “dislocation”
type WH anisotropy is not only obtained when |&tatislocations are present in the grain
interior, but also can be induced by local stregenisities in the GB resulting from the

absorption of lattice dislocations [164]. Theseesdr intensities also have long-range stress
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fields and therefore contribute to the RMS-strainthe sample, whereas the intrinsic GB
dislocations that result from sample relaxatiom ioronoi construction, do not contribute to
the RMS-strain at least not at a grain size of ®+1Qi4]. It is interesting to notice that when
the computational sample is annealed after the nMwroonstruction, a weak WH anisotropy
becomes apparent. The TEM “visible” lattice distdion densities (dislocations of the type
seen in Figure 87a and b) of DIS-2 amount to ~8k6, and are somewhat higher than the
dislocation density calculated for an as prepar€dNickel using profile analysis procedures
that employ dislocation contrast factors [165]. Taet, however, that the anisotropy changes
very little when omitting the grains containingtie¢ dislocations suggests that at these small
grain sizes the simple approach of the WH analysis its particular assumptions for lattice
dislocation geometries (regular distributed stragjblocations) does not capture qualitatively
the peak broadening in NC GB networks. Moreoversiheulations demonstrate that there is
no need for an easily “visible” lattice dislocati content to explain the experimentally
measured WH anisotropy in as prepared and defosaieqbles.
It has to be mentioned that none of these modeisider the effect of impurities

within the NC structure as it is experimental okedr(Section 3.6 and [86, 141]).
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4.2. The XRD view on deformation regimes

In NC-Nickel, the diffraction peak widths experiena reduction upon unloading until
load levels of 1.4GPa (see Figure 37 and Figure B4} distinctly different behavior of the
internal stress state measured through the peakleprmotivates the division of the
deformation of NC-Nickel into a micro- and a madespic regime. As long as the peak
broadening reduces upon unloading, the deformatemimes will be referred to as the
microplastic regime. However, once the FWHM incesasor the majority of diffraction

peaks (see Figure 44), the deformation regimebeilteferred to as the macroplastic regime.

4.2.1. Microplastic regime

The microplastic regime in polycrystalline matesidbes not have a unique definition.
The lower limit of the transition from elastic ttaptic deformation is usually related to short-
range dislocation motion: for example the irrevaisibowing out of a dislocation segment
[166]. The upper limit of microplasticity is usuwallefined as the stress at which the majority
of grains are plastically deforming [167].

However, what do these definitions mean for a N&en? If NC-Nickel with a grain
size of 30nm is deformed to 0.2% plastic strair8B]ldnly 25% of the grains have to slip [82]
if one assumes that the deformation is entirelyegoed by dislocations sweeping the whole
grain. This indicates a strongly heterogeneousrdeition of NC systems compared to the
CG counterpart. A considerable amount of plastraistis produced in the microplastic
regime, i.e. between the lower and the upper lasitlefined previously.

Load-unload experiments have shown that the FWHBbkgmt in the as prepared
material can be reduced when the maximum load erséimple exceeds 400MPa, i.e. in the
microplastic regime (Figure 36 and Figure 37). TiBisiot observed in similar load-unload
cycles performed on UFG-Nickel (Figure 36). A semitrend is also observed in (cryo) ball
milled Copper with a grain size of ~23nm [169] dwgyia load-unload cycles at 1% plastic

strain, as shown in Figure 108b (red data).
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Figure 108: a) Stress strain data of ball-milled NQCopper during load-unload cycles. b) Evolution othe
311 peak width during the deformation.

For NC-Nickel, the deformation history and the wajttime between two load cycles
do not influence the maximum amount of reductioFWWHM that can be obtained for the
different diffraction peaks (Section 3.1.2). The AW upon unloading from 1.4GPa reaches
the lowest possible value for most diffraction pedkee Figure 44). Once the material is
deformed to the maximum flow stress and unloadee,subsequent application of further
load-unload cycles below 1.4GPa do not evidenceurthdr reduction of the FWHM.
Moreover, when a NC sample is annealed at low teatpes, which do not cause grain
growth, load-unload cycles below 1.4GPa cannoth@rrtreduce the FWHM. As already
mentioned, such a change in the peak width caratelia change in grain size and/or in the
RMS-strain.

Origin of FWHM reduction

The TEM grain size analysis throughout the thesigealed no major changes in the
grain size of NC-Nickel during deformation (see t®et 3.4). Figure 109 shows two grain
size histograms for an as prepared and a deformaetpls. The mean value for both
distributions is of the order of about 28nm witstandard deviation of 14nm, which is 50%
of the mean value. If for example the diffractiosaf broadening is only influenced by the
grain size effect, the Scherrer formula (14) presién inverse but linear relation between the
crystallite size and the peak broadening. This mdhat a 5 percent increase in grain size
would cause a 5 percent reduction in the peak lermad, which is about the value obtained

after unloading from 1.4GPa. Such an increase m#rgent in grain size is not observable in
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the TEM statistics and therefore it cannot be ed@tlias a possible origin for the observed
reduction in the FWHM.
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Figure 109: Grain size distribution of as prepared material and deformed sample (until 9% in
compression, see 3.4.2).

A better approach to investigate the changes in MAi&Ito use the WH-method, in
which the contributions of grain size and RMS-strean be separated. In Figure 110 the total
broadening of the 111 peak is separated (see Vi®)Yhe Cauchy-Gaussian method into its
size and strain component (see (15)-(25)). It éanty visible that for loading cycles up to
1.4GPa the reduction in FWHM is related to theistcntribution. However, once the load
exceeds 1.4GPa, a change in the size contributtonre. This analysis suggests that the
FWHM reduction in the microplastic regime is solegfated to a reduction in RMS-strain,
i.e. microstrain. The effect of changing the simatdbution after loading to the plastic region

will be discussed in the following Section.
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Figure 110: Deconvolution of peak broadening (bluejhrough the WH analysis in size (red) and strain
(green) contributions for the 111 diffraction peakduring load-unload cycles. The dashed lines represe
the initial values. The corresponding mechanical da from NC-Nickel is shown in Figure 35.

Model systems that could explain the FWHM reduction

In the previous paragraphs, possible reasons ofotheerved changes in peak
broadening were discussed in terms of grain sigeRIS-strain. In the microplastic regime,
the influence of the grain size seems to be makdgdsdow, several possibilities are presented
that attempt to explain the reduction in FWHM i tmicroplastic regime in terms of RMS-
strain. These changes in RMS-strain/stress will reéated to materials properties
(microstrains), i.e. the possible contribution gbe 1l (intergrain) and type Il (intragrain)

stress.

Structural relaxation processes

In the as prepared NC structure, X-ray diffractiamd TEM revealed that elastic
strains are stored. These strains can originaie #toess concentrations within the GB as well
as extrinsic GB dislocations arising from the mactiiring of the material. Processes that are
able to cause a structural relaxation can origifrate plastic events or from GB relaxation
processes. Both processes will change the prewsttatonfiguration. Moreover, they will
interact with each other through accommodation gsses: e.g. a dislocation that deposits

itself into the GB will be accommodated throughrdes in the GB structure.
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As already mentioned a central observation has bdewering of RMS-strain upon
unloading in the microplastic regime when probethwfRD and analyzed with the WH

method. This can be explained by a simplified petghown in Figure 111.
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Figure 111: Schematic of a scenario where one plastevent relaxes the RMS-strain in a grain and its
surrounding. The grains with their stress fields orthe left side correspond with the X-ray diffraction data
on the right side.

In the honeycomb structure of this figure, the geaels represent schematically the
stresses in the NC grains. The top configuratioomshthe as prepared situation. Type |l
stresses are symbolized by the variations betwkengtains and the type Il stresses are
symbolized by the variations within a NC grain. Ragiic event is schematically represented
as a red line in the center of the upper agglonmraf\s a consequence of this plastic event,
the central grain and the surrounding neighborsigedoth, their type Il and their type I
stress, resulting in a local reduction of the RMi@ss - represented by the gray levels in the
lower honeycomb in Figure 111. This relaxed areainged with a dashed red line where
both the variations within one grain and the v@is between the grains, are reduced
compared to the as prepared configuration. Thipleiraxample demonstrates how a plastic
event can locally reduce stress fluctuations. thsa process is representative of all discrete
plastic events, then a reduction in the RMS-stiaiih lead to a narrowing of the peak as
visualized in Figure 111.

An equivalent possible source for a reduction ia RMS-strain without a plastic
event is a global relaxation of the GB network tigio atomic shuffling stimulated by the
applied mechanical energy. This could cause theesanuction of the RMS-strain without a
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distinct plastic event beforehand. With these masledtems, no change in grain size is

necessary to explain the peak behavior in the mplastic regime.

Cleaning up of extrinsic GB dislocations

A plastic event, which can be related to the numea propagation, absorption and
dissociation of a dislocation into the GB, reduttesstrain fluctuations. Additionally, it could
also be imagined that such processes would effdgtiincrease the grain size. Simply
speaking, the coherent scattering area grows ifepiging extrinsic GB dislocations
disappear. From a WH analysis of a load-unloadecgbbbwn in Figure 110, the contribution
to the FWHM from grain size is constant and thaefdoes not suggest such a change in
grain size in the microplastic regime. However, Himmple WH analysis assumes certain
distributions for different contributions that migiot reflect the actual microstructural
configuration in NC-Nickel. Moreover, if one wouddtribute the magnitude of the observed
total peak broadening reduction just to a graire sSizcrease, the above scenario would

guantitatively explain the reduction in FWHM.

Influence of impurities

Impurities cause inhomogeneous stress fields, iypmresses, if they are present in
the bulk of a NC grain. These inhomogeneous stsesgebe enhanced if these impurities are
interstitials compared to substitutional atomsarfy case, these stresses can be reduced if the
impurities diffuse to favorable positions such eeefvolume within a GB where the atomic
structure can relax more easily causing a redudatiotihe RMS-strain. This process can be
stimulated by propagating dislocations [170] owotlgh pipe diffusion along the dislocation
core, which can acts as a channel for rapid diffu$l71-174].

The results obtained by 3DAP results are not canstubut do not indicate such
behavior during deformation (Section 3.6.2). Mommthe amount of necessary dislocations
is expected to be low in the micoplastic regimg @&l RT is normally not sufficient for any

type of non-negligible diffusion.

The presented mechanisms can explain the obsesdedtion within the RMS-strain in
the transition from the elastic to the plastic negi the microplastic regime. However, which
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process is ultimately the dominant one that catlsesbserved reduction in the FWHM in the
microplastic regime remains unclear. In any caseh s reduction is incompatible with a
classical hardening regime where activation of ipldtslip systems in the GB region and/or
an increased presence of geometrical dislocatio@sause such processes would have the
tendency to increase RMS-strains or at least Keepalues constant, as it has been observed
for UFG-Nickel (Figure 36). These results challetige validity of the 0.2% definition for
macroscopic yield stress when the grain sizes emathe sub 50 nanometer range, as
schematically represented in Figure 112. For UFGkali with a 155 nm grain size, the
assumptions related to the definition are stiltifiesi when analyzed by X-rays. The change
from micro- to macroplasticity occurs in the NC aleat 1400MPa, i.e., at a strain that
deviates 0.7% from Hooke’s Law, which is well begathe 0.2% definition of the yield
stress. Using the suggested transition from mitbomacro-plasticity to study grain-size-
dependent strengthening will not only reduce thegteang in the experimental yield stress
data but also provide a different view on the vglidf current plasticity laws [24].
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Figure 112: Change from micro to macroplasticity inCG material (A) and in nanograined materials (B)
as suggested from the governed results (see text).

The effect of pre-annealing on the microplastic nege

NC-Nickel shows that after annealing at 180°C NCkigi exhibits less contrast in the

TEM micrographs signalizing a decrease in locaistfields (Figure 48) when compared to
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the as prepared NC-Nickel (Figure 2a). Moreoveneating does not change the grain size
distribution (Figure 49) but reduces the peak widyh~15%, which can be interpreted as a
reduction in the RMS-strain (see Section 3.1.4)gJet al. [96] have observed changes at or
near the GB in NC-Iron through low temperature afing by high resolution transmission
electron microscopy (HREM). Figure 113a shows achipFourier-filtered HREM image of
an as-milled NC Iron GB. The circled area marks tBB where lattice fringes are
disconnected. After annealing the NC Iron sampte2fbhours at 100°C, a significant amount
of lattice fringes are continuous (see Figure 113b)d the misfit of lattice planes is

accommodated by a regularly spaced GB dislocatimoléd). Jang et al. proposed from their

extensive observations that the GBs evolve gragifia@im a discontinuous to a more ordered

0

structure through annealing.

Iy
ﬂ////

Figure 113: Fourier-filtered HREM images of a GB from as-milled a) and annealed b) NC Iron. Figure
adapted from [96].

Il

This observation in NC materials suggests thainmgithe temperature or applying a
mechanical load in the microplastic regime hasyalar effect on the material — both result in
a relaxation of the GB structure. It is also obsdrthat low temperature annealing extends
the elastic regime (Figure 51a) and increases tiemgth of the subsequently loaded NC-
Nickel (Section 3.1.4 and [44, 175]).

In a CG material, annealing reduces the amountaidile dislocations, which results
in a higher stress level being needed in the estdge of deformation to generate plastic
strain. On the other hand, it is possible to imagihat a reduction in stress fluctuations
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through annealing increases the overall pinningngtth of GB ledges thus hindering
dislocation propagation. This is much more impdrtamn NC materials due to the high

interface area. A further scenario is connectetthéonucleation of dislocations. However, the
contribution of short-range and long-range streéskld on the nucleation of dislocations is
unclear. If the long-range stress fields contribtotéhe nucleation, their influence is evident
from the observed reduction in contrast variationsSTEM pictures when the as prepared
material is compared to the annealed material. Tinisurn suggests that the observed
deformation effects in NC-Nickel are strongly cocieel to the initial stored RMS-strain and
that through low temperature annealing the preWodsfined microplastic regime in NC-

Nickel can be reduced.

4.2.2. Macroplastic regime

Once the load of 1.4GPa (0.7% plastic strain) ceeged, upon unloading the residual
peak broadening increases with strain (see Se8tib@ and Figure 44) for most diffraction
peaks. To demonstrate this feature Figure 114 shbevd=WHM of the 111, 200 and 311

peaks plotted against the strain.
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Figure 114: a) Stress strain data from Section 3.3. FWHM values of the 200 b), 111 c) and 311 d) gl
upon unloading versus the strain.
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The 200 peak shown in Figure 114 is the only pediich does not increase its FWHM in
the macroplastic regime. All other peaks incre&ser tFWHM where the 311 peak actually
becomes slightly broader than its as prepared vatua strain of greater than 2%. This
suggests that once the majority of the grains sigfidrming plastically, dislocations are still
accommodated in the GBs but there is no room foweord accommodation to facilitate an
extra relief of RMS-strain.

NC-Nickel deformed at RT well into the macroplasggime exhibits reversibility for
most peaks when compared to the as prepared vathe peak width (see Figure 33, Figure
36 and Figure 44). If the FWHM values upon unlogdiom 1.4GPa (microplastic regime)
are compared, all peak broadening — except the-2D@reases. Experiments carried out at
180K show that the peak broadening is not revezsipbn unloading compared to their initial
FWHM value (Figure 54b, Figure 55 and Figure 56he Tdeformation at 180K leaves
inhomogeneous strain inside the material and caasescrease in strength (Figure 54a).
However, this footprint of the LT deformation ca& temoved simply by heating the sample
to RT. A follow-up macroplastic deformation at RXhéits the same FWHM behavior, as if
the sample would have no thermal and/or deformatistory [176]. In terms of the
dislocation picture, the additional inhomogenedusiiss that remain upon unloading at 180K
can be understood by a "freezing-in" of dislocatidne to a restriction in the atomic activity
within the surrounding GB.

If one summarizes the evolution of the peak broadpeduring continuous (Figure 33)

and load-unload tests (Figure 36) one can condheléollowing points:

* Until ~ 800MPa, the material responds elastically.

e From ~ 800MPa to ~1.4GPa, the material begins astiy heterogeneously,
which is visible by the reduction in peak width apmloading.

* Around 1.4GPa, the material exhibits its lowestgide RMS-strain state. If
the material is loaded to higher stresses, RMSnsisabuilt up again. This is
an indication that the material starts to defornreanbomogeneously because

the possibility of network accommodations is exheds

In Section 3.1.3, it is shown that the peak posgiopon unloading start to change
after a loading stress of 1.4GPa (~0.7% plastiairstris exceeded. This change is peak

dependent and increases monotonically with incngastress. By calculating the change in
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lattice strain from the peak positions and plotiingersus the applied stress, it is also possible
to see at which stress this change starts occufseg Figure 106). The data in Figure 106
originates from a load-unload cycle (Figure 32,teac3.1) but only the first loading is

shown.
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Figure 115: Lattice strains versus applied stresof the first and the second loading cycle of the 11and
200 peaks (correspond to the test in Figure 32). @bnuation of Figure 106.

Figure 115 shows now both loading cycles. The 1dakpexhibits a linear relation in
the first and in the second loading cycle. Fora@@ peak, it is evident that in the first loading
cycle a deviation from linearity is present. Théoaaling exhibits a linear relation resulting in
a relative change of lattice parameter for the @®8ction. The second loading cycle of the
200 peak shows a linear relation, however, the rgbgeslope seems to move towards the
slope of the 200 single crystal behavior. The natathange in the unloaded sample after
plastic deformation for the 200 peak suggests obmng residual strain. It is known that
residual strains can depend strongly on the ciggti@phic direction especially in such an

elastically anisotropic material as Nickel (seel&d).
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Figure 116: Residual lattice strain values versus lastic strain load-unload tests of NC-Nickel (data
corresponds to Section 3.1.3).

Figure 116 shows changes in the residual latti@@nsplotted versus the plastic strain.
In the microplastic regime, only small changes d&@n observed. Once the NC-Nickel
specimen is deformed above the microplastic regir®7% plastic strain), the residual
lattice strain of the 200 peak family becomes gadigipositive with increasing plastic strain.
The residual lattice strain of the 111 peak fanaihd the 311 peak is rather stable. On the
other hand the 220 peak changes to negative valuassmilar behavior in the change of
residual lattice strain for the different peaks watsserved by Clausen using neutron
diffraction on Copper [177] as shown in Figure 1Nobte that the amount of the observed
changes in the residual lattice strain in NC-Niakesignificantly bigger. In his Copper data,
the change in residual strain saturates after niteali change. Due to the limited tensile
ductility of NC-Nickel, it is only possible to ingéigate plastic strains until ~2.5 percent and
no clear saturation can be observed.

Clausen used a self-consistent model to calcuigebehavior and established that his
model predictions of peak behavior are in genemddgagreement, but have the largest
problems with residual strains perpendicular to témsile axis, which is precisely what is

measured in our experiments.
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Figure 117: Residual strain values measured with ngron diffraction on polycrystalline Copper in
transverse direction. The lines originate from seltonsistent model prediction. Data from [177].

From these results, two trends can be establighiegdly, upon unloading in every test
on NC-Nickel, the changes in peak positions océiar glastic deformation, and they are of
the same relative amount (Figure 38 and Figureed&n if the test is carried out at 180K
(Figure 65). Secondly, the load-unload test intth@sient region shows that this change is
monotonic until the UTS (Figure 45). In generak #wvolution of residual lattice strains in
NC-Nickel is qualitatively equivalent with convemial CG FCC metals obtained by Clausen
[177].

The observed time-dependence in the FWHM upon diga(see Figure 36) is
present in all tests once the material is defortoetthe full plastic regime. It is slightly less
pronounced for LT deformation (Figure 64) and itduees monotonically with the pre-
annealing temperature (Figure 52), but it neverr@gtvanishes — even at 180°C annealing
temperature. Hand in hand with the time dependsshiation in the FWHM is a reduction in
the bulk strain, e.g. the sample shrinks. Thishgi@us by the observed negative strain rate
after the dip in a strain reduction tests (seei&e@&.3.1). Unloading the sample is the same
as a dip test but with a drop to zero stress. Thatsample also shrinks after complete
unloading can be seen in Figure 118. Figure 118ays the true strain versus time from the
test presented in Figure 32. The black data reptedbe first loading. Then the sample is
unloaded and kept at 1:0MPa (red data). The greenisithe second loading cycle. Since the
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changes in the unloaded phase (red data) areutliffc see in the scale of this figure, the
unloaded data is shown in Figure 118b. Here sasipiakage is clearly visible.
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Figure 118: a) Strain versus time from Figure 32. hStrain upon unloading from the full plastic regime.

In CG materials, sample shrinkage can be explaimgedelaxation of dislocation
networks [178]. However, in NC materials, no sudblatation networks are observed.
Rajagopalan et al. [179] studied freestanding NGmiihum and Gold films and explains a
recovery of plastic strain through thermally assistdislocation depinning from grain
boundary ledges or impurities with different locathergy barriers. He argues that the
temperature dependent recovery is ongoing untiindédirnal residual strains are eliminated.
This could be in agreement with the observed tirepeddent reduction in FWHM and
associated with the running back and final full apson of dislocation in GBs after
overcoming the last pinning point. The process desd by Rajagopalan et al. is only one
possible explanation. It is also possible that slodiffusion assisted — GB accommodation

processes such as sliding or grain rotation arsepite

Very large plastic strains in NC-Nickel

Characteristic for the compressive deformationhiat tafter a short strain-hardening
regime, the NC-Nickel plastifies with an almost stamt flow stress. During tensile
experiments, it could be shown that the 311 peakeases the most compared to its value
upon unloading in the microplastic regime (see g4 and Section 3.1). It is therefore not
surprising that this effect is enhanced during mmession experiment in which 20% strain is
achieved. This aspect is best shown in the coraitedifference in the anisotropy presented
in Figure 119. Also the calculation of the XRD patt from MD samples containing
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dislocations showed that the WH plot increasesdewtlops an anisotropy that is dominated
by a broadening of the (311) diffraction peak. Whg 311 peak width does not recover is at

this stage not known.
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Figure 119: Williamson—Hall plots for experimental NC-Nickel (black) as prepared, (red) unloaded from
tensile deformation and (green) unloaded from compmssion deformation.

The measured changes in the residual lattice stlanmng compression and the
corresponding tension values are presented in &ija0. Here one can see that the simple
linear increase in peak width seen for some paakisa tension data is not present to the same
degree in the compression data. For the compresigitap some peaks exhibit first a positive
residual strain that changes to a negative valugghier strains, which cannot be explained
until now. What becomes apparent is that at thgelastrains of the compression data, the
change in lattice parameter tends to saturatellfpeaks. This was not possible to see within

the plastic strain reached within tension experitsien
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Figure 120: Residual lattice strain values during empression of NC-Nickel. The tensile data from Fige
116 is added.

Compared to NC-Copper, NC-Nickel deformed to tligdacompressive strains showed
very little change in grain size [148]. The lackghin coarsening in NC-Nickel might be
related to the presence of impurity atoms. Howeatym probe microscopy did not provide
evidence for GB segregation (see Section 3.6 a##]J1Grain growth has been observed in
NC-Nickel [67, 180] under conditions of high-presstorsion, i.e. in the presence of large
hydrostatic and shear stresses as well as largi@stHowever, under constant load (Section
3.4.3) there seems to be only a slight increasimenpopulation of grains with a diameter
between 60 and 80 nm [148].

4.2.3. Summary

In-situ X-ray diffraction experiments gave insiglots the deformation behavior of NC
materials. The time resolved XRD technique allov@ginpoint a transition region in NC
materials where the mechanical data shows onlyadugid change from the elastic to the
plastic regime when compared to their CG countéspdihrough the in-situ diffraction data,
it is now possible to observe a structural relaratby loading the material into the
microplastic region or annealing. None of deformatmodels presented in the introduction
(Section 1.1.3) can be excluded but it is importantealize that NC materials deform very

heterogeneously in the early stage of plasticitgrotigh the presented X-ray data, it is
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suggested that the initially stored RMS-strain leie reduced through loading the NC
material.

The grain size stability in NC-Nickel is superiamngpared to other NC materials with a
similar grain size and it is assumed that thisuies th the presence of impurities. Despite there
being no significant grain growth in NC-Nickel, mall increase is possible especially if the

deformation level is high.
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4.3. Deformation mechanisms: a view provided by transien
test

A thermally activated deformation mechanisms isadomic scale process that is
characterized by an activation energy and an daiivaolume, defining the probability that
such an atomic mechanism can occur.

The macroscopic applied stress can be considerag@® of a temperature dependent
effective stress plus a temperature independeetnalk stress. The assumption that the latter
is temperature independent corresponds to the gdgumthat there exists no structural
relaxation upon changing the temperature. The &festress corresponds to local energy
barrier which can be influenced by thermal actwatand usually decreases with increasing
temperature for a given strain rate. Due to themngerature dependence, the effective and
internal stresses are also called thermal andratiestress respectively.

To investigate thermally activated mechanisms amdséparate the thermal and
athermal stress components in NC-Nickel, the attimavolume is measured via transient
tests and the separation of the athermal and thestness components is carried out via dip
tests. These experiments will be discussed indhewing two paragraphs. For more details,

see Appendix A.

4.3.1. Separation of athermal and thermal stress componemith Dip
tests

The samples are loaded up to a certain appliedsskegel using a constant strain rate.
Then the stress is dropped very rapidly by a aerdéanount followed by a short period of
creep during which the plastic strain is measure@ dunction of time (Appendix A). It is
assumed that the internal stress does not changegdihe stress drop, i.e., there is no
significant change in the microstructure. At thememnt of the stress drop, it can be assumed
that several dislocations have been nucleated amd@pagating. As suggested by MD
simulations, a dislocation will be hindered onvitay across the grain interior by the presence
of GB ledges, acting as pinning points that havedmvercome by thermal activation [34].
These pinning points represent localized obstadsléth characteristically short-range
interactions — it is the associated short-rangesstfield of such structure that constitutes the

effective stress. Thus total stress acting on thlechtion is given by the sum of long-range
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(temperature independent) and short-range (temperatependent) stress fields [84], as

shown in Figure 121.

T
A local

T >

Short-range
Long-range stress field
stress field

>
>

‘Wavelength of long-range
stress field

Figure 121: Schematic representation of stress fid experienced by a dislocation along the slip patihe
applied shear stress,r, is separated in an effective stressz* and an internal stresg,. The numbers
correspond to Figure 122.

The dislocations are pinned most effectively whie tnternal stress opposes the
applied stress. Consider a dislocation bypassingl@stacle (pinning point) as shown in

Figure 122 (corresponding schematic stress fiedds=sgure 121).

pinning point

/

Figure 122: Schematic representation of dislocatiopropagating in a grain during a stress dip test. e
gray values represent fluctuations of the internaktress.

When the stress drop is less than the effectiesst*, it will still propagate forward

till position (2), producing a positive creep. Hoxge, when the stress drop exceetisthe
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dislocations will run back and eventually stop e pinning point (3), producing a negative
creep. In this pictures* represents an average stress needed to get @reniag point at
constant strain rate. The fact that for NC-Nickgh#icant negative creep rates are observed
together with the reversibility in the peak broadgnduring in situ X-ray diffraction upon
unloading [89] indicates that dislocations canlgasin back into the GBs. The increaserin
with strain above 1.4GPa applied stress (see indagure 72,7 is multiplied by the Taylor
factor to geto*) points towards an increase of the pinning poensity in the GBs, and the
increase of the internal stress, towards changes in microstructure that are relatiegh an
increase in long-range stress fields. Such a magicompatible with MD simulations results;
however, it cannot be confirmed due to restrictionsimulation time: indeed simulations
demonstrate continuously changing GB structures #medefore ledge densities during
dislocation nucleation and propagation, where esiti GB dislocations can be the signature
of incomplete absorption, as such contributingotogtrange stress fields [34].

In summary, strain-dip tests evidence high valuwestlie effective and the internal
stress when compared to CG structures and theeegesiof a negative creep. The results can
be interpreted in terms of a thermally activatesladiation mechanism in which propagation

is hindered by pinning at the GB.

4.3.2. Elaborating the activation volume with successivealaxations

The activation volume from successive relaxatiorRat (see Section 3.3.2) agrees
well with the value calculated from dip tests obwmd 10-15B However, at 180K the
activation volume increases to around 35thich is distinctly higher than the RT value. hi
is somehow opposed to the observed behavior foN©@&el at this temperature range [181].
A temperature dependent change of activation voliras been observed for different
materials in different temperature ranges towaoi¥gel but also towards higher activation
volume if the temperature decreases [74]. In gdnehanges of the activation volume are
related to changes of deformation mechanisms. Ebnidterials very little data are available
on the temperature dependent activation volumetheitsame trend — lower temperature,
higher activation volume — has been observed inNi&kel down to 77K [44]. This rather

smooth change from over a wide temperature ranghowwever, not typical for observed
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mechanism changes in CG materials [74]. A commaatagation on the increasing activation

volume with decreasing temperature in NC-Nickelsdoet exist at present.
Nucleation site

2

Pinn’ir]g/Depinningféi’re

Figure 123: Schematic of slip areas shaded in grelat are involved in the nucleation of a dislocatio and
the depinning of a dislocation of the GB (indicatedby the dotted line). From [34].

Figure 123 shows a schematic for the charactersdific area shaded in gray for the
nucleation. The slip area associated with the pigHtiepinning process is also shown in
Figure 123. One can easily imagine that both psE®save a similar activation volume and
none of them can be excluded as dominant effemtlif this characteristic is compared. For a
loop nucleated of a boundary facet Asaro et al} ¢abculated a activation volume of order of
5-100°. However, according to Evan and Rawlings [182] &uhrad [144] there are other
possible deformation mechanisms exhibiting an atitm volume of between 30?03, In
particular, there is point defect drag, point defégteraction conservative and non-
conservative jog motion and cross slip. It has ¢onbted that such a thermally activated
pinning-unpinning process is not taken into accannthe model presented by Asaro and
Suresh [46], where after nucleation the dislocatimtion is considered to be predominantly
an athermal event. However, a thermally activaiadipg-unpinning mechanism is supported
by recent simulations, which suggest a strong teatpes depended unpinning of dislocations
[34].
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4.4. Deformation behavior: a combined view

The in-situ XRD experiments have shown that defdionaof NC-Nickel in the initial
stage is dominated by the heterogeneous deformattionsic to the NC GB network. This is
evident in a NC material because the initial sttaandening regime results in a mechanism
that upon unloading lowers the RMS-strain. Suchabih is incompatible with the activation
of multiple slip systems within the nanograins andhe increased presence of geometrical
dislocations, since this would have the tendencyd¢oease RMS-strains or at least keep the
values constant, as observed for HPT-Nickel. Tloeegfit is inadequate to define a yield
strength at a particular strain, e.g. 0.2%, andpare these values with CG material. Above
1.4GPa, or a plastic strain of ~0.7%, a transitioours to a more homogeneous deformation
evident by the evolution of the peak broadeningabee the peak broadening increases for
most diffraction peaks once the material is strdifi@ther. These results demonstrate the
presence of two distinctly different hardening negs in NC-Nickel that can be related to the
microplastic and macroplastic regime.

Figure 124 presents a model to relate the XRD peaskions and peak widths to the
microstructure. The as prepared NC structure acor@sponding X-ray diffraction peak are
shown in Figure 124a. In the microplastic reginge|ang as plastic events are scarce (Figure
124b), incompatibility stresses are accommodatetheyGB structure/network, reducing the
RMS-strain and consequently causing a reductiaienpeak width (Figure 124c). Once the
majority of the grains start to deform plasticalligure 124d), the residual Burgers vector
content of these propagating dislocations are atilommodated in the GBs but there is no
room for network accommodation. It can be expedtet dislocation absorption would
become more and more difficult when the number isfodations involved in the plastic
deformation process increases [4]. This would iaseethe number of stress intensities in GBs
resulting in long-range stress fields in grain fiwes, i.e. a build up of RMS-strain and
contributing to the WH anisotropy. Such an effegplains why a fully reversible peak
broadening is observed after unloading of a terggfermed NC-Nickel, whereas after 20%
strain a non-reversible broadening of the 311 pgalbserved, and still no dislocations in the
grain interiors can be observed by TEM. This pietisrcompatible with the X-ray diffraction
calculations presented in Section 3.5.4, which shwat those dislocations that are not fully

absorbed (TEM invisible) can also contribute tooater dependent peak broadening. Figure
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124e shows a grain structure similar to the asgvegpstructure. The permanent peak shift
can be explained by the change of type Il stregsea certain diffraction direction. This

change is a result from the intergranular intecasiduring loading of the NC-Nickel sample.

Strains in grains X-ray profile

tensile

0

compression

tensile

0

loading in the microplastic regime

compression

heterogeneous deformation

loading in the macroplastic regime

homogeneous deformation

tensile

0

compression

Figure 124: Schematic drawing of NC grain arrangemets, their internal stress fields (in gray shadesand
the corresponding X-ray diffraction peaks. Followirg Figure 111 and extending the strain into the
macroplastic regime where plastic events introducstrain fields.
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In this picture, the FWHM behavior for deformatiopsrformed at 180K can be
understood by a “freezing-in” of dislocations. lther words, the propagation of dislocations
is hindered by pinning points causing an increaspeiak broadening upon unloading. If the
material is heated to RT, the increased thermastasge is high enough to overcome the
pinning points and the dislocations can propagatéhér, finally becoming absorbed and
resulting in a reduction of the RMS-strain and ¢fi@re the peak broadening. Such a picture
evidences that the rate limiting process is inddssfmally activated. These outcomes
strengthen the above conclusion where the propayati a dislocation is hindered by its
pinning at GB ledges, controlling the thermallyigated dislocation mobility. Moreover, the
negative creep observed in strain-dip tests sutistes a propagation process hindered by
pinning points at GB ledges. Thus the experimeunggsst that not only nucleation [46] but

also propagation should be considered as a posatigléimiting mechanism in NC metals.
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5.  Summary

This thesis could greatly extend the knowledge lan deformation behavior of NC
Nickel by combining classical mechanical testing amsitu experiments. In detail, this thesis
revealed that:

Within the “hardening” regime of NC-Nickel, two defmation mechanisms are
present, where one mechanism reduces the peakeniag¢dthe other one increases it. Since
no grain growth is observed during deformation,neweder (compressive) deformation up to
about 20% strain, the reduction in the peak broaders interpreted in terms of strain
fluctuations in the material.

In the early stage of “hardening” regime — the mjdtastic regime — it is conceivable
that localized plastic events can be accommodatdbeograin boundary network resulting in
a reduction in the existing strain fluctuationsyBed a plastic deformation of about 0.7%, the
strain fluctuations increase with ongoing deformatiThis change from decrease to increase
suggests that dislocations cannot get sufficieathgorbed in the grain boundary network
anymore and therefore contribute to strain flucturet resolved by the increasing diffraction
peak broadening.

The beginning of plastic deformation in NC-Matesials very inhomogeneous.
Therefore, the generally used 0.2% vyield criter@esd not correspond to the onset of
macroscopic plasticity.

If plastic deformation of nanocrystalline Nickel carried out around 180K, an
irreversible peak broadening is observed upon anhga This result can be understood by a
freezing in of dislocations within the grain intarior by suppressing grain boundary
accommodation processes. Reheating to room teraperstipplies enough thermal mobility
to unfreeze the dislocations evident by the regoweéthe peak width to its as prepared value.

By introducing a lattice dislocation or twin contemto computer-generated NC
samples and calculating the corresponding two-thétay diffraction spectra, the peak
integral-width anisotropy as a function of scatigrangle is found to reflect the experimental
anisotropies observed in as prepared NC-Nickel B@dCopper. Such simulations also
demonstrate that a similar anisotropy in the WH pisually explained by the presence of
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lattice dislocations can be obtained by the preserichighly localized stress intensities in
GBs induced by “absorbed” — TEM invisible — lat# dislocations.

Strain dip tests evidence high values for the @ffecand the internal stress when
compared to coarse grained structures and theeagisiof a negative creep. These results can
be interpreted in terms of a dislocation mechanidmre propagation is hindered by pinning
at grain boundary ledges controlling the thermaditivated dislocation mobility.

A non-uniform distribution of some impurities indies segregation in NC Nickel,
which seems to increase through annealing. Howdéverfew samples studied did not allow a

clear and conclusive picture.

These results are graphically summarized in Figi26 where an update on the

knowledge base — as presented in the introductisrgiven.

e ) e p
Load unload experiments in the Influence of temperature
microplastic regime: on the deformation behavior:

Different deformation signatures in Deformation at 180K stores

the microplastic and macroplastic dislocation which are removable

[egime questioning 0.2% vyield Criteria.) \by heating to RT. )

[ Large ) ¥

deformations:

Large ductility in Starti ng Transient

compression and
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constant flow kn OWledge High effective and

stress. Stable grain internal stress.

size in nc-Nickel Dislocation prop-
compared to base agation hindered

copper with similar by temperature

A 51Ze. J dependent pinning
Impurities: Qalculgtion of | points. )
Challenging diffraction pattern:
question, further WH dlslocgtlon .anlsotljopy
to tackle’ without lattice dislocations
. in grain interiors.

Figure 125: Short summary of thesis highlights, peiting out the contribution to the knowledge base
gained within this thesis.



6. Outlook

The presented investigations extend the knowledgbeodeformation mechanisms in
NC-Nickel. Further research should be performecotcer the wide class of NC materials that
exist and their different synthesis pathways.

In NC materials, a key issue is the content andribligion of impurities and more
quantitative information would be of great help.eDthe past few years, MD simulation have
provided a unique and complimentary viewpoint issifying the atomic scale processes that
may contribute to the experimentally observed matgformation properties of NC materials.
However, until now only few MD investigations of N#lasticity have considered impurities.
The incorporation e.g. of Oxygen [183] in MD sintidas would be an important step
towards achieving this. Although the grain sizeshef simulated samples are already similar
to experimental conditions, the Voronoi constructemployed in most MD simulations to
construct the NC network exhibits some disadvarstagech as unrelaxed triple junction
geometries and GBs. These limitations are at ptedifficult to overcome due to the time
scale restriction of simulations, where typicallylyoa few nanoseconds of physical time are
simulated.

The developments in focused X-ray diffraction taegbes already allow the study of
regions as small as several 100nm. With furthegmass, it could be possible to study a single
nano grain and gain local information, as is alyedohe for their CG counterparts.

In the special case of NC-Nickel, deeper insights the time dependent processes as
well as the temperature dependence of the activatmume are of great interest. The
calculations of the diffraction peaks are a stagxplaining the unloaded WH anisotropy. The
dynamic behavior of the diffraction peaks duringding opens new fields of research.

In general, the work entailed in this thesis coslibw that NC-Nickel exhibits an
extended microplastic regime that can easily beifeddthrough small external changes, like
low temperature annealing or by load-unload cytiebe micoplastic regime. This finding is
an important contribution to the possible appliigbof NC bulk structures in future MEMS

devices.
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Appendix A

Dislocation response to thermal and athermal stress

If a high enough stress is applied to a crystallivegerial, it will deform plastically or
fracture. In a classical picture, the mechanismdefiorm a material plastically can be based
on dislocation activity and/or involve diffusionatocesses. The diffusion-based mechanisms
usually operate at high homologous temperaturesudd RT, the plastic deformation of most
metals is governed by dislocations. In that case alverage dislocation mobility controls the
flow rate of the material. Furthermore, the spekd single dislocation without any barriers is
considered as infinite and the average speed oflislibcations is then controlled by the
obstacles, where the dislocations arrests or reg#elayed/pinned.

Seeger et al. [184] proposed to decompose theeampghiear stresswhich is needed
to deform a material plastically, mathematicallywo components (39).

T=7+1" (39)

The first component;, is related to long-range stress fields that oegg from the
internal structure and dislocation patterning ia thaterial. This component depends on the
temperature only through the temperature dependeittee shear modulus. Therefore, it is
called the athermal or internal stress. The secontbonent* is called effective stress. It is
related to local energy barriers originating fromadl obstacles, intrinsic lattice resistance or
unpropitious dislocation core configurations. Thigpe of barrier involves a small
volume/energy that can be strongly influenced bsrrttal activation. In other words, the
thermal energy helps dislocations to overcome tliegders and results in a reduction in
stress when the temperature rises. This stredseisfore also named as the thermal stress
component.

In the following two methods will be presented d)decompose the athermal and the
thermal/effective stress (Determination of longgarstress fields) and 2) to investigate the

origin of the short-range obstacles (Investigatimgorigins of the short-range obstacles).
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Determination of long-range stress fields

fields.

Four different tests are discussed which allowdétermination of long-range stress

The athermal stress can be determined by meastmntemperature dependence of
the stress. The athermal stress is found at tempesawhere no influence on the
stress is present [182]. Apart from some extrapoiateeded to extract the stresses at
LT, this method requires that the material is ®takler a large range of temperatures
and is therefore not considered for NC-Nickel.

A method where no changes in temperature are ragessto perform strain rate
jump test [185]. However, this test requires a Istaftructure and has several
assumptions (stable flow stress), which can betouesi in NC materials (for details
see [185]). Furthermore, it “consumes” a relativalge part of the stress strain curve.
Therefore, it is questionable whether the micradtne remains constant throughout
the jump test.

Another similar test revealing the athermal commbng a simple stress relaxation.
After the crossheads are stopped, the materialtraitisform elastic strain into plastic
strain (relax) and finally reach an asymptotic strevhich can be ascribed to the
athermal stress [186]. Such a simple test sufiens fseveral problems. A relaxation
test takes by its principal (long) time to reachamymptotic value during which the
microstructure can change. Furthermore, the pdggilof creep especially at high
stresses can influence the results.

A test where the fewest changes in microstructane loe expected is a so-called
strain-dip test. This test is often also referredas stress reduction test. A recent
review from Krumel et al. [187] states that thisttshould be favored compared to
other methods. Therefore, stress reduction te€9,[147, 188-190] are used to

perform the separation of the intermghnd the effective* stress.

The strain-dip test is carried out as follows: dgra continuous deformation — at any

point of the stress strain curve — a stress diepfollowed by a short creep period is

conducted. During this initial creep, the creegratis recorded as a function of time (see

description in Section Operation modes at Page PHis test can be repeated on another



Appendix A 173

sample at the same point of the stress strain cotewith a different stress drop. The creep
rate will be different. At the stress drop where ttreep rate is zero, the stresses on the
dislocations are in equilibrium with the appliedess i.e. the average dislocation flux is zero.
The thermal energy, which normally helps to overedrarriers, is not anymore effective and
the material bears the applied stress througmignal stress. In other words, the stress drop
Arwhere zero creep follows can be assigned to fieetefe stress*.

To examiner* — from several measurements with different stbsps — Milckla
[189] suggested a hyperbolic sine function (40dorelate the creep rate dependence of the
stress drops.

v, = A sinV (r* -A7)/kT]| (40)

Where A; is a temperature dependent coefficient including thobile dislocation
density,V the activation volumeTJ the absolute temperature akdhe Boltzmann constant.
The above route for the determination of the eiWecstress also allows calculation of the
activation volume. However, for small stress redung the activation volume can also be

derived using relation (41), which considers twstidict data points [74].
Vol Ve =exdgV (A7, -A7,)/KT]] 41)
Equation (41) has the advantage over (40) thaloes not need to be known explicitly

and no shape functiosifih) is needed.

Investigating the origins of the short-range obstas

In the previous Section, the athermal componeth®fstress is described as well as a
sensible method to measure it. The second patefapplied stress is called the thermal
component because the dislocation motion is oftertrolled only by a couple hundreds of
atoms. This corresponds to an energy barrier ofetetron volt or less and can be favored to
overcome by thermal energy [74]. In other wordg, stress needed to deform a crystalline

structure at a given strain rate decreases agmhgetrature increase.

Theoretical assumptions
The Orowan equation (42) describes the deformatat@y, as a function of mobile

dislocation densityr, average dislocation velocity the Burger’'s vectob and a geometrical
factorA [191],
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y=Apbv. (42)
The average dislocation velocityis controlled by the successful attempt rate diséocation
to overcome a barrier. To describe these successéuhpts a Boltzmann statistic is used with

the barrier energyG and the thermal enerdyfl.

A -AG
V= l—vid ex T (43)

Here A" is the area swept by a dislocation segment oftlhehgetween two successive

obstacles andly is related to the Debye frequengyvia vig=bp/l. For the sake of simplicity

all constants are summarized in,

Vo = ABDIA 11, (44)
Equation (45) describes the strain rate dependamdtiee local energy barrietG,
y =y, exd-AG/KT). (45)

Through thermodynamic laws and the assumptiontkigatate limiting process has a constant
activation volumeV, AG can be described by,

AG =AG, -1V . (46)
Here AG, is the barrier activation energy at zero streskathe shear stress. The activation

volumeV is defined as,

_ _[0G
- f2)
To establisiG, the thermodynamic relation,
AH =AG-TAS, (48)

is useful. Under the assumption that the enttdys dominated by the temperature influence
on the shear modulusig/dT) which can be found in literature [192, 193], Setio [194]

derived a relation to calculatts,

AH JS#’V
__ U
ne: g )
pudTr

However, to calculatéG, it is necessary to first get the activation elgthaiH, which
is experimentally accessible. The Maxwell relatiatew to write,
TV(d7/dT)+AH =0. (50)
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AH can now be calculated if the temperature deperdehthe stressd¢/dT) and activation
volumeV are measured.

The temperature dependence of the shear stresbecastablished by temperature
jump experiments either in creep or during constrdin rate tests. An easier way is to
derive the dependence from constant strain rateergrpnts at different temperatures.
However, there the stress has to be measured aathe structure for what often the yield
point is used. This assumption has to be treattldl eaire especially if the tested material has
no clear yield point, e.g. ED-NC Nickel. In a disktion picture, the same density of mobile
dislocation has to be present at different tempeeatand only then is it possible to compare
their temperature sensitivity.

If the temperature dependence of the stress anacthation volume is measuredH
can be calculated via (50). WithH and ¢/dT) from the literature, it is also possible to
derive 4G with Schoeck’s formula (51). Then the barrier zatiion energy at zero stred&,
can be calculated and a full description of theodwétion ratey is given within the used
model.

However, by rewriting (45) taiG=akT where« is the logarithmic strain rate ratio it
can be seen that the equation yields to a lindatioe with temperature going through zero.
Under some assumptions for realistic valueg ofsee equation (44)) and possible applicable
strain rates Cagnon [195] established a valuexfor2l With this assumption, théG, can be
established only through the knowledge of the attim volume (46).

The paragraphs above show that the deformationait a material can be fully
described if the barrier activation energy at zst@ssAG, and the activation volume is
known. However, with a few assumptions it couldbd® indicated that the most important
value is the activation volumé Moreover, the measurement of the temperaturentigpee
of the stressd#dT) in NC-Nickel is vague. Therefore, only the activa volume of NC-
Nickel is measured within this thesis. Another ¢ads that the activation volume is the key

parameter most used to compare and discuss tha deformation mechanism in literature.

Measurement of activation volume
As can be seen in the paragraph above, the activablumeV gives an important

insight into the underlying deformation mechanigm.determine it, a transient test has to be

applied. It is possible to use strain rate jumpstes stress jumps/changes during creep [182].
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Probably the easiest test to perform is stresgattm, a simple stop of the crossheads and a
recording of the stress drop with time. Howeverthé stress drop does not follow a
logarithmic relaxation, several different activatieolumes are present and the result will not
be conclusive. Another consequence of a simpleaéln is that the measured volume is an
apparent activation volume because the mobile chslon density changes during the
relaxation.

In any case, the apparent activation volume canlm®walculated using:

V, = 3.06kT—a|n(;;/ M) (51)

The pre-factor 3.06 (Taylor) is used to convert tbsolved shear stress to uni-axial stress
[146]. The stored elastic strain7/M, is transferred to plastic strai, where M is the
combined elastic modulus of machine and samples if@thod is rather complicated because
the combined modulus of the machine sample arraegelt has to be known exactly. A
simpler method to determine the activation volumsoi fit the measured relaxation data to

(52),

At = —C—:In(hCLJ : (52)
Heret is the time and; is a time constant.

Both presented ways provide only the apparent @i volume. However, by the
use of successive relaxations, it is possible tabéish also the physical activation voluivie
These successive stress relaxations are carriedabuhe same stress level as it is
schematically shown in Figure 13. The reloading toake quasi-elastic where no change in
structure and mobile dislocation density occurse physical activation volum¥ can then be

calculated via (53) (for indices see Figure 13),

n(y1,/ 12,)
V = kT ———1,
At, (53)

The exact determination of the strain rate at the ef the first relaxation and the
beginning of the second is with nowadays measurehevices possible, but still tricky. A
better way which is currently most commonly usediéscribed by Spatig [75]. There, the
apparent activation volume is calculated from alaxation and then corrected Iy

_Va
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This correction factor2 can then be deduced from successive relaxations,

exp(V.Ar. /KT)-1
S In( PCVLAT, 7KT) j o5

< expEV,Ar, /KT) -1

V,D Ar,

1
For more details, especially in how the formulas derived and which further

assumptions are taken, the author refers to [74].
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Grain size distributions

The number averaged grain sizeis an arithmetic mean value calculated via,

- 1
d==>d. (56)
n
There n is the number of counted grains drttie individual grain diameter calculated from

each measured area, e.g. Figure 3b, assuming wacigrain. The corresponding standard

deviationSDy can be established via,

1
n — )2
s, :(LZ(di —d)zj | (57)
n-13
The volume averaged grain size can be calculatedsbyming e.g. a spherical shape. The
volume of each graiw is then calculated by,

% 3
v=2 ’T(ﬂj _ (58)
' 3 2

The average volume is obtained from,

V=

S|

D, (59)

wherefrom the volume averaged grain size can be calculated via,

g =o%s 3*V
Y 4%

(60)

The standard deviation for the volume average griaeSDd, can be calculated via,

sn, =(ni_li(vi —V)ij, 1)

ne |3 SD,
SDdV_Z 34*—77_- (62)

and
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Different surfaces of nanocrystalline Nickel

Throughout the thesis different peak widths for shene peak occurred from different
samples, although they were all cut from the saimeetsof NC-Nickel. To relate these
differences to one or the other side of the mdtaét several techniques are applied.

The NC-Nickel sheet metal is made via the ED whergins are deposited on a
substrate material. It is possible that the sutessale and the one which is opposite from it
have different structure [30]. Additionally, themas no detailed information available which
production parameters were used and how the hanaiithe purchased sheets was done.

To investigate systematically this difference, amber of samples are compared.
Therefore, the peaks widths are plotted with resfetheir peak position (see Figure 126) —
the so-called WH plot. For visibility of the diffence and further determination, the tests are
colored in either green or blue according to thé\R# value of the 111 peak. Samples with a
FWHM value smaller than 0.17° (measured at 17.5lka®)colored green and samples where
this value was larger with blue. Now it is visiltheat two types of signatures are present.

FWHM 520 [°]

0.1 ] ] ] ] ]
20 25 30 35 40 45

Diffraction angle 20 [°]

Figure 126: WH plot of eleven different NC-Nickel amples in their as prepared situation. For colorssee
text.
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WH analysis

Performing a WH analysis (see Section 2.3.5), tteéngsize and microstrain (RMS-
strain) could be established and are presentedyurd-127. A correlation between the 111-
FWHM and the microstructural parameters obtainemnfrthe WH analysis is evident.
Samples with a FWHM of the 111 peak, which is sarathan 0.17° have a bigger grain size

and a smaller RMS-strain and vice versa.

0.185 T 0.185 T
0& 0@0
& 0.18f 1 &= 0.18F -
= 0.175} {1 =0.175} -
= =
I I
E 017 . E 017F .
0.16 L 0.165 p
%0 40 50 0.34 0.36 0.38
Grain size [nm] Strain [%]

Figure 127: Grain size and RMS-strain from the WH analysis of several NC-Nickel samples. The analysis
is performed by the use of the integrated with fromthe 111 family with the Cauchy-Gaussian
deconvolution.

Microstructure

The differences presented above between the twplsasides in the WH analysis are
evident. However, in TEM pictures, which are preéednn Figure 128, these differences are
not so clear. The cross section bright field imggesented there originate from a place close
to one and the other side of the as prepared sheepossible variations, only speculation
can be performed and an intensive investigationla@vbe necessary.
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b 2 E « . ‘.' I , : %
b CNTTED o '.dgfﬁ

Figure 128:“.Cross sectional view on the ED-NC NickeBoth a)%nd b) TI§M bfigﬂt field ima{ges are close
to a surface. The insets show their correspondingftraction pattern.

As opposed to the two TEM pictures, the resultsnftbe WH analysis, could establish
significant differences between the two sides ef itivestigated ED Nickel sheet. However,
these dissimilarities do not seem to affect anysiibs observation except an absolute change
of the peak width during any loading cycle. To fyetthis, in Figure 129 the 111 peak
broadening during loading of several samples agequnted.

0.22 , , I
0.21} -
0.2f -

0.191- -

FWHM [°]

0.18 -

017 -

I I I
0'160 0.5 1 1.5 2

Stress [GPa]

Figure 129: 111 FWHM values versus applied stressdm the same eleven samples presented in Figure
126.

Summary

With diffraction pattern analysis and TEM investiga, it could be shown that there
are differences between the two sides of the pseth®d\C-Nickel sheet. These differences



182

can be recognized in the peak broadening whichgtiglorigins from the grain size and the
RMS-strain which are empirically related [70]. Taagvealed differences apparently do not

influence the deformation curve and the relatiiealition peak behavior of NC-Nickel.



References

1. Feynman RThere's Plenty of Room at the Bottdi59, American Physical Society:
California Institute of Technology (Caltech)

2. Gleiter, H. Nanocrystalline materialfrogress in Materials Science, 19894): p.
223-315.
3. Meyers, M.A., A. Mishra, and D.J. Bensdfechanical properties of nanocrystalline

materials.Progress in Materials Science, 208§4): p. 427-556.

4. Hirth, J.P. and J. Loth&heory of Dislocations (2nd editiarf)982, New York: John
Wiley and Sons. 857.

5. Hull, D. and D.J. Bacomntroduction to DislocationsFourth Edition ed. 2001,
Oxford: Butterworth-Heinemann.

6. Wertmann, J. and J.R. Wertmaktementary Dislocation Theor$964, New York,:
Macmillan.

7. Bronkhorst, C.A., S.R. Kalidindi, and L. AnaRblycrystalline Plasticity and the
Evolution of Crystallographic Texture in Fcc MetaPhilosophical Transactions of
the Royal Society of London Series a-Mathemati¢gisital and Engineering
Sciences, 199241(1662): p. 443-477.

8. Heripre, E., et alCoupling between experimental measurements andnystgl
finite element calculations for micromechanicaldstwf metallic materials.
International Journal of Plasticity, 20@3(9): p. 1512-1539.

9. Hall, E.O.,The Deformation and Ageing of Mild Steel .3. Disaus of Results.
Proceedings of the Physical Society of London $adi, 195164(381): p. 747-753.

10. Petch, N.JThe Cleavage Strength of Polycrystalsurnal of the Iron and Steel
Institute, 1953174(1): p. 25-28.

11. Dao, M., et al.Toward a quantitative understanding of mechaniedidyvior of
nanocrystalline metalsActa Materialia, 2007/55(12): p. 4041-4065.

12. Palumbo, G., S.J. Thorpe, and K.T. A@st,the contribution of triple junctions to the
structure and properties of nanocrystalline matkxi&cripta Metallurgica et
Materialia, 199024(7): p. 1347-1350.

13. Wang, N., et alQn the persistence of four-fold triple line nodesanostructured
materials.Scripta Metallurgica et Materialia, 1998(2): p. 253-256.

14. Derlet, P.M., S. Van Petegem, and H. Van Swiygean,Calculation of x-ray spectra
for nanocrystalline material$2hysical Review B (Condensed Matter and Materials
Physics), 200571(2): p. 024114-8.

15. Schiotz, J., F.D. Di Tolla, and K.W. Jacobsgoitening of nanocrystalline metals at
very small grain sizedNature, 1998391(6667): p. 561-563.

16. Van Swygenhoven, H. and A. CaRbastic behavior of nanophase Ni: A molecular
dynamics computer simulatioApplied Physics Letters, 19971(12): p. 1652-1654.

17.  Van Swygenhoven, H. and A. CaRbastic behavior of nanophase metals studied by
molecular dynamics?hysical Review B, 19988(17): p. 11246.

18. Conrad, H. and J. Naray#&m the grain size softening in nanocrystalline mats.
Scripta Materialia, 200@12(11): p. 1025-1030.

19. Yip, S.,Nanocrystals: The strongest siMature, 1998391(6667): p. 532-533.

20. Yip, S.,Nanocrystalline metals: Mapping plasticifyjat Mater, 20043(1): p. 11-12.



184

21.

22.

23.

24.

25.

26.

27.

28.

29.

30.

31.

32.

33.

34.

35.

36.

37.

38.

39.

40.

41.

Chokshi, A.H., et alQn the validity of the hall-petch relationship ianmocrystalline
materials.Scripta Metallurgica, 19823(10): p. 1679-1683.

Schuh, C.A.,, T.G. Nieh, and T. Yamas#&all-Petch breakdown manifested in
abrasive wear resistance of nanocrystalline nickekipta Materialia, 2002.6(10): p.
735-740.

Elsherik, A.M., et alDeviations from Hall-Petch Behavior in as-Prepared
Nanocrystalline NickelScripta Metallurgica Et Materialia, 19927(9): p. 1185-1188.
Sanders, P.G., C.J. Youngdahl, and J.R. Wepyihin@ strength of nanocrystalline
metals with and without flaw®aterials Science and Engineering A, 19834-236

p. 77-82.

Fougere, G.E., et aGrain-size dependent hardening and softening oboaystalline
Cu and PdScripta Metallurgica et Materialia, 19926(12): p. 1879-1883.

Kumar, K.S., H. Van Swygenhoven, and S. Sufdgichanical behavior of
nanocrystalline metals and alloyActa Materialia, 200361(19): p. 5743-5774.

Herr, U., et allnvestigation of nanocrystalline iron materials lgjyo-umlaut]ssbauer
spectroscopyApplied Physics Letters, 19830(8): p. 472-474.

Keblinski, P., et alStructure of grain boundaries in nanocrystallindladium by
molecular dynamics simulatio®cripta Materialia, 1999L1(6): p. 631-636.

Zhang, K., J.R. Weertman, and J.A. Eastriae,influence of time, temperature, and
grain size on indentation creep in high-purity nangstalline and ultrafine grain
copper.Applied Physics Letters, 20085(22): p. 5197-5199.

Erb, U., K.T. Aust, and G. Palumbdanostructured materials : processing,
properties, and applicationgd. C.C. Koch. 2007, Norwich, NY: William Andrew
Pub. 760.

Nicolaus, M.M., H.R. Sinning, and F. Haessteystallization behaviour and
generation of a nanocrystalline state from amorpgh@033Zr67Materials Science
and Engineering A, 1992501): p. 101-112.

Lu, K., J.T. Wang, and W.D. We&,new method for synthesizing nanocrystalline
alloys.Journal of Applied Physics, 19989(1): p. 522-524.

Weertman, J.R., et abtructure and Mechanical Behavior of Bulk Nanoaiste
Materials.Mrs Bulletin, 199924(2): p. 44-54.

Van Swygenhoven, H., P.M. Derlet, and A.G. EtiefNucleation and propagation of
dislocations in nanocrystalline fcc metafscta Materialia, 200664(7): p. 1975-1983.
Haasen, PRlastic Deformation of Nickel Single Crystals an.®emperatures.
Philosophical Magazine, 1958(28): p. 384-&.

Cahn, J.W., Y. Mishin, and A. Suzu&ioupling grain boundary motion to shear
deformation Acta Materialia, 200654(19): p. 4953-4975.

Shan, Z., et alGrain Boundary-Mediated Plasticity in Nanocrystaéi Nickel.
Science, 20043055684): p. 654-657.

Gunther, B., A. Kumpmann, and H.D. Kun3egcondary recrystallization effects in
nanostructured elemental meta&cripta Metallurgica et Materialia, 19921(7): p.
833-838.

Markmann, J., et aMicrostructure evolution during rolling of inert-gacondensed
palladium.Scripta Materialia, 20031X(7): p. 637-644.

Horvath, J., R. Birringer, and H. GleitBiffusion in nanocrystalline materiabolid
State Communications, 19852(5): p. 319-322.

Sanders, P.G., et dreep of nanocrystalline Cu, Pd, and Al-Rlanostructured
Materials, 19979(1-8): p. 433-440.



References 185

42.

43.

44,

45.

46.

47.

48.

49.

50.

51.

52.

53.

54.

55.

56.

S7.

58.

59.

60.

61.

L. Lu, R.S., Z.W. Shan, M. Dao, K. Lu, S. Simddano-sized twins induce high rate
sensitivity of flow stress in pure coppActa Materialia, 20053; p. 2169-2179.

Van Petegem, S., et dhternal and effective stresses in nanocrystalline
electrodeposited NApplied Physics Letters, 20089(7).

Wang, Y.M., A.V. Hamza, and E. MBemperature-dependent strain rate sensitivity
and activation volume of nanocrystalline Kcta Materialia, 200664(10): p. 2715-
2726.

Dalla Torre, F., et alDeformation behaviour and microstructure of nanatajyline
electrodeposited and high pressure torsioned nicketla Materialia, 200563(8): p.
2337-2349.

Asaro, R.J. and S. Suredtechanistic models for the activation volume ante ra
sensitivity in metals with nanocrystalline graingdanano-scale twing\cta

Materialia, 200553(12): p. 3369-3382.

Zhu, B., et al.Transition of deformation mechanisms and its cotioe¢o grain size
distribution in nanocrystalline metalé.cta Materialia, 200563(18): p. 4825-4838.
Li, J.C.M. Petch Relation and Grain Boundary SourcBsnsactions of the
Metallurgical Society of Aime, 1962271): p. 239-&.

Van Swygenhoven, H., et alpmpeting plastic deformation mechanisms in
nanophase metal®hysical Review B, 19980(1): p. 22.

Wu, X.-L. and E. MaDislocations in nanocrystalline graindpplied Physics Letters,
2006.88(23): p. 231911-3.

Wu, X., E. Ma, and Y. ZhiDeformation defects in nanocrystalline nick&urnal of
Materials Science, 20042(5): p. 1427-1432.

Kumar, K.S., et alDeformation of electrodeposited nanocrystallinekeicActa
Materialia, 200351(2): p. 387-405.

Haque, M.A. and M.T.A. SailDeformation mechanisms in free-standing nanoscale
thin films: A quantitative in situ transmission @®n microscope studyroceedings
of the National Academy of Sciences of the Unitéates of America, 2004.01(17):

p. 6335-6340.

Haque, M.A. and M.T.A. Saif.hermo-mechanical properties of nano-scale
freestanding aluminum film3hin Solid Films, 2005484(1-2): p. 364-368.

Van Swygenhoven, H., P.M. Derlet, and A.G. BtiosStacking fault energies and slip
in nanocrystalline metaldNature Materials, 20048(6): p. 399-403.

Bernstein, N. and E.B. Tadmaight-binding calculations of stacking energies and
twinnability in fcc metalsPhysical Review B, 200469(9): p. 094116.

Brandl, C., P.M. Derlet, and H. Van Swygenhqg¥&eneral-stacking-fault energies in
highly strained metallic environments: Ab initid@aations.Physical Review B
(Condensed Matter and Materials Physics), 206{5): p. 054124-8.

Warner, D.H., W.A. Curtin, and S. (Riate dependence of crack-tip processes
predicts twinning trends in f.c.c. metaldat Mater, 20076(11): p. 876-881.

Wang, Y.M., et alDeformation twinning during nanoindentation of nangstalline
Ta. Applied Physics Letters, 20086(10): p. 101915-3.

Ebrahimi, F. and H. Lilhe effect of annealing on deformation and fractfra
nanocrystalline fcc metallournal of Materials Science, 20@2(5): p. 1444-1454.
Hasnaoui, A., H. Van Swygenhoven, and P.M. &gtlooperative processes during
plastic deformation in nanocrystalline fcc metadsmolecular dynamics simulation.
Physical Review B, 200B56(18): p. 184112.



186

62.

63.

64.

65.

66.

67.

68.

69.

70.

71.

72.

73.

74.

75.

76.

7.

78.

79.

Mishin, Y., et al.Stick-slip behavior of grain boundaries studiedaogelerated
molecular dynamics?hysical Review B (Condensed Matter and MateRélgsics),
2007.75(22): p. 224101-7.

Chen, M. and X. YaiGomment on "Grain Boundary-Mediated Plasticity in
Nanocrystalline Nickel"Science, 200533085720): p. 356c¢-.

Weissmuller, J., J. Loffler, and M. Kleb&tpmic structure of nanocrystalline metals
studied by diffraction techniques and EXAR&nostructured Materials, 199%1-4):
p. 105-114.

Haber, J.A. and W.E. Buhiinetic Instability of Nanocrystalline Aluminum
Prepared by Chemical Synthesis; Facile Room-Tenper&rain Growth.Journal of
the American Chemical Society, 1992042): p. 10847-10855.

Zhang, K., J.R. Weertman, and J.A. EastrRapid stress-driven grain coarsening in
nanocrystalline Cu at ambient and cryogenic tempees. Applied Physics Letters,
2005.87(6): p. 061921-3.

X. Z. Liao, et al.High-pressure torsion-induced grain growth in etedeposited
nanocrystalline NiApplied Physics Letters, 20088(021909).

Gianola, D.S., et alStress-assisted discontinuous grain growth andffect on the
deformation behavior of nanocrystalline aluminunmtims. Acta Materialia, 2006.
54(8): p. 2253-2263.

Z. Budrovic, et alFootprints of deformation mechanisms during in gHtay
diffraction: Nanocrystalline and ultrafine grainddi. Applied Physics Letters, 2005.
86(231910).

Eckert, J., et alStructural and thermodynamic properties of nano@lise fcc
metals prepared by mechanical attritialaurnal of Materials Research, 19%¢7): p.
1751-1761.

Kalkman, A.J., A.H. Verbruggen, and G.C.A.Masgsen)Young's modulus
measurements and grain boundary sliding in fre@ditag thin metal filmsApplied
Physics Letters, 200X8(18): p. 2673-2675.

Baker, S.P., R.P. Vinci, and T. Ari&dastic and anelastic behavior of materials in
small dimensiondVirs Bulletin, 200227(1): p. 26-29.

Shan, Z.W., et alDislocation Dynamics in Nanocrystalline NickBhysical Review
Letters, 200798(9): p. 095502-4.

D. Caillard, J.L.M.Thermally Activated Mechanisms in Crystal PlasyidRergamon
Materials Series, ed. R.W. Cahn. Vol. 8. 2003, @kf&lsevier. 452.

Spatig, P., J. Bonneville, and J.L. MarthiNew Method for Activation Volume
Measurements - Application to Ni3(Al,HRaterials Science and Engineering a-
Structural Materials Properties Microstructure &ndcessing, 1993.67(1-2): p. 73-
79.

Carsley, J.E., et ah, simple, mixtures-based model for the grain sgggeddence of
strength in nanophase metaléanostructured Materials, 199§4): p. 441-448.
Wang, N., et alEffect of grain size on mechanical properties afaowaystalline
materials.Acta Metallurgica et Materialia, 19953(2): p. 519-528.

Konstantinidis, D.A. and E.C. Aifant®n the "Anomalous" hardness of
nanocrystalline materialfNanostructured Materials, 1998X7): p. 1111-1118.
Song, H.W., S.R. Guo, and Z.Q. HAucoherent polycrystal model for the inverse
Hall-Petch relation in nanocrystalline materialNanostructured Materials, 1999.
11(2): p. 203-210.



References 187

80.

81.

82.

83.

84.

85.

86.

87.

88.

89.

90.

91.

92.

93.

94.

95.

96.

97.

98.

Meyers, M.A. and E. Ashworth, Model for the Effect of Grain-Size on the Yield
Stress of Metald?hilosophical Magazine a-Physics of Condensedevi&tructure
Defects and Mechanical Properties, 198&5): p. 737-759.

Benson, D.J., H.-H. Fu, and M.A. MeydDs) the effect of grain size on yield stress:
extension into nanocrystalline domaMaterials Science and Engineering A, 2001.
319-321 p. 854-861.

Saada, GHall-Petch revisitedMaterials Science and Engineering A, 20030-401
p. 146-149.

Asaro, R.J., P. Krysl, and B. Kddeformation mechanism transitions in nanoscale
fcc metalsPhilosophical Magazine Letters, 20@3(12): p. 733-743.

Zhu, B., et al Effects of grain size distribution on the mechahieaponse of
nanocrystalline metals: Part [Acta Materialia, 200664(12): p. 3307-3320.
Budrovic, Z.Footprints of deformation mechanisms during in-gixay diffraction :
nanocrystalline and ultrafine grainded materigils Section de sciences et génie des
matériaux 2006, EPFL: Lausanne. p. 133.

Dalla Torre, F., H. Van Swygenhoven, and M.tdfia, Nanocrystalline
electrodeposited Ni: microstructure and tensilegedies.Acta Materialia, 2002.
50(15): p. 3957-3970.

Mitra, R., et al.Effect of process variables on the structure, neaicgtress, and
hardness of sputtered nanocrystalline nickel fildmirnal of Materials Research,
2001.16(4): p. 1010-1026.

Y. M. Wang, E.M.B., J. M. McNaney, M. Victoria, Caro, A. M. Hodge, R. Smith,
B. Torralva, B. A. Remington, C. A. Schuh, H. Jakaaui, M. A. MeyersDeforming
nanocrystalline nickel at ultrahigh strain rate&pplied Physics Letters, 2006.
88(061917).

Z. Budrovic, H.V.S., P. M. Derlet, S. Van Paeg B. SchmittPlastic Deformation
with Reversible Peak Broadening in Nanocrystallhekel. Science, 2004304 p.
273-276.

Erb, U. Electrodeposited nanocrystals: Synthesis, propedied industrial
applications.Nanostructured Materials, 199%5-8): p. 533-538.

Tjong, S.C. and H. CheNanocrystalline materials and coatingdaterials Science
and Engineering: R: Reports, 20@4(1-2): p. 1-88.

Koch, C.C.Synthesis of nanostructured materials by mechamnidihg: problems
and opportunitiesNanostructured Materials, 1991-8): p. 13-22.

Ebrahimi, F. and Z. Ahmeiihe effect of substrate on the microstructure amgite
properties of electrodeposited nanocrystalline alcklaterials Characterization,
2002.49(5): p. 373-379.

Van Petegem, S., et &ree volume in nanostructured NHcripta Materialia, 2003.
48(1): p. 17-22.

El-Sherik, A.M. and U. Ertgynthesis of bulk nanocrystalline nickel by pulsed
electrodepositionin Journal of Materials Sciencd995. p. 5743-5749.

Jang, D. and M. Atzmofgrain-boundary relaxation and its effect on plagyicn
nanocrystalline FeJournal of Applied Physics, 2008(8): p. 083504-7.

Dalla Torre, F.Microstructure and mechanical properties of nanatajline Ni
produced by three different synthesis technigueSection de physiqué002, EPFL:
Lausanne. p. 254.

Valiev, R.Z., et alRroducing bulk ultrafine-grained materials by sexg@tastic
deformation.Jom, 200658(4): p. 33-39.



188

99.

100.

101.

102.

103.

104.

105.

106.

107.
108.

109.

110.

111.

112.

113.

114.

115.

116.

117.

118.

119.

120.

Van Swygenhoven, H., et &gllowing peak profiles during elastic and plastic
deformation: A synchrotron-based technigReview of Scientific Instruments, 2006.
77(1).

Sharpe, W.NMurray lecture - Tensile testing at the micrometeale: Opportunities
in experimental mechanicExperimental Mechanics, 20083(3): p. 228-237.
LaVan, D. and W. Sharpegnsile testing of microsampldsxperimental Mechanics,
1999.39(3): p. 210-216.

Hemker, K.J. and W.N. Sharpdicroscale Characterization of Mechanical
Properties.Annual Review of Materials Research, 20871): p. 93-126.

Sharpe W.N.Jr, Dale D., and LaVan DMi¢rospecimen Tensile Test of A533-B
Steel ASTM STP, Small specimens test techniques, 19989

Peterson, R.EStress concentration factor$974: Wiley-Interscience publication.
317.

Sharpe, WThe interferometric strain gag&xperimental Mechanics, 19684): p.
164-170.

Havner, K.SOn the onset of necking in the tensile tegernational Journal of
Plasticity, 200420(4-5): p. 965-978.

Bronstein, I.N., et alTlaschenbuch der Mathemat®000, Thun: Harri Deutsch
Grabe, M.Measurement Uncertainties in Science and TechnoR@5: Springer.
270.

Gibbs, G.B.Creep and Stress Relaxation Studies with PolydiystdMagnesium.
Philosophical Magazine, 19663(122): p. 317-&.

Kalidindi, S.R., A. Abusafieh, and E. EIDana€curate characterization of machine
compliance for simple compression testiBgperimental Mechanics, 19937(2): p.
210-215.

Cullity, B.D. and S.R. Stocklements of X-ray diffractiorR001, New Jersey:
Prentice Hall.

WARREN, B.E.X-Ray diffraction Metallurgy and Materials, ed. M. Cohen. 1969:
Addison-Wesley Publishing Company. 381.

Klug, H.P. and L.E. AlexandeX;ray diffraction procedure ed. 1974, New York:
John Wiley & Sons.

Patterson, B.D., et allhe Materials Science Beamline at the Swiss Lightc®:
design and realizatiorNuclear Instruments & Methods in Physics Rese&ettion
a-Accelerators Spectrometers Detectors and AssackEquipment, 200%40(1): p.
42-67.

Schmitt, B., et alMythen detector systermNuclear Instruments and Methods in
Physics Research Section A: Accelerators, Specteyg)detectors and Associated
Equipment, 2003601(1): p. 267-272.

Huber, P.JRobust StatisticaViley Series in Probability and Statistics. 19R&w
York: John Wiley & Sons.

Scherrer, P., Gottinger Nachrichten, 12(88).

Stokes, A.R. and A.J.C. Wilsohmethod of calculating the integral breadths of
Debye-Scherrer line®roceedings of the Cambridge Philosophical Soci42.38:
p. 313-322.

Williamson, G.K. and W.H. HalK-ray line broadening from filed aluminium and
wolfram.Acta Metallurgica, 1953L(1): p. 22-31.

Halder, N.C. and C.N.J. Wagn®8gparation of Particle Size and Lattice Strain in
Integral Breadth Measurementcta Crystallographica, 19680: p. 312-&.



References 189

121. Bertaut, FSignification De La Dimension Cristalline Mesureafddes La Largeur
De Raie Debye-Scherre€omptes Rendus Hebdomadaires Des Seances De L
Academie Des Sciences, 192282): p. 187-189.

122. Warren, B.E. and B.L. Averbache Effect of Cold-Work Distortion on X-Ray
Patterns.Journal of Applied Physics, 19501(6): p. 595-599.

123. Krivoglaz, M.A. and K.P. Ryaboshapka, Fiziketallov i metallovedenie, 19635:
p. 18-31.

124. Wagner, C.N.JX-Ray Study of Low-Temperature Cold Work in Siawet Aluminum.
Acta Metallurgica, 19575(9): p. 477-482.

125. Wagner, C.N.JStacking Faults by Low-Temperature Cold Work in @&vmand
Alpha-BrassActa Metallurgica, 195%5(8): p. 427-434.

126. Ungar, T. and A. Borbelfyhe effect of dislocation contrast on x-ray lineduening:
A new approach to line profile analysispplied Physics Letters, 19969(21): p.
3173-3175.

127. Ungar, T., et alDislocations, grain size and planar faults in natmastured copper
determined by high resolution X-ray diffraction amdew procedure of peak profile
analysis.Acta Materialia, 199846(10): p. 3693-3699.

128. Scardi, P. and M. Leortpurier modelling of the anisotropic line broadegiof X-
ray diffraction profiles due to line and plane iat@ defectsJournal of Applied
Crystallography, 199®82(4): p. 671-682.

129. Mittemeijer, E.J. and P. Scamiffraction Analysis of the Microstructure of
Materials Materials Science, ed. R. Hull, et al. 2004, Beibpringer. 549.

130. M.K. Miller, A.C., M.G. Hetherington, G.D.Wn8th, Atom Probe lon Microscopy
Monographs on the physics and chemistry of materi®96, OXFORD: Clarendon
Press. 509.

131. Blavette, D., et alT,he tomographic atom probe: A quantitative thremeisional
nanoanalytical instrument on an atomic sc&eview of Scientific Instruments, 1993.
64(10): p. 2911-2919.

132. Bas, P., et alp General Protocol for the Reconstruction of 3dmtBrobe Data.
Applied Surface Science, 19957-81-4): p. 298-304.

133. Turner, P.J., et aUse of a channelled image intensifier in the fild-microscope.
Journal of Physics E: Scientific Instruments, 19§8): p. 731-733.

134. Frenkel, D. and B. Smltinderstanding Molecular Simulation: From Algorithtas
Applications Computational Science, ed. D. Frenkel, et al61@2&ademic Press, Inc.
443.

135. Voronoi, M.G.Reserches sur les parallelloedres primitifsurnal fur die reine und
angewandte Mathematik, 190834 p. 198-287.

136. Honeycutt, J.D. and H.C. Andersbhglecular-Dynamics Study of Melting and
Freezing of Small Lennard-Jones Clust&murnal of Physical Chemistry, 1987.
91(19): p. 4950-4963.

137. Refson, K.Moldy: a portable molecular dynamics simulation gram for serial and
parallel computersComputer Physics Communications, 20006(3): p. 310-329.

138. Mishin, Y., et al.Interatomic potentials for Al and Ni from experirtedrdata and ab
initio calculations.Material Research Society Symposium Proceedirif#9.538 p.
535-540.

139. Parrinello, M. and A. Rahmarglymorphic transitions in single crystals: A new
molecular dynamics metho#i981, AIP. p. 7182-7190.



190

140.

141.

142.

143.

144.

145.

146.

147.

148.

149.

150.

151.

152.

153.

154.

155.

156.

157.

158.

159.

160.

Cormier, J., J.M. Rickman, and T.J. Delptiess calculation in atomistic simulations
of perfect and imperfect solidsournal of Applied Physics, 20089(1): p. 99-104.
Wang, Y.M., et alEffects of annealing and impurities on tensile @mjes of
electrodeposited nanocrystalline Micripta Materialia, 20041(11): p. 1023-1028.
Klement, U., et alThermal stability of nanocrystalline NVlaterials Science and
Engineering A, 19922031-2): p. 177-186.

Thuvander, M., et alThermal stability of electrodeposited nanocrystedlnickel and
iron-nickel alloys.Materials Science and Technology, 200Z.p. 961-970.

Conrad, HThermally Activated Deformation of Metalom-Journal of Metals, 1964.
16(7): p. 582-&.

Fitzpatrick, M.E. and A. LodinAnalysis of Residual Stress by Diffraction using
Neutron and Synchrotron RadiatioP003, London: Taylor & Francis. 354.

Stoller, R.E. and S.J. Zinkl@en the relationship between uniaxial yield strengtial
resolved shear stress in polycrystalline materidtsurnal of Nuclear Materials, 2000.
283 p. 349-352.

Kruml, T., et al.Stress reduction experiments during constant-straia tests in Cu
and Ge Philosophical Magazine Letters, 20@3(11): p. 651-658.

Brandstetter, S., et d&brain coarsening during compression of bulk nanetalline
nickel and coppelScripta Materialia, 200&8(1): p. 61-64.

Fragseth A.G., Derlet P.M., and Van Swygenhd¥eiwinning in Nanocrystalline fcc
Metals.Advanced Engineering Materials, 200%1-2): p. 16-20.

Froseth, A., H. Van Swygenhoven, and P.M. &¢Fhe influence of twins on the
mechanical properties of nc-Acta Materialia, 200452(8): p. 2259-2268.
Hasnaoui, A., H. Van Swygenhoven, and P.Mldbgdn non-equilibrium grain
boundaries and their effect on thermal and meclrariehaviour: a molecular
dynamics computer simulatioActa Materialia, 20050(15): p. 3927-3939.

Maeder, G., J.L. Lebrun, and J.M. SpralBetsent Possibilities for the X-Ray-
Diffraction Method of Stress Measuremehitit International, 19811.4(5): p. 235-247.
Allen, A.J., et alNeutron-Diffraction Methods for the Study of Realebtress
Fields.Advances in Physics, 19854(4): p. 445-473.

Oliver, E.C.The Generation of internal stresses in single ama phase materiajsn
Faculty of Science and Engineerirgp02, University of Manchester. Manchester. p.
185.

Oliver, E.C., M.R. Daymond, and P.J. Withémggrphase and intergranular stress
generation in carbon steel8cta Materialia, 200452(7): p. 1937-1951.

Voigt, W.,Uber die Beziehung zwischen den beiden Elastiktattanten isotroper
Korper. Wiedemann's Annalen, 188%8: p. 573-587.

Reuss, ABerechnung der Fliessgrenze von MischkristallenGuuind der
Plastizitatsbedingung fur Einkristall&@eitschrift Fur Angewandte Mathematik Und
Mechanik, 19299: p. 49-58.

Mabelly, P., et alRole of the internal stresses on the diffractioalf broadeningin
ECRS41996: ENSAM Cluny p. 941.

Wang, Y.-D., et alThe development of grain-orientation-dependentesi
stressess in a cyclically deformed alldiat Mater, 20032(2): p. 101-106.

Wang, Y.-D., et alGrain-to-Grain Stress Interactions in an Electrodsjged Iron
Coating.Advanced Materials, 200%27(10): p. 1221-1226.



References 191

161. Korsunsky, A.M., K.E. James, and M.R. Daymdntérgranular stresses in
polycrystalline fatigue: diffraction measurementaself-consistent modelling.
Engineering Fracture Mechanics, 2004(4-6): p. 805-812.

162. Korsunsky, A.M. and K.E. Jamdstergranular stress evolution in fcc polycrystals
during high cycle fatigudSIS Annual Report, 2001(12180).

163. Ungar, T., et alThe contrast factors of dislocations in cubic caystthe dislocation
model of strain anisotropy in practicéournal of Applied Crystallography, 19%2:
p. 992-1002.

164. Brandstetter, S., et alilliamson-Hall anisotropy in nanocrystalline metaK-ray
diffraction experiments and atomistic simulatioAsta Materialia, 200856(2): p.
165-176.

165. Ungar, T., A. Revesz, and A. Borbdlyslocations and grain size in electrodeposited
nanocrystalline Ni determined by the modified \Afitison-Hall and Warren-Averbach
proceduresJournal of Applied Crystallography, 1998 p. 554-558.

166. Fantozzi, G., et alnternal-Friction and Microdeformation Due to thettinsic-
Properties of Dislocations - the Bordoni RelaxatiBnogress in Materials Science,
1982.27(3-4): p. 311-451.

167. Brandstetter, S., et &rom micro- to macroplasticityddvanced Materials, 2006.
18(12): p. 1545-+.

168. In Standard Test Methods for Tension Testing obMeMaterials [Metric].
American Society for Testing and Materials, origiypapproved in 1924PA
2004 Designation ASTM E 8M-04).

169. Youssef, K.M., et allltratough nanocrystalline copper with a narrow grasize
distribution. Applied Physics Letters, 2008%6): p. 929-931.

170. Argon, A.S.Strengthening Mechanisms in Crystal Plasticidxford series on
materials modeling, ed. A.P.F. Sutton and E.R. Riad 4. 2008, Oxford: Oxford
University Press.

171. Haasen, PRhysical Metallurgy1996, Melbourne: Camerbridge University Press.

172. Kaur, L., Y. Mishin, and W. Gudgtundamentals of Grain and Interphase Boundary
Diffusion 1995, Chichester, West Sussex: Wiley.

173. Purja Pun, G.P. and Y. Mishfamolecular dynamics study of self-diffusion in the
core of a screw dislocation in Abefect and Diffusion 200266 p. 49-62.

174. Legros, M., et alQbservation of Giant Diffusivity Along Dislocati@ores.Science,
2008.3195870): p. 1646-1649.

175. Huang, X., N. Hansen, and N. Tshigrdening by Annealing and Softening by
Deformation in Nanostructured MetalScience, 2008125771): p. 249-251.

176. Brandstetter, S., et alemperature-dependent residual broadening of x-ray
diffraction spectra in nanocrystalline plastici#pplied Physics Letters, 2005.
87(23).

177. Clausen, BCharacterisation of Polycrystal Deformation by Nuioal Modelling
and Neutron Diffraction Measuremnia Materials Research Departmerit997,
Technical University of Denmark: Roskilde. p. 85.

178. Marschall, C.W. and R.E. MaringBimensional instabilitylnternational series on
materials science and technology. 1977, Oxfordg&apn Press.

179. Rajagopalan, J., J.H. Han, and M.T.A. S3dstic Deformation Recovery in
Freestanding Nanocrystalline Aluminum and Gold TRims. Science, 2007.
3155820): p. 1831-1834.



192

180.

181.

182.

183.

184.

185.

186.

187.

188.

189.

190.

191.

192.

193.

194.

195.

Yang, B., et alStrain effects on the coarsening and softenindezt®deposited
nanocrystalline Ni subjected to high pressure tmmsEScripta Materialia, 200&%8(9):
p. 790-793.

Conrad, HHigh-strength materials : proceedings of the SecBatkeley
International Materials Conferencen High-Strength Materials - Present Status and
Anticipated Development$965. University of California, Berkeley: Wiley.

Evans, A.G. and R.D. Rawlinghermally Activated Deformation of Crystalline
Materials. Physica Status Solidi, 19634(1): p. 9-&.

Elsener, A., et alp local chemical potential approach within the \&doie charge
method formalismModelling and Simulation in Materials Science &rdjineering,
2008.16(2): p. 025006.

Seeger, A., et alyork-Hardening and Work-Softening of Face-Centredi€ Metal
Crystals.Philosophical Magazine, 1952(15): p. 323-&.

Li, J.C.M. Dislocation Dynamics in Deformation and Recové&gnadian Journal of
Physics, 196745(2P2): p. 493-&.

Dalla Torre, F.H., E.V. Pereloma, and C.HaviBs,Strain hardening behaviour and
deformation kinetics of Cu deformed by equal chhangular extrusion from 1 to 16
passesActa Materialia, 200664(4): p. 1135-1146.

Kruml, T., O. Coddet, and J.L. Mart&hout the determination of the thermal and
athermal stress components from stress-relaxatipe@mentsActa Materialia,
2008.56(3): p. 333-340.

Mills, M.J., J.C. Gibeling, and W.D. Ni&, dislocation loop model for creep of solid
solutions based on the steady state and transreepgproperties of Al-5.5 at.% Mg.
Acta Metallurgica, 198533(8): p. 1503-1514.

Milicka, K.,Creep behaviour of long range ordered Cu50Zn alksta Materialia,
1999.47(6): p. 1831-1843.

Blum, W. and A. FinkeNew technique for evaluating long range internatka
stressesActa Metallurgica, 19823(0(8): p. 1705-1715.

Orowan, ERProblems of plastic gliding?roceedings of the Physical Society, 1940.
52 p. 8-22.

Zacharias, JT,he temperature dependence of Young's modulusctalrPhysical
Review, 193344(2): p. 116-122.

Farraro, R. and R.B. McLellahemperature-Dependence of Youngs Modulus and
Shear Modulus of Pure Nickel, Platinum, and Molyhda.Metallurgical
Transactions a-Physical Metallurgy and Materiale&sme, 19778(10): p. 1563-1565.
Schoeck, GActivation Energy of Dislocation MovemeRhysica Status Solidi, 1965.
8(2): p. 499-&.

Cagnon, MRole of Entropy in Thermally Activated Deformatiofpplication of
Study of Irradiation Hardening in LiPhilosophical Magazine, 19724(192): p.
1465-&.



List of Publications 193

List of Publications

Work included in this dissertation has been preseit the following publications:

S. Brandstetter, Z. Budrovic, S. Van Petegem, B. Schmitt, E. Sterég®. M. Derlet, and H.
Van Swygenhoven, Temperature-dependent residualdbrong of X-ray diffraction spectra
in nanocrystalline plasticity, Applied Physics leztt 87 (23) (2005).

S. Brandstetter, H. Van Swygenhoven, S. Van Petegem, B. SchmittMRal3, and P. M.
Derlet, From micro- to macroplasticity, Advancedt®tals 18 (12), 1545 (2006).

S. Brandstetter, P. M. Derlet, S. Van Petegem, H. Van Swygenhowiiliamson-Hall
anisotropy in nanocrystalline metals: X-ray diffiao experiments and atomistic simulations,
Acta Materialia 56 (2008) 165.

S. Brandstetter, K. Zhang, A. Escuadro, J.R. Weertman, H. Van Smygven, Grain
coarsening during compression of bulk nanocrystalhickel and copper, Scripta Materialia
58 (2008) 61

S. Van PetegemS. Brandstetter, H. Van Swygenhoven, and J. L. Martin, Internat an
effective stresses in nanocrystalline electrodeeddNi, Applied Physics Letters 89, 073102
(2006).

H. Van Swygenhoven, B. Schmitt, P. M. Derlet, Sn\Retegem, A. Cervellino, Z. Budrovic,
S. Brandstetter, A. Bollhalder, andM. Schild, Following peak pie8 during elastic and
plastic deformation: A synchrotronbased technid®eyiew of Scientific Instruments 77 (1)
(2006).



194

Acknowledgements

At first, | would like to thank my supervisor Prdfielena Van Swygenhoven for here
guidance and constant encouragement in this woek the last years. | am grateful to her for
showing me the amazing secrets of scientific wankl for the exposure to international
research. | thank Prof. A. Mortensen, Prof. G. Saadd Prof. R. Pippan for reading this
thesis and for their presence in the Examinatioom@dtee, and Prof. H. Hofmann for
presiding the Exam Committee.

Steven Van Petegem and Peter Derlet have helpatirmeghout the time of my PhD
thesis and so contributed substantially to my gifiereducation, for which I am sincerely
thankful. From my colleagues Zeljka Budrovic, Rdbktaal3, Christian Brandl, Andreas
Elsener, Erik Bitzek, Samuele Chiesa, and Andeosdih | have learnt everything else |
needed in order to fulfill my PhD studies. XavieauSage from Rouen, France, | would like
to thank for his help with the Atomic Probe and [@#n Laub for all her help in the Lab
whenever | needed it in Lausanne, Switzerland.-leanMartin from the EPFL | would like
to thank for his scientific expertise he so willjpghared. A special thank you goes to Erika
Menamkat whose presence at the EPFL allowed a $mootmmunication with the
Administration. The people from the Material ScierBeamline at the SLS have always been
willing to help, not only during beamtimes. | wdyparticularly like to thank Bernd Schmitt
for his readiness to make sacrifices. The expeei@i@ll the Technical Staff at PSI has been
crucial in the development of the equipment neefdedmy experiment. In particularly |
would like to thank Alex Bollhalder and Marcel SichiFrom the ASQ group at PSI | would
like to greatly acknowledge Gabriel Frei who helgaery time | had any computer request
and | am extremely grateful to our wonderful seamgRenate Bercher.

| owe a huge thanks to all my friends in SwitzedlaBspecially | would like to thank
Ana, for the color and salt you brought to my lifdhe reason why | was able to reach this

point was through the absolute support from mymsrduring my whole life. Thanks!



Curriculum Vitae 195

Curriculum Vitae

Name Stefan Brandstetter

Date of birth 27th of June, 1977

Place of birth Wiener Neustadt, Austria

School 1983-1987  Elementary school, Pernitz tius

1987-1991  Secondary school, Pernitz, Austria
1991-1996  High school, Technical high school for

electronics, Wiener Neustadt, Austria

Military service 1996-1997  Wiener Neustadt, Aiast
Higher Education 1997-2003  M.Sc Materials Sagerdniversity of Leoben,
Austria

2000-2001  Exchange Student, University of Lulegeden

since 2004  PhD candidate at the Ecole Polytechnique
Fédérale de Lausanne, working at the Paul
Scherrer Institute, Switzerland

Publications [43, 68, 99, 148, 164, 167, 176]





